a oD scsaitiiacncon Se teal 


mma ee 


eee. eT 





TRANSACTIONS 


American Society for Metals 


VOL. XXXIX 





MECHANICAL PROPERTIES OF CAST LOW ALLOY 
STEELS 


By Matcotm F. HAwKEs 


Abstract 


Hardenability, tensile and impact property data, grain 
size and inclusion ratings, and other characteristics have 
been determined on thirty-two cast alloy steels of the NE 
type. Nine grades of steels made by the acid open-hearth, 
acid electric, basic open-hearth, and basic electric processes 
were used in the study. The similarity in properties of 
cast and wrought alloy steels is shown. The advantages 
of quenching and tempering in comparison with normalliz- 
ing and tempering are demonstrated.’ The possibility of 
poor impact resistance in steels with high manganese con- 
tent or aluminum deo-xidation is illustrated, It is concluded 
that cast NE alloy steels with properties comparing favor- 
ably with the older cast alloy steels and with wrought alloy 
steels can be produced readily. 


INTRODUCTION 


VER the past few years National Emergency (NE) alloy steels 

in the wrought form have become familiar engineering alloys 

and have been the subject of many metallurgical investigations re- 

ported in the literature. Much less information has been made avail- 

able on similar alloys in the form of steel castings ; hence the purpose 

of the investigation reported herein was to assemble a large amount 

of data on low alloy steels of this general type from which conclusions 
regarding their usefulness in industry could be drawn. 





A paper presented before the Twenty-eighth Annual Convention of the 
Society, held in Atlantic City, November 18 to 22, 1946. The author, Malcolm 
F, Hawkes, is assistant professor of metallurgical engineering, Carnegie Insti- 
tute of Technology, Pittsburgh. Manuscript received June 29, 1946. 
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Fig. 1—Type of Casting Used to Produce Test Coupons. * 


To this end hardenability, tensile, and impact properties, grain 
size and inclusion ratings were determined on nine grades of cast NE 
steel produced, in each case, by four different commercial steelmak- 
ing practices. Details on individual heats will be found in tabular 
form throughout Section III. There it will be seen that, although 
many of the heats used do not meet in every respect the chemical 
specifications set up for their wrought steel counterparts, the simi- 
larity is, nevertheless, quite sufficient for comparison purposes. It is 
also to be remembered that, in general, the silicon content of cast 
steels is kept higher than it is in wrought steels. 

Each heat was supplied in the form of rectangular test coupons 
of the following three sizes: 1 by 1 by 6 inches, 2 by 2 by 8 inches, 
and 4 by 4 by 10 inches. These test bars were cut at the foundries 
from large “feed” castings of the type shown in Fig. 1; they will be 
referred to hereafter merely as 1l-inch, 2-inch, and 4-inch sections. 
Tensile and impact specimens were cut from the middle of these sec- 
tions after one of the following four heat treatments: (a) normalize 
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from 1650 F, water quench from 1575 F, draw at 1000F; (b) 
normalize from 1650 F, water quench from 1575 F, draw at 1200 F; 
(c) normalize from 1650 F, draw at 1000 F; and (d) normalize 
from 1650 F, draw at 1200 F. Only the treatments involving the 
1200 F draw were used on the 2-inch and 4-inch sections. 

It is to be emphasized at this point that this was a large-scale 
investigation, and that the manufacture and heat treatment of the 
steels reflect commercial conditions rather than precise laboratory 
control. Thus, although the mechanical testing was precise, there is 
considerable spread in the data. In most cases this is of the order to 
be expected in commercial operations ; where excessive, explanations 
are given. 

The results of this investigation are organized into the three 
sections immediately following. In Section I the large collection of 
data has been sampled in such a way that comparisons may readily be 
made between the nine grades of steel studied. This section is in- 
tended to give a concise survey of the investigation, hence only the 
important features of hardenability, tensile and impact results are 
given. 

Section II contains more detailed discussion of a few particular 
correlations observed. In Section III the complete collection of data 
is arranged, one grade at a time, to allow the individual heats to be 
compared and the effect of size and heat treatment to be studied. 


SecTION I: COMPARISON OF GRADES 


Hardenability—The principal reason for setting up specifications 
for medium carbon steels calling for a wide variety of alloy contents 
is to provide for a corresponding wide variety in hardenability. 
Higher alloy contents provide higher hardenability which allows 
thicker sections to be hardened through and promotes high hardness 
and strength in any section not hardened through. 

Each heat of steel was therefore given a standard ASTM end- 
quench hardenability test after heating at 1575 F (855C) for 1 
hour. Complete hardenability curves for each heat of a given grade 
are presented in Section III. To facilitate comparison of grades, 
two significant points on each curve were considered, and the maxi- 
mum and minimum values for each grade were compared as shown 
in Fig. 2. As illustrated in Fig. 3, the two points are the distance 
from the quenched end to where the structure is “half hardened” ; 
1.e., 50% martensite, and the hardness at 2% inches from the 
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1330 8030 8430 8620 8630 8640 8730 9430 9530 
NE Type Numbers 


Fig. 2—End-Quench Hardenability Range for Various Grades of NE Steel 
Cast in 1%-Inch Sections (Two 1%-Inch Coupons Were Attached to Each of 
the 1-Inch Coupon Castings). 





Jominy Curves for NE 8030 





0 4 8 l2 I6 20 24 28 32 36 40 
Distance From Quenched End, Sixteenths 


Fig. 3—Method of Selecting End-Quench Data for Fig. 1. 


quenched end. The criterion for a half-hardened structure was taken 
as a hardness of Rockwell C-35 for the 0.20% carbon steels, C-40 
for the 0.30% carbon steels and C-45 for the 0.40% carbon steels 
as is common practice (1).? 

Fig. 2 shows that a wide variety of hardenabilities can be ob- 
tained from the series of steels investigated. The range shown runs 
from steels that would “just harden through”, i.e., be half martensitic 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 4—Strength and Ductility Ranges for Various Grades of NE Steel Cast 
in 1-Inch Sections. 


at the center, in l-inch rounds water-quenched, to steels which would 
“harden through” in larger than 5-inch rounds with the same quench. 

Fig. 2 also shows that a considerable range of hardenabilities 
will be found among steels of the same grade and that much over- 
lapping between grades exists. Only in the three grades showing 
the greatest spread in Fig. 2 is this due to a large variation in the 
chemical composition of the heats within those grades. To be spe- 
cific, heats of NE 8430 and NE 8730 steels should be expected to 
have hardenabilities corresponding to the lower portions of the bands 
shown, while heats of NE 9530 should be expected to have harden- 
abilities greater than shown in the band. The other grades show 
reasonable spreads when compared with data from many heats of 
wrought steel kept within the composition specifications (2). In 
general it is impractical to attempt to make steels to hardenability 
limits closer than these, and from the standpoint of mechanical prop- 
erties alone, several of the grades concerned here could be used inter- 
changeably or eliminated. 

With the exception of NE 1330, which is made to a lower 
manganese specification, the cast steels in general have slightly higher 
hardenabilities than corresponding wrought steels because of their 
higher silicon content (3). This is illustrated in Table I where data 
from Fig. 2 are compared with American Iron and Steel Institute 
data (2) on wrought steels. 
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Table I 
Comparison of End-Quench Hardenability of Cast and Wrought Steels 


Distance from Quenched End to 0% 
Martensite in Sixteenths of an Inch 


Grade Cast Steel* Wrought Steelt 
NE 8620 3Y%4- 7 2- 6 
NE 8630 6%4-13% 4. 9 
NE 8640 10 -18 5-13 


*Data from Fig. 2 of this investigation. 
*From “Tentative Hardenability Bands,’ American Iron and Steel Institute, July 1944. 


Tensile Properties—A. great body of tensile data on these steels 
is presented in detail in Section III. To sample it concisely for the 
purpose of comparing the various grades, two significant properties 
measured on specimens given one of two different heat treatments 
are plotted in Fig. 4. There, maximum and minimum values of ten- 
sile strength, and of reduction of area found within any grade, are 
shown for specimens cut from l-inch square coupons given a water 
quench and 1200 F (650 C) draw and from similar coupons given a 
normalize and 1000 F (540 C) draw. The reason for this selection 
of heat treatments will be explained shortly. 

Fig. 4 shows precisely what would be expected from the previ- 
ous data on hardenability and a knowledge of wrought NE steels plus 
the general relationship between wrought and cast steel properties. 
Thus strengths follow the same pattern from grade to grade as do 
hardenabilities, and likewise they tend to be slightly higher than for 
corresponding wrought steels. The difference is slight, however, as 
can be seen from typical examples of data on wrought steels given 
in Table IT. 

Comparison of Table II with Fig. 4 also shows that plain carbon 
cast steels have considerably lower strength with but little better 
ductility than NE alloy cast steels given the same heat treatment. 


Table Il 


Data on Wrought Alloy Steels and Cast Plain Carbon Steels for Comparison with Fig. 4 
Tensile Strength Reduction of Area 
Steel psi % 
Wrought NE 8630" 
Quench, 1200 F Draw 118 to 122,000 4 to 68 
Wrought NE 9430* 
Quench, 1200 F Draw 109 to 120,000 63 to 6 
Cast 0.30% Carbont 
Quench, 1200 F Draw 85,000 57 
Cast 0.30% Carbont 
Normalize, 1000 F Draw 80 to 100,000 47 to 50 





*From manufacturer’s literature from several sources. 
tFrom “Steel Castings Handbook.” 
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Fig. 5—Charpy Impact Strength Ranges for Various Grades of NE Steel Cast 
in l-Inch Sections. 


A comparison of Fig. 4 with Table II indicates that cast steels 
tend to have slightly lower ductility than wrought steels although 
excellent yalues can be obtained for properly made cast steel. It 
should be kept in mind, furthermore, that values for wrought steel 
in Table II are obtained from specimens taken parallel to the direc- 
tion of rolling; specimens perpendicular to the direction of rolling 
give lower ductility values. As has been reported elsewhere (4), 
an average of these values is but slightly different from the ductility 
expected on a similar cast steel. The spread in ductilities shown in 
Fig. 4 for cast steels is not accountable for on the basis of spread in 
chemical analysis; instead, as will be shown in Sections IT and III, 
this is caused by certain variables, such as deoxidation practice, which 
have a pronounced effect on cast steels in particular. 

The two heat treatments chosen for Fig. 4 were selected to em- 
phasize the fact that, followed by a high temperature draw, quench- 
ing will produce higher ductility, and at the same time higher strength, 
than will a normalize and draw. This subject will be enlarged upon 
in Section II where it will also be shown that higher yield point- 
tensile strength ratios are produced by quenching. 

Impact Strength—From the large amount of data presented in 
Section III, standard keyhole notch Charpy impact results measured 
under three different conditions are plotted in Fig. 5 for comparing 
the various grades. There, maximum and minimum values within 
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each grade are given for l-inch sections normalized, drawn at 
1200 F (650 C) and tested at room temperature (70 F) and similar 
sections quenched, drawn at 1200 F (650 C) and tested both at room 
temperature and at —75 F. 

In general the variation from grade to grade is the reverse of 
that found for hardenability and strength; that is, impact strength 
tends to be high when ductility is high. Just as with ductility in the 
tensile test, however, steelmaking variables, such as deoxidation 
practice, add their effect. Thus in both these tests, NE 8030 ap- 
pears abnormally low in ductility because all four heats happened to 
have a poor distribution of inclusions resulting from the use of inter- 
mediate amounts of aluminum. 

Another advantage of quenching is brought out by Fig. 5 which 
shows that even at higher tensile strengths this treatment produces 
better impact strength than normalizing. The chart also shows that 
these alloy steels retain much of their resistance to impact at tem- 
peratures as low as —75F. This is the usual case with cast alloy 
steels as contrasted with the cast plain carbon steels. 

Because of the many variables involved and the lack of agree- 
ment on the correlation of impact test results with behavior in serv- 
ice, it is risky to attempt quantitative comparisons. However, the 
general statement may be made that, although cast NE steels tend to 
give slightly lower test results than similar steels in the wrought 
form, the difference is not enough to warrant apprehension over their 
behavior in service. 


SecTIon II: MIscELLANEOUS CORRELATIONS 


Factors Affecting Yield Strength—The data from Section III 
on all 0.30% carbon alloy steels were analyzed to determine the 
factors affecting the yield strength of a steel of a given tensile 
strength. Thus in Fig. 6 the yield strength of 1l-inch quenched cou- 
pons and l-inch normalized coupons, drawn at 1200 F (650C) in 
both cases, is plotted as a function of tensile strength. The data 
may be represented by straight lines which clearly show the superi- 
ority of the quenching treatment. Similar lines were obtained for 
all combinations of heat treatment and section, and the scatter of 
data about them was of about the same order in all cases. Using 
such lines, Fig. 7 shows that 1l-inch quenched sections have better 
yield strengths for a given tensile strength than 1l-inch normalized 
sections, regardless of the two draw temperatures used. Considering 
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Fig. 6—Effect of Heat Treatment on Yield 
Strength of 0.30% Carbon Alloy Steels Cast in 1-Inch 
Sections. 


either quenched or normalized sections alone, however, it is seen that 
the higher draw temperature gives higher yield strengths in both 
cases. These relationships suggest that two things promote higher 
yield point-tensile strength ratios. One is obtaining a maximum of 
martensite and a minimum of ferrite and pearlite on cooling from 
the heat treating temperature; the other is obtaining maximum stress 
relief by a higher temperature draw. The initially stronger struc- 
ture resulting from quenching also acts in indirect fashion to make 
the latter possible. 

Similar plots for all three sizes, both quenched and normalized, 
are compared at one draw temperature (1200 F) in Fig. 8. Again 
the quenched sections are superior, regardless of size. In fact, size 
appears to have little effect and the trend shown may not be signif- 
icant at all. From all these plots it may be seen the yield point- 
tensile strength ratio is higher at high tensile strengths, regardless of 
section or heat treatment. On the average the value is about 0.7 
at 100,000 psi and about 0.9 at 150,000 psi. 
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Fig. 7—Effect of Heat Treatment and Draw 
Temperature on Yield Strength of 0.30% Carbon Al- 
loy Steels Cast in 1-Inch Sections. 


Factors Affecting Toughness—The foregoing observations led 
to the investigation of the effect of the same factors on ductility 
and impact strength. Again, all the 0.30% carbon steels in Section 
III were considered and, first, elongation in the tensile test was 
plotted as a function of tensile strength. The results are shown in 
Fig. 9 for quenched and normalized sections of all three sizes drawn 
at 1200 F (650C). Individual points are not shown as the over- 
lapping would be confusing; however, the effects shown for heat 
treatment and size are real and significant. (The scatter of points 
about any one line is of the same order as shown in Fig. 10 for im- 
pact strength. ) 

Fig. 9 shows that for any size section, quenching produces bet- 
ter ductility at a given tensile strength than does normalizmg. For 
both heat treatments it is also shown that the 4-inch sections have 
lower ductility than the smaller sections. No significant difference 
between the l-inch and 2-inch sections is claimed. Plots for 1-inch 
sections revealed no significant effect of draw temperature on the 
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/ Fig. 8—Effect of Heat Treatment on Yield 
Strength of 0.30% Carbon NE Alloy Steels Cast and 
Heat Treated in Various Sizes. 
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_ Fig. 9—Effect of Heat Treatment and Size on Duc- 
tility of 0.30% Carbon Cast Alloy Steels. 
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Fig. 10—Effect of Heat Treatment on Charpy Impact 
stvecass of 0.30% Carbon Alloy Steels Cast in 1-Inch 
ctions. 


elongation obtained with a given tensile strength. Similar relation- 
ships can be shown between reduction of area and tensile strength, 
although the scatter in the data is somewhat greater. 

Charpy impact strengths of l-inch sections, both quenched and 
normalized and at both draw temperatures, are plotted in Fig. 10 for 
the 0.30% carbon alloy steels. Individual points are shown to illus- 
trate the scatter in these plots. No significant effect of draw tem- 
perature could be proved, so these points are not distinguished in the 
plot. Once again the superiority of the quenching treatment is dem- 
onstrated, and inspection of the data in Section III shows this to be 
true also in the larger sizes. The effect of size itself on impact 
strength at a given tensile strength could not be established from 
the data. 

It is the hope of the author that the large amount of data pre- 
sented in this paper will be of use to others seeking correlations to 
explain the variation in mechanical properties of alloy steel castings. 
Such has been done by Mr. J. B. Caine who, as a result, has sug- 
gested that high manganese contents have a deleterious effect upon 
impact strength (5), (6). A similar method of analysis of the data 
has led the author to agree, but to conclude that other elements such 
as aluminum may have a simultaneous effect, making it difficult to 
ascertain quantitatively the effect of manganese. It must be remem- 
bered that when several variables are influencing another to about 
the same degree, only statistical methods applied to a large volume 
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Fig. 11—Effect of Manganese and Aluminum on Room Temperature Charpy 


Impact Strength of 0.30% Carbon Alloy Steels Cast in 1-Inch Sections. Coupons 
were water-quenched and then tempered at 1200 F. 
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Fig. 12—Effect of Manganese and Aluminum on —75 F Charpy Impact Strength 
of 0.30% Carbon Alloy Steels.Cast in 1-Inch Sections. Coupons were water- 
quenched and then tempered at 1200 F. 


of data will give accurate quantitative results on the effect of any 
one of the variables. 
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The cases for aluminum and manganese are presented in Figs. 
11 and 12. In both figures impact strength is plotted as a function 
of tensile strength to allow for the fact that steels heat treated to 
higher tensile strengths naturally have lower impact values. The 
effect of manganese on the room temperature Charpy impact strength 
of steels quenched and then tempered at 1200 F (650 C) can be ob- 
served in Fig. 11 by comparing the relative positions of the group 
of circles (representing steels containing less than 1.00% manga- 
nese) with the positions of the group of squares (representing steels 
containing more than 1.00% manganese). There appears to be a 
definite trend toward lower impact values in the higher manganese 
steels. The effect of aluminum can be observed in the same figure 
by comparing the positions of filled circles and squares (represent- 
ing steel to which no aluminum was added) with the positions of 
open circles and squares respectively. (Aluminum was added to 
heats of the latter group.) It will thus be apparent that a trend 
toward lower impact values in the aluminum-killed steels exists. 

Similar general trends are shown in Fig. 12 for the same steels 
given the same heat treatment but tested at —75 F. A similar trend 
can also be shown for the same steels quenched, then tempered at 
1000 F (540 C) and tested at room temperature. With normalized 
and tempered steel, however, the data are too scattered to warrant 
definite conclusions. The same may be said for the effect of manga- 
nese and aluminum on elongation and reduction of area in tension. 

Attempts to correlate many properties with the steelmaking 
process were, in general, fruitless. For instance, although the basic 
open-hearth heats had somewhat higher impact strengths than the 
acid electric heats, it should be noted that five out of seven acid elec- 
tric 0.30% carbon alloy heats had both high manganese and added 
aluminum. There was only one such case among the basic open- 
hearth heats. The data presented in this paper appear to offer little 
or no justification for choosing one steelmaking process over an- 
other. 


Section III: Properties or INDIVIDUAL GRADES 


Throughout this section will be found tables and charts forming a 
complete record of properties and characteristics of all steels tested 
in this investigation. Each grade (e.g., NE 1330) is considered 
separately according to the type of test (e.g., end-quench harden- 
ability) under discussion. Each table and graph contains data for the 
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four heats of steel of that grade made by different steelmaking 
processes (e.g., acid electric). 

At the first of each set of tables and graphs on a particulaf grade 
of steel is a table giving chemical composition, austenite grain size and 
other pertinent facts about each heat which will be of use in understand- 
ing the variation of properties within one grade. Composition figures 
in parentheses were determined by spectrographic analysis; the other 
figures are from ladle tests analyzed by the usual chemical methods. 

The only method found which would suitably reveal the aus- 
tenite grain size of all heats was the fracture method (7).? For this 
purpose, %4 by % by 2-inch specimens were cut from the 2-inch nor- 
malized coupons. These specimens were then heated to 1575 F (855 
C) (the temperature used for quenched test bars and for end-quench 
testing) for 20 minutes and water-quenched to full hardness (100% 
martensite) throughout. They were then fractured and compared 
with a set of Shepherd fracture grain size standards. The results 
range from ASTM grain size No. 4% (coarse) in a steel with no 
added aluminum to No. 9% (very fine) in a steel with 2 pounds 
per ton added. Most of the steels have a grain size of about 7 
showing that with proper use of aluminum, fine-grained castings can 
readily be produced from these grades. Close control of deoxidation 
practice is necessary for producing heats of uniform grain size. 

Nonmetallic inclusion ratings for each steel were assigned after 
metallographic examination of samples taken from the same 2-inch 
normalized coupons used for the grain size studies. The over-all 
cleanliness does not vary much from heat to heat and apparently has 
no correlation with mechanical properties. No extremely “dirty” 
heats were found. Of far more importance were the “inclusion 
types” identified according to the notation of Sims and Dahle (8) 
and recorded in the tables. These are all sulphide-silicates. Type I, 
the globular variety found when no aluminum is used in deoxidation, 
is illustrated in Fig. 13a. Type II, the grain boundary variety asso- 
ciated with critical amounts of aluminum, is illustrated in Fig. 13b. 
Type III, the angular variety found when large amounts of alumi- 
num are used, is illustrated in Fig. 13c. The entire surface of the 
metallographic specimen, about %4-inch square, was examined and if 
a mixture of types was observed, the per cent of the area containing 
each type was estimated. If Type II were reported, the per cent of 


“Recent work has developed reliable microscopic methods for determining austenite 
grain size in alloy cast steels. Results of this work will be reported soon. Fracture 
grain sizes reported in this paper were confirmed reasonably well in the cases examined. 
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Fig. 13—Sulphide-Silicate Inclusion Types. X 300. 
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Fig. 14—Examples of Fracture Types. a and b—Fibrous; c, Irregular: 
d, Angular; e, Coarse; f, Rock candy. 
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NE 1330: Individual Heat Characteristics 
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Fig. 15—End-Quench Hardenability Curves for NE 1330 Cast Steels. 


the grain boundary length filled by inclusions was estimated. Thus, 
“one hundred per cent complete” would indicate a continuous un- 
broken inclusion film surrounding every grain. Nothing like this 
occurs in commercial castings, of course, but the cases of “10 or 
20% complete” reported represent severe cases with attendant poor 
ductility. The concept of a critical aluminum content range (cor- 
responding to about % to 2 pounds per ton of added aluminum) 
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NE 1330 Low Temp. Charpy Impact Strength 
I" Sections Sections-Quenched, Drawn at 200 F 





Fig. 16—Low Temperature Impact Strength of NE 1330 
Cast Steels. 


Table VI 


NE 8030: Individual Heat Characteristics 

i a Se ee ae s 81 17 
SE Pea ee AO AE BO 
Composition 

Re OE conte tet a Ce sae ae 0.33 0.33 0.30 

SD oa tite Se ere he se ate 1.18 (1.10) 1,28 (1.24) 1.26 (1.12) 

i. aie iielsie lites eis. elk ara it Weta aoe a 0.49 (0.50) 0.42 (0.42) 0.41 (0.43) 

BE hove aheraraiih idk. ne of al ode levers 0.036 0.032 0.013 

iiiuiat se alia tat dhe id oh aa Sia e ates 0.031 0.024 0.020 

itond o tone. ld oe died dha ko ae (0.18, (0.03) 0.04 (0.07) 

RE Pe Re oe eee (0.12) (0.11) (0.10) 

EE Oe ae oe Cy aera 0.14 (0.18) 0.17 (0.21) 0.14 (0.16) 

aed nd at oo lee ee tha aoa bend (0.08) (0.16) (0.11) 

i wuhitles'. cdhatibnat is whens (0.01) (<0.01) (0.03) 

Sh £0 ks tical a Mea ae ade a6 (0.02) (0.06) (0.02) 
ASTM Austenitic Grain Size...... 7 5h4 7 
Special Deoxidizers—Pounds per 

Ton Added in Ladle 

DE Oh 8. as weaee sees 0.3 0.8 1.6 

Os i kas cake 1.0 a 

Calcium-Manganese-Silicon.... ea 2 
Inclusion Rating 

Cheaaiiahen, Re ee ceceae 3 2-3 2 

We Sisaitads sebaccas eon oe I 20% I III 

o il 80% il 
(10-20% (20-30% 
complete) complete) 
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12 
BE 
0.34 
1.05 (0.99) 
0.415 (0.42) 
0.029 
0.017 
0.21 (0.19) 
0.147 (0.20) 
0.22 (0.21) 
0.148 (0.17) 
(<0.01) 
(0.04) 
7 
{2 lb./ton in 
urnace 8 min. 
before tapping 


(none in ladle) 


5% I 
95% 11 (20% 
complete) 


which should be avoided to prevent the formation of Type II inclu- 
sions, is borne out in this investigation. Types I and III represent 
relatively harmless types of randomly distributed inclusions. 

An end-quench hardenability curve for each of the four steels 
is plotted on the same chart for any one grade, allowing a ready 
comparison of hardenabilities. The general conclusions to be drawn 
Relative 


from these curves have been discussed in Section I. 
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Cooling Rate, F Per Second at IZ00F 
0 600 7i7 30 16.4 1O.l 473 4 


NE 8030 


——-=-= Acid Open Hearth 

——=—— Acid Electric 
Basic Open Hearth 

—--=—= Basic Electric 


Rockwell C Hardness 





% % % | % \% 1% 2 2% 2% 
Distance from Quenched End, inches 


Fig. 17—End-Quench Hardenability Curves for NE 8030 Cast Steels. 


NE 8030 _ Low Temp Charpy Impact Strength 
Il Sections-Quenched, Drawn at I200 F 


Foot-Pounds 





75 -50 -25 0 S 
Testing Temperoture F 


Fig. 18—Low Temperature Impact Strength of NE 8030 
Cast Steels. 


strengths of quenched sections should correlate with relative dis- 
tances to “half-hardness” (see Section I), and strengths of nor- 
malized sections should correlate with relative hardness far from 
the quenched end of the Jominy bar. Inspection of the tensile data 
in this section will confirm this. Each curve is the best that can be 
drawn through points from two separate test bars. Smooth curves 
and excellent checks were obtained from the data. 

The great amount of tensile property data collected on all heats 
is arranged in tabular form, to allow ready comparison of the vari- 
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Table IX 


NE 8430: Individual Heat Characteristics 
OS Eee 11 20 23 24 
Furnace Practice.......... AO AE BO BE 
Composition 
Data an Bat)wis 0e bse ed 0.326 0.34 0.30 0.29 
ak Sls oe o bu ea 1.20 (1.14) 1.49 (1.41) 1.74 (1.68) 1.30 (1.20) 
CS ities as eal es a os cco B 0.39 (0.39) 0.51 (0.51) 0.49 (0.52) 0.48 (0.43) 
a ae 0.033 0.042 0.025 0.016 
Aa tp ee ne ay One 0.026 0.024 0.020 0.026 
ee a tas Ble diets 6 nas (0.02) (0.02) 0.11 (0.12) (0.14) 
tds situs dake k (0.04) (0.03) (0.08) (0.07) 
TE oo og Sioa BOs wrecw id 0.29 (0.26) 0.24 (0.24) 0.45 (0.44) 0.38 (0.36) 
Ge ca teats chabde ws ee (0.04) (0.11) (0.09) (0.10) 
Mie Sock to ee (<0.01) (0.04) (<0.01) (0.05) 
ee ee (0.02) (0.02) (0.01) (0.02) 
ASTM Austenitic Grain Size 5 6% 814 9 


Special Deoxidizers—Pounds 
per Ton Added in Ladle 
PEEIIEE.,. oc oi ccc cess 0 2.8 34 1.4 (also 1 lb./ton 
in furnace 1 
minute before 


: ef tapping) 
Ferrotitanium......... oe a 4 hd a 
Inclusion Rating 
Cleanliness, ASTM No.. 4 2-3 2 2-3 
Bis was nd’ cate xe o3 I I 


II I it 








NE 8430 
| ——--— Acid Open Hearth 
—___.P~=— Acd Electric 
| -—— _ Basic Open Hearth 
| —-°—— Basic Electric 


kwell C Hardness 
D oO 
oO oO 


w 
oO 


a 
- 


Ro 





V4 Ve Y% Yq \Yo Yq 2 2M 2% 
Distance from Quenched End, Inches 


Fig. 19—End-Quench Hardenability Curves for NE 8430 Cast Steels. 


ous heats within a grade on the basis of heat treatment and size of 
section. Except for yield strength, each entry in the tables repre- 
sents an average of results on duplicate specimens unless otherwise 
noted. If the two results differed by more than 5000 psi tensile 
strength, 3% elongation in 2 inches, or 5% reduction of area, both 
are given. Where the spread was excessive and apparently due to 
some error, a third test was usually run. It invariably checked one 
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NE 8430 Low Temp. Charpy impact Strength 
I" Sections-Quenched, Drawn at 1200 F 


Foot-Pounds 
b 
Oo 


Testing Temperature F 


Fig. 20—Low Temperature Impact Strength of NE 8430 
Cast Steels. 


Table XII 
NE 8620: Individual Heat Characteristics 

SR ae eg ee ee en. AE 16 19 18 
es ces + pdbess ¢dbiebeakieaeein AO AE BO 
Composition 

Di tichié Shed ceC aka d dks ech ene 6kshewenenanee 0.20 0.20 0.2 

Dh cheskas asiieGskhees 6bs ned ahaa adeaes 0.78 (0.79) 0.75 (0.75) 0.76 (0.70) 

DiMin -etiittebedesadghads ons cov svaridabnes 0.32 (0.29) 0.40 (0.42) 0.43 (0.52) 

RS ph teh eae aed beep esadeckin cam eahe 0.033 0.028 0.021 

ith éeaCenes onadkah eens 0hb 06 640 FAs eAneeeteeEn 0.037 0.034 0.020 

El case se iat ad dhe whedeuss ¥aewns ste eee ws 0.60 een 0.50 (0.49) 0.52 (0.49) 

DURES 24 Ne Siled dbeth bs 6640600866. 6dndeee coches 0.60 (0.64) 0.57 (0.62) 0.52 (0.64) 

chins ide oeshbheoabinide ov dNadatbheawes 0.16 (0.17) 0.15 (0.14) 0.20 (0.22) 

Dt ¢tadeeihe tan aneds ban edeeaoudneaes (0.08) (0.14) (0.10) 

SE cucdlc ch adewetadn adie od or ondksadeodnees (<0.01) (0.01) (0.04) 

Ph cuki dich amines aliventntvieden Det-euiewe (0.03) (0.05) (0.01) 
ASTM Austenitic Grain Size.........ccccccccccss 5% 7% 7% 
Special Deoxidizere—Pounds per Ton Added in Ladle 

sn. oe tek ws ce e'e ek ee bees koke 0 2% 0 

cium-Manganese-Silicon................+0% 2 3 ° 

Inclusion Rating 

CL EE EE BEDsowc oct ecccceeveecesons : 





of the first two results and the other was discarded. The consistency 
of results indicates that two sets are almost always sufficient, ex- 
cept in the case of reduction of area. This is a property quite sen- 
sitive to many variables, and it should be determined by statistical 
measurements on many specimens when high accuracy is needed. 
The type of fracture is recorded according to a nomenclature 
which, in the absence of accepted standards, is intended merely to 
be descriptive to those familiar with the appearance of fractures and 
denotes no scientific analysis of the crystallographic mechanism of 
fracture. Thus “fibrous” refers to all so-called “cup and cone,” 
“star,” and other fractures occurring after extensive plastic deforma- 
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Cooling Rate, F Per Second at I300 F 
600 717 30 16.4 iO 473 4 


NE 8620 


——-- Acid Open Hearth 
=== Acid Electric 
“= Basic Open Hearth 


Rockwell C Hardness 





Distance from Quenched End, Inches 
Fig. 21—End-Quench Hardenability Curves for NE 8620 Cast Steels. 


NE 8620 Low Temp. Charpy Impact Strength 
I" Sections-Quenched, Drawn at i200 F 


Foot-Pounds 





Testing Temperature F 


Fig. 22—-Low Temperature Impact Strength of NE 8620 Cast Steels. 


tion and generally associated with high ductility. “Angular” refers 
to fractures tending to occur as a shear on a single plane at about 
45 degrees to the axis of the tensile specimen and generally associated 
with intermediate ductility. “Coarse” refers to fractures associated 
with low ductility, occurring on a plane at 90 degrees to the axis, 
and exhibiting large shiny crystal facets. “Irregular” refers to frac- 
tures, also associated with low ductility but following no regular 
path and appearing dull rather than shiny. If the duplicate speci- 
mens broke with different type fractures, the type for the specimen 
with the lower ductility is entered first in the table. Examples of 
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Table XV 
NE 8630: Individual Heat Characteristics 
ee, oo ee eke tad 25 15 47 
ol OMe er AO AE BO 
Composition 
cn Nevge .s cogh 6 eh cae ve cnele'e wa 0.29 0.32 0.25 
TP a ie go ae ae go ae 0.95 O83 0.80 o 82) 0.86 ag 
DEsuG » és acu ux Maeiae +6 600 6 homens 0.52 0.53) 0.45 (0.48) 0.71 (0.72) 
Total eh 66 shws oben mam vd noah 0.039 0.036 0.018 
diss « niki ach Me + Oca e Cee re 0.018 0.041 0.018 
SER ee aes. io 0.55 (0.56) 0.53 (0.47) 0.64 (0.68) 
Te ee ee 2 tel 0.62 eis 0.70 (0.78) 0.67 (0.78) 
Bebe 356 kos wae ees hdd eee eeel 0.17 0.24) 0.20 (0.18) 0.18 (0.17) 
aT I ee Fe ae (0.05) 0.12) (0.06) 
ad le gl tree ek Se ee (<0.01) 0.07) (0.01) 
RE eee Me ta ee ee (0.01) 0.03) (0.01) 
ASTM Austenitic Grain Size......... 6% 7% 7% 
Special Deoxidizers—Pounds per Ton 
Added in Ladle 
inne n ea ee bob ed 0 2% 0 
I Ss a dbs Sse 60% ov 2 bas as 
Calcium-Manganese-Silicon...... 3 4 
Inclusion Rating 
Cleanliness, ASTM No........... 3-4 2 2-3 
Di hoe tatieessaseh eneetae I Ill os hi I 
5% {1 (25% 
complete) 
Cooling Rate, F Per Second at I300F 
600 7i7 30 16.4 10.1 473 


NE 8630 


—--— Acid Hearth 
--—-— Acid Electric 


Rockwell C Hardness 


Ms Ye % ‘Me mn 6m (8S 
Distance from Quenched End, inches 
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0.28 
0.83 (0.80) 


* UN 


2% 2Ye 


Fig. 23—End-Quench Hardenability Curves for NE 8630 Cast Steels. 


the various fractures described above are illustrated in 


Also shown is an example of the so-called “rock candy” 


Fig. 14. 
fracture 


noted in the tables as occasionally occurring in conjunction with one 
of the other types. Part of the fractured surface will appear normal 
while the remainder will follow an irregular conchoidal contour hav- 


ing a greasy luster suggestive of a film of impurity. 


The principal conclusions on the effect of alloy content and 
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NE 8630 on Temp. Charpy Impact Strength 
I" Sections-Quenched, Drawn at 1200 F 





Fig. 24—-Low Temperature Impact Strength of NE 8630 Cast Steels. 











Table XVIII 
NE 8640: Individual Heat Characteristics 

ge. . . ou ab hw woes oho es has pele 6 9 
et oe eee ele pede 4b oman AO AE 
Composition 

DEEL. « Did ied idan a deeb Whe win a:aek o caeiacs 6 hick 4k 0.43 0.38 

dss do cntwlas>sMechs totanracdinepeemesahadiaas 0.77 ~— (0.80) 0.92 B40 

ED. «1 < ca bee aude oval cbddens <as bbubinkcuenert Fis 0.44 (0.49) 0.39 (0.37) 

Ve ‘Rae keh Laisveks a chleaksweicssuad eas 0.036 0.026 

i dt Niba sbi. wie id allie awn wiaeln & otitini Adie ae itbiib/ ath oaks ek 0.032 0.029 

Sods nite Dn he -s 3th Mess eUbe ek cwelle ss dpeds Siete a 0.57 (0.53) 0.54 (0.59) 

ee ts cite Sh Sg, i ie ce oe eee R® Boat oy oe ee dee 0.69 (0.69) 0.63 (0.47) 

SN Be a wa atin cs a bly Gee See Oe Gat «cewet’s 0.18 (0.17 0.15 (0.15) 

Te an a hl ona wank $e (0.13) (0.10) 

RAIS te i is eg St RR, SAR ea eae a (<0.01) (0.08) 

TO a (0.04) (0.03) 
re Be Gores GIR, 6 6 odd eictas 4ct Bede ci ch udasbndes 5 7 
Special Deoxidizers—Pounds per Ton Added in Ladle 

Ne os Ee. ue Spe Rhine dad 5 hae iees 0 3 
Inclusion Rating 

Tchalianan NGS x cued 5 ele Ges 0.0 ha eae adoro wie 3 2 

I Ill 


a chiiatnd pidins « fod dea pe Ce asaweh ne A ibdwden tied ok 


heat treatment on tensile properties were given in Section I. The 
tables show the advantage of using higher alloy steels with their 
high hardenability for increased strength in large sections. They also 
show that it is necessary to quench rather than normalize to make 
full use of this effect. This is logical in view of the relatively smaller 
change in cooling rate as the size changes when normalizing, and 
is borne out by experience in the wrought steel industry where NE 
alloy steels are almost always quenched and tempered. The added 
advantages of quenching to obtain higher ductility and higher yield 
strength for a given tensile strength are enlarged upon in Section II. 
Data from the tables also show that higher yield strength-tensile 
strength ratios are produced by heat treating to obtain a structure 
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Cooling Rate, F Per Second at IZ00F 


go S00 717 30640 473 4 
50 
840 
Oo 
330 
© NE 8640 






“== Acid Open Hearth 
20+ == Acid Electric 





 ?, ee Ce Cen? a on ae 
Distance from Quenched End, inches 


Fig. 25—End-Quench Hardenability Curves for Heats of NE 8640 Cast Steels. 









Temp. Charpy Impact Strength 


NE 8640 Low 
! Sections-Quenched, Drawn at [200 F 


Foot-Pounds 


75 -50 -25 0 75 
Testing Temperature F 


Fig. 26—Low Temperature Impact Strength of NE 8640 
Cast Steels. 


with higher strength, or one which can be drawn back at a higher 
temperature to any given strength. 

ASTM standard keyhole Charpy tests were run on all heats 
under the varying conditions of section, heat treatment and testing 
temperature shown in the tables and charts. The values recorded are 
the average of two tests from separate coupons unless otherwise 
noted. 

The principal conclusions to be drawn have been discussed in 
Section I. Further observation shows that the superiority of 
quenched over normalized steel exists at both draw temperatures and 














1947 PROPERTIES OF CAST LOW ALLOY STEELS 33 


Table XXI 
NE 8730: Individual Heat Characteristics 
i Clie. «4 Bere ob eae. 10 26 2 48 
I I, once dcaedbedasceces AO AE BO BE 
Composition 
iit aS See ee 0.30 0.31 0.31 0.32 
i Ce eee oaks an tie deadivawadod 0.70 (0.71) 0.87 (0.87) 0.75 (0.72) 0.80 (0.91) 
china tt Mie nleg »ébat's Chee Kas 0a 6.35 (0.35) 0.47 (0.55) 0.48 (0.49) 0.60 (0.72) 
ee ste waddkadns ody bw aw Wes 64 0.030 0029 0.013 0.020 
RE ee eae 0.028 0.036 0.018 0.022 
Cal 4 ula dee dh hence eek ve ewe 0.53 (0.52) 0.53 (0.5 3 0.36 (0.39) 0.50 (0.50) 
Ts « ehtebtas mataemaits wakea vetice 0.52 Oat} 0.79 (0.76) 0.56 (0.43) 0.60 (0.70) 
hth tt kind caedadhe ee vate 0.28 0.31) 0.35 (0.37) 0.30 0.29 0.27) 
Sia be ade pid wae bdae cece chen ee (0.07) 0.08) (0.08) (0.12) 
a ca ae eek scedkbabebou (<0.01) 0.02) tos oes} 
Ee wis J (0.01) (0.01) 0.01) (0.03 
ASTM Austenitic Grain Size......... 6 9% as 9 
Special Deoxidizers—Pounds per Ton 
Added in Ladle 
a 2nd od bet adie eects 0 2 2 1.6 
Calcium-Manganese-Silicon...... a is an 2 
Inclusion Rating 
Cleanliness, ASTM No........... 2-3 3 2 2-3 
Pic oxitx cuwh anh aoe éb bce I III Ill I 
Cooling Rate, F Per Second at |Z00F 
60° Ti7 30 64 10.1 473 4 


NE 8730 
Gees ils Hearth 
20 o=—e—_ Acid ctric 
=———=- Bosic Open Hearth 
om-ee Bosic Electric 


hp 








\% \Y 1% 2 24 2h 
Distance from Quenched End, inches 


Fig. 27—End-Quench Hardenability Curves for NE 8730 Cast Steels. 


also in larger sizes. Increasing the draw temperature from 1000 to 
1200 F (540 to 650C) usually gives an appreciable improvement. 
Less obvious than the above effects is a slight tendency for the im- 
pact strength to increase as the size is increased from 1 to 2 inches 
(tensile strength decreases considerably), and a very slight tendency 
for it to decrease as the size is further increased from 2 to 4 inches 
(tensile strength remaining nearly constant). 

In general the impact strength decreases but little until the tem- 
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NE 8730 Low Temp. Charpy Impact Strength 
I" Sections-Quenched, Drawn at |200 F 


Foot-Pounds 


-75 -50 -25 0 75 
Testing Temperature F 


Fig. 28—Low Temperature Impact Strength of NE 8730 
Cast Steels. 


Table XXIV 
NE 9430: Individual Heat Characteristics 


I ee eee 4 151 181 31 


ee ee 66 © dletea AO AE BO BE 
Composition 
NE os oe es ew Kus ba 0.34 0.32 0.26 0.30 
A Se 1.04 (1.00) 1.15 (1.15) 1.07 (0.99) 1.11 (1.03) 
ee eh NS ba Pelata davaew a 0.41 (0.42) 0.41 (0.48) 0.49 (0.56) 0.33 (0.33) 
cin, sk nate 0.039 0.028 0.023 0.016 
gS RR SF Se es eee 0.027 0.044 0.020 0.021 
ii he aa ee Sr Se 0.44 (0.35) 0.34 (0.35) 0.39 (0.40) 0.48 (0.50) 
a pee = aC obaes wae ot 0.64 (0.65) 0.53 (0.60) 0.52 (0. <5 0.67 (0.74) 
Re awe ae 0.12 (0.12) 0.15 (0.15) 0.15 (0.15) 0.12 (0.13) 
CD fae dg or tes wet @ 4.6.5 (0.16) 0.13 (0.12) (0.09) (0.08) 
Pe RE i em A i ae (0.01) (0.07) (0.01) 0.01) 
RN es Se Ne So se a hare (0.03 (0.05) (0.02) 0.02) 
OC ee anda (0.03) (0.05) (0.02) 0.02) 
ASTM Austenitic Grain a Rile 6c eels 5 814 7% 6% 
Special Deoxidizers—Pounds per Ton 
Added in Ladle 
Ge Rdios oko so 64 Wie-a6s oo o-6 0 2% 0 0 
Calcium-Manganese-Silicon........ ats Sea fs 2 in furnace 
an : = 
ladle 
Inclusion Rating 
et nny MM Canc ckeccnts 2-3 3 2 2 
| ee I $% il, I 1 
95% Iill 


perature has fallen below —5OF, and even at —75F none of the 
steels were brittle. 

Complete details and charts for the various cast NE steels 
appear throughout this section. 


CoNCLUSIONS 


1. Cast low alloy steels, having compositions similar to the NE 
steels and properties comparing favorably with the older cast alloy 
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Cooling Rate, F Per Second at [300 F 


NE 9430 


-——— Basic Open Hearth 
—=-=—= Basic Electric 


Rockwell C Hardness 





4 x % | my Im 1% °° =e om 
Distance from Quenched End, Inches 


Fig. 29—End-Quench Hardenability Curves for NE 9430 Cast Steels. 


NE 9430 Low Temp Charpy Impact Strength 
I Sections-Quenched, Drawn at |200 F 
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Fig. 30—Low Temperature Impact Strength of NE 9430 
Cast Steels. 


steels and with wrought alloy steels, can be produced readily. 

2. Foundries must exert considerable effort if chemical speci- 
fications on these or any other alloy steels are to be met precisely. 
However, other factors cause a spread in properties also, and it 
would be more logical to ease the composition specification and im- 
pose a specification on the actual mechanical property most impor- 
tant for the application. 

3. The cast NE steels in general have slightly higher harden- 
ability and strength and slightly lower ductility than wrought NE 
steels of similar composition and heat treatment. 
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Table XXVII 
NE 9530: Individual Heat Characteristics 
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Special Deoxidizers—Pounds per Ton Added in 
a 0 2% 2 
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Fig. 31—End-Quench Hardenability Curves for NE 9530 Cast Steels. 


4. For a given tensile strength, quenching produces a higher 
yield strength, ductility in tension, and impact strength than does 
normalizing. 

5. When aluminum is used for deoxidation, a definite minimum 
(probably about 2 pounds per ton of steel) should be exceeded; 
otherwise nonmetallic inclusions will usually concentrate in the grain 
boundaries and cause low ductility. 

6. High manganese contents and/or aluminum deoxidation ap- 
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Low Temp. Charpy Impact Strength 
NE 9530 1" Sections- Quenched, Drawn at 1200 F 





Testing Temperature, F 


re. © sor Temperature Impact Strength of NE 9530 
Cast 


pear frequently to cause low impact resistance in quenched and 
tempered alloy cast steels. 

7. Little, if any, difference in properties can be attributed to 
the steelmaking process used. 
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DISCUSSION 





Written Discussion: By A. W. Demmler, director of metallurgy and re- 
search, Campbell, Wyant and Cannon Foundry Co., Muskegon, Mich. 

I have enjoyed the privilege of studying Professor Hawkes’ paper, and am 
in accord with practically all his recorded comments. 

Conservation of alloys during war has served to make us hardenability 
minded both in wrought and cast steels but the cast steels still lack the broad 
statistical background of the wrought metal. The merits of alloys are more fully 
recognized today and here we should not overlook, as Professor Hawkes has 
pointed out, that the silicon of cast steels is a minimum at the same percentage 
as is commonly the maximum for wrought steels. This in turn draws attention 
to grain size which is controlled largely by deoxidation practice. Many good 
points have been called attention to in this paper and I would like simply to 
further emphasize some of them. Inclusion patterns can get you into more trou- 
ble in cast steels than in wrought ones and bearing this in mind, be sure to hur- 
dle past the grain boundary Type II inclusions. 

It is a consoling statement that “little, if any, difference in properties can 
be attributed to the steelmaking process”; this should make every melter feel 
better since every melt shop has a preferred procedure ‘as well as composition 
and the interchangeability of these, along with variations in heat treating, pre- 
serves the personality and individuality of a shop. 

But on interchangeability of composition, I would like to introduce a word 
of caution. Just as we whittled alloys to the bone, we must give the carbon 
equal consideration. NE 8640 is in the group studied, but unfortunately only 
two heats; the hardenability band is narrow for these two heats and one might 
be misled. All the other heats are 0.30% carbon class or lower and in the gen- 
eral picture the lower carbons are a more commercially satisfactory group. High 
manganese content is often condemned unjustly because the trouble is more fre- 
quently carbon and manganese together. 

Little exception can be taken to the mechanical properties data based on the 
several test bars, but once more a word of caution. Interchangeability may be 
greatly restricted by commercial casting design which could disqualify liquid 
quenching at least with any appreciable delay in tempering, if cracking is to be 
minimized. There have also been instances over the years where combining 
the normalizing and the quenching heat into one has actually given superior 
values in the castings; decarburization may also be a factor here. Machin- 
ability warrants healthy consideration too. 

In closing, I would like to ask Professor Hawkes whether he has observed 
with regularity the grain boundary Type II inclusions in conjunction with “rock 
candy” fractures as described in the paper. 

Written Discussion: By John W. Juppenlatz, chief metallurgist, Lebanon 
Steel Foundry, Lebanon, Pa. 

This paper covering the mechanical properties of low alloy cast steels rep- 
resents a series of test data obtained on individual heats. These individual test 
heats, made by different producers and different processes, reflect the conditions 
peculiar to that given heat of steel and do not represent conditions other than 
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these. Professor Hawkes has endeavored to group the data into types of com- 
position and has summarized the apparent variables existing within this group. 
The summarization, by charts and otherwise, reflects widely different physical 
characteristics, hardenability and even composition. It should be definitely rec- 
ognized that these summaries are not consistent to normal production practices. 

Cast low alloy steels have been and are being produced in large tonnages 
with excellent and uniform physical characteristics. With the proper process 
control methods, the superiority of one melting process over another is debatable. 
Upon examination of the data presented, there appears to be no standardization 
of deoxidation procedure by the various producers, even though the type of 
furnace is the same. This condition of individual melting and deoxidation pro- 
cedure is not common to steel casting producers alone. There may be just rea- 
sons for these variables of practice from one producer to another. However, 
with good individual plant control, variations of the product are usually held 
to reasonable tolerances. 

The impact data, as presented and correlated, show a considerable spread 
in values. The test results are merely no more than the individual character- 
istics from the respective heat of steel and they do not permit any further eval- 
uation to the superiority of one composition type over another. Professor Hawkes 
states, “Impact strength tends to be high when the ductility is high”. While 
this condition happens to be true in many instances, caution should be used in 
applying this thought to all cast steels. There are exceptions to this rule which 
prevent the estimation of impact evaluation from the tensile properties. 

The impact tests at room and low temperatures to —75 F indicate the gen- 
eral superiority obtained by quenching and tempering the limited size of 1l-inch 
square specimens. There appears to be no serious embrittlement of any of the 
alloy steels in this state of heat treatment to low temperatures of —75F. It is 
possible that some interesting data would have developed if the testing tempera- 
ture had been extended to lower levels. Some embrittlement is bound to occur 
at some subzero temperature and this data would have proven to be of interest 
for many service applications at subzero temperatures. Impact data from some 
of the larger sizes of test blocks would also appear to be desirable, since heat 
treatment and hardenability apparently govern the impact resistance at lower 
temperatures. Test data at lower temperatures might have given some indica- 
tion as to the superiority of one type composition over another. 

This discussion is offered not in the form of criticism but rather for the 
purpose of suggestion and future test work. Again, these data as presented 
represent test results of individual heats and processes which are not a true 
indication of regular production of cast low alloy steels made by individual 
producers under controlled methods. 

Written Discussion: By C. K. Donoho, metallurgist, American Cast Iron 
Pipe Co., Birmingham, Ala. 

This paper is very valuable because of the wealth of carefully determined 
data on cast steel presented. The relations shown and the conclusions drawn are 
interesting and in general appear to be well justified, except possibly in the case 
of conclusion number four. This states: “When aluminum is used for deoxida- 
tion, a definite minimum (probably about 2 pounds per ton of steel) should 
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be exceeded; otherwise nonmetallic inclusions will usually concentrate at the 
grain boundaries and cause low ductility”. We realize that the idea of a critical 
small amount of aluminum giving low ductility has been widely promulgated and 
apparently has been proved for small induction furnace heats with a definite 
melting procedure. However, we have never been able to substantiate this effect 
in commercial heats, and furthermore, we are unable to find justification for this 
conclusion in the data given in this paper. In Fig. A are plotted tensile-elonga- 
tion data (as in Fig. 9) for tests on 1l-inch section bars water-quenched and 


More than 2 Ib. Al 


Elongation, % 





100 120 140 100 120 140 
Tensile Strength, 1000 psi 


Fig. A—1l-Inch Sections, Water-Quenched and 
Tempered at 1200 F. 


tempered at 1200 F (650C). This heat treatment and section is selected because 
it should give the most homogeneous matrix and thus exaggerate the effect of 
inclusions. On the left side of the figure are plotted the tests for the twelve 
heats which had % to 2 pounds per ton of aluminum for deoxidation. A straight 
line of best fit is drawn by inspection through these points. On the right side 
of the figure are plotted tests for the seven heats in which the “minimum—(of) 
2 pounds per ton—(of aluminum is) exceeded”. When the same straight line 
is drawn in for comparison, it is seen that only one of these tests exceeds in 
ductility the average line from the tests on low aluminum heats, and most of 
the tests are definitely inferior in ductility. 

A more complete and exhaustive comparison may be made by calculating, 


(T.S. + 6000 R.A.) 


for all tensile tests given, a “P” factor —-———_—_-——-——, which has been 
5000 
frequently used as an index of quality of steel as revealed by tensile testing. 


Averaging these calculated “P” factors (usually eight for each heat) in three 
groups of heats gives the following results: 


Al Added No. of Heats Av. “P” Factor 
None 13 78.4 
4 to 2 Ib. per ton 12 72.8 


More than 2 Ib. per ton 7 65.7 


— 
1 weer 9 Bee 8 Ary. 


ee ees 


wre 


ee ees 


. 
| 





44 TRANSACTIONS OF THE A. S. M. Vol. 39 


A similar comparison was made on the basis of aluminum content as re- 
ported in the analysis of each heat. 


Al Content No. of Heats Av. “P” Factor 
<0.01% 10 75.3 
0.01 to 0.03% 14 74.9 
0.04% and higher 8 68.8 


Purely on analysis of the test data presented we are unable to confirm con- 
clusion number four; rather, the data support the obvious conclusion that the 
greater the amount of aluminum the lower the tensile quality of the steel. 


Author’s Reply 


I wish to thank Mr. Demmler for his kind remarks. With regard to his 
question, the two heats showing “rock candy” fracture did not have Type II 
inclusions. They had, instead, Type III, associated with high aluminum addi- 
tions. This is in accord with Dr. Lorig’s fine work on “rock candy” fractures 
reported in the 1945 Proceedings of the Electric Furnace Steel Conference. There 
it was shown that increasing the aluminum (as well as the nitrogen) content 
increased the tendency for “rock candy” fracture. Type II inclusions, on the 
other hand, are associated with intermediate rather than with large amounts 
of aluminum. 

I am in accord with the remarks of Mr. Juppenlatz. It was not intended 
to imply that the spread in properties reported for any one grade was representa- 
tive of the spread to be expected at any one foundry making one grade. Rather, 
this was a co-operative survey project involving many foundries with many prac- 
tices and was intended to give an idea of the general range of properties that 
can be developed in these steels. The correlations of properties within these 
ranges, as shown for example in the yield-tensile curves, are felt to be on a 
sound basis regardless of the absolute values. 

I agree that these discussions and the paper itself will be of most value if 
they suggest and promote further extensive work on important variables. 

In reply to Mr. Donoho, it should be explained that conclusion number 
four stems from the following : 

(a) The properties of cast steel are not affected by the aluminum addition 
itself but by the resultant nature and disposition of the various constituents in 
the steel; (b) the nature and disposition of inclusions are influenced strongly 
by the amount of aluminum added, as was shown by Sims and Dahle; (c) ten- 
sile-impact plots of the data in this paper show that those steels with Type II 
inclusions tend to have the lowest values, those with Type III next highest, 
and those with Type I the best values. The Type II inclusions are associated 
by Sims and Dahle’s work with intermediate amounts of aluminum and are 
associated by the data in this paper with low mechanical properties. The limits 
of this “intermediate amount” are influenced by the state of oxidation of the 
steel before deoxidizing, the simultaneous use of other deoxidizers, the sulphur 
content of the steel, and probably the solidification rate, all of which make 
questionable the value of conclusions based only on aluminum additions or alu- 
minum analyses. 





THE EFFECT OF COMPOSITION ON THE FATIGUE 
STRENGTH OF DECARBURIZED STEEL 


By L. R. JAcKson anp T. E. PocHapsky 


Abstract 


In this paper data are presented indicating that the 
fatigue strength of decarburized layers is determined by 
the strength of the ferrite in the decarburized zone and can 
be controlled by the composition of the ferrite. It is fur- 
ther shown that decarburization has relatively less effect 
on fatigue strength at high stresses than at low stresses. 

The damaging effect of thin decarburized layers on 
the fatigue strength of heat treated steels is well known; 
however, little is known about the effect of the composi- 
tion of the “carbon-free” layer. 

The present study was undertaken to find out, first, 
whether the fatigue strength of decarburized test pieces 
is controlled entirely by the decarburized layer regardless 
of the core hardness, and second, whether alloys in solid 
solution with the ferrite in the decarburized zone con- 
tribute to the fatigue strength. 

Tests were run on three steels, SAE 2340, SAE 4140, 
and SAE 5140, in which the effect of surface decarburiza- 
tion on the fatigue strength was explored at two hardness 
levels both in the presence and in the absence of notches. 

Results indicate that the core hardness does have an 
effect on the fatigue strength of decarburized test pieces. 
Decarburized test pieces in which the core was at a higher 
hardness level had, in general, a lower fatigue strength 
although the “carbon-free” region had essentially the same 
hardness in both cases. The SAE 2340, containing 3.5% 
nickel, was harder in the “carbon-free” region than either 
the chromium steel or the chromium-molybdenum steel as 
would be expected from the higher alloy content of the 
nickel steel. The higher fatigue strength was consistent 
with the higher hardness. 


HIS study was undertaken to determine whether the fatigue 
strength of decarburized test pieces is controlled solely by the 
decarburized layer regardless of the core hardness and whether 
A paper presented before the Twenty-eighth Annual Convention of the 
Society, held in Atlantic City, November 18 to 22, 1946. The authors, L. R. 


Jackson and T. E. Pochapsky, are associated with Battelle Memorial Institute, 
Columbus, Ohio. Manuscript received July 3, 1946. 
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Taper 5/8" per Ft O.215"or “Surface Finished With 
Angle to Fit Gage 0.270 3-O Emery, Longitudinal Polish 


Unnotched Specimen 





Taper 5/8" perFt R= 025" Radius, 1/8"R 
Angle to Fit Gage Circumferential 
Ground Polish 


Notched Specimen 


Fig. 1—Fatigue Test Specimens. 


alloys in solid solution with the ferrite in the decarburized zone 
contribute to the fatigue strength. 


) Streets Usep ror TEsTs 
: The steels used were open-hearth steels in the form of 34-inch 


hot-rolled rounds. The composition of the steels is given in the fol- 
lowing tabulation: 


Steel C Mn P S Si Ni Cr Mo 
SAE 2340 0.38 0.78 0.019 0.029 0.24 3.48 — — 
SAE 4140 0.40 0.79 0.016 0.033 0.23 == 0.98 0.18 
SAE 5140 0.38 0.85 0.030 0.029 0.23 “+ 0.86 —- 


Preparation of Test Pieces—Fig. 1 shows the final dimensions 
of the types of fatigue test pieces used in this investigation. All 
specimens that were tested at Rockwell C-28 hardness had a minimum 
diameter of 0.270 inch, while those tested at Rockwell C-48 had a 
minimum diameter of 0.215 inch. 

Preparation of Homogeneous Specimens—All test pieces which 
were not to be decarburized were machined to 0.02 inch oversize on 
the dimensions shown in Fig. 1. They were then heated at 1500 F 
. (815C) in a controlled-atmosphere furnace for 1 hour and oil- 
| quenched. 
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Tempering treatments for the various steels used to get the two 
hardness levels desired are given in Table I. 





Table I 
Tempering Treatments for Fatigue-Test Pieces 
Hardness 
Desired 
Steel Re Tempering Treatment 

SAE 2340 28 1 hour at 1050 F 
48 lhourat 550F 
SAE 4140 28 1 hour at 1150 F 
48 l hour at 550F 
SAE 5140 28 1 hour at 1150 F 
48 l hour at 550 F 


After tempering, hardness readings were made on the shank of 
all test pieces and any test pieces which did not fall within the range 
Rockwell C-28 to 29 for the low hardness level or Rockwell C-47 to 
49 for the high hardness level were rejected. 

All test pieces in this group were then ground and polished to 
final dimensions. 

Tensile tests were pulled directly on unnotched fatigue-test speci- 
mens. Since these were nonstandard test pieces only the stress at 
maximum load was measured. Results are given in Table II. 


Table Il 
Tensile Strengths of Steels at Two Hardness Levels 


Ne 





Tensile Strength, psi 


Steel 28 Re 48 Re 
SAE 2340 138,000 250,000 
SAE 4140 140,000 237,000 
SAE 5140 141,000 255,000 


PREPARATION OF DECARBURIZED FATIGUE SPECIMENS 


All test pieces which were to be decarburized were ground and 
polished to final dimensions except on the shank ends where they 
were left 0.02-inch oversize. On all notched test pieces the notch 
was finished to final shape before decarburizing. 

Specimens to be decarburized were suspended by screws from 
the top of a stainless steel box. The interior of the box was kept 
a flooded with hydrogen which had been saturated with water vapor at 
a room temperature. The hydrogen-filled box containing the test pieces 
4 was inserted in a muffle furnace held at 1900 F (1040C). The test 
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Depth of Hardness Impression Beneath Surface of 
Test Piece-inch (Note Log Scale) 


Fig. 2—Hardness Gradients in Unnotched Fatigue Test 
Pieces at Rockwell C-28 Hardness Level. 


pieces reached 1900 F in 30 minutes and were held for 3 hours at 
temperature. The furnace was then allowed to cool to 1600F 
(870 C), which took 20 minutes. After 10 minutes at 1600 F 
(870 C), the box was flooded with nitrogen and removed from the 
furnace. The lid, to which the test pieces were attached, was then 
removed. In most cases the test pieces were quenched directly in 
oil from the box. During the time required to pry the lid loose and 
make ready for quenching, the test pieces reached a temperature of 
approximately 1500 F (815C). Tempering was carried out as shown 
in Table I. 

In some cases the test pieces were allowed to cool to room 
temperature and then heat treated in the same manner as the 
homogeneous test pieces. This treatment resulted in some grain 
refinement; however, substantially no difference in hardness or fa- 
tigue properties was noted between those re-treated and those 
quenched directly from the decarburizing box. 
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Fig. 3—Hardness Gradients in Unnotched Fatigue Test 
Pieces at Rockwell C-48 Hardness Level. 


PROPERTIES OF TEST PIECES 













After fatigue tests had been run, representative broken test pieces 
from all types were sectioned perpendicular to the axis of the test 
piece and Knoop hardness readings were taken along radii of the 
section from the center to the outside. Typical results of such 
hardness surveys are shown in Figs. 2 and 3. It will be noted from 
these figures that hardness readings in the “carbon-free” zone of the 
SAE 2340 are substantially higher than in the similar zone in the 
SAE 4140 and 5140. 

The relative hardness of the decarburized zones in the three 
steels is consistent with the ferrite composition in this zone. Fig. 4 
shows the hardness at a depth of 0.002 inch in the decarburized layer 
of the three steels plotted against the tensile strength of the composi- 
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Fig. 4—Computed Tensile Strength Versus Actual 
Hardness in Decarburized Zone. 
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Fig. 5—Fatigue Test Results on SAE 2340 Steel at Rockwell C-28 Core Hard- 
ness Level. 
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Fig. 8—Fatigue Test Results on SAE 2340 Steel at Rockwell C-48 Core 
Hardness Level. 


tion in the decarburized zone as computed by the method suggested 
by Lacy and Gensamer.’ 

Because, as is shown below, the decarburized zones are not com- 
pletely “carbon-free”’, no great accuracy can be claimed for the 
computed tensile strength. Nevertheless, it is evident that the trend 
of results fulfills expectations. 

While the higher hardness values in the decarburized zone in 
the SAE 2340 would be expected, it was thought necessary to de- 
termine whether the carbon content in the decarburized zone of all 
these steels was similar, and whether the method of decarburization 
disturbed the alloy content at the surface of the test pieces. To 
investigate these possible effects, layers 0.002 inch thick and 0.007 
inch thick were machined from the surface of broken, decarburized 
test pieces. These turnings were analyzed for carbon and alloy 


; 1C. E. Lacy and M. Gensamer, “The Tensile Properties of Alloyed Ferrites,’ 
Transactions, American Society for Metals, Vol. 32, 1944, p. 88-105. 
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Fig. 9—Fatigue Test Results on SAE 4140 Steel at Rockwell C-48 Hard- 
ness Level. 


content. Results of experiments of this type were summarized in 
Table III. 

From Table III it will be noted that, while none of the decar- 
burized layers is completely “carbon-free”, the carbon content is 
substantially the same in all three -steels. Furthermore, there is 
reasonable agreement between the alloy contents in the first tabula- 
tion and in Table III. 
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2 Table Il! 
’ Analysis of Decarburized Layers Removed from Fatigue-Test Pieces 
Steel Depth of Cut C Ni Cr Mo 
SAE 2340 0.007 0.09 * ** os 
SAE 2340 0.002 0.09 3.69 oe ** 
SAE 4140 0.907 0.14 “* * . 
SAE 5140 0.007 0.07 oe * * 
SAE 5140 0.002 0.10 ee 0.79 oe 






*Not analyzed. 
**Not present. 







FATIGUE TESTS 


All fatigue tests were run on R. R. Moore type rotating beam 
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Fig. 10—Fatigue Test Results on SAE 5140 Steel at Rockwell C-48 Hard- 
ness Level. 


machines running at 10,000 revolutions per minute. The results of 
fatigue tests are summarized in Figs. 5 to 10. 

Table IV uses the data in the figures to bring out the effect of 
decarburization on fatigue strength. From Table IV it will be noted: 
1. That in both notched and unnotched test pieces and at both 
hardness levels, the effect of decarburization on lowering the fatigue 
strength is not so pronounced above the endurance limit as it is at 
the limit. 

2. That at both hardness levels the fatigue strength of notched 
test pieces is not lowered so much by decarburization as is the fa- 
tigue strength of unnotched bars, both above and at the endur- 
ance limit. 

Fig. 11 shows the effect of the hardness of the decarburized 
zone on the endurance limit. In this figure, the hardness at a depth 
of 0.002 inch beneath the surface of test pieces, both decarburized 
and homogeneous, is plotted against the endurance limit. These 
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Fig. 11—Relation Between Hardness at Surface of Test Piece and 
Endurance Limit. 


curves show that, regardless of the core hardness, the fatigue strength 
is determined primarily by the fatigue strength of the skin, which, in 
turn, is dependent on the hardness of the skin. 


DISCUSSION 


Results in this paper indicate : 

1. That the core hardness of decarburized fatigue-test pieces does 
not have as large an influence on the fatigue strength as does the 
hardness in the decarburized skin. 

2. That the damaging effect of decarburization is not so pro- 
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nounced at the high stress end of the fatigue curve as at the en- 
durance limit. 


3. That the fatigue strength of decarburized steels is primarily 
dependent on the strength of the ferrite in the relatively “carbon- 
free’ decarburized zone, and the strength of the ferrite in the three 
types of steels investigated is consistent with the composition. 
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DISCUSSION 


Written Discussion: By L. C. Conradi, Standard Steel Spring Co., 
Coraopolis, Pa. 

This paper by Messrs. Jackson and Pochapsky is a valuable contribution to 
the literature on fatigue of metals. The authors have shown that the hardness 
and composition of the decarburized surface affects the fatigue strength more 
than the core hardness. 

This is in line with and further substantiates the general concept regarding 
latigue strength, namely: “Fatigue strength of a metal part is primarily depend- 
ent upon the physical properties of the surface”. 

Written Discussion: By J. O. Almen, head, Mechanical Engineering 
Department, Research Laboratories Division, General Motors Corp., Detroit. 

In this paper Messrs. Jackson and Pochapsky add extensively to our 
appreciation of the effects of decarburization on the fatigue strength of steel. 
The results are not unexpected by those who have previously made similar 
measurements, whether on decarburization or on other surface effects. The 
data support the concept that, in most cases, the strength of shallow surface 
layers determines the fatigue strength of the entire specimen. 

We always find that thorough analysis of data from carefully conducted 
tests, such as are given us by the authors, suggests the need for additional tests. 
The question now arises: What will be the effect on fatigue strength if decarbu- 
rization is limited to lesser depths? The authors do not specifically mention the 
manner of surface finish that was applied to the decarburized specimens, whether 
they were polished in the same manner as the homogeneous specimen. This 
detail is of importance inasmuch as the fatigue strength would be greatly in- 
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fluenced by the presence or absence of the compressive stress that would be 
induced by the polishing operation. 

Written Discussion: By George A. Timmons, Climax Molybdenum 
Company of Michigan, Detroit. 

Messrs. Jackson and Pochapsky have provided some valuable determinations 
of the effect of decarburization on the fatigue strength of three well-known and 
much used steels of standard compositions. The fatigue strength of rotating 
beam-type specimens heat treated to a hardness of Rockwell C-28 has been 
well correlated with the hardness of the decarburized surface layers. The 
fatigue strength of specimens heat treated to a hardness of Rockwell C-48 has 
been found to be lower than one would predict from the hardness of the 
decarburized surface layers. 

Although—“the fatigue strength of decarburized steel is primarily dependent 
upon the strength of the ferrite in the relatively ‘carbon-free’ decarburized 
zone—,” it is suggested that residual tensile stresses at the surfaces of 
decarburized specimens may also play an important role in decreasing their 
fatigue strength. The specific volume of martensite increases with increasing 
carbon content, and martensite has a higher specific volume than ferrite, or 
aggregates of ferrite and carbide. Having lower specific volumes than the 
cores, the decarburized layers of oil-quenched specimens (whether these layers 
are fully martensitized or only partially martensitized), in order to accommodate 
the core volumes, would have to stretch, or sustain high, biaxial, elastic, tension 
stresses. Specimens tested at the higher hardness level (Rockwell C-48) were 
tempered at 550 F, a temperature which would not be expected to effect 
complete relief of residual stresses. There is, therefore, reason to believe that 
the surfaces of these specimens were stressed in tension prior to testing, and 
that the tension stresses were partially responsible for the reduction of 
fatigue strength. 

The specimens tested at a hardness level of Rockwell C-28 were tempered 
at 1050 F. This higher temperature would be expected to effect almost complete 
stress relief, so residual stresses need not be considered as a factor which affects 
the fatigue strength of these specimens. 

This discussion is offered as a possible explanation for the authors’ observa- 
tion that “decarburized test pieces in which the core was at a higher hardness 
level ( Rockwell C-48, tempering temperature 550 F) had, in general, a lower 
fatigue strength (than specimens tested at Rockwell C-28) although the ‘carbon- 
free’ region had essentially the same hardness (as the ‘carbon-free’ region of the 
specimens heat treated to Rockwell C-28)”. 

Written Discussion: By H. B. Knowlton, materials engineer, Interna- 
tional Harvester Co., Chicago. 

The authors have added some valuable information to the subject of practical 
fatigue properties. It would naturally be expected that free ferrite at the surface 
would lower the bending fatigue strength of any steel specimen. 

We would like to ask if the thickness of the decarburized layer has any 
considerable effect upon the endurance limit in fatigue. Will 0.001 inch total 
decarburization lower the endurance limit as much as 0.010 inch? 

We would also like to ask what effect free ferrite in the grain boundaries 
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throughout the cross section has upon the endurance limit. Is this as bad as a 
thin layer of 100% ferrite at the surface? 

Written Discussion: By Milton A. Miner, Douglas Aircraft Co.; Inc., 
Santa Monica, Calif. 

The authors have added another link in the chain of evidence needed to 
finally evaluate the exact nature and causes of fatigue failures. 

The constant reappearance of certain factors in fatigue failures seems ample 
proof that these are fundamental : 

(a) The failures start in the soft, relatively ductile decarburized layer in a 
considerably shorter time than for the original material. This same occurrence 
is observed in other cases where a soft, ductile material forms the surface such as 
with clad aluminum alloys. However, it is to be noted that the fatigue strength 
is consistent with the strength (hardness) of the decarburized surface. 

(b) At high loads the more ductile decarburized surface material probably © 
yields, redistributing the load to the stronger core before its ductility is 
exhausted and early cracking starts. However, at a lower load, this redistribu- 
tion does not take place to the same degree.and repeated applications of load 
exhaust the available ductility with the result that a crack starts and soon 
propagates to complete failure. 

It would be desirable to know by what procedure the cracking progresses 
from the decarburized layer to the core material. Fig. 11 of the paper indicates 
that the endurance limit is strictly a function of the surface strength of the 
specimens for a reversed bending test and that the failure once initiated at the 
outer fibers progresses through the core without deviation due to any variation 
of hardness from surface to core. Failure stresses at 100,000 cycles give a 
similar linear plot versus Knoop hardness number. 


Authors’ Reply 


The authors appreciate the helpful and constructive criticisms and comments, 
and will attempt to answer the various questions raised by some of the discussers. 

In answer to Mr. Almen’s questions regarding the surface finish on de- 
carburized test pieces, we can say that the test pieces were finished to size and 
polished before decarburizing, and no polishing or other treatment was given 
after the decarburizing. This procedure was followed for the reason that Mr. 
Almen indicates, namely, that polishing after decarburizing would introduce an 
unknown amount of surface flow with its attendant stress system. With regard 
to Mr. Almen’s comments on the effect of depth of decarburization, we can say 
that, while we have not made any systematic exploration of the effect of depth, 
we have observed that as little as 0.002 inch of decarburization has a serious 
effect on fatigue strength of a 0.60% carbon steel. 

Mr. Timmons’ interesting suggestion that tensile stresses in the decarburized 
layer of the 48 Re test pieces could account for the lower fatigue strength rela- 
tive to the 28 Re test pieces deserves consideration. The reasons he cites for the 
possible existence of such stresses appear to be valid; however, we did not 
attempt to measure internal stress systems and so are unable to supply any 
experimental data pertinent to the suggestion. 
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Mr. Knowlton’s question regarding the effect of depth of decarburization 
was answered above to the best of our ability. We do not have any data that 
would answer his question regarding the effect of grain boundary ferrite directly ; 
however, the following may be pertinent. In connection with some other investi- 
gations, we heat treated some 0.40% carbon low-alloy steels isothermally, in 
order to produce a mixture of proeutectoid ferrite and pearlite. We then 
prepared another set by quenching and then tempering to the same hardness as 
the first set. As would be expected, the quenched and tempered material had 
better notched-bar strength than the isothermally treated test pieces, particularly 
at low temperatures. Fatigue tests, however, failed to reveal any significant 
difference between the two structures. 

Mr. Miner’s remarks, about the mechanism of crack propagation from the 
decarburized zone through the core, raise another question which needs further 
investigation. It is quite probable that while the initiation of a crack can be 
defined as a fatigue phenomenon, the propagation of a crack once formed may or 
may not represent “fatigue”. Very little has been done on measuring the rate 
of crack propagation under various types of repeated stress systems. 








DECARBURIZATION DURING ANNEALING 
OF MALLEABLE IRON 


By H. A. SCHWARTZ AND JAMES HEDBERG 


Abstract 


W hite cast iron, in the regions just below the surface, 
can be substantially completely decarburized even above 
the A, point of silico-ferrite. Only tf silicon is present, tf 
ambient atmosphere is in approximate equilibrium with 
iron and ferrous oxide, the extreme outermost portion of 
the decarburized layer becomes filled with a cloud of 
highly siliceous particles and the grain boundaries are 
outlined with more basic inclusions. 


The sonims of the tron as cast contain silicon, phos- 
phorus and tron, but after annealing, manganese makes 
its appearance, the iron oxides are increased, the phos- 
phorus disappears and near the surface much additional 
silicon is oxidized. 


INTRODUCTION 


ALLEABLE iron is but seldom annealed under ambient condi- 

tions, preventing the formation of decarburized rims. Unless 
quite ‘drastic steps are taken to maintain the surrounding gases at 
some other composition, the atmosphere has been found in practice 
to approach the composition in equilibrium with graphite but departs 
therefrom in the direction of a higher CO,: CO ratio. 

The effect of decarburization upon mechanical properties is 
quite definitely shown by a comparison of iron annealed in a muffle 
with iron annealed in “pots”; in the latter case with and without the 
use of packing. In Table I the metal in each line is identical before 
annealing and represents the average of four specimens for each 
working day of a month, in general about 80 or 90 test specimens. 

The effect of the restriction in the amount of atmosphere coming 
in contact with iron in a tight pot and in a muffle, and of the supply- 
ing of oxygen as iron oxide in the packing is plainly evident. 

A paper presented before the Twenty-eighth Annual Convention of the 
Society, held in Atlantic City, November 18 to 22, 1946. Of the authors, H. A. 
Schwartz is manager of research, and James Hedberg is associated with the 


Research Department, National Malleable and Steel Castings Co., Cleveland. 
Manuscript received June 14, 1946. 
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Table I 
Effect of Packing on Engineering Properties of Malieable 
Muffle Annealed—, -——Pot Annealed—_, 
Tensile Elongation Strength Elongation 
psi %o %o 
No ing in Pots 52492 12.0 48570 9.2 
in Pots 53806 11.6 53976 11.6 


While the particular compounds present may determine whether 
or not the packing will oxidize iron and/or carbon; the amount of 
packing per unit of iron surface may determine the amount of carbon 
which can be removed. 

John Bazeley, in this laboratory, packed test specimens of 
identical iron into airtight containers in a commercial packing. The 
containers were of equal size; ten test specimens were packed in one 
and two in the other, the remaining space being filled with packing. 
This resulted in a ratio of iron to packing of 9: 1 and 1: 2 respective- 
ly. After subjecting the two containers to a temperature cycle similar 
to that of a slow commercial anneal, the observed average properties 
were found to be as presented in Table II. 

The table demonstrates the need of a sufficient amount of the 
material serving as a source of oxygen. 

The question whether tensile properties are a proper measure 
of the utility of malleable for a given purpose or whether surface 
decarburization has any sufficiently important effect on machinability 
to make it undesirable is outside the scope of this paper. Current 
specifications describe malleable iron in terms of the tensile properties 
of unmachined specimens. If the property of these criteria is debatable, 
the discussion belongs before such specification-making bodies as 
the ASTM and not here. 

Having thus shown the engineering significance of decarburiza- 
tion in anneal, it is evidently useful to consider the conditions of 
such rim formation. 


Table Il 
Effect of Quantity of Packing on Engineering Properties of Malleable 
eto ot Tensile 
Packing 


: 47890 13.1 


1 
:2 50960 15.8 
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GENERAL CONSIDERATIONS 


The orthodox view of decarburization is to consider it the joint 
effect of the desire of the surface metal to attain a carbon content in 
equilibrium with the ambient atmosphere and the ability of carbon 
to migrate to the surface at a sufficient rate to obtain this equilibrium. 

Numerous observers have concerned themselves with the carbon 
content of austenite in equilibrium with various mixtures of CO, 
and CO as a function of temperature (1), (2), (3).t The application 
of these studies was mainly to case carburizing and they all have 
this in common, that substantially carbon-free surfaces cannot be 
expected in the gamma iron temperature range. This is an obvious 
consequence of the low solubility of carbon in alpha iron and its high 
solubility in gamma iron. 

It is also well known that the carbon gradients near the surface 
of malleable iron do not consistently have any typical form (1). Some 
of these curves may even have zero or negative gradients and very 
few are of a form reasonably consistent with a mere migratory 


phenomenon. A re-study of the rim problem seems, therefore, to be 
not without interest. 


EXPERIMENTAL RESULTS 


Our studies have taken the form of a metallographic investiga- 
tion of rims formed on white iron at various temperatures and in 
various environments. This has been supplemented by certain 
chemical work by others in this laboratory dealing with the isolation 
and analysis of sonims. 

In Figs. 1 and 2 are presented photomicrographs typical of the 
rim formed on white cast iron when heat treated above A, in an 
atmosphere which can yield oxygen. In general this means in the 
presence of chemical compounds (oxides or silicates) having de- 
tectable oxygen pressures or able to react-with CO to form CO, at 
the temperatures used; and to avoid interference, in the absence of 
air or moisture. 

Actually we have observed rims corresponding to well over a 
hundred sets of conditions but the results pertinent to the present 
subject can be described without the reproduction of a multitude of 
photomicrographs. This approach is to be preferred in the interests 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 1—Subscale and Ferrite Band. Nital etch. x 500. 





11 She. 


Fig. 2—Subscale and Ferrite Band and Mypoeutectoid Zone. 
Nital etch. 100. 
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of clarity of exposition as well as from the viewpoint of cost and 
bulk of publication. 

The characteristics to be noted are that even above A, a com- 
pletely decarburized rim exists and that this consists of two layers. 
The outer is ferrite whose grain boundaries are darkened, represent- 
ing the formation of what was formerly regarded as ferrous oxide. 
It should also be noted that through the width of the outer rim (or 
subscale) the ferrite grains contain a cloud of fine particles which 
may or may not be of the same composition as the grain boundary 
inclusions. The inner layer consists of apparently normal ferrite 
grains and is somewhat more variable in thickness than is the so- 
called subscale. 

Were such a specimen also held for a sufficient time below A,, 
the combined carbon of the interior would, of course, be converted 
into graphite and the typical malleable iron structure would result. 

The carburized rim will still exist even if the heat treating 
temperature be raised to 1015C (1860 F), far above the A, trans- 
formation of iron, and the sample be quenched from that temperature 
to prevent any-reaction below A,. Furthermore if such a specimen be 
removed from its oxidizing environment and then held in dry nitrogen 
6 hours at 900C (1650F) and cooled at a rate permitting the 
formation of pearlite, no visible change is produced in the micro- 
structure of the rim. 

However, if the decarburized specimen be held in nitrogen at 
1020 C (1870 F) for 72 hours and then cooled fairly rapidly, such a 
structure as is shown in Fig. 3 results. In this the carbon has migrated 
outward approximately to the inner boundary of the “subscale’’ but 
only very slightly and irregularly, if at all, into the latter. There is 
also considerable coagulation and spheroidization of sonims as the 
result of this treatment. The carbon concentration immediately below 
the subscale has not reached the eutectoid composition. 

It is further noted that on examination with polarized light the 
cloud of sonims in the subscale is “optically active’ and shows the 
“St. Andrew’s cross” typical of spheres of quartz glass and other 
highly siliceous materials. The grain boundary sonims, however, show 
no ability to rotate the plane of polarization. 

Although it seems self-evident that ferrous oxide grain boundaries 
cannot form, using oxygen derived from other ferrous oxide, yet 
these rims form regularly when FeO is used as the source of oxygen. 
Fearing that, since FeO is unstable below about 700 C (1290 F) our 
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Fig. 3—Decarburized Rim after Subsequent Outward Diffusion 
of Carbon. Nital etch. x 500. 


oxide might be impure, a mixture of FeO with about 1/3 its weight 
Fe reduced by hydrogen, sufficient to convert the oxide to FeO 
even if it were originally Fe,O,, was heated to our usual operating 
temperature, 900C (1650 F), and then used as a source of oxygen 
with the same results. 

Armco iron does not form these oxidized rims, although in the 
presence of FeO it becomes covered externally with a black lustrous 
coating. Since these oxidized “subscales” do not form on nearly pure 
iron but do on white cast iron, a series of laboratory melts were made 
in which one element after another of those present in the latter was 
omitted. Heat treatments of these alloys immediately developed the 
fact that the presence of silicon (normally about 1% in our com- 
mercial product) is necessary to the formation of these rims and 
that neither carbon nor manganese is necessary to the subscale 
formation. One is thus led to the conclusion that the inclusions are 
silicates and not oxides. 

This laboratory has for some time been concerned with the 
composition of the sonims in hard and malleable iron. The residues 
isolated from the former by volatilization in chlorine and ignition to 
remove free carbon consist of iron oxide, silica and phosphorus 
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pentoxide in some unknown form of combination. About %4 of the 
iron of such residue can be reduced to the metallic state by H, at say 
650 C, a behavior characteristic of iron oxides but not of silicates. 
X-ray spectra failed to identify the compounds in Dr. Kent R. Van 
Horn’s laboratory. The sonims in the same irons, after anneal, are 
essentially mixtures of iron and manganese oxides. Table III gives 
the composition of the sonims from two hard irons and from malleable 
iron prepared therefrom by the ordinary commercial process. The 
data .were obtained in this laboratory by G. M. Guiler and are 
expressed in terms of the radicals most probably present after ignition 
in air. 


Table Ill 
Composition of Sonims from Hard and Malleable Iron 





Residue 
SiO, Fe,O3 Mn,0, P.O; in Metal 
Metal % % Jo %o Total %o 
Hard Iron “‘A”’ 20.5 54.0 3.0 23.0 100.5 0.12 
Hard Iron “B”’ 23.0 55.0 3.5 26.0 107.5 0.12 
Mall. Iron “A”’ 5.5 55.0 41.5 1.0 103.0 0.33 
Mall. Iron “B”’ 4.0 55.0 36.0 1.5 101.0 0.59 








Although the “total” column may not be very impressive, it 
must be remembered that generally the amount of sample available was 
of the order of 0.02 gram, which considerably handicaps the analyst. 

Table III plainly shows that the sonims increase during anneal- 
ing but that P,O, and SiO, tend to disappear and Mn,O, is formed 
in this operation. Since the Fe,O, concentration is about the same 
and the amount of residue increases, plainly iron is oxidized in the 
process. The reactions by which the changes shown in Table III are 
brought about occur throughout the body of the casting. We have 
nothing to offer in explanation of the disappearance of silica and 
phosphorus and the appearance of Mn,Q,. 

Matters are different when considering what happens in a rim. 
John Bazeley and Eleanor Smith, in this laboratory, analyzed, by the 
chlorination method, the surface and center of a series of test speci- 
mens from a single heat. The results in the tables are the average of - 
three test specimens from each of three annealing pots in which no 
packing was used, and from each of three muffle anneals. Thus each 
number is the average of nine specimens. The “surface” metal repre- 
sented a layer about 1/16 inch thick taken from the outer surface 
of the conventional 44-inch tensile specimen. The specimen had been 
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Table IV 


Silica Content of Malleable Iron 
Surface Center 
% %o 
Pot Annealed 0.195 0.023 


Muffle Annealed 0.090 0.017 


cleaned of adhering sand and ground to a clean surface before anneal- 
ing. The “center” metal is from a 44-inch diameter cylinder on the 
specimen’s axis. The SiO, in per cent of weight of metal was found 
to be as shown in Table IV. 

It will be plain that in the extreme the SiO, in the surface metal 
represents about 0.10% silicon or 10% of the silicon originally 
present. Rehder (4) has previously suspected the oxidation of silicon 
as a cause for pearlitic rims without having been aware of the 
analytical method of approach. 

The oxidation of silicon in silicon steels of low carbon content 
has been studied metallographically by Ward (5) under much more 
oxidizing conditions than those of interest in the malleable industry. 
Some of his structures, however, seem to parallel ours. 


DISCUSSION OF OBSERVATIONS 


Although the data of Table IV represent the operating condi- 
tions of line 1 of Table I, they obviously do not represent the identical 
specimens. It is probable that the formation of SiO, (perhaps as a 
metallic silicate) is the cause of the deterioration in quality. It is 
also obvious from Table I that the presence of “pot scale” packing 
definitely improves the quality of pot annealed metal. If one assumes 
from the similarity of properties in line 2 of Table I that the structure 
was similar, then we are led to suppose that the presence of magnetite 
in the pot creates an atmosphere less favorable to the formation of 
SiO, than the furnace gases which infiltrate even a tight pot. 

One possible explanation is that infiltrated gases in practice 
always contain free oxygen, whereas the products of the reaction of 
iron oxides with carbon are mixtures of CO and CO,,. The exidation 
of silicon might occur in the former case better than in the latter. 

An approach to the problem from the viewpoint of the effect of 
ambient atmospheres of known composition is contemplated on a 
laboratory scale. Since in the practice from which the present data 
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were taken the pots move through a tunnel kiln on cars, a study of 
the commercial pot atmospheres is impossible. 

The observations as to the migration of carbon into a previously 
decarburized rim seem consistent with the explanation that such 
migration does not occur unless the iron is in the gamma state and 
that this transformation does not occur sufficiently rapidly as an 
effect of carbon diffusion to support the latter process. There is then 
evidence that the silicate-bearing “subscale” either has a decidedly 
higher A, point than the normal silico ferrite from which it formed 
or that the inclusions are sufficiently soluble in ferrite to decrease its 
ability to dissolve carbon. Such conditions have been encountered 
by others (6). 

The mechanism by which carbon leaves the iron under an in- 
detectably small gradient (in the wide decarburized zone below the 
subscale), so fast that it cannot be made up by diffusion from within, 
remains obscure. This phenomenon occurred at temperatures which 
seem on @ priori grounds and in the light of the diffusion experiments 
to be certainly above A,. One is loath to accept a rapid migration of 
CO and CO, as an explanation since such migration might be ex- 
pected to be slower than that of carbon atoms. It might not be slower 
than a migration of carbide molecules. 


CoNCLUSIONS 


White cast iron, of the usual composition appropriate to the 
manufacture of malleable iron, contains sonims which are complexes 
of silicon, phosphorus, iron and presumably oxygen. In the annealing 
process the phosphorus disappears and manganese makes its appear- 
ance in the sonims. Large additional amounts of iron oxides appear 
and the SiO, concentration in the sonims is diluted thereby. 

The surface metal is practically completely decarburized even at 
temperatures well above A,, and considerable silicon in the outer 
layers is oxidized to SiO,. The formation of grain boundary inclu- 
sions, such as have frequently been referred to as FeO grain bound- 
aries, occur only in the presence of silicon, and these compounds are, 
therefore, probably silicates. 

It is no part of the present problem to analyze the necessarily 
complex joint effect of decarburization and of oxidation of iron on 
the engineering properties of the product. 
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DISCUSSION 


Written Discussion: By J. E. Rehder, metallurgist, Grinnell Company of 
Canada, Ltd., Toronto, Canada. 

Dr. Schwartz and his associates have made many important contributions 
to the literature on malleable iron, and the paper just presented is another 
interesting and valuable addition. It is a pleasure to discuss this paper. 

In the second paragraph of the paper, mention is made of iron annealed in a 
muffle and similar bars annealed in pots with and without packing, the resulting 
physical properties being compared in Table I. This table, however, shows 
under the heading “Muffle Annealed”, two sets of results; one with “packing in 
pots” and one with “no packing pots”. The question arises as to whether there 
were pots in the muffle oven, and if so, how did the muffle atmosphere then have 
any effect on the iron contained in the pots? Clarification of this point would 
be appreciated. 

In Table II are shown comparative physical properties of iron annealed in 
pots with different ratios of iron to quantity of packing. In this case and in the 
case of Table I, it would be of interest if the composition of the packing in each 
case could be provided (i.e., whether pure sand, sand and slag, sand and iron 
oxide, or combinations were used, and the proportions of these constituents of 
the packing). The composition of the packing would of course be a determining 
factor in the type of atmosphere actually surrounding the iron. The authors’ 
comment that “Table I] demonstrates the need of a sufficient amount of the 
material serving as a source of oxygen” indicates that air furnace slag or mill 
scale was present in the packing. One then wonders whether the results of 
Table II could be duplicated by simply using more oxide in the packing in 
the second case. 

The authors’ statement following the very interesting Table LII that “SiO, 
tends to disappear during annealing” is not borne out by the evidence in Table 
III, and in fact calculation of the total amount of SiO, present in the iron as a 
whole before and after annealing is shown in Table A. 
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-——Per Cent SiOz in Metal——_, 
Before After 
Annealing Annealing 
Iron ‘‘A”’ 0.025 0.018 


Iron “B”’ 0.028 0.024 


Since these differences are small and within the “total” errors of the chemical 
determination, the only conclusion that can be derived is that the amount of 
SiO, in the mass of metal remained the same, but due to an increased total 
weight of sonims during annealing, became a smaller percentage of the 
total sonims. 

Comparison of lines 3 and 4 of Table III with the “center” determination 
of Table IV shows a satisfactory check on the amount of SiO: present, since 
calculation of the amount of SiO, present in malleable irons “A” and “B” of 
Table III shows 0.021% SiO: average, as compared with 0.023% in Table IV. 
However, the determination of SiO: in the rim as shown in Table IV is of 
significance in that this determination is average over a depth of 1/16 inch. 
Since this constitutes the full depth of most pearlitic rims on commercial 
malleable iron, the analysis is important. The 0.195% SiO. shown in Table IV 
is an average over the depth of the rim, and if assumed to be 0.03% in the iron 
beneath the rim will be as a first approximation 0.36% at the outer edge of 
the iron with presumably a concentration gradient in between. This indicates 
that as the surface of the iron is approached (after exposure of the iron to 
oxidizing influences during annealing) the amount of SiO. increases, the 
amount of silicon therefore decreases, the rate of decomposition of carbide 
therefore decreases, and for a rate of cooling that will completely decompose 
pearlitic carbide in the interior of the iron on passing through the gamma-alpha 
change, more pearlite will remain as the surface of the iron is approached. 
Where oxidation has been heavy, practically all of the carbon wifl have been 
removed from the extreme surface of the iron so that no pearlite can form, and 
an outer rim of ferrite results. 

This analysis leads to a suggested reason for the outer ferrite rim to resist 
recarburizing by migration of carbon from the interior of the iron during 
subsequent reheating, as shown in Fig. 3 of the paper. Table IV shows that the 
outer rim of annealed malleable iron contains from 0.09 to 0.20% SiO:, depend- 
ing on the type of anneal. Using an average figure of about 0.15% SiOs, the 
probability of a concentration gradient toward the surface makes it likely that 
the outer edge where ferrite persists will contain of the order of 0.30% SiO:. 
If the sonims are assumed from Table III to contain 5% SiO:, then the quantity 
of sonims in the extreme rim will be of the order of 6% by weight of the iron. 
Taking into account the fact that the sonims are of smaller density than the 
iron, the volume percentage of sonims in the outer edge of the rim will be of the 
order of 10 to 20%. This is made plausible by the dense cloud of sonims 
visible under the microscope in the outer edge of a rim. It is suggested that the 
migration of carbon outward is made slow by simple mechanical interference 
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of these sonims with the passage of carbon through the iron, this interference 
increasing of course as the quantity of sonims increases toward the extreme 
outer edge. Bramley and coworkers noted the retarding effect of sonims on the 
rate of diffusion of carbon in iron in the Journal of the Iron and Steel Insti- 
tute in 1929. 


Authors’ Reply 


Mr. Rehder’s questions may be answered as follows: 

There is no relation of any kind between muffle-annealed material and the 
material packed in pots and with no packing. Comparisons with what happens 
in muffle annealing are, therefore, impossible on the basis of Table I. 

The writer knows no way of describing commercial packings, for no matter 
what one starts with, they presently become a conglomeration of miscellaneous 
“dirt”. The packing in question was originally crushed air furnace slag, but it 
now contains anything that happened to get into it, including some silica sand, 
some iron oxide, some fire clay, and nobody knows what else. It is, however, a 
commercial packing and was the same throughout. 

Whether a packing higher in oxygen would act like more packing depends 
on the question of how much oxygen can be given up by the packing material. 
This is a function of its grain size and of its composition. Obviously, any 
packing which will give up a given amount of oxygen and be in equilibrium 
with a given CO-CO, ratio should have the same effect. 

It is the writer’s opinion that Table A, given by Mr. Rehder, does indicate 
that SiO, disappears after annealing. We have observed similar facts in many 
other cases. In interpreting such matters statistically, it should be remembered 
that there are two criteria. One, the significance of the numerical difference 
and the other the likelihood that the difference should always be in the same 
direction by chance. 

We do not wish to be committed to any statement as to the mechanism 
which prevents migration of carbon into the outer rim. That suggested by 
Mr. Rehder is unsatisfactory to us because it does not appear that the cloud of 
sonims should have very greatly increased the migratory path of carbon. That 
is to say, while the length of this path may have doubled or tripled, it has not 
been multiplied by 100 or 1000. The latter would seem to be necessary for 
Mr. Rehder’s simple explanation to be sufficient. We have, in the paper, pointed 
to observations by Mahin many years ago which seemed to be related to 
this phenomenon. 





ELECTROLYTIC CONDUCTIVITY AS A METHOD FOR 


STUDYING ELECTRONIC TRANSITIONS IN ELEMENTS— 
APPLICATION TO IRON, NICKEL AND COBALT 


By W. R. Ham anp C. H. SAMANS 


Abstract 


Studies of hydrogen diffusion through very pure iron, 
some years ago, gave a peculiar series of breaks in the log 
1 


Rate versus — curves. Because of the limitations inherent 
T 

in the hydrogen diffusion method a new method, based 

upon electrolytic conductivity in a glassy carrier, has been 

developed for studying these effects, which are believed 

to be caused by electronic transitions in the iron atom. 

Results are given for six different iron glasses in 
which the iron oxide content, expressed as Fe,O;, varied 
from 2.4 to 13% by weight, as well as for two nickel 
glasses, each containing 10% nickel oxide, expressed as 
NiO, and one cobalt glass containing 0.5% cobalt oxide, 
expressed as Co,QOy . 

As in the previous hydrogen diffusion studies, the 
temperatures at which breaks occur in log resistance 
versus T curves for iron are represented, within the limits 
of experimental accuracy, by the Ritz-type formula: 


s 1 
e Ta = 12,500 ( = — ) 
a - n 


where T, is the absolute temperature at which the break 
occurs and n has the successive values 4, 5, 6, 7, through 
0. Typical data are given for the first six transition tem- 
peratures, the first two of which, at 335C (635 F) and 
620 C (1150 F), are verified for the first time. As found in 
the hydrogen diffusion studies, the Curie magnetic trans- 
formation at 769 C (1415 F) is the third (n= 6) term of 
the series, but the allotropic alpha-gamma and gamma- 
delta transformations have no apparent relationship to 
the series. 

A paper presented before the Twenty-eighth Annual Convention of the 
Society held in Atlantic City, November 18 to 22, 1946. Of the authors, W. R. 
Ham is consulting physicist and C. H. Samans is research metallurgist, Ameri- 
can Optical Company, Southbridge, Mass. Manuscript received July 5, 1946. 
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For nickel, the transition temperatures in degrees 
Kelvin are given by: 


T,= 3910 ( it ) 
3 n* 


The Curie magnetic transformation at 360 C (680 F) is 
the second (n = 5) term in the series which has its funda- 
mental (n = 4) at 160 C (320 F) and converges (n= «) 
at 717 C (1320 F). Data are given for the first nine terms. 

For cobalt, the transition temperatures in degrees 
Kelvin are given by the equation: 


T. = 13,870 ( ee ) 
3 n* 


The Curie magnetic transformation at 1130C (2065 F) 
is the seventh term (n —10) in the series which has its 
fundamental (n==4) at 402C (755 F) and converges 
(n = co) at 1268 C (2315 F). Data are given for the first 
five terms. The alpha-beta allotropic transformation does 
not seem to be related to the series although the evidence 
is not conclusive. 


HyprocEN DirFusiIon METHOD 


OME years ago W. R. Ham (1)* developed an experimental 

technique for studying the diffusion of hydrogen through metals. 

Considerable data were secured on pure iron (2), (3) and it was 
1 


noted that plots of log Rate versus —- showed breaks at a series of 


characteristic temperatures which were related by a simple Ritz type 
equation of the general form: 


T.=at ( i ‘i i ) 
Ne n’ 


where T, is the absolute temperature at which the break occurs, ct is 
a constant which has the value 12,500 K for iron, n, is 3 for iron, 
and mn takes the successive values 4, 5, 6, 7, through o. With a few 
exceptions, terms as high as n = 19 were followed without difficulty 
and were found to correspond with surprising accuracy to the com- 
puted temperatures. The fundamental of the curve at 335 C (635 F) 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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could not be accurately determined experimentally because of the 
hysteresis introduced by the presence of small amounts of carbon, 
but the Curie magnetic transformation was found to correspond to 
the third (n 6) term in the series. The alpha-gamma and gamma- 
delta allotropic transformations were apparently not related to it. 


ELECTROLYTIC CoNDUCTIVITY METHOD 


Although the hydrogen diffusion method gave an excellent series 
with iron, the only break found with nickel (4) occurred at the Curie 
magnetic transformation, 360C (680F). In addition, the main- 
tenance of a satisfactory experimental setup required considerable 
technical skill and experience, and only a limited number of materials 
could be studied because of the general nature of the method. 

The basic requirements of a method which had fewer limitations 
than hydrogen diffusion and could be operated rapidly by a person 
with little training seemed to be met adequately by measurements of 
electrolytic conductivity. By this means any material which could 
be secured in a liquid or glassy form could be studied, provided its 
resistance could be held within the rather wide limits of about 20 to 
8,000,000 ohms. 

Glasses were selected for study because it was felt that, thereby, 
atomic dispersion would be secured without appreciable chance of 
segregation. Furthermore, preliminary tests indicated that this type 
of carrier would be reasonably stable and easy to handle and yet 
would have conductivity in the range that could be measured 
conveniently. 

The method which was finally developed, a diagram of which is 
shown in Fig. 1, was essentially that of Kohlrausch. The material 
being studied is made one branch of a Wheatstone’s bridge circuit, 
the other three branches being three General Radio decade resistance 
boxes, each with a range of 1-11, 110 ohms. The ratio of the re- 
sistances R, and R, in Fig. 1 is adjusted according to the resistance 
of the specimen to be measured. The third resistance, marked R in 
Fig. 1, is then varied until the bridge is balanced, i.e., until the lowest 
intensity is noted in the tone emitted by the telephone receiver. 
Alternating current, 110 volt, 40 cycle, is used across the bridge, a 
suitable overtone being selected by using inductively wound impedance 
coils. The apparatus will yield accurate results even in the hands of 
unskilled personnel, the main prerequisite for success apparently 
being keen hearing. 
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2000 —- 8000 
Fig. 1—Diagram of Set-Up Used for Electrolytic Conductiv- 
ity Measurements. 





whe — slass Specimen, Assembled with Platinum Electrodes in a 
Boat eady ee Electrolytic Conductivity Measurements. 





The specimen, Fig. 2, is held in an alundum boat about 2 inches 
long, 3% inch wide, and % inch deep in inside dimensions. Elec- 
trodes are placed inside the boat at each end. These are generally 
made of platinum because of its inert nature, but nickel has been used 
fairly successfully in some runs. The boat is first filled with the 
powdered specimen and then heated until the specimen melts and 
flows around the electrodes. After a layer about % inch thick, in 
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good contact with the electrodes, is formed, resistance measurements 
can be made. 

Electrolytic conductivity may be considered as a diffusion process 
in which ions are the diffusing particles. As these particles also carry 
the current, it would be expected that an equation of the general form: 


1 
Conductance = ——————— = _C,e-@Q/RT 
Resistance 


would represent the relationship between conductance and tempera- 
ture. In this equation, Q, the work function, is a constant, FR is the 
gas constant, and C, probably varies slightly with the absolute tem- 
perature, T. It is at once apparent that a straight line should result 
if log resistance is plotted against the reciprocal of the absolute 
temperature. However, it can also be shown readily that over a 
limited range of temperatures (of the order of + 50 C maximum), a 
line which is essentially straight will result from plotting log re- 
sistance against the Centigrade temperature. The latter method was 
accordingly used because of its convenience. 

Presumably, the conductance of the sample will be dependent 
chiefly on the binding forces between the atoms (5), (6). If the 
sample is a glass, atoms like silicon, calcium, boron, etc., which form 
relatively strong bonds with oxygen, are usually found in the glass 
network, and would, therefore, be expected to have somewhat less 
mobility than atoms which form relatively weak bonds with oxygen 
and hence tend to exist mainly in the holes in the glass network. 
Furthermore, a change in the concentration of any ion by a factor of 
the order of ten would be expected to have little effect on the con- 
ductance of the sample, since a large number of such ions would still 
be available. If electronic shifts occur in the valence levels as the 
temperature is increased it would be anticipated that the binding 
forces between atoms would change, and that the ionic mobility would 
change because of a change in the work function, Q. The slope of 
the log resistance versus temperature curve should therefore change, 
thus giving a relatively simple method for detecting transitions. 


APPLICATION TO GLAss CONTAINING IRON 
: : To test the method, measurements were made on the six samples 


* of glass containing various percentages of iron oxide, expressed as 
e Fe,O;, which are listed on the following page. 
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1729 (5 Shade) 
Glass 
10% Fee 03 
Nickel Electrodes 


Log Resistance 





300 310 320 330 340 
Temperature, C 


Fig. 3—The Fe, Break at 335C (635 F) in 1729X 
(5 Shade) Glass. 


Calculated Iron Content Expressed 


Designation as % Fe,Os as % Fe Type of Electrodes 
1729X f10 shade) * 13 9.1 Nickel 
1729X (5 shade) 10 7.0 Nickel 
50% visa 9.7 6.8 Platinum 

cs 6 shade)* 6.4 4.5 Platinum 

rB 2.4 1.7 Platinum 





*These are American Optical Company commercial welding glasses. The “shade’”’ re- 
ferred to is a function of the optical density. 


The Fe, point, which would be expected to occur at 335C 
(635 F) from the hydrogen diffusion data, is rather difficult to 
determine in the soda-lime-silicate type of glass because of the limited 
mobility of all the ions at these low temperatures. Typical data for 
the 1729X (5 shade) specimen, the only one for which reasonably 
satisfactory results could be secured in this range, are shown in 
Fig. 3. A change in slope occurred, as anticipated, on the heating 
cycle, but, on cooling, an offset was found instead, at a temperature 
about 10 C lower than expected. As the thermocouple was located 
between the boat and the furnace wall this difference may result 
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entirely from thermal lag in the specimen. In this range of tempera- 
tures the glass is not transparent to infrared radiation and most of 
the heating occurs by conduction. 

Satisfactory data for the Fe, point at 617 C (1145 F) were not 
secured by hydrogen diffusion (1), (3), but no difficulty was en- 
countered with the electrolytic conductivity method. Typical curves 
are given in Fig. 4 for the 50% 98X (6 shade)-50% 1729X (10 
shade), in Fig. 5 for the 98X (6 shade), and in Fig. 6 for the 


Log Resistance 





580 600 620 640 
Temperature ,C 


Fig. 4—The Fe, Break at 617C 
(1145 F) in the 50% 98X (6 Shade)- 
50% 1729X (10 Shade) Specimen. 


Calobar B specimens. In this temperature range these glasses have 
an increased transparency to infrared and hence heat by both radi- 
ation and conduction. The thermal lag between specimen and 
thermocouple would, therefore, be expected to be less than in the 
region of Fe,. This is borne out by the agreement between the 
transition temperatures found on heating and cooling. The maximum 
variation from the mean is about 3C and from the weet tem- 
perature about 6 C. 

The data for 98X (6 shade) glass, Fig. 5, illustrate the effect 
of successive runs. After heating and cooling between about 570 C 
(1060 F) and 660 C (1220 F) three times in a period of 48 hours the 
break is still well marked although it may have decreased somewhat 
in magnitude. Frequently it has been found, however, that passing 
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2 580 “pe 620 640 660 
emperature C 


Fig. 5—The Fe, Break at 617C (1145 F) in the 
98X “é Shade) Specimen. The five curves shown were 
| taken in order on successive days, each heating or 
cooling cycle requiring from 2 to 4 hours with the glass 
| heatin er in the range 646 to 664C (1195 to 
1225 F ), above the transition, between runs 2 and 
3 and des overnight in the range 641 to 586C 
(1185 to a F), i.c., below the transition, between 

runs 4 and 


through a break once will wipe it out unless the specimen is heated 
above the next higher break or cooled below the next lower break 
before the next run is made. In securing the data plotted in Fig. 5, 
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the overnight holding between runs apparently gave sufficient time 
to complete the transition. Note that the first holding was above and 
the second below the transition temperature. 

In Fig. 6 the Fe, break apparently occurs as an offset on the 
heating curve although it appears to have a normal change of slope 
on the cooling curve. 

The general nature of the Fe, transition at the Curie magnetic 
transformation, 769 C (1415 F), is shown in Fig. 7 for the Calobar B 


Log Resistance 


© Heating 
+ Cooling 





580 600 620 640 
Temperature, C 


Fig. 6—The Fe; Break at 617 C 
(1145 B) in the Calobar B Specimen. 


specimen. Although the transition during the cooling cycle was not 
marked, probably because of a too rapid cooling rate through the 
higher Fe, transition at 860 C (1580 F), a subsequent heating after 
the specimen had been held overnight below the Fe, transition 
showed Fe, plainly. Fig. 8 shows the same transition more clearly 
in the 1729X (10 shade) specimen. In contrast to the Curie mag- 
netic transformation in metallic iron, the Fe, break is no more marked 
than the others. This is in general accord with magnetic measure- 
ments (7) of the Ni, transition in nickel-bearing glasses and in iron- 
nickel alloys, and the hydrogen diffusion studies on cobalt-nickel and 
iron-nickel alloys (8), (9). 
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Fig. 7—The Fes Break at 769C (1415 F), the Curie 
Magnetic Transformation, in the Calobar B Specimen. 
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Fig. 8—The Fe, Break at 769C (1415 F), the Curie Mag- 
netic Transformation, in the 1729X (10 Shade) Specimen. 
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Fig. 9—Typical Fer, Fes, and Fes Breaks at 860C (1580 F), 920C (1690 F), 
and 962C (1765 F) in the 50% 98X (6 Shade)-50% 1729X (10 Shade) Specimen. 


The transitions higher than Fe, are somewhat difficult to study 
because the temperature interval between breaks decreases rapidly 
as the convergence (n= o) at 1116C (2040F) is approached. 
However, by using careful temperature control and taking frequent 
readings they can be secured without appreciable difficulty. Typical 
Fe, breaks at 860 C (1580 F) are shown in Fig. 9 for the 50% 98X 
(6 shade)-50% 1729X (10 shade) specimen, and in Fig. 10 for the 
Calobar B specimen. At these temperatures the agreement between 
the heating and cooling curves is generally good. Fig. 9 also shows 
some typical examples of breaks for the Fe, and Fe, transitions. 


TRANSITIONS IN HicH Purity Iron GLass 


The Fe, break at 335 C (635 F) appears to correspond closely 
to the so-called A, point in iron-carbon alloys although the A, has 
usually been attributed to the loss of magnetism by cementite. Since 
this point was not determined closely by the hydrogen diffusion 
method (3) and since it is believed by some that carbon can exist in 
many glasses, the possibility arose that the Fe, transition might still 
be connected in some manner with a combination of carbon and iron 
instead of being characteristic of the iron atom alone. A special 
sodium silicate glass containing 10% iron oxide, expressed as Fe,O,, 
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Fig. 10—The Fe; Break at 860 C (1580 F) in the Calobar B 
Specimen. 





Fig. 11—The Fe, Break at 335C (635 F) in the High 
Purity Iron Glass as Shown by Cooling Data (Left) and 
Heating Data (Right). 
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Fig. 12—The Fe; Break at 617C (1145 F) in the High 
Purity Iron Glass. 


was therefore secured. This was believed to be as free from carbon 
as possible. By melting a mixture of high purity ingredients in a 
platinum crucible and oxidizing with a small amount of KNO, it was 
felt that even residual traces of carbon were eliminated. 

As shown in Figs. 11, 12 and 13 the Fe,, Fe,, Fe, and Fe, 
transitions all occurred in this specimen at essentially the same 
temperatures and as well marked as in the commercial glasses. The 
relatively high values found for the Fe,, Fe,, and Fe-,. transitions 
were undoubtedly the result of the relatively rapid heating rates used 
during this run. 

It appears, therefore, that these transitions are definitely char- 
acteristic of the iron atom rather than of any combination of other 
elements with it. This does not, of course, eliminate the possibility 
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Fig. 13—The Feg and Fe; Breaks at 769C (1415 F) and 860C 
(1580 F) in the High Purity Iron Glass. 

that a specific combination of iron with carbon, i.e., cementite, Fe,C, 
could lose its magnetism at Fe, instead of at Fe, where pure iron 
transforms magnetically. Rather, it serves to indicate that even this 
magnetic transformation in cementite is the result of the particular 
electronic configuration in the iron atom and that the carbon acts, in 
some manner as yet unknown, to lower the magnetic transformation 
from the Fe, to the Fe, transition. 


RELIABILITY OF ELECTROLYTIC CONDUCTIVITY METHOD 


A summary of the experimental results for iron is given below in 
comparison with the temperatures computed from the Ritz type 
formula derived by hydrogen diffusion studies. 


Computed Temperatures Experimental Temperatures 

n K C Heating Cooling 

4 608 335 335, 333, 332 332, 323, 325, 338-341 

5 890 617 629, 623, 621 620, 615, 614 
nn 

6 1042 769 769, —_— 

7 1133 860 854, 853 872, 854 

8 1193 920 Py 919 

9 1135 962 959 954 
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Fig. 14—The Nig Break at 469C (875 
F) as Shown by Data Taken on the High 
Purity Nickel Glass During Cooling. 

It will be noted at once the agreement is excellent, the greatest 
deviation from the computed value being about 12 C. Furthermore, 
the deviations in general are both positive and negative suggesting 
that no systematic variation from the computed values occurs. This 
indicates clearly that the electrolytic conductivity method is entirely 
suitable for studying the occurrence of electronic transitions in 
elements, as long as they can be combined into a glassy carrier or a 
liquid the resistance of which is within the measurement capabilities 
of the apparatus used and the operators available. 


STUDIES ON GLASSES CONTAINING NICKEL 


A Ritz type series has also been found for nickel by using the 
electrolytic conductivity method. 

To avoid any possible complications because of the presence of 
carbon, a high purity sodium silicate glass, similar to that used for 
iron but containing 10% nickel oxide, expressed as NiO, instead of 
iron oxide, was melted in a platinum crucible, then cast and pow- 
dered. The resistance of the sample was so high, of the order of 
1,000,000 ohms at 360 C (680 F), that no satisfactory data could be 
secured for either the Ni, or Ni, transitions by the operators available. 
However, the data for the Ni,, Ni,, Ni,, Ni,, Ni,» Ni,,, and Ni,, 
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Pig. 15—The Ni; Break at 535 
C (995 F) as Shown by Data Taken 
on the igh Purity Nickel Glass 
During Cooling. 
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Fig. 16—-The Nig Break at 577 C (1070 F) and the Ni, Break 


at 607 C (1125 F) as Shown by Data Taken on the High Purity 
Nickel Glass During Cooling. 


points, shown in Figs. 14, 15, 16, and 17, were entirely satisfactory. 
No pronounced break was found for the Ni, point in the single run 
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made through this range but such omissions were not unusual. It 
will be noticed that only the Ni, and Ni, breaks are of the intersecting 
line type, the rest appearing as offsets. 

To secure data on the lower temperature points another special 
glass was made up to be 90% P,O, and 10% NiO. Although this 
composition had a glassy appearance when freshly made, it rapidly 
absorbed water from the air and turned into a viscous liquid. Since 
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Fig. 17—The Nijo, Nis and Ni; Breaks at 628, 643 
and 655C (1169, 1190 and 1210 F), Respectively, as 


Shown by Data Taken on the High Purity Nickel Glass 
During Cooling. 


the resistance of the sample was only of the order of 100 ohms in 
the range 100 to 200 C (210 to 390 F) it could readily be measured. 
In Fig. 18 are shown two cooling curves and one heating curve 
secured for the Ni, point with this specimen. There seems to be 
no question that changes occur in the range 156 to 172C (310 to 
340 F). In Fig. 19 are shown similar curves for the Ni; point. 
After heating in this temperature range the data were much more 
uniform than at the lower temperatures, probably because some of the 
water had been driven off. The agreement of the Ni, data with the 
usual value of 360 C (680 F) for the Curie magnetic transformation 
is excellent. 


Since the point at 360 C (680 F) seems to be reliably established 
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Fig. 18—The Ni, Break at 160C (320 F) in the Specimen Composed of 
90% P,O;-10% NiO. 
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19—The Ni, Break at 360 C (680 F) in the Specimen Composed 
of 30% "P,05-10% NiO. 
by several different methods, the transition temperatures, based upon 
a Ritz type formula of the form: 


1 l 
TSe( —_—- — ) 
3 n° 
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were computed using this value and assuming for it n= 5. On this 
basis the constant, ct, was found to have the value 8910 K. A com- 
parison between the computed and observed transition temperatures 
is given below. 


Computed Temperature Experimental Temperature 
n K be Heating Cooling 
4 433 160 156-173 160, 162-176 
5 633 360 360, 359 364, 360 
6 742 469 463 459-462, 461-469 
7 808 535 531 536, 535-542 
8 850 577 574 576, 576 
9 880 607 606 aa 
10 901 628 627 620-630 
ll 916 643 643 644-646 
12 928 655 ad 652-654 
oo 990 717 ane 


The agreement is seen to be good, the greatest deviation being 16 C 
for the Ni, point at 160 C (320 F) where the probability of errors is 
greatest because of the unstable nature of the specimen used. 


Use or [RON-NICKEL GLASS TO DETERMINE THE POSSIBILITY 
OF SEGREGATION 


In order to test the possibility that segregation had occurred in 
the glasses thus permitting aggregates of iron or nickel atoms to 
form, a special glass was made up from the batch 70% SiO,, 25.6% 
Na,CO,, 4.4% KNO,, by adding 7.2% Fe,O;, 6.3% NiO, i.e., 5% 
each of Fe and Ni. An alloy containing equal parts of iron and 
nickel would have its principal Curie magnetic transformation (about 
99.5% of the total change) at about 480C (900 F) although it has 
been shown by the careful measurements of Ham and Coleman (7) 
that small amounts of magnetism (about 0.25% each) are also lost at 
the Curie points of the pure metals, viz., Ni,, 360C (680 F), and 
Fe,, 769C (1415F). It would be anticipated, therefore, that, if 
there was segregation of iron or nickel atoms, in the glasses con- 
taining only one of these elements, into aggregates which were large 
enough to account for the series found, there would also be a segre- 
gation of iron and nickel atoms into similar aggregates in this glass 
containing both of them, and that these iron-nickel aggregates would 
have a characteristic break at their Curie transformation. Any 
modification of the iron or nickel series, or the occurrence or non- 
occurrence of the iron-nickel Curie at 480 C (900 F), should, there- 
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“4 20—The Fe, and Nis Breaks at 335C (635 
F) and 360C (680 F), eee in Data from the 
High Purity Iron- Nickel Glass 
fore, tell whether the series found is the result of a state of aggrega- 
tion or is an atomic phenomenon. 

The resistance of this glass was also too high to measure the 
Ni, point, but Fig. 20 is a plot of data showing both the Fe, point 
at 335 C (635 F) and the Ni, point at 360C (680F). Both tran- 
sitions are clearly indicated. Fig. 21 shows the Ni, point at 469 C 
(875 F), the Ni, point at 535 C (995 F) and the Ni, point at 577 C 
(1070 F). All three are well defined, thus showing that nothing 
interfered with the transitions in this temperature range. In addition, 
it will be noted at once that nothing comparable to a break was de- 
tected, either on heating or on cooling, in the region between Ni, 
and Ni, where the Curie magnetic transformation occurs in a 50% 
Fe-50% Ni alloy. This seems to indicate clearly that the series 
is a purely atomic phenomenon and is not the result of a state of 
aggregation. 

In Fig. 22 there seems to be definite evidence of the Ni, point, 
607 C (1125 F), the Ni,, point, 628C (1160F), the Ni,, point, 
643 C (1190 F), and the Fe, point, 617 C (1145 F), although the 
nickel points are now converging so rapidly with increasing tempera- 
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Fig. 21—The Nis, Ni; and Nis Breaks at 469, 535 amd 577C 
(875, $95 and 1070 F), Respectively, in Data from the High Purity 
Iron-Nickel Glass. Note the absence of a break in the range between 
Nig and Ni; where hydrogen diffusion (8) data showed a break at the 
iron-nickel 50:50 alloy Curie. 
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Fig. 22—Data Taken During Heating on the High 
Purity Iron-Nickel Glass in the Temperature Range in 
Which the Nis, Ni, Ni; and Fe; Breaks Occur. 
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Fig. 23—The Fe, Break at 769C (1415 F) in 
Data from the High Purity Iron-Nickel Glass. 
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Fig. 24—Resistance Data for the 2816 Cobalt Glass in the Region of 
the Cog Transition at 402 C (755 F). 


ture that it is difficult to separate them without maintaining accurate 
control and taking a very large number of points. The Fe, point 
at the iron Curie magnetic transformation, 769 C (1415 F), is clearly 


shown in Fig. 23. This is above the convergence for nickel. 


The uniformity with which both the iron and nickel series con- 
form to the computed temperatures, as given on the following page, 


also shows that only the individual atoms are involved. 
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DETERMINATION OF SERIES FOR COBALT 


Series data for cobalt were determined on 2816 cobalt glass, 
calculated to contain 0.50% Co,O, (0.36% Co). Because the 
Curie magnetic transformation for cobalt is so high and the accuracy 
with which it is known is so low* it was not as simple a series to 
determine as were those for nickel and iron. The only feasible 
procedure was to make numerous runs in the range 300C (570 F) 
to 1200 C (2190 F), and then endeavor to correlate all breaks which 
occurred repeatedly. By this method it was finally decided that the 
data were best represented by the equation : 


1 
Ta 13870 ( Bow ) 
3 n° 


where 7), is the absolute temperature at which the breaks occur and 
n takes the successive values 4, 5, 6, 7, through o. 

Data in the region of the Co, point are plotted in Fig. 24. Heat- 
ing in this range is probably by conduction only so it is not surprising 
that there is a hysteresis of about 16 C between the points given by 
the heating and cooling curves. 

The Co, point appeared to be the strongest of those in the series. 
Numerous data were secured, of which those shown in Fig. 25 are 
typical. The agreement between the heating and cooling curves was 
generally good, the thermal lag being nearly eliminated by passing 
through the transition slowly. 

In Fig. 26 are shown data for the Co, transition, and in Fig. 27 
for the Co, and Co, transitions. In each instance the points are well 
defined and relatively easy to detect. The difference in resistance 
during the heating and cooling cycles in Fig. 27 was the result of 
some sort of phase transformation in the glass, not studied further. 





a 10 gives twelve different determinations in the range 1112 to 1150C (2035 to 
2100 F). 
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Fig. 25—Resistance Data for the 2816 Cobalt Glass in the Region of 
the Cos Transition at 715 C (1320 F). 
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‘ig. 26—Resistance Data for the 2816 Cobalt Glass in the 


Region of the Cog Transition at 883 C (1620 F). 


The data for cobalt are summarized below. 


Computed Temperature 
K c 

675 402 

988 715 
1156 883 
1259 986 
1325 1052 
1370 1095 
1404 1130 
1541 1268 


Experimental Temperature 


Heating Cooling 
408, 403-405, 396 393, 402 
719,718,715 © 720, 715, 712 
715, 714, 715, 715 
891 885 
991, 993 oka 
1057, 1060 1056, 1064 


1128 
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Fig. 27—Resistance Data for the 2816 Cobalt Glass in the Region of the Co; 
and Cog Transitions at 986 and 1052C (1805 and 1925 F), Respectively. 


The agreement between the computed and experimental values is 
satisfactory. 

Although it cannot be stated definitely whether or not the alpha- 
heta cobalt transformation occurs at a term in the series, experience 
with iron indicates that it probably does not. The temperature of 
this transformation is given variously (10) in the range 444 to 490 C 
(830 to 915 F) for heating determinations and about 100 C (210 F) 
lower for cooling determinations. It is most likely higher than the 
Co, transition on heating and lower than on cooling, therefore. 
There seems to be no doubt, however, that the Curie magnetic trans- 
formation at 1130 C (2070 F) is the seventh term in the series, C,,. 


SUMMARY AND CONCLUSIONS 
1. A new method, based upon electrolytic conductivity of a 


glassy carrier, has been developed for determining the temperatures 
at which electronic transitions occur in atoms, even though these 
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atoms are probably present in the combined form. 
2. Data are reported for iron, nickel, and cobalt showing that 
the transition temperatures in these metals are given by the Ritz- 


type equation: 
1 1 
T= et( —--— ) 
ee 


in which the constants in degrees Kelvin are: 


No ct 
Iron 3 12,500 
Nickel 3 8,910 
Cobalt 3 13,870 


The data for iron confirm those previously found by the hydrogen 
diffusion method; those for nickel and cobalt are reported for the 
first time. 

3. The Curie magnetic transformation, which was the third term 
(Fe,) of the iron series, is the seventh term (Co,,) of the cobalt 
series and the second term (Ni,) of the nickel series. 

4. The allotropic transformations appear to have no relation to 
the series. 

5. Variations in concentration of the metal atoms or in the com- 
position of the glassy carrier had little if any effect on the magnitude 
of the discontinuities found in log resistance versus temperature 
curves and no apparent effect on the temperature at which they 
occurred. 

6. Measurements made upon high purity carbon-free glasses 
containing iron gave results identical with those found with com- 
mercial glasses. 

7. The transitions are atomic in nature and not the result of 
aggregations of atoms. In a high purity iron-nickel glass breaks were 
found for both nickel and iron but not for the iron-nickel alloy Curie, 
thus indicating an absence of segregation. 

8. The transitions require an appreciable time to proceed to 
completion. Rapid heating or cooling rates may either give breaks 
which deviate appreciably from the true value or else suppress the 
breaks entirely. 
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DISCUSSION 


Written Discussion: By L. T. DeVore and F. D. Bennett, University of 
Illinois, Urbana, Ill. 

Preliminary—It is with great pleasure that we have accepted this opportunity 
to discuss this very interesting paper presented by Messrs. W. R. Ham and C. 
H. Samans. We have followed Dr. Ham’s pioneering work in this very difficult 
field of research with interest for the past 10 years. We are very happy to 
note his successful extension of techniques from those of hydrogen diffusion to 
these recent measurements of electrolytic conductivity in glasses. This modifica- 
tion brings the research method within the reach of a wider body of experi- 
menters than the heretofore very difficult and time-consuming vacuum techniques 
employed in hydrogen diffusion. It is to be hoped that these new techniques 
will enable other experimenters to extend rapidly the available data in this field. 

In what follows we should like to raise a number of questions suggested by 
this paper in the hope that they may indicate possible new data necessary to 
the formulation of a theory of the phenomena observed. 

Discussion of Experimental Resulis—In examining the curves with a 
straightedge we were impressed by the fact that alternative lines could be chosen 








100 TRANSACTIONS OF THE A. S. M. Vol. 39 


on either side of some of the discontinuities. These lines included points 
corresponding to temperatures on both sides of the break. Does this suggest 
the co-existence of two energy states in the conducting medium in the neighbor- 
hood of the temperature transition, or is it possible that some more exacting 
criterion should be employed in selecting the best lines through the data? The 
possibility of alternative lines depending upon the judgment of the observer also 
suggests an uncertainty in the location of the breaks. 

Another point we should like to have clarified is the meaning of the two 
types of breaks; viz., the slope change break as contrasted to the line displace- 
ment with or without change of slope. On the assumption of a Van’t Hoff or 
Richardson type of conductivity equation in which the temperature dependence 
of the ¢, constant is neglected, the slope change break without line displacement 
suggests a work function change; i.e., a change in the energy necessary to render 
a conducting particle mobile. On the other hand, the line displacement discon- 
tinuity without change of slope suggests a change in the drift velocity of the 
current carriers with no change in the absolute number of free carriers. 
Theoretical consistency of postulates would require that a Ritz type of formula 
be applicable to breaks all of the same type. This raises the question as to 
whether there are really two different types of breaks or whether further 
experiment may show them all to be of the same type. Perhaps the desired 
consistency exists here, were we certain a change in slope always accompanies 
the displacement type of break. We should like to inquire here also whether 
there is any evidence that the type of break observed depends upon the time rate 
of cooling or heating. 

A definite lack of consistency appears to exist in the direction of slope 
change on séveral passages through the same temperature transition. For 
example, in Fig. 5 the slope change at the Fes point is from higher to lower slopes 
with increasing temperatures for all curves except number 4 where the slope 
change goes from lower to higher values. A similar ambiguity can be seen 
upon comparison of other curves in this paper. Here again it may be appropri- 
ate to inquire about the time rates of cooling and heating the samples. 

Supporting Evidence—The literature on electrolytic conduction in crystals 
contains some evidence that temperature transitions of the type reported in this 
paper may have been observed before but not recognized. The measurements 
made by Lehfeldt’ and earlier by Ginnings and Phipps’ are of particular interest. 
Lehfeldt has measured the conductivity of several alkali-halide single crystals 


1 
and presented log os curves (¢ is the specific conductivity). At high 


temperatures his data in each example fall on a straight line which he terms 
characteristic of the crystal; at lower temperatures in each case the data 
deviate sharply from the line toward lower slopes and follow a curve which, in 
our opinion, can be represented by one, two or sometimes three successive 
straight-line segments joined at slope discontinuities similar to those presented 
by Ham and Samans. Lehfeldt argues that this conductivity at the low tempera- 


IW. Lehfeldt, Zeit. f. Physik., Vol. 85, 1933, p. 717. 


sone C. Ginnings and T. E. Phipps, Journal, American Chemical Society, Vol. 52, 1930, 
"”» . 
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tures is anomalous and due to the presence of small amounts of impurities in 
the crystal; he gives some experiments in which small amounts of lead or gold 
and copper, added to successive KCl melts, caused large variations in the low 
temperature conductivity of the crystal shifting the slope and break-awav 
temperature. 

‘This picture offered by Lehfeldt is in harmony with that suggested by Ham 
and Samans for the glasses where small amounts of iron, nickel or cobalt are 
the current carriers. It may now be suggested that the breaks in Lehfeldt’s 
curves obey Ritz-type formulas also. 

To test this hypothesis we selected the crystals showing three breaks (the 
maximum discernible to a rough analysis) and have tested the transition tem- 
peratures by a Ritz formula in the following manner : 


a A 
G) 
Ti mi 
= ——_____—. = Kijj (n) 


Tj S.A" 
sa maj ) 
mj 


gives a method of comparing two temperatures for fit to a Ritz-type formula. 
Table A shows the results of the test. 








Table A 
-~ Degrees Kelvin —~ 
Crystal T; Te Ts T,/Te Kij(n) T/T: Kij(n) 
NaF 743 943 1113 + RS ee a Fre 0.847 Ks, 6{3) = 0.853 
KI 633 743 798 0.852 Ks, 6(3) = 0.853 0.931 Ke, 7(3) = 0.918 
LiCl 613 743 813 0.825 Ks, «(3) = 0.853 0.914 Kg, 7(3) = 0.918 
Lil* 618 675 773 0.916 Ke, 7(3) = 0.918 0.873 





*Data taken from Ginnings and Phipps paper. 


Here T; and T; are two breaks in the low temperature range and T; is the 
break at which the low and high temperature ranges join. The term limit 
n = 3 has been selected for each value of Ki;(n). For six out of the eight ratios 
presented the agreement with the calculated values is very noticeable, being 
nearly exact in four of the six. For KI and LiCl it appears as if three successive 
temperatures in the same series may have been found; for NaF and Lil the 
picture is not so clear, although the presence of breaks due to more than one 
impurity is possible. Calculation of the constants for the Ritz formula gives 
values of magnitude 10* entirely comparable with those of Ham and Samans. 

These preliminary results are not offered as conclusive proof, but merely 
to suggest that some hitherto little understood problems in ionic crystal 
conduction may now be nearer solution as the result of Ham and Samans’ work. 

Implications of the New Temperature Series—On the basis of the proof 
given by Ham and Samans for the existence of a set of absolute temperatures 
associated with a Ritz-type formula, it appears reasonable to assume that the 
existence of new energy levels in the solid state has been disclosed. The order 
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of magnitude of the energy differences discourages the interpretation based upon 
electronic transitions of the customarily accepted type; rather the energies 
involved are of the order of magnitude encountered in the rotational levels of 
molecules. At the present time the only quantum-mechanical nodels that yield 
Ritz-type formulae are electronic states about centers of force and governor- 
type rotators. At the present time it does not seem desirable to formulate a 
more definite theory than to suggest the possibility that one of these two types 
of motion is involved. 

In closing we should like to compliment the authors for having successfully 
demonstrated a new tool for use in the study of the spectroscopy of solids, 
and for having contributed a notable addition to the knowledge of that subject. 

Written Discussion: By Howard S. Coleman, director, Optical Inspection 
Laboratory, The Pennsylvania State College, State College, Pa. 

The present paper by Ham and Samans appears to be of great importance 
and is likely of considerable interest to metallurgists, physicists, and chemists. 
The following brief paragraphs tend to support this point of view: 

It is apparent that if this paper did no more than add to our knowledge of 
transitions in metals, it would have been well worthwhile. The tremendous 
amount of experimental data presented here should have many applications. 

From the point of view of research in general, it is evident that a new and 
simple method for studying metals and glasses has been developed. 

From the point of view of making temperature measurements using thermo- 
couples containing ferromagnetic elements, it is evident that corrections must be 
made because of the change in slope exhibited in the conductivity of the thermo- 
couple at various temperatures. It would be interesting to extend this work to 
include all alloys used as thermocouples. 

The speculations one might make regarding the theoretical explanation of 
the discontinuities following such a regular sequence have many ramifications. 
For example, it appears that even above the Curie temperatures, the ferro- 
magnetic elements retain some of their ferromagnetic properties. This suggests a 
further link of the inner-electronic shelves with ferromagnetic properties. 
Further, a question may be raised as to whether these series of discontinuities for 
ferromagnetic elements might not be found in other elements. 

The difficulty of obtaining metal specimens which are free from segregation 
has always plagued those who have been investigating the propetties of metals 
from an experimental point of view. The authors describe a somewhat novel 
method that appears to reduce the probability of segregations by using rela- 
tively small amounts of metals in a “glass” matrix. This technique no doubt 
could be used in many other types of measurements involving ferromagnetic 
elements such as in studies of optical phenomena. It would be interesting to 
have some sort of a comparison between the probability of segregation in a glass 
with the estimated upper limit of segregation in our purest prepared metals. 

Written Discussion: By John L. Ham, Climax Molybdenum Company of 
Michigan, Detroit. 

As I have followed this work closely since its beginning and have discussed 
it many times with the authors, I will confine this discussion to some general 
comments which I feel are appropriate in view of the quality and extent of the 
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work represented by this paper, and will endeavor to stimulate your imagination 
by some suggestions as to possible effects which an awareness of the existence 
of these transitions may have on our metallurgical thinking. I will also try to 
bring out some interesting points which could be treated only briefly, if at all, 
by the authors, since the paper covers only one phase of the general problem. 
These points may serve to emphasize the significance of the data presented. 

I doubt if most of you realize the amount of very painstaking work behind 
the conductivity-temperature curves presented in this paper. The technique of 
locating transition points was gained by long experience. Although the apparatus 
used in this case is simple, it is not the type that can be left alone to grind out 
the data. Automatically recording data during slow heating or cooling is not of 
much value. Such a technique, to be sure, would locate certain of the faster 
transitions. In many cases, however, the transitions can be made to take place 
only by prolonged holding just above or below the transition temperature. 
Some of the transitions which produce large changes in the property being 
measured require considerable time for completion and show up as a slight 
curvature, if at all, on continuous heating or cooling, even at extremely slow rates. 

The development of the Ritz-type formula to fit these data was a big step. 
It not only furnished a basis on which to develop the theory underlying these 
phenomena but made it possible, after locating only a few of the transition 
points, to calculate the temperatures at which other transitions were likely to 
occur. Transition formulae for a number of elements not reported here have 
also been worked out by the authors, I understand. 

Let us consider for a moment some of the more obvious consequences of the 
discovery of these transitions: At one time, I took it for granted that aside 
from allotropic changes and possibly Curie points the properties of pure metals 
varied with temperature in a strictly continuous manner. This idea is no longer 
tenable. Many, if not all, of the physical properties of pure metals are affected 
by the transitions. These properties change because the nature of the individual 
atoms changes. The transitions are reflected not only in the properties of pure 
metals but, sometimes even more strongly, in the properties of alloys and of 
glasses containing small amounts of the metal in various states of combination. 
The authors have shown (although ‘some of this work is not yet published) that 
the transitions affect the rates of diffusion of hydrogen in metals and of ions in 
glass, the electrical resistivity of wires and the magnetic and thermal expansicn 
characteristics of glasses and metals. We should look for anomalous changes 
in the properties of steel and alloys containing iron, even in small amounts, in 
the vicinity of 635 and 1150 F (335 and 620C). How do these transitions affect 
the rate of transformation of austenite? rate of diffusion of carbon? rate of 
nucleation? (1150 F lies in the range where the transformation product changes 
from pearlite to bainite, in many steels). How do the transitions in nickel affect 
the readings of the chromel-alumel thermocouples? How do those in platinum 
affect the readings of a platinum resistance thermometer? The transitions are 
sensitive to heat treatment; that is, they can be suppressed entirely in some 
cases by proper preliminary treatment. Are the transitions in iron related to 
temper brittleness in steel, to aging, or to tempering rates? All of these ques- 
tions and many others need answering. Heré is a first-class opportunity for 
metallurgists to apply some fundamental physics. 
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From the standpoint of the theoretical physicist, these series reflect transi- 
tions of the electrons from one energy level to another brought about by thermal 
agitation, just as optical and X-ray spectra reflect other transitions brought 
about by other means. They lead to a more accurate picture of the structure 
of the atom itself. 

Written Discussion: By Howard S. Avery, research metallurgist, Ameri- 
can Brake Shoe Co., Mahwah, N. J. 

The unusual experimental data of this contribution are extremely interesting, 
and may point the way toward a better understanding of other physical properties 
of metals. One possibility is that the slightly curving lines of thermal expansion 
versus temperature may be resolved into a series of straight sections with breaks 
at the indicated transition points of the component metals. 

Some of these glasses contained sodium, potassium, silicon, calcium or 
phosphorus in addition to elements for which transition point data are reported. 
Did not similar breaks in the temperature-resistance curves that could be referred 
to them also occur? 

Written Discussion: By C. B. Post, metallurgist, Carpenter Steel Co., 
Reading, Pa. 

The writer had the fortunate opportunity of being associated with Dr. Ham 
in the early work on the diffusion of hydrogen through iron at elevated tempera- 
tures when we investigated in detail these peculiar breaks in the hydrogen 
diffusion isobars for pure iron. This work resulted in an interpretation of the 
data pertaining to these “breaks” in terms of a Ritz-type formula. 

At that time we investigated in considerable detail the diffusion of hydrogen 
through nickel with no evidence of breaks in the isobars except at the Curie 
point of 680 F (360C). 

The sensitivity of the authors’ conductivity method is greater than we 
previously used as evidenced by their determining the breaks for nickel. It 
should be noted, however, that many of the breaks for nickel are evidently hard 
to detect by the conductivity methods since many of the graphs for these breaks 
are not at all clear in showing a good break. 

In contrast, the diffusion of hydrogen through cobalt should show many of 
the breaks in the hydrogen isobars since Ham and Samans’ data for this element 
show that the breaks are about as pronounced as that for iron. 

On the basis of the hydrogen diffusion studies referred to above, the breaks 
were attributed to a change in the electronic structure of the iron lattice points 
which would consequently influence the diffusion of the hydrogen protons through 
the lattice. In trying to account for the Ritz type of formula associated with 
these breaks, several mechanisms were proposed which were reasonably con- 
sistent with the theories of the metallic state then in vogue and the known facts 
regarding diffusion of gases through metals. These were: (a) The fluctuating 
potential of the metallic bond causes some lattice points to have momentarily a 
negative charge, and the positive protons, in their diffusion process, are momen- 
tarily associated with these negative lattice points. The protons and negative 
lattice points then constitute a system not unlike the hydrogen atom, with the 
exception that in this case the “nucleus” is negative and the rotating particle is 
positive. The energy-levels of such a system would be of the hydrogen-like type 
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and could be presented by a Ritz-type formula. At higher temperatures the 
protons would pass to higher energy states in the Ritz type of formula due 
to thermal agitation. This type of mechanism was especially attractive if it were 
assumed that the temperature of the break in the hydrogen isobar near the 
difficultly determined Curie temperature of iron was fortuitous. It was then 
known with a good deal of exactness that none of the breaks corresponded with 
the alpha-gamma phase change in iron. 

(b) The breaks in the hydrogen diffusion isobars were due to electronic 
charges in the iron lattice points which changed the potential of the metallic 
bond and subsequently altered the diffusion rates. Such a mechanism would 
naturally lead one to associate no significance to the presence of the protons, 
per se. The presence of protons in the lattice and the change in their diffusion 
rates would merely be a sensitive measuring instrument for detecting such 
changes in the electronic structure of the iron lattice points. 

In the absence of data from other sources not relying on the diffusion of 
hydrogen to detect these breaks we were naturally hesitant about mechanism 
(b) and tended to favor mechanism (a), or allied types. 

The data at hand in the present paper clearly indicate that the “breaks” 
are not to be associated with hydrogen atoms or protons, per se, and focus 
attention upon electronic transitions in the iron, nickel and cobalt positively 
charged lattice points. In electrical conduction of the sort used here, presumably 
only ionic conduction is involved in the data, which means that the electronic 
structure of ions of iron, cobalt and nickel is being detected by these breaks. 
Moreover, the close correspondence between the temperature of the breaks as 
determined by hydrogen diffusion and electronic conduction in the case of iron 
leads to the interesting thesis that the electronic structure of the iron in a 
solid lattice is the same as the ions in a liquid solution of silicates. Thus, one 
of the main theories of the solid state is substantiated, i.e., a metallic lattice is 
a set of positively charged atoms embedded in a negatively charged mass of 
free electrons. 

We will await with a good deal of interest the publication of further work 
by Ham and Samans on the electronic structural changes in elements other 
than these three of the so-called magnetic transition elements. 


Authors’ Reply 


The interest which the numerous discussers have shown in our work is very 
gratifying. We believe that we have found something which is of great 
fundamental significance although it is not as yet properly understood. In this 
initial paper, however, too much emphasis should not be placed on this side 
of the subject. 

To our satisfaction at least we have verified our results by both elevated 
and subzero temperature measurements of electrical resistance and of thermo- 
electric force against various standards. Considerable confirmatory evidence 
also occurs in the literature. It is surprising how many investigators have 
found unexplainable discontinuities in temperature-property curves. Probably 
many more have remained undetected largely because of the tendency to draw 
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smooth curves and the lack of a sufficient number of experimental points to 
justify any other procedure. 

Regarding the specific questions raised by Drs. DeVore and Bennett, we 
do not feel that the present data have too great an absolute accuracy. Anyone 
who has made electrolytic conductivity measurements will appreciate the 
difficulties involved in securing a really accurate balance by use of a tone signal, 
particularly in the regions of very high or very low resistance. Furthermore, 
some temperature error is certainly introduced by the position of the thermo- 
couple, the bulk of the specimen in comparison with that of the thermocouple 
bead, and the relatively poor thermal conduction of the boat, as well as by 
certain inherent errors in thermocouples which result from similar series 
transitions and which will be discussed in a later paper. Hence, we feel that 
the important consideration is that the “breaks” always occur near the com- 
puted temperatures and that, although there is usually some variation, it is as 
much positive as negative. There seems to be no systematic variation in 
either direction. 

As far as the choice of lines is concerned there is one piece of information 
which was only hinted at in the paper, but which may clarify this point some- 
what. The glasses contain many elements each of which seems to have at least 
one characteristic series and may have more. Mr. Avery points out quite 
correctly that this should be true, but as a matter of fact at the time the 
original work was done we had not expected to find series for any elements 
except the transition elements. In the present paper we were only interested in 
focusing attention on iron, cobalt and nickel. We have, therefore, in- every 
instance but one (the heating curve in Fig. 3), deliberately disregarded these 
other “breaks”. When these are properly considered, the choice of lines is 
usually narrowed considerably. In addition, a review of the data shows that our 
choice of lines was sometimes poor. The lower portion of the cooling curve in 
Fig. 11 and the failure to include the “silicon break” in the cooling curve of 
Fig. 3 are good examples. 

The actual slope of the lines as well as the character of the breaks seems 
to be related somewhat to the heating or cooling conditions, the thermal history 
of the specimen and the nature and rate of any reactions which may be occurring 
in the glass. Even if the temperature is uniform throughout the entire specimen 
there may be hysteresis in its transformation. This variation in slope has 
bothered us somewhat but as yet it has not seemed worthwhile to study it 
further, particularly since it does not seem to affect the transition temperatures 
materially. We have observed, however, that the more stable glasses give good 
reproducibility once they get properly set in the equipment, and we are, there- 
fore, inclined to agree that there is probably only one type of break, so far as 
these series transitions are concerned. Even though the “discontinuity” type 
may occur it seldom seems to do so consistently, so the “intersecting line with 
change of slope” type seems to be the true one. The apparent discontinuity 
sometimes results, in fact, from a poor choice of lines (Fig. 3 cooling), from a 
fortuitous change in the resistance ratio of the bridge or from a change in 
operators. If a transition occurs, however, the slope should always change. 

The possible “supporting evidence” offered by DeVore and Bennett is 
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very interesting but may be questionable because of the use of no = 3 in every 
example. Although our own data are far from complete, we would expect to 
find no = 1 for Li, 2 for Na, 3 for K, 1 or 2 for F, 2 or 3 for Cl, and 4 or 5 for I. 
(Indications seem to be that the value of no is related somehow to the principal 
quantum number of one of the filled noble gas (p) shells.) In ionic compounds 
such as these, the usual concept is that one electron is borrowed from the metal 
by the nonmetal atom, thereby forming the two types of ions which give the 
bonding. This electron, in NaF for example, would fill the n.=2 shell for 
fluorine, which normally would have no.=1, without affecting the normal 
no =2 shell of sodium. We have done some work on compounds of this type, 
also, particularly because their simplicity indicated that they might help mate- 
rially in interpreting some of the more complex glass data. However, we found 
them definitely inferior to glassy-type carriers. They were far too fluid and 
conductive when liquid and gave erratic results when solid, probably because 
of cracks and other defects. 

Both John Ham and Dr. Coleman have mentioned the very painstaking 
work behind the conductivity-temperature curves presented in this paper. Each 
of them has run the apparatus long enough to secure complete curves, usually 
a matter of at least 16 to 18 hours of continuous attention, and, incidentally, 
secured much better data, probably because of their keener hearing and greater 
powers of concentration, than either Dr. Ham or I did. 

There is one point made by Dr. Coleman, however, which may give an 
erroneous impression. The series transitions are not limited to the ferro- 
magnetic elements; apparently they are characteristic of all elements. Hence, 
it is probable that they introduce some errors into both thermocouples and 
resistance thermometers if they occur in the range in which the instruments 
are used although that point is really extraneous to the present paper. Data on 
resistance measurements will be published in the near future and thermoelectric 
studies are under way and are giving excellent results. 

We do not wish to convey the idea either that, because series transitions 
exist above the Curie magnetic transformation, ferromagnetic characteristics 
necessarily also remain. The reason for ferromagnetism is not clear by any 
means but we do believe we have established some correlation between series 
transitions and ferromagnetism. Work to develop this is also under way. 

The question of possible segregation raised by Dr. Coleman cannot be 
answered quantitatively. The facts just are not available. However, certain 
information about glasses, which was kindly given us by Dr. A. L. Pincus, our 
glass technologist, may effect some clarification. We shall confine our remarks 
to iron; nickel and cobalt are similar. It is known that there are two different 
forms of iron in glasses, ferric and ferrous, and that each of these forms acts 
in two different ways, as network formers and as network modifiers. As far as 
is known the ferrous form never comprises more than 10% of the total iron 
present. If the ferric form occurs as a network former it imparts a yellow 
color to the glass; if it occurs as a modifier it imparts a garnet-red color. If 
the ferrous form occurs as a network former, and this possibility has never 
been positively established, it is colorless; whereas, if it occurs as a modifier it 
imparts a blue color. When present as network formers the iron ions should 
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be comparatively rigidly held and have little mobility. However, when present 
as modifiers they should have considerable mobility since they can occupy any 
of the holes in the network. The glasses tested were all blue-green in color 
and showed no tinge that could be identified as reddish, although because of 
their dark shade this may not be too positive a test. A blue-green color is 
known to result when a network modifying ferrous ion is adjacent to a network 
forming ferric ion. Hence, there is a possibility that some segregation could 
occur but there seems to be no doubt that the segregates would be iron ions 
and not iron atoms, or that they would be in the oxide, at worst as magnetite, 
rather than the metal form. In addition, any segregation of elements would 
tend to result in a segregation of color although this might be difficult to detect. 

Our work on the iron-nickel high purity glass, of course, was intended to 
minimize the possibility of segregation although it is true that the reasoning had 
to be indirect rather than direct. However, we still feel that there is little 
reason to attribute the individual iron and nickel breaks, particularly the breaks 
correponding to the Curie temperature in the solid metal, to segregation when 
no evidence was found of a break at the iron-nickel “alloy Curie” temperature. 

The many suggestions offered by John Ham of possible correlations between 
series transitions and the various reactions and peculiarities of steels are, in 
our opinion, sound. It might be pointed out, in addition, that the fact that 
hydrogen diffusion measurements showed the “breaks” suggests that carbon 
diffusion measurements would also show them. It would be necessary, of course, 
to secure sufficient points on either side of the transition to establish the curve 
in each of these regions. 

Other than what we have already said we are somewhat in the dark con- 
cerning the explanation of the series transitions in general and there seems to 
be little to be gained from speculation at this stage in the work. 

Dr. Post’s comments bring out very clearly that these transitions are 
apparently determined by the electronic structure of ions and are not to be 
associated with protonic rotators or hydrogen atoms as was suggested in his 
paper with Dr. Ham about 10 years ago. 

In addition to the two requirements mentioned by DeVore and Bennett, 
viz., the existence of energy levels of low magnitude and of some sort of 
rotators, it appears to us that three others are necessary. First, the field of 
force must be of the inverse square type; second, there must be a relationship 
between the base number, no, and the position of the atom in the periodic table; 
and third, an explanation must be given for the apparent lack of perturbation 
effects, particularly in the higher terms of the series. 

We firmly believe that we have added, with these series transitions, new 
information to the knowledge of the solid state and, from our own unpublished 
results, believe that this information when properly understood and used will 
assist materially in clarifying many of the problems of the solid state which are 
still unsolved, particularly those in the fields of ferromagnetism and of certain 
types of precipitation reactions. Much work still remains to be done, however, 
before such clarifications will be possible. 











A METALLOGRAPHIC ETCHANT TO REVEAL 
TEMPER BRITTLENESS IN STEEL 


By J. B. Conen, A. Hurticn anp M. Jacosson 


Abstract 


Metallographic etchants and procedures have been 
developed which are capable of differentiating between 
the tough and temper-brittle conditions of steels suscep- 
tible to temper embrittlement. Steels which have been 
embrittled either by slowly cooling from elevated temper- 
ing temperatures or during tempering at intermediate 
tempering temperatures show a pronounced grain 
boundary attack when etched in specially developed 
reagents. In the tough condition, 1.e., rapidly cooled 
from elevated tempering temperatures, the same steels 
exhibit no grain boundary attack. Steels not susceptible 
to temper brittleness suffer no grain boundary attack 
regardless of the tempering cycle. 

The etchant can be used to determine the prior 
austenitic grain size of alloy steels which can be temper 
embrittled. For this purpose, the temper brittleness 
etchant gives quicker and/or more reliable results than 
other methods. 


INTRODUCTION 


T has been generally accepted that temper brittleness is associated 
with the precipitation during some stage of the tempering opera- 
tion of a substance whose solubility in alpha iron increases with in- 
creasing temperature. Hollomon (1),' in a report in which he inte- 
grates and analyzes the work of earlier investigators, states that, “It 
appears that temper brittleness is caused by a precipitation from 
alpha iron which occurs preferentially at the (prior austenitic) grain 
boundaries. The assumption that the precipitate is a phase consisting 


1The figures appearing in parentheses pertain to the references appended to this paper. 


The statements or opinions in this article are those of the authors and do not neces- 
sarily express the views of the Ordnance Department. 
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of iron and an element which supersaturates alpha iron at low tem- 
peratures is consistent with the known facts. Above about 600 C 
(1110 F) the solubility of the responsible element in steels suscep- 
tible to temper brittleness is such that the embrittling precipitate re- 
dissolves. Precipitation will occur at all temperatures below about 
600 C (1110 F) but at a rate which is dependent upon temperature. 
At temperatures just below the solubility limit (~600-C) the pre- 
cipitation takes place only very slowly, for both the rate of nucleation 
and the rate of growth are small. At low temperatures the precipita- 
tion occurs slowly because the rate of growth is small since the rate of 
diffusion is small. At some intermediate temperature [about 500 C 
(930 F)] the precipitation occurs at a maximum rate”. 

Microscopic examination of temper embrittled steels has failed 
to yield definite evidence of the precipitate believed responsible for 
the brittleness except in a few special cases. 

Andrew and Dickie (2) published a photomicrograph of an em- 
brittled steel which had been slowly cooled from a temperature which 
they probably did not realize was between the Ac, and Ac, temper- 
atures. Upon etching with boiling sodium picrate a grain boundary 
network was revealed which they were able to globularize and 
eliminate by further tempering treatments. From the results of 
their experiments, Andrew and Dickie concluded that temper 
brittleness is caused by a grain boundary precipitation of carbide 
from a supersaturated solution in ferrite upon slow cooling after 
tempering. Since, however, a grain boundary precipitation of 
carbides is a normal consequence of the slow cooling of a specimen 
heated within the Ac,-Ac, critical range, the validity of the analogy 
drawn by Andrew and Dickie is questionable. The same investi- 
gators admitted that microscopic examination of temper embrittled 
nickel-chromium steels failed to disclose grain boundary precipi- 
tates. 

Segregations of carbides at grain boundaries are occasionally 
found in quenched and tempered steels and are generally easily re- 
vealed by carbide etchants such as alkaline potassium ferricyanide 
(Murakami’s reagent), electrolytic chromic acid, or boiling alkaline 
sodium picrate (3). | 

Rogers (4) conducted extensive microscopic investigations of 
temper-brittle steels and concluded that “a large amount of micro- 
scopic work led only to definite discrimination in one or two quite 
special cases”. 
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Yokoyama (5) concluded that temper brittleness is caused by 
grain boundary precipitate of carbides by the analogy between the age 
hardening phenomenon in nonferrous metals and temper brittleness 
in steel. Since the age hardening and temper brittleness phenomena 
are related in that both depend upon variations in solubility of various 
constituents in solid solutions, he reasoned that materials susceptible 
to temper brittleness should show aging phenomena and vice versa. 
Yokoyama confirmed the existence of both temper brittleness and age 
hardening in nickel steels, chromium steels, nickel-chromium steels, 
18-8 stainless steel, duralumin, and other alloys by means of hardness 
and impact tests. Microscopic examination of the nonferrous metals 
and of the 18-8 steel showed that the brittleness was, in all cases, 
due to grain boundary precipitates. Microscopic examination of the 
temper-brittle steels failed, however, to reveal any precipitate. 

An etching technique was developed by Archer (6) whereby he 
was able to develop grain boundaries in heat treated chromium-nickel 
steels. Although no details regarding heat treatment and. impact 
properties were presented, it may be assumed from the chemical 
compositions of the steels employed that at least some of them were 
temper embrittled. Archer observed that “in some brittle steels, the 
grain outlines are developed more easily than in tough steels of simi- 
lar analysis and tensile properties”. The technique consisted of etch- 
ing specimens in a 4% solution of picric acid in ethyl alcohol for a 
period varying from 5 to 25 minutes, then rubbing off the carbo- 
naceous smudge with moist broadcloth prior to drying. Mathews (7) 
described the application of Archer’s technique to samples of tough 
and brittle chromium-nickel steels and found no difference in the 
type or rate of attack between them. It was observed, however, that 
the tough steels were very much finer grained than the brittle steels. 

Haskell and Mann (8) conducted variable velocity impact tests 
upon temper embrittled and tough specimens of SAE 3435 steel. 
Metallographic examination of sections of the specimens after etch- 
ing in Murakami’s reagent revealed carbide chains in the grain 
boundaries of the brittle material and very few carbide chains in 
the specimens water-quenched after tempering. 

In view of the lack of a satisfactory method of metallographic 
discrimination between the tough and brittle conditions of steel sus- 
ceptible to temper embrittlement, the impact test has remained the 
sole practical tool for investigation of the embrittlement phenome- 
non. It is conceivable that were the metallographer enabled to per- 
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ceive the effects of temper embrittlement under the microscope, much 
could be added to the understanding of the nature of the embrittle- 
ment. 

In an attempt to develop a suitable etching reagent and a tech- 
nique capable of metallographically distinguishing between the tough 
and brittle conditions of susceptible steels, the experiments described 
in this report were undertaken. 


DEVELOPMENT OF THE ETCHANT 


A solution of picric acid in ethyl alcohol is a versatile etchant 
for revealing the microstructure of steel. In addition, it has been 
reported to bring out grain boundary effects in ferrite (9) and also 
to produce grain boundary attack in hardened steel (6), (10). Pic- 
ral was investigated at the outset of the present study and, although 
it was not effective in distinguishing between the tough and temper- 
brittle conditions of steels susceptible to temper embrittlement, it is 
to be noted that all experimental etchants subsequently prepared for 
study contained picric acid as the active ingredient. 

In view of the fact that a saturated solution of picric acid in 
ethyl ether had been applied with excellent results in other metal- 
lographic studies at this laboratory by one of the authors, it was 
believed that this reagent was worthy of trial in connection with the 
present investigation. This fortuitous selection led to the first hope- 
ful results, for this etchant produced a grain boundary attack in 
temper-brittle steel after a prolonged etching period of from 20 to 
30 hours. No grain boundary attack was produced in the same steel 
in the tough condition resulting from water quenching from the tem- 
pering temperature. 

Although it is generally acknowledged that etching reagents dis- 
solved in alcohol possess an advantage over water solutions because 
of the lower dissociation (and conductivity) or can be used in more 
concentrated form without becoming too violent in action (11), there 
appears to be no evidence in the literature regarding the use of ethyl 
ether for this purpose. From the consideration that, in a general 
way, the lower the dielectric constant of a solvent the lower is its 
ionizing power, it may be concluded that ethyl ether should be supe- 
rior to alcohol as a solvent for a metallographic etchant where low 
dissociation and conductivity and, consequently, a high degree of etch- 
ing sensitivity are desired. 
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In etching steel without agitation in a picric acid-ether solution, 
the specimen surface becomes darkened, as in the case of picral, by 
a colloidal film of more or less insoluble corrosion products which 
tend to passivate the surface and stifle or at least to slow down any 
further attack. This type of reaction process is ordinarily speeded 
up by removal of .the reaction products through agitation during etch- 
ing; nevertheless, in the present case no significant improvement in 
bringing out grain boundary delineation in a shorter time was accom- 
plished. | 

With the object of obtaining more effective wetting of the speci- 
men surface and possibly better diffusion of picric acid molecules 
through the protective film, it was considered of interest to investi- 
gate the possible effect of the addition of various commercial surface- 
active agents to the picric acid-ether reagent. 

Typical wetting reagents that were considered are listed in Table 
I. In some cases, water solutions of the materials were used, since 
in all instances the wetting compounds were immiscible or at best 
only sparingly soluble in the ether. It is noted that in preparing the 
etchants an excess of picric acid was added, hence an appreciable 
amount remained undissolved and was allowed to settle to the bottom 
of the container after mixing. A large number of experimental 
etchants containing varying amounts of the respective wetting agents 
were prepared. In all cases, however, either a pronounced smudge 
effect occurred or severe general corrosion of the specimens resulted 
in both the temper-brittle and the tough specimens. 


Table I 
Surface-Active Materials Used With Picric-Ether Etchant 
Commercial Name Chemical Description 
Aerosol OT Dioctyl ester of sodium sulphosuccinic acid 
Nopco CVT Oleic amine 
Intramine Y Sodium salt of sulphonated lauryl and myristyl collamide 
Nacconol NR Sodium alkyl aryl sulphonate 
Tensol Sulphonated naphthalene alkyl ether 


Consideration of wetting agents was not, however, abandoned. 
The unique peptizing, detergent, and emulsifying properties of the 
more recent cationic surface-active materials*, typified by the 
quaternary ammonium compounds, prompted investigation of their 


behavior when used with the picric acid-ether etchant. For this 


®These compounds differ from most of the common surface-active agents in that they 
ionize so that the bulk of the molecule becomes the cation. 
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purpose, Zephiran Chloride*, a mixture of alkyl-dimethyl-benzyl- 
ammonium chlorides (in which the alkyl groups range from C,H,, to 
C,,H,,) was obtained. The picric acid-ether etchant to which a 
quantity of Zephiran was added showed definite promise after brief 
preliminary trials, whereupon considerable effort was directed 
toward ascertaining the optimum concentration of Zephiran and 
in developing a satisfactory technique in applying the etchant in 
order to achieve the best results in the shortest possible time. 

Aside from its use in the investigation of the microstructural 
characteristics of the temper brittleness phenomenon, the advan- 
tages obtained by adding a small quantity of Zephiran to picral or 
to picric acid-ether solutions used for ordinary metallographic 
purposes was immediately recognized. Subsequent experience 
showed that a more uniform, cleaner, and much more rapid etch 
was produced when a few drops of Zephiran Chloride were added 
to the etchant. 


PREPARATION OF THE ETCHANT AND ETCHING TECHNIQUE 


The best results have been obtained with an etchant of the 
following composition : 


ER i 6 hen kha domemes 50 grams 
Purified ethyl ether ............ 250 milliliters 
Zephiran Chloride ............. 10 milliliters 
(12.8% solution) 

MEE nubabteubdesed danbare 4 240 milliliters 


The solution is prepared by dissolving the picric acid in ether 
(most of the picric acid will remain undissolved) and then adding 
the 250 milliliters of Zephiran-water solution. The resulting mixture 
must be very thoroughly shaken up. It is also necessary that the 
solution be kept in a tightly stoppered bottle to prevent excessive 
evaporation of the ether. Upon standing, the mixture separates 
into two layers, the top layer consisting essentially of a saturated 
solution of picric acid in ethyl ether containing a certain amount 
of Zephiran, and the bottom layer consisting of an aqueous Zephiran- 
picric acid solution. 

The freshly prepared solution should be allowed to stand 
overnight prior to use. After the first thorough shaking, no 
further agitation is necessary. To etch metallographically polished 


*Zephiran Chloride solution in the form of a 12.8% aqueous concentrate was obtained 
from the Winthrop Chemical Co., New York City. 
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specimens, decant a portion of the top layer into a small beaker, 
and dilute with approximately one-third by volume of ether. The 
ether is added to prevent the solution from becoming supersatu- 
rated with picric acid because of the rapidity with which ether 
evaporates. It has been observed that when picric acid crystals 
precipitate upon the specimen, a badly pitted, nonuniformly etched 
surface may result. 

Specimens are etched in tge diluted top layer by immersion 
without agitation for a period of time ranging from 1 to 15 minutes. 
Different steels have been found to etch at different rates. The 
solution deteriorates gradually with age and slightly longer etching 
times are necessary in old solutions. 

Specimens may be removed from the etchant, washed, ex- 
amined, then re-etched if found to be too lightly etched. Specimens 
must be washed in alcohol after removal from the etchant, for a 
film remains on the surface that is insoluble in water but very 
soluble in alcohol. If a specimen is removed from the etchant for 
a cursory examination and the etchant evaporates, a layer of pre- 
cipitated picric acid will cover the specimen. This layer must be 
removed by washing with alcohol prior to re-immersion, otherwise 
pitting and corrosion will occur. If a smudge develops on the 
surface, it can be wiped off with a piece of moistened soft broad- 
cloth. 

After use, the etchant can be returned to the original bottle. 
The etchant can continue to be re-used in the manner described 
above, and, like picral, appears to give more satisfactory results 
after it has been used a few times. 

The etchant reveals the general microstructural details of steel 
in exactly the same manner as the ordinary picral reagent. The pre- 
cipitated constituent responsible for temper brittleness will, in addi- 
tion, be definitely attacked. It has frequently been found advantageous 
to repolish etched specimens for approximately 1 minute on the 
final polishing wheel. The microstructural etch is removed by this 
procedure, but if the steel is in the temper-brittle condition, the 
pitting resulting from the etching of the embrittling constituent 
will persist and provide a definite indication in a properly prepared 
and etched specimen. 

It is extremely important that polished surfaces be carefully 
prepared so as to be free of flowed metal. Improperly polished 
specimens will not yield satisfactory results when etched with the 
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Zephiran reagent. A polishing technique developed at the Watertown 
Arsenal Laboratory (12) has been found useful for the preparation 
of specimens. Briefly, the technique consists of employing a sheet of 
annealed lead foil approximately 0.002 inch thick covered with 
a suspension of alumina after the No. 000 metallographic polishing 
paper and before the final polishing stage. The final polishing oper- 
ation is conducted on Gamal cloth using a water suspension of 
Gamal alumina. To eliminate what little surface flow results from 
polishing, specimens are etched in dilute picral and repolished for a 
very short time to remove the etching attack. Any other polishing 
technique producing surfaces essentially free of distortion should be 
equally satisfactory. 


APPLICATIONS OF THE TEMPER BRITTLENESS ETCHANTS 


Materials and Test Procedure—Although other steels have also 
been employed, the bulk of the experimentation with the various 
temper brittleness etchants has been conducted upon the five steels 
listed in Table II. 


Table Il 
Steels Employed for Temper Brittleness Etching Experiments 


hemical Analysis—%——————_-—_—_—___, 
Ss P vi 


Steel No. Type Cc Mn Si Ni Cr Mo Al 
16 Cast 0.29 1.35 0.38 0.016 0.012 a2, «|= 684 0.49 0.035 
21 Cast 0.39 1.33 0.39 0.016 0.013 3.31 1.58 0.49 0.035 
429 Rolled 0.28 0.22 0.03 0.016 0.007 3.23 1.13 soo 0.01 
4529 Rolled 0.21 0.48 0.28 0.021 0.015 4.53 0.12 0.26 0.01 
G Forged 0.30 0.79 0.24 0.020 0.029 2.40 0.89 0.23 eons 


These Mn-Ni-Cr-Mo, Ni-Cr, Ni-Mo, and Ni-Cr-Mo steels are 
varyingly susceptible to temper brittleness as exhibited by the differ- 
ence in impact values obtained from specimens furnace-cooled and 
specimens water-quenched from the tempering temperature and 
tested in the range of temperatures from —80 C (—112 F) to +20C 
(+68 F). Details regarding the heat treatment and impact proper- 
ties of the steels employed in this investigation are contained in the 
extended captions opposite each set of photomicrographs. 

With the exception of steel No. 4529 which was heat treated in 
1%4-inch thick sections, % x % x 2¥%-inch specimens from all 
heats were quenched to essentially martensitic structures, then tem- 
pered at temperatures varying from 1150 to 1230 F (565 to 665C). 
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Several specimens from each heat were water-quenched from the 
tempering temperature while additional specimens from each heat 
were furnace-cooled at rates varying from % to 2F per minute | 
in order to produce temper embrittlement. V-notch Charpy impact 
test specimens were machined from the heat treated blanks and 
duplicate specimens were broken at a number of different temper- 
atures. Subzero temperatures were achieved by immersing the 
specimens for a period of 15 minutes in alcohol with sufficient solid 
carbon dioxide added to maintain the temperature at equilibrium. 
Specimens were broken within 2 to 3 seconds after removal from 
the cold liquid. 

Transverse sections were cut from the broken impact test bars 
and were mounted in bakelite blocks such that water-quenched and 
furnace-cooled samples from each heat were mounted side by side 
in the same block. Precisely the same polishing and etching tech- 
niques were thus applied to tough and to temper-brittle specimens 
from the same steel. 


RESULTS AND DISCUSSION 


As stated previously, the picric acid-ether etchant was the first 
to yield promising results as a temper brittleness etchant. Figs. la 
and 1b, respectively, show the microstructures of ductile and temper 
embrittled specimens of cast steel No. 16. Figs. lc and 1d represent 
the same specimens which were repolished for 1 minute on the 
final cloth after etching. Repolishing removes the normal metal- 
lographic etching attack, but grain boundaries of temper embrittled 
specimens become so severely pitted that the grain outlines remain 
after the normal etching attack is removed. Repolishing after etching 
with the temper brittleness reagent is therefore a very helpful portion 
of the metallographic procedure for identifying temper brittleness 
in steel. 

The etch produced by the picric acid-ether reagent was found 
unsatisfactory for high magnification microscopy because of the 
rather deep pitting often resulting from the extended etching. This 
condition is not apparent in the photographs of Fig. 1 because of the 
low magnification, but severe examples occurred in other steels 
similarly etched. 

The Zephiran reagent is, however, satisfactory for high magni- 
fication microscopy, producing etched surfaces generally indis- 
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Fig. 1—Photomicrographs of Cast Steel No. 16. See opposite page for details re- 
garding heat treatment, impact properties and etchant. X 100. ' 
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Fic. 1—PHOoTOMICROGRAPHS OF Cast STEEL No. 16 


gee 3 ee Sie ia S P Ni Cr Mo Al 
Composition: 959 135 0.38 0.016 0.012 329 214 0.49 0.035 


a. Heat Treatment—1725 F—4 hrs.—water-quenched; 1230 F—4 hrs.—water- 
. quenched. Hardness—Rc 24.5. V-Notch Charpy Impact—54.7 ft-lbs. at 
+70F; 51.1 ft-lbs. at —40F. Etchant—Picric acid-ether solution for 24 
hours, smudge wiped off with moist Gamal cloth under stream of water. 
No grain boundary attack. X 100. 

b. Heat Treatment—1725 F—4 hrs.—water-quenched; 1230 F—4 hrs.—furnace- 
cooled 1 to 2 F per minute. Hardness—Rc 23.5. V-Notch Charpy Inipact— 
8.2 ft-lbs. at +70F; 5.0 ft-lbs. at —40 F. Etchant—Picric acid-ether solu- 
tion for 24 hours. Grain boundaries outlined. X 100. 


c. Same as (a). Repolished on Gamal cloth for 1 minute. Etch largely re- 
moved. X 100. 


d. Same as (b). Repolished on Gamal cloth for 1 minute. Persistence of 
grain boundaries indicates severe attack during etching. X 100. 


tinguishable from those resulting from normal etching with picral; 
note Figs. 2 and 3 which show the structures of tough and of temper- 
brittle specimens from cast steel No. 21 after etching with various 
reagents. Reference to Fig. 2f indicates that the precipitate respon- 
sible for temper brittleness occurs not only preferentially at the 
grain boundaries but also, to some extent, randomly within the grains. 

At the highest resolution obtainable with a microscope having 
an oil immersion lens of 1.40 numerical aperture, it was impossible 
to definitely ascertain whether the grain boundary attack produced in 
temper-brittle steels by the Zephiran reagent consisted solely of severe 
grain boundary corrosion or whether particles of precipitate could 
be identified. The photomicrograph of Fig. 3d shows grain bound- 
aries in a temper-brittle steel at a magnification of 2000. The 
structure of the same steel in the tough condition, i.e., water-quenched 
after tempering, and etched with the Zephiran reagent is shown in 
Fig. 3c. 

To positively establish that the grain boundary attack produced 
in temper-brittle steels by the Zephiran reagent cannot be reproduced 
by normal carbide etchants, a temper-brittle sample of steel No. 21 
was etched in alkaline potassium ferricyanide (Murakami’s reagent) 
and also, after repolishing, in alkaline sodium picrate. As demon- 
strated in Figs. 3e and 3f, the carbide etchants failed to produce grain 
boundary attack, the only effect being to darken the spheroidal car- 
bides of the tempered martensite. 
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Fig. 2—Photomicrographs of Cast Steel No. 21. See opposite page for details. x 1000. 
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Fic. 2—PHOToMICROGRAPHS OF Cast STEEL No. 21 
i . Mn i P Ni 

Composition: 95) 133 039 0016 0013 331 168 049 0.035 
a. Heat Treatment—1725 F—4 hrs.—water-quenched; 1205 F—4 hrs.—water- 
quenched. Hardness—Rc 28.5. V-Notch Charpy Impact—29.3 ft-lbs. at 
+70 F; 23.1 ft-lbs. at —40 F (Tough). Etchant—4% picric acid-ethyl alco- 
hol solution for 30 seconds. Tempered martensitic microstructure. > 1000. 
b. Heat Treatment—1725 F—4 hrs.—water-quenched; 1205 F—4 hrs.—furnace- 
cooled 1 to 2 F per minute. Hardness—Rc 31.0. V-Notch Charpy Impact— 
12.4 ft-lbs. at +70F; 6.6 ft-lbs. at —40 F (Temper Brittle). Etchant—4% 


picric acid-ethyl alcohol solution for 30 seconds. Structure same as in (a). 
xX 1000. 


c. Tough specimen. Etched in picric acid-ether-Zephiran solution for 1 min- 
ute. Structure same as in (a) and (b). X 1000. 

d. Temper-brittle specimen. Etched in picric acid-ether-Zephiran solution for 1 
minute. Background structure same as in (a), (b), and (c). Grain bound- 
aries outlined. X 1000. 


e. Tough specimen. Repolished on Gamal cloth for 1 minute. Etch com- 
pletely removed. X 1000. 


f. Temper-brittle specimen. Repolished on Gamal cloth for 1 minute. Grain 
boundaries severely pitted. X 1000. 


An attempt was made to explore the sensitivity of the Zephiran 
reagent in detecting the presence of the temper embrittling precip- 
itate in steels of mild sensitivity to embrittlement. The tempera- 
ture versus impact energy curves of steels Nos. 429 and 4529, the two 
steels employed for this experiment, are shown in Fig. 4. 

It is evident that steel No. 429 can, for practical applications 
in which excessively high strain rates or very low service temper- 
atures are not encountered, be considered free of temper brittleness, 
since down to a testing temperature of —40C the impact energies 
of samples water-quenched and furnace-cooled after tempering are 
identical. The water-quenched specimens exhibit a transition from 
ductile to brittle fractures at a temperature of approximately —80 C 
(—112 F), whereas the transition temperature of the furnace-cooled 
specimens occurs at approximately —60C (—76F). Temper brit- 
tleness is thus responsible for a 20C (36F) rise in the transi- 
tion temperature of steel No. 429 as measured by V-notch Charpy 
impact test specimens. These data emphasize the points made by 
Hollomon (1) that the apparent susceptibility as determined by the 
ratio of the impact energies of embrittled and nonembrittled speci- 
mens at an arbitrarily chosen temperature is a deceptive concept and 
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3—Photomicrographs of Cast Steel No. 21. 
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Fic. 3—PHOTOMICROGRAPHS OF STEEL No. 21 (Continued from Fig. 2) 


a. Tough specimen. Water-quenched from tempering temperature. Etched in 
picric acid-ether-Zephiran solution for 1 minute. Tempered martensite, no 
grain boundary attack. X 1000. 

b: Temper-brittle specimen. Furnace-cooled from tempering temperature. 

Etched in picric acid-ether-Zephiran solution for 1 minute. Definite grain 

boundary attack. X 1000. 

Tough specimen. XX 2000. 

. Temper-brittle specimen. X 2000. 

e. Temper-brittle specimen. Etched 15 minutes in Murakami’s reagent. No 
grain boundary segregation of carbides evident. X 1000. 

f. Temper-brittle specimen. Etched 8 minutes in alkaline sodium picrate. 
No grain boundary segregation of carbides. XX 1000. 


a 9 
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Fig. 4—Effect of Rate of Cooling After Tempering Upon the 
Impact Energy Versus Temperature Curves of Two Wrought Steels. 


that the entire impact energy versus temperature curves representing 
the transition from ductile to brittle behavior of both temper embrit- 
tled and nonembrittled specimens are necessary to ascertain the 
presence and the severity of the embrittlement. 

Steel No. 4529 exhibits an even lower susceptibility to temper 
brittleness than does steel No. 429, the rise in transition temperature 
being in the order of 10C (18F) and the maximum decrease 





124 TRANSACTIONS OF THE A. S. M. Vol. 39 


uf 





Fig. Se ee of Rolled Steel No. 429. See opposite page for details. 
a, b—X 100. c, d, e, f— xX 1000. 
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Fic. 5—PHOTOMICROGRAPHS OF ROLLED STEEL No. 429 


Composition : C Mn Si S P Cr Ni Al 
P * 0.28 022 0.03 0.016 0.007 1.13 3.23 0.01 


a. Heat Treatment—1650 F, 3 hrs., quenched in 10% brine, cooled in dry ice 
and acetone to —85F. Tempered 1200F, 2 hrs., water-quenched. Hard- 
ness—Re 20.0. Etchant—Picral. Longitudinal section of wrought steel. 
Banded structure. X 100. 

b. Heat Treatment—1650 F, 3 hrs., quenched in 10% brine, cooled in dry ice 

and acetone to —85F. Tempered 1200F, 2 hrs., furnace-cooled % F 

per minute to 750F, air-cooled to room temperature. Hardness—Rc 20.0. 

Etchant—Picral. Same structure as (a). X 100. 

Tough specimen (water-quenched). Picral etch, tempered martensite. < 1000. 

d. Temper-brittle specimen (furnace-cooled). Picral etch, tempered martensite. 
< 1000. 

e. Tough specimen. Etchant—Picric acid-ether-Zephiran. Same structure as 
revealed by picral. X 1000. 

f. Temper-brittle specimen. Etchant—Picric acid-ether-Zephiran. Pronounced 
attack at grain boundaries. Matrix structure same as with picral etch. X 1000. 


QO 


in impact energy of the embrittled specimens being approximately 
10 ft-lbs. (20%) in the former steel as compared to a rise in transi- 
tion temperature of 20 C (36 F) and a maximum decrease in impact 
energy of the embrittled specimens of approximately 35 ft-lbs. 
(50%) in the latter steel. 

It must be emphasized that the susceptibility to temper brittle- 
ness of both these steels is very low since in moderately and severely 
temper embrittled steels the transition from ductile to brittle frac- 
ture generally occurs in the range of room temperature to +300 C 
(+570 F). 

Tough and temper embrittled specimens from steel No. 429 
were first etched in picral to reveal their normal microstructures, 
which consist of tempered martensite with segregated bands rich in 
carbon and alloy content, Figs. 5a, 5b, 5c, and 5d. After repolishing 
and etching in the Zephiran reagent, a grain boundary network is 
revealed in the temper embrittled specimen, Fig. 5f, while none 
appears in the tough specimen, Fig. 5e. The matrix structure 
revealed by the Zephiran reagent is the same tempered martensite 
initially developed by the picral etch. 

Upon repolishing for 1 minute on the final wheel, the etching 
attack is completely removed from the tough specimen, Fig. 6a, but 
the grain outlines persist in the temper-brittle specimen, Fig. 6b. The 
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Fig. 6—Photomicrographs of Rolled Steel No. 429. See opposite page for details. 
a, b>—xX< 1000. c—xX 100. 











1947 REVEALING TEMPER BRITTLENESS 127 


Fic. 6—PHOTOMICROGRAPHS OF ROLLED Steet No. 429 (Continued from Fig. 5) 


a. Tough specimen. Etchant—Picric acid-ether-Zephiran solution for 5 minutes. 


Repolished on Gamal cloth for 1 minute. Etching attack completely removed. 
X 1000. 


b. Temper-brittle specimen. Etchant—Picric acid-ether-Zephiran solution for 


5 minutes. Repolished on Gamal cloth for 1 minute. Grain boundary at- 
tack persists. XX 1000. 


c. Temper-brittle specimen. Grain boundary attack is segregated in regions 


high in carbon and alloy content which correspond to the dark etching bands 
of Fig. 5b. XX 100. 


grain boundary attack was found to occur in segregated bands, Fig. 
6c, similar to those previously revealed by picral. The positions 
of some of the dark etching bands developed upon etching in picral 
were identified by means of fine scratches, and then the specimen 
was lightly repolished and etched in the Zephiran reagent. As 
expected, the grain boundary attack was found to coincide with the 
segregations which, being richer in alloy content, were more suscep- 
tible to temper embrittlement than the matrix. 

Water-quenched and also furnace-cooled samples of steel No. 
4529 were etched in picral, Figs. 7a and 7b, and in the Zephiran 
Chloride reagent, Figs. 7c and 7d. It is apparent from its micro- 
structure that steel No. 4529 was not fully hardened to martensite 
upon quenching in 14-inch thick sections, since considerable amounts 
of bainite as well as grain boundary segregations of carbide occur. 
The importance of repolishing after etching with the Zephiran 
reagent is demonstrated in the subject steel. The grain boundaries 
revealed in Figs. 7a, 7b, 7c, and 7d completely disappear after a light 
repolish, Figs. Ze and 7f. To further prove that the grain bound- 
ary segregate in steel No. 4529 consists of normal carbides, rapidly 
cooled and slowly cooled specimens were etched in Murakami’s re- 
agent and in alkaline sodium picrate, Figs. 8a, 8b, 8c, and 8d. The 
grain boundary carbide network is readily revealed by these etchants. 

The results obtained with steels Nos. 429 and 4529 indicate 
that the Zephiran reagent is sufficiently sensitive to reveal the pres- 
ence of the temper brittleness precipitate in mildly susceptible steels 
but will not reveal it in steels having impact energy versus tempera- 
ture characteristics such as exhibited by steel No. 4529. 

The temper brittleness reagent was also applied to several very 
low alloy steels not susceptible to temper brittleness, and in no case, 
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Fic. 7—PHOTOMICROGRAPHS OF STEEL No. 4529 


etic ie: Bile Ma > ot. we a 
Composition: >, 948 0.23 0.021 0.015 012 453 026 0.01 


a. Heat Treatment—1500 F—1'% hrs.—water-quenched; 1150 F—2 hrs.—water- 

_ quenched. Hardness—Rc 27.5. Etchant—Picral. Tempered structure. Car- 
bides frequently segregated at grain boundaries. XX 1000. 

b. Heat Treatment—1500 F—1%4_ hrs.—water-quenched; 1150 F—2 hrs.—fur- 
nace-cooled at 1F per minute to 500F, air-cooled to room temperature. 
Hardness—Rce 27.5. Etchant—Picral. Structure identical with that of 
water-quenched specimen. X 1000. 


c. Water-quenched specimen. Etched in picric acid-ether-Zephiran solution for 


2 minutes. Structure identical with that of Fig. 9a. Grain boundaries out- 
lined. X 1000. 


d. Furnace-cooled specimen. Etched in picric acid-ether-Zephiran solution for 
2 minutes. Structure identical with that of Fig. 9b. Grain boundaries out- 
lined. X 1000. 


e. Water-quenched specimen. Specimen repolished on Gamal cloth for 1 min- 
ute. Etching attack completely removed. X 1000. 

f. Furnace-cooled specimen. Specimen repolished on Gamal cloth for 1 minute. 
Complete removal of grain boundary attack demonstrates that it was differ- 
ent from that in temper embrittled steels. >< 1000. 


regardless of the tempering cycle, was any grain boundary attack 
developed which could not be removed upon a light repolish on the 
final wheel. 

The final experiments with the Zephiran reagent involved a 
wrought Ni-Cr-Mo steel (No. G) whose impaired impact properties 
after some quench and temper heat treatments were traced to tem- 
per embrittlement. Details of the heat treatments and properties of 
steel No. G are presented in Table III. 


Table Ill 
Heat Treatment and Properties of Steel No. G 


V-Notch Charpy 


Impact Energy ae 

Heat Treatment Hardness, Re ft-lbs. of Test, F 

lst Treatment 1600 F—1 hr.—oil quench 34.5 10.3 +70 
1020 F—5% hrs.—turnace cool 

2nd Treatment 1600 F—1 hr.—oil quench 34.5 14.5 +70 
1020 F—5% hrs.—water quench 

3rd Treatment 1600 F—1 br.—oil quench 34.5 22.8 +70 
1150 F—8 min.—water quench 


The first two heat treatments involved a 5%4-hour hold at a 
temperature of 1020 F, at which temperature the solubility of the 
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Fig. 8—Photomicrographs of Rolled Steel No. 4529. See opposite page for details. « 1000. 
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Fic. 8—PHoTroMICROGRAPHS OF STEEL No. 4529 (Continued from Fig. 7) 


a. Water-quenched specimen. Etched in Murakami’s reagent for 15 minutes. 
Grain boundaries delineated by segregations of carbides. XX 1000. 

b. Furnace-cooled specimen. Etched in Murakami’s reagent for 15 minutes. 
‘Carbides segregated at grain boundaries. X 1000. 

c. Water-quenched specimen. Etched in boiling alkaline sodium picrate for 
10 minutes. Carbides segregated at grain boundaries. X 1000. 

d. Furnace-cooled specimen. Etched in boiling alkaline sodium picrate for 10 
minutes. Carbides segregated at grain boundaries. X 1000. 


constituent responsible for temper brittleness is exceeded and pre- 
cipitation of the constituent occurs during tempering. Greater pre- 
cipitation, and hence more severe embrittlement, occurred in the 
specimen furnace-cooled after tempering. For the third heat treat- 
ment, a tempering temperature was selected that is higher than the 
temperature at which the temper brittleness constituent is completely 
soluble in steel (~1110F). The tempering time and the tempera- 
ture were selected to yield the same final hardness as resulted from 
the initial heat treatments (13). 

Specimens representing the three different heat treatments were 
mounted together in the same bakelite block. After polishing, the 
samples were etched first in picral, repolished, then etched in the 
Zephiran reagent, and finally repolished lightly for 1 minute on the 
final polishing wheel. The tempered martensitic microstructures re- 
vealed by picral are shown in Figs. 9a, 9d, and 9g. The Zephiran re- 
agent developed grain boundary attacks in all three samples, Figs. 9b, 
9e, and 9h, but a most noteworthy fact is that, upon repolishing to 
remove the normal metallographic etch, the grain boundary attack 
appears to be quantitative in nature, Figs. 9c, 9f and 91. The speci- 
men tempered at 1020 F and furnace-cooled shows the most severe 
and continuous grain boundary attack, Fig. 9c. The specimen tem- 
pered at 1020 F and water-quenched, Fig. 9f, shows a somewhat 
more discontinuous grain boundary network, while the specimen tem- 
pered at 1150 F and water-quenched after tempering shows a very 
discontinuous as well as light boundary attack, indicating that only 
slight embrittlement has occurred. These last results indicate that 
the Zephiran reagent may provide very useful semiquantitative results 
when applied to investigations of the temper brittleness phenomenon. 
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Fig. 9—Photomicrographs of Forged Steel G. See opposite page for details. X 100. 
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j Fig. 9—Photomicrographs of Forged Steel G. See below for details. < 100. 

: 

3 Fic. 9—PHOTOMICROGRAPHS OF STEEL No. G 

x 

. ile Mn Si S P Ni Cr Mo 

{ Composition: 939 9.79 0.24 0.020 0.029 240 089 0.23 

4 a. Heat Treatment—1600 F—1 hr.—oil-quenched; 1020 F—5Y% hrs.—furnace- 


2 
» . 


cooled. Hardness—Rc 34.5. V-Notch Charpy Impact—10.3 ft-lbs. at +70 F. 
Etchant—Picral for 30 seconds. Tempered structure. X 1000. 

b. Same specimen as (a). Etched in picric acid-ether-Zephiran solution for 5 
minutes. Pronounced grain boundary attack. X 1000. 

c. Same as (b). Repolished on Gamal cloth for 1 minute. Grain boundary 
attack is not removed. X 1000. 

d. Heat Treatment—1600 F—1 hr.—oil-quenched; 1020 F—5%4 hrs.—water- 
quenched. Hardness—Rc 34.5. V-Notch Charpy Impact—14.5 ft-lbs. at 
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+70F. Etchant—Picral for 30 seconds. Tempered structure same as in 
(a). X 1000. 


e. Same as (d). Etched in picric acid-ether-Zephiran solution for 5 minutes. 
Pronounced grain boundary attack. X 1000. 

f. Same as (e). Repolished on Gamal cloth for 1 minute. Grain boundary 
attack is somewhat less continuous than that of Fig. 9c. > 1000. 

g. Heat Treatment—1600 F—1 hr.—oil-quenched; 1150 F—8 minutes—water- 
quenched. Hardness—Rc 34.5. V-Notch Charpy Impact—22.8 ft-lbs. 


Etchant—Picral for 30 seconds. Tempered structure similar to (a) and 
(d). XX 1000. 


h. Same as (g). Etched in picric acid-ether-Zephiran solution for 5 minutes. 
Slight grain boundary attack. X 1000. 


i. Same as (h). Repolished on Gamal cloth for 1 minute. Grain boundary 


attack is light and very discontinuous as compared to those of Figs. 9c and f. 
X 1000. 


THE ZEPHIRAN REAGENT AS A GRAIN Si1zE ETCHANT 


The excellent delineation of the grain outlines occurring in em- 
brittled steel upon etching with the Zephiran reagent, particularly 
when the specimen is lightly repolished after etching, indicates that 
this reagent may be used to advantage for the determination of the 
austenite grain size of steel which contains sufficient alloy content 
to show some susceptibility to temper brittleness. Thus, to deter- 
mine the prior austenitic grain size of such steel, it is only neces- 
sary to etch with the Zephiran reagent a specimen which had been 
tempered at some temperature within the range of 1100 to 1200F 
and furnace-cooled. 

The present methods of developing the austenite grain size of 
steel consist of the following: Carburizing, slowly cooling hyper- 
eutectoid and slightly hypoeutectoid steels, arrested quenching, gra- 
dient quenching, etching martensite in special reagents, preferential 
oxidation, preferential vaporization of grain boundary material, and 
fracturing quenched specimens (14). Several of these methods in- 
volve rather complicated and time-consuming procedures and the re- 
liability of others is open to criticism. The Zephiran reagent is be- 


lieved to be unsurpassed for the alloy steels which are susceptible to 
temper brittleness. 


SUM MARY 


Metallographic etchants and procedures have been developed 
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and successfully used to indicate the presence of temper brittleness in 
steels which have been embrittled both as the result of slowly cool- 
ing from elevated tempering temperatures and of tempering in the 
temperature range in which the embrittlement proceeds simultane- 
ously with softening. 

The results obtained upon samples of five steels of differing 
susceptibility to temper brittleness indicate that the constituent re- 
sponsible for temper brittleness precipitates preferentially at the 
prior austenitic grain boundaries and will also precipitate randomly 
within the grains, but with the far greater concentration occurring 
at the grain boundaries. 

It has been demonstrated that the grain boundary attack devel- 
oped in temper-brittle steels is associated with a slow cooling from 
the tempering temperature only when temper brittleness results, 
since steels not embrittled by slow cooling cycles show no boundary 
attack. 

Through its excellent delineation of grain boundaries, the Zephi- 
ran reagent may prove useful as a grain size indicator in alloy steels 
susceptible to-even mild temper embrittlement. 

To develop the proper etching technique during the initial stages 
of experimentation with the Zephiran temper brittleness reagent, it 
has been found helpful to mount control samples in the same bake- 
lite block with the experimental samples being studied. The control 
samples should consist of two pieces of a susceptible steel, one of 
which is in the tough condition and the other in the temper-brittle 
condition. Examination of these known samples after etching will 
demonstrate whether or not the correct results have been achieved. , 
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DISCUSSION 


Written Discussion: By W. S. Pellini, metallurgist, American Brake 
Shoe Co., Mahwah, N. J. 

Up to the present time metallographic methods have not been available 
for demonstrating an unusual microstructural condition which could be cor- 
related with the development of temper brittleness, as indicated by notch bend 
tests. The authors are to be complimented for their success in evolving a 
metallographic technique capable of showing the formation of a precipitate 
which is concomitant with the development of temper brittleness. 

This method should find ready use for rapid determination of the presence 
of embrittlement in susceptible steels. It is not believed that this test should 
be used in place of the notch bend test but rather as an adjunct to it, whenever 
time is an essential factor. The preparation and low temperature testing of 
Charpy specimens is time consuming, and for quick checks the methods de- 
scribed by the authors are considered to be particularly valuable. 

It is noted that steel G, after austenitizing at 1600 F, quenching to marten- 
site, and tempering at 1150F for 8 minutes followed by water quenching, 
develops temper brittleness as indicated by the presence of grain boundary 
precipitation. This appears to be additive proof that embrittlement of sus- 
ceptible steels may occur at temperatures higher than the previously held 
maximum of 1110 F, which is in keeping with the conclusion arrived at by 
Pellini and Queneau.‘ 


4W. S. Pellini and B. R. Queneau, “Development of Temper Brittleness in Alloy Steels,”’ 
Transactions, American Society for Metals, Vol. 39, 1947, p. 139-161. 
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I would like to inquire if, in the authors’ experience with tempering sus- 
ceptible steels, other steels have shown the development of a precipitate, or loss 
of impact energy, after holding at temperatures higher than 1110 F and water 
quenching ? 

Written Discussion: By Aaron M. White, Physics Division, American 
Cyanamid Co., Stamford, Conn. 

The authors have apparently based much of their reasoning on Hollomon’s 
paper’ which is not entirely consistent with the recent work of Pellini and 
Queneau’. If the authors will agree with Pellini and Queneau that temper 
brittleness can occur at temperatures up to 1200F, then the apparent dis- 
crepancy which they obtained for steel G may be eliminated. 

As a result of tests that I have performed on steel G and on steels of 
similar chemical composition from heats of apparently similar quality, it is 
my impression that the impact resistance of 22.8 ft-lb obtained after tem- 
pering at 1150 F for 8 minutes is not as high as for similar steels in which 
temper brittleness was not developed. It is believed, therefore, that steel G, 
for reasons other than its high alloy content, was susceptible to temper brittle- 
ness even at a tempering temperature of 1150 F. This hypothesis, therefore, 
may explain the occurrence of the grain boundary precipitate in a specimen 
which the authors inferred was not temper brittle. Thus, there is further 
support to the evidence that the new etchant will be a significant tool in the 
study of the temper brittleness phenomenon. 

Written Discussion: By S. Halperin, metallurgist, Federal Telephone & 
Radio Corp., E. Newark, N. J. 

Few metallurgists have made use of polarized light in microstructure 
studies. Some work has been done in France. Also some studies in micro- 
structures in steel wire heat treatment have appeared in this country. 

Possibly this may be due to the fact that few laboratories have had 
metallographic microscopes equipped with polarized light. 

It has been my experience that it is always worthwhile to examine a 
specimen with polarized light, especially if it displays luster. 

Some time ago, I had occasion to help make a study of aluminum-magnesium 
alloys with and without small additions of beryllium. Under ordinary illumina- 
tion there was no seeming difference between these two classes of alloys. 
However, under polarized light, the aluminum-magnesium-beryllium alloy dis- 
played sharp and different grain boundaries, also other features. 

Other studies I have undertaken during the past two years could have 
not brought about the practical results they did without the use of polarized 
light. 

It is therefore suggested that this type of illumination be tried in further 
studies by these authors in addition to other tools. 

Written Discussion: By John G. Kura, research engineer, Battelle 
Memorial Institute, Columbus, Ohio. 

The grain boundary constituent, which has been associated with temper 
brittleness, may be identified by use of microradiography. Proper combination 





5J. H. Hollomon, “Temper Brittleness,”” Transactions, American Society for Metals, 
Vol. 36, 1946, p. 473. 


*W. S. Pellini and B. R. Queneau, “Development of Temper Brittleness in Alloy Steels,” 
Transactions, American Society for Metals, Vol. 39, 1947, p. 139-161. 
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of X-ray target and voltage to secure selective absorption of X-rays by the 
constituent may at least narrow down the identity of this constituent. 


Authors’ Reply 


The authors wish to express their appreciation to those who have con- 
tributed discussions to their paper. They are especially grateful to Mr. 
Pellini for his kind remarks. The fact that steel G exhibits temper brittleness 
when tempered at 1150 F (620C) and water-quenched is in accord with Pellini 
and Queneau’s conclusion that temper brittleness may be developed at temper- 
ing temperatures above 1110 F (600C). The authors have very recently 
had some experience with a manganvese-nickel-chromium-molybdenum steel very 
similar in analysis to Pellini and Queneau’s steel B.* A drastic loss of impact 
energy observed after tempering at temperatures in excess of 1200 F (650C) 
was traced to the fact that the steel was being tempered above the lower 
critical temperature. No temper embrittlement was observed after tempering 
for 2 hours at a series of temperatures between 1100 and 1200 F (595 and 
650 C) and water quenching. Experiments are now in progress to determine 
if longer tempering cycles in this temperature range will result in embrittlement. 

In reply to Mr. White, the authors intended no inference that steel G was 
free of temper embrittlement after being tempered for 8 minutes at 1150 F 
(620 C) and water-quenched. This treatment was conducted in an effort to pre- 
vent temper embrittlement but both the somewhat low impact energy and the 
definite grain boundary attack produced by the Zephiran reagent (Fig. 9i) 
attest to the lack of complete success of the attempt. 

Mr. Halperin’s suggestion of the use of polarized light for the micro- 
scopic examination of temper-brittle steels etched with the Zephiran reagent 
has been subsequently followed but no additional information regarding the 
nature or identification of the precipitate was obtained. 

Microradiography, as suggested by Mr. Kura, may provide interesting 
results when applied to the temper brittleness problem. The authors have for 
some time been hoping for the application of the electron microscope to the 
study of temper-brittle steels etched with the temper brittleness reagent. The 
identification of the temper brittleness constituent may be aided by the high 
magnifications possible with the electron microscope. 


™W. S. Pellini and B. R. Queneau, “Development of Temper Brittleness in Alloy Steels,” 
Transactions, American Society for Metals, Vol. 39, 1947, p. 139-161. 








DEVELOPMENT OF TEMPER BRITTLENESS 
IN ALLOY STEELS 


By W. S. PELLIn1 AND B. R. QuENEAU 


Abstract 


The development of temper brittleness has been stud- 
ted in two steels of different hardenability. The effect of 
time at temperature in the temper-brittle range has been 
determined and these results have been compared with 
the embrittlement developed in the steels while cooling or 
heating through the same range of temperatures. In ad- 
dition, the effect of microstructure on the development 


of temper brittleness has been determined for one of the 
steels. 


It has been found that the transformation causing 
embrittlement in alloy steels is a reversible reaction with 
a maximum rate of embrittlement at about 950 F (510C). 
Embrittlement occurs at temperatures as high as 1200 F 
(650 C). A pearlitic microstructure is somewhat less sus- 
ceptible to temper brittleness than martensite and low tem- 
perature bainites. It is suggested that embrittlement ts 
the result of a carbide precipitation from alpha tron. 


INTRODUCTION 


HE term “temper brittleness” has been applied to the loss in 

notch-bend toughness which occurs during the tempering of al- 
loy steels at temperatures between 800 and 1110 F (425 and 600C). 
The decrease in energy required to break a notched bar is not ac- 
companied by marked changes in the other mechanical properties, 
nor has any metallographic or other method been developed to study 
the progress of embrittlement. 

Extensive investigations of temper brittleness were made dur- 
ing the first World War, the most comprehensive being those of 





The statements or opinions in this article are those of the authors and do not necessarily 
express the views of the Navy Department. 
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R. H. Greaves and his coworkers. As a result of these early inves- 
tigations (1), (2), (3), (4),* the effects of temper brittleness were 
determined, but its nature remained largely conjectural. An excel- 
lent review and re-evaluation of the existing data on temper brittle- 
ness has been made by Hollomon (5). He concluded that temper 
brittleness is caused by a precipitation from alpha iron which occurs 
preferentially at the prior austenitic grain boundaries, and suggested 
tentatively that the precipitate is a nitride. 

Hollomon indicated that precipitation occurs at temperatures 
below 1110 F (600C) and that the rate of precipitation depends 
upon temperature. Precipitation occurs slowly at temperatures 
slightly below 1110 F (600 C), increases to a maximum at about 930 F 
(500 C), and then decreases with further decrease in temperature. 
Thus the development of temper brittleness in a steel can be plotted 
on a time against temperature of transformation diagram and the 
shape of the curve will be similar to that of the decomposition of 
austenite to ferrite and carbide. 

No conclusions could be drawn by Hollomon on the effect of 
steelmaking practice or microstructure on the susceptibility of a steel 
to temper brittleness, since previous work had been based in large 
part on results of Izod tests made at room temperature. Hollomon 
pointed out that the apparent susceptibility of a steel, determined 
by the ratio of the impact energies of an arbitrarily embrittled speci- 
men and a nonembrittled specimen, is deceptive. 

In order to determine the influence of alloying elements on sus- 
ceptibility to temper brittleness, Hollomon tested a large number of 
cast steels containing a fixed amount of molybdenum (0.40%) and 
varying amounts of manganese, nickel and chromium. The temper 
brittleness susceptibilities were determined by comparison of water- 
quenched and furnace-cooled Charpy “V” notch specimens tested at 
—40 F (—40C). This study indicated that there was no significant 
difference in the temper brittleness susceptibility of different alloy 
combinations if these combinations had equal Grossmann harden- 
ability. Thus, the effect of manganese was found to be greater than 
that of chromium and chromium in turn greater than that of nickel. 
A re-evaluation of the data on molybdenum indicated that in mod- 
erate amounts (0.25 to 0.50%) molybdenum is effective in decreas- 
ing the susceptibility of moderately susceptible steels; its effect in 
larger amounts is not as yet clear. The effects of elements such as 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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phosphorus, vanadium, nitrogen, and oxygen were deemed to be 
uncertain. 

A study of temper brittleness is essential if maximum proper- 
ties are to be developed in steels used in heavy sections. In order 
to develop a fully quenched and tempered structure in large sections, 
the hardenability of the steel must be high, but with increase in 
hardenability there will be an increase in susceptibility to temper 
brittleness. When the alloy content becomes too high, the impact 
properties of the steel will be low, regardless of heat treating prac- 
tice, since the cooling rate of a large mass from the tempering tem- 
perature will be insufficient to prevent embrittlement even on a water 
quench. Thus, temper brittleness, instead of hardenability, will de- 
termine the alloy content of steels used in large sections. 

In the present investigation, a study has been made of the de- 
velopment of temper brittleness in two steels of widely different 
hardenability. The effect of time at temperature in the temper- 
brittle range has been determined for both steels. The results ob- 
tained by tempering isothermally have been compared with the em- 
brittlement developed in the steels while cooling or heating through 
the same range of temperatures. In addition, the effect of micro- 
structure on the development of temper brittleness has been deter- 
mined for one of the steels. 


EXPERIMENTAL PROCEDURE AND RESULTS 


The steels used in this study were made from basic open-hearth, 
aluminum-killed steel. The chemical analyses were as follows: 


¢ Mn P S Si Ni Cr Mo V 
Steel A . Se Ul CA ll ee ee 
Steel B 0.44 1.64 0.029 0.022 0.06 184 164 040 0.15 


The isothermal rates of transformation of these steels are shown 
in Figs. 1 and 2. These steels have typical double “C” curves with 
a temperature zone of exceedingly low rate of transformation at 
about 900 F (480C). The M,; temperatures are sufficiently high to 
permit complete transformation to martensite on quenching small 
samples to room temperature. 

The heat treatment of Charpy impact samples was conducted on 
blanks 5% inch square by 3 inches long, cut longitudinal to the direc- 
tion of forging. Following final treatment, all specimens were tested 
for Brinell hardness, and then machined to standard Charpy “V” 
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Fig. 1—Time-Temperature-Transformation Curve for Steel A. 


notch specimens. All notches were ground to remove scratches, since 
experience has shown that this precaution is necessary to reduce 
scatter of impact test results. 

The Charpy impact tests were carried out in a Riehle impact 
tester using the 220-foot-pound range. In carrying out the Charpy 
tests at low temperatures the specimens were held in dry ice-acetone 
and ice-water mixtures, until equilibrium was established. The tests 
were made quickly to prevent appreciable heating—ordinarily a 
specimen could be removed from the low temperature bath and 
broken within 5 seconds. 

In handling a large amount of Charpy data, it has been found 
necessary to note the type of fracture together with the impact en- 
ergies. Ductile fractures have been designated as “all fibrous,” 
fractures having less than 50% of the fracture area crystalline have 
been designated as “mostly fibrous,” fractures having more than 50% 
of the area crystalline have been designated as “mostly grain,” while 
brittle fractures having a completely crystalline appearance have been 
designated as “all grain.” It is the opinion of the authors that this 
information is fully as important as the information on the energy 
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Fig. 2—Time-Temperature-Transformation Curve for Steel B. 


of fracture. Experience in notch bend testing has shown that the 
most important differences between specimens were the changes in 
the mode of fracture rather than the slight differences in fracture 
energies. It is suggested that the practice of observing the type of 
fracture be adopted generally, so as to make the notch bend test a 
more discriminating mechanical testing tool. 


ISOTHERMAL DEVELOPMENT OF TEMPER BRITTLENESS 


The effect of time at temperature in the temper-brittle range 
was determined at intervals at 50 F between 1200 and 850F (650 
and 450C) on Steels A and B. In order to have samples of uni- 
form microstructure and equal hardness, all specimens were fully 
quenched and tempered prior to the embrittlement treatments. Both 
steels were held 2 hours at 1650 F (900C), quenched in oil and 
tempered at 1200 F (650C). Steel A was held 7 hours at 1200F 
(650 C) and had a hardness of 230 Brinell. Steel B was tempered 
3 hours at 1300 F (705C) (above the critical) prior to a 3-hour 
draw at 1200 F (650C) and had a hardness of 250 Brinell. This 
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Fig. 3—The Effect of Temperature on the Development of Temper Brittleness in 
Steel A, The values given are average Charpy impact energies in foot-pounds obtained 
on duplicate tests made at —60 F. All specimens were tempered at 1200 F (650C) to 


a hardness of 230 Brinell, water-quenched, held at the times and temperatures indicated 
and water-quenched. 


double tempering treatment was used to reduce the tempering time 
from 36 hours to 6 hours. After the 1200 F (650C) temper, all 
specimens were water-quenched cold. 

The specimens were heated rapidly in lead to the embrittlement 
temperature, held for different time intervals and water-quenched 
cold. The Charpy impact tests were carried out at —60 F (—50C) 
which is in the critical range for these steels, that is, in the tempera- 
ture range in which there is a sharp decrease in the impact energy 
with decrease in test temperature. 

The results of the impact tests are given in Figs. 3 and 4. The 
curves indicate changes occurring in the mode of fracture of the 
Charpy impact specimens and thus show qualitatively the progress 
of embrittlement. It will be seen that Steel A (Fig. 3) had a maxi- 
mum rate of embrittlement at about 950 F, since some grain was 
present in the Charpy fractures after 1 hour at temperature and the 
fractures were all grain after 16 hours at temperature. No embrit- 
tlement was detected at temperatures above 1050 F (565C) and 
only a trace of grain was evident after 16 hours at 850 F (450C). 

Steel B (Fig. 4) had a maximum rate of embrittlement at about 
the same temperature as Steel A, but the rate of embrittlement was 
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greater, and embrittlement was in evidence at much higher tempera- 
tures. There was a drop in impact energy absorption at 1150 F 
(620 C) with grain appearing in the fracture after only 4 hours at 
temperature. The presence of temper brittleness at 1150 F (620 C) 
is important since the major argument used by Hollomon (5) to 
discard the possibility that temper brittleness is caused by the pre- 
cipitation of a carbide was that temper brittleness does not occur in 
the temperature range of 1110 to 1290 F (600 to 700 C). 

From scattered evidence obtained on several high alloy steels, 
the authors believe that temper brittleness may occur at temperatures 
close to the Ac,. For instance, data obtained on an experimental 
high manganese-molybdenum steel indicated marked embrittlement 
occurring at 1200F (650C), even though the lower critical was 
about 1250 F (675 C). In Fig. 5, there is plotted the Charpy impact 
energy of this steel as a function of time at temperature. On tem- 
pering, there is first a sharp rise in impact energy as the hardness 
of the steel decreases, but this rise is followed by a marked drop 
with further decrease in hardness. This drop in impact energy 1s 
in marked contrast with results obtained with lower alloy steels. 

It will be seen that this experimental manganese-molybdenum 
steel presented an unusual problem in that it was impossible to dif- 








1 
f. 
$ 

& 
» 


oop eG cleans ease 


ecm tag me tA 


Ne Cage ft s 


SE REE OT Wo 


146 TRANSACTIONS OF THE A. S. M. Vol. 39 


S 


V*Notch Charpy Impact Energy, Ft-Lbs 


8 





Fig. 5—The Effect of Tempering on the 
caarey Impact E of a High-Manganese- 
Molybdenum Steel. ll specimens were water- 
quenched from 1650 F (900C) and tempered 
at 1200 F (650C) for the times indicated and 
water-quenched. Composition: 0.09% carbon, 
4.53% manganese, 0.12% silicon, 0.93% 
molybdenum. 


ferentiate between the effects of hardness and temper brittleness. 
For most steels, it is possible to temper below the critical to a given 
hardness, and then develop temper brittleness at lower temperatures 
without affecting the hardness of the steel. However, there was no 
temperature at which the high manganese-molybdenum steel could 
be tempered without having samples partially embrittled. 


DEVELOPMENT OF TEMPER BRITTLENESS DuRING CONTINUOUS 
CooLING AND HEATING 


A study of the development of temper brittleness during con- 
tinuous cooling through the brittleness range was made in a manner 
similar to that for the isothermally treated samples. All samples 
were quenched to martensite and tempered as described previously 
for the isothermal experiment. Following tempering, samples were 
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in Steel A. The values given are nee impact energies in foot-pounds obtained on 
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cooled at rates varying from 16 to 200F per hour, and water- 
quenched on reaching temperatures varying from 1100 to 850 F (595 
to 450C). The Charpy specimens were again broken at —60F 
(—50C). 

The results of impact tests are given in Figs. 6 and 7. The 
changes in mode of fracture for samples cooled from 1200 F (650 
C) are represented by solid curves, whereas the dotted curves rep- 
resent the changes in the mode of fracture for the isothermally 
treated samples. 

For Steel A the times and temperatures required to develop 
temper brittleness were approximately the same whether the em- 
brittlement was induced isothermally or during continuous cooling. 
However, Steel B shows marked embrittlement more rapidly on 
continuous cooling than when held at constant temperature in the 
temper-brittle range. 

A study of the development of temper brittleness during con- 
tinuous heating through the embrittlement range and recovery from 
embrittlement with further heating to 1200 F (650 C) was made on 
two sets of samples that had been fully quenched and tempered. One 
group had been water-quenched from the tempering temperature and 
was thus free from embrittlement, whereas the second group had 
been cooled at 50 F per hour from 1200F (650C) and was badly 
embrittled as indicated by low impact values. Both sets of samples 
were then heated at 50F per hour, water-quenched after reaching 
temperatures from 850 to 1200F (450 to 650C), and broken at 
—60 F (—S50C). 

The results of the impact tests are given in Fig. 8. At a 
heating rate of 50F per hour, samples of Steel A quenched from 
1200 F (650 C) prior to heating were not markedly affected through 
the embrittlement range except that at 1050 F (565(C) there was a 
slight trace of grain in the Charpy fractures. However, samples 
of Steel B were markedly affected by heating through the embrittle- 
ment range. On further heating to 1200 F (650C) the samples of 
Steel B became progressively more ductile in the impact test until 
they were substantially free from embrittlement after. quenching 
from 1200 F (650C). 

The samples of Steels A and B which had been embrittled by 
slow cooling from 1200 F (650C) became progressively more duc- 
tile and had fibrous fractures on impact test after heating to 1100 
and 1200 F (595 and 650 C), respectively. 
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Since the embrittled samples became ductile upon reheating to 
temperatures above the temper brittleness range, it will be seen that 
the cause of embrittlement 1 in alloy steels is a reversible transforma- 
tion. e £€| 


—_ 


EFFECT OF MICROSTRUCTURE ON THE DEVELOPMENT OF 
TEMPER BRITTLENESS 


Seven different microstructures were obtained in samples of 
Steel A by austenitizing 2 hours at 1650F (900C) and treating 
isothermally to produce bainites and pearlite and oil quenching to 
produce martensite. It was found impractical to obtain homo- 
geneous bainitic structure because of the formation of martensite 
at comparatively high temperatures and the slow rates of reaction 
in Steel A. The microstructures together with the times and tem- 
peratures of transformation are given below: 


Microstructure Designation Heat Treatment 
100% Martensite M Oil-Quenched 
40% 500 F Bainite—60% Martensite B-500 24 hrs. at SOOF 
95% 600 F Bainite— 5% Martensite B-600 24 hrs. at 600F 
90% 700F Bainite—10% Martensite B-700 48 hrs. at 700F 
60% 775 F Bainite—40% Martensite B-775 112 hrs. at 775F 
10% 1100 F Pearlite—90% Martensite P-10 2 hrs. at 1100 F 


100% 1100 F Pearlite P-100 48 hrs. at 1100 F 
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Brittlences in Steel A. All samples tempered at 1200 F (650C) to a 
low hardness. 


Two sets of samples of each microstructure were then tempered 
7 hours at 1200 F, one set water-quenched from 1200 F and the 
other cooled at 50 F per hour to induce temper brittleness. These 
tempering treatments produced samples of similar hardness. 

The results of impact tests on the above samples of Steel A 
are given in Fig. 9. It will be seen that tempered martensitic struc- 
tures possess the highest energy absorption on the notch bend test. 
The tempered bainites formed at low temperature have properties 
approaching those of the tempered martensite, while the\ bainites 
formed at higher temperatures and pearlites have a markedly lower 
notch-bend strength. A small amount of pearlite is shown to have 
a markedly deleterious effect on the toughness of the tempered 
martensitic matrix. 

A comparison of the impact results obtained on the quenched 
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samples with those cooled at 50F per hour from 1200 F (650C) 
shows that martensite and lower temperature bainites are slightly 
more susceptible to temper brittleness than upper temperature bain- 
ites and pearlite. Thus the martensite curve and the 500 and 600 F 
(260 and 315C) bainite curves have been shifted approximately 
140 F to the right by slow cooling from the tempering’ temperature, 
whereas the 700 F (370C) and the 775 F (415C) bainite curves 
and the 10 and 100% pearlite curves have been shifted only 90 F. 
These results confirm the statement made by several investigators 
that temper brittleness develops at a faster rate in fully hardened 
than in unhardened steels (3), (6), (7). 


DIscuUSSION 


The study of temper brittleness in alloy steels has been handi- 
capped because there has been no direct method of measuring the 
transformation causing embrittlement. At present, the sole method 
of studying the phenomenon is the notch-bend impact test which, 
at best, gives only qualitative information on the susceptibility of 
a steel. The customary method of determining susceptibility to tem- 
per brittleness, by taking the ratio of the impact energies of sam- 
ples water-quenched and furnace-cooled ‘from the tempering tem- 
perature, has been a frequent source of error since the results are 
affected to a large extent by the impact test temperature. 

Since embrittlement is marked by an increase in the test tem- 
perature at which brittle failures occur, comparative results between 
the effect of two variables can be obtained by making the impact 
tests over a range of temperatures on samples water-quenched and 
on samples furnace-cooled from the tempering temperature. How- 
ever, this method does not indicate the effect of temperature on the 
rate of embrittlement. To obtain information on the rate of em- 
brittlement, the impact specimens must be held isothermally in the 
temper-brittle range and broken at the constant test temperature, 
which is critical for the steel being tested. The rate is determined 
by the loss of impact energy with time at the tempering temperature. 

It must be emphasized that the rate of embrittlement as deter- 
mined by such a procedure is affected by the impact test temperature. 
An increase in testing temperature will have the effect of decreasing 
the apparent rate of embrittlement, whereas a decrease in the testing 
temperature will have the reverse effect. For instance in Figs. 3 and 
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4, a Charpy impact test temperature of +32 F (OC) would have 
shifted the curves to the right and no indication of temper brittle- 
ness would have been found except in a very narrow temperature 
range. 

The data obtained in the present investigation, although quali- 
tative, indicate that: 

(a) The maximum rate of embrittlement occurs at about 950F 
(510C). 

(b) Embrittlement occurs at temperatures as high as 1200 F (650 
ie 

(c) The transformation causing embrittlement in alloy steels is a 
reversible reaction. 

(d) A steel having a tempered martensitic structure is somewhat 
more susceptible to temper brittleness than the same steel hav- 
ing a pearlitic microstructure. 

Although no definite conclusions can be made as to the cause 
of temper brittleness, it is suggested that embrittlement is the result 
of a carbide precipitation from alpha iron. Hollomon (5) deduced 
from the rate of diffusion of the responsible element that the precipi- 
tate was either a carbide or a nitride. He argued that if the pre- 
cipitation from alpha iron is a carbide, then the precipitation should 
occur at all temperatures below the iron-carbide eutectoid tempera- 
ture. Since the data available to him indicated that no embrittle- 
ment occurred at temperatures above 1110 F (600C), he rejected 
the possibility of a carbide precipitation. With similar reasoning, 
Hollomon suggested that the precipitate was a nitride since 1110 F 
(600 C) is approximately the eutectoid temperature of the iron- 
nitrogen system. 

Since embrittlement can occur in highly alloyed steels at tem- 
peratures close to the iron-carbide eutectoid temperature and above 
the eutectoid temperature in the iron-nitrogen system, it is indicated 
that the precipitate is a carbide rather than a nitride. 

The authors wish to express their appreciation to Robert J. 
Gray for his assistance in conducting the experimental work 
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DISCUSSION 


Written Discussion: By H. V. Joyce, co-ordinator, Armor Plate 
Products, Carnegie-Illinois Steel Corp., Homestead Steel Works, Mun- 
hall, Pa. 

The authors are to be commended both for the work they have performed 
and for the splendid presentation of their results. Coming so soon after the 
excellent paper presented by Hollomon earlier this year, the current paper very 
ably keeps attention focussed on the temper brittleness problem. 

The authors’ suggestion that the practice of observing the type of fractures 
be adopted generally merits consideration. We have been following this prac- 
tice for many years and believe that it is worthwhile. In fact, in certain lines 
of work, we generally place more significance on the fracture appearance than 
on the energy figures reported. 

This paper is of more than usual interest tio 3 me because of the compositions 
Pellini and Queneau used for their experiments. While temper brittleness has 
long been associated with nickel-chromium steels the importance of manganese 
as being a large factor relative to susceptibility to this phenomenon has been 
gaining attention during recent years. The reported results of experimental 
work on a steel containing 1.64% manganese may be a distinct aid in evaluating 
the effect of manganese on susceptibility to temper brittleness. 

In this connection I would like to report the results of an experiment with 
which I was concerned during the war. In the course of the development of a 
composition for heavy forgings we set out to determine the effect of manganese 
on susceptibility to temper brittleness. Small induction furnace heats of the 
following compositions were cast. 


Heat C Mn Ni Cr Mo 
964 0.18 0.21 4.00 2.05 0.62 
961 0.21 0.39 4.15 2.28 0.53 
962 0.19 0.65 3.98 1.99 0.58 
963 0.18 0.83 3.98 1.98 0.60 


Note that the carbon, nickel, chromium and molybdenum were held reason- 
ably constant; only the manganese varied. 

V-notch Charpy impact specimens were prepared from 5-inch square bars 
of each composition after austenitizing at 1700F (925C) for 1 hour, oil 
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quenching cold, tempering 4 hours at 1110 F (600C) te a hardness of Rock- 
well C-30, water quenching one set of bars after the tempering treatment and 
furnace cooling 160 F (70 C)/hour a duplicate set of bars after the tempering 
treatment. The results of impact tests at various temperatures are tabulated be- 
low and shown graphically in Figs. A to D inclusive. 


Impact Strength—Foot-Pounds 


Cooling from 


Tempering Hardness 
Heat Treatment Re 
964 Water-Quenched 29.5 
964 Furnace-Cooled 30.0 
961 Water-Quenched 29.5 
961 Furnace-Cooled 30.0 
962 Water-Quenched 30.0 
962 Furnace-Cooled 30.5 
963 Water-Quenched 30.0 Tae 
963 Furnace-Cooled 30.5 43 F 
F = Fracture—All Fibrous. 


FG = Fracture—Mostly Fibrous. 
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G = Fracture—All Grain. 


Temperature of Test 
Cc 


—40C 


“eee ee 
+e eee 


—73C 
50 F 
47 F 
55 F 
23G 
46 F 


42 GF 





156 TRANSACTIONS OF THE 4. S. M. Vol. 39 


It will be noted that plotting the impact strength values as a function of 
test temperatures makes the effect of manganese readily evident. Although test 
temperatures were not carried low enough in all cases to produce a grain frac- 
ture, the indicated transition temperatures, i.e., the lowest test temperature at 
which the impact fractures were all fibrous, varies directly with the manganese 
content (Fig. E). 

In view of these results this writer suggests that the manganese content of 
alloy steels, such as those discussed herein, should be held below 0.30% to mini- 
mize temper brittleness. Obviously, holding the manganese content below 0.30% 
does not insure freedom from temper brittleness but the susceptibility to temper 
brittleness is definitely lessened to the point that the addition of molybdenum 
may insure freedom from this phenomenon as measured by V-notch Charpy 
impact tests at temperatures as low as —73C. 

Written Discussion: By J. M. Hodge, Research and Development 
Division, Carnegie-Illinois Steel Corp., Pittsburgh. 

Any metallurgist, who has been unfortunate enough to be concerned with the 
development of optimum properties in heavy sections, sooner or later realizes 
that his two major problems are hardenability and temper brittleness. And, as 
the authors point out, the greatest of these is temper brittleness. Thus, to be 
more important than hardenability, temper brittleness is certainly a rather im- 
portant thing. Nor is its importance confined to heavy sections. It has become 
customary to avoid the well-known brittle range at 600 F in tempering, but there 
are a great many alloy steel parts which are tempered at 900 to 1100 F (480. to 
595 C), rather than at higher temperatures, in order that a relatively high 
strength and fatigue life may be maintained. The dangers inherent in such a 
procedure, if the steel happens to be one which is susceptible to temper brittle- 
ness, are well illustrated by the experimental results presented in the paper. 
The same danger is present in hot forming operations or in stress relieving 
treatments after welding, for instance. Thus, the susceptibility to temper brittle- 
ness must be given serious consideration in the choice of a steel for use at the 
higher strength levels. 

In addition to its importance, temper brittleness has long been an extremely 
fascinating mystery. It is, therefore, very gratifying to have some of this mys- 
tery dispelled in such a positive manner by the logical and carefully, planned 
experimentation reported by-the authors. The information on the effect of mi- 
crostructure is particularly pertinent and clarifies what has been a conjectural 
point. It is interesting to note, in this connection, that the temper-embrittled, 
tempered martensitic steel is less tough, i.e., has a higher transition temperature, 
than any of the microstructures studied in the unembrittled steels except 100% 
pearlite. Thus, in this steel, temper brittleness is definitely a more important 
factor than hardenability. 

The evidence as to the comparative effects of temper brittleness in pearlitic 
and tempered martensitic materials would, however, have been much more con- 
clusive if the impact curves for the tempered martensitic materials could have 
been carried to lower temperatures, so that the transition temperatures could be 
directly compared. As it is, the pearlite values are all within the transition 
range, that is, they all show grain fractures, while the tempered martensite sam- 
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ples are all fibrous as unembrittled and range from fibrous to grain as embrittled. 

Considering the experimental results more specifically, the following ques- 
tions arise. which I would like to refer to the authors: 

1. Would they care to speculate as to the factors involved in the obviously 

greater susceptibility to temper brittleness exhibited by Steel B? 

2. In the authors’ opinion, would the time of retempering at 950 F (510 C), 
required to obtain a trace of grain in the fracture of the V-notch Charpy 
impact test at —60F after prior quenching and tempering to tempered 
martensite at Rockwell C-25, furnish a satisfactory criterion of the 
susceptibility to temper brittleness? 

3. Was it definitely ascertained that the low impact values at the longer 
tempering times in the case of the high manganese-molybdenum steel, as 
illustrated in Fig. 5, did not result from the formation of austenite and 
subsequent transformation to martensite on cooling? 

4. Have the authors any explanation of the greater degree of embrittlement 
on continuous cooling as compared with isothermal treatment in Steel B? 

Written Discussion: By Thomas G. Foulkes, assistant engineer of 
tests, Bethlehem Plant, Bethlehem Steel Co., Bethlehem, Pa. 

The authors are to be complimented on having devised a very effective 
means of studying temper brittleness. In subjecting specimens to isothermal 
development of temper brittleness followed by impact testing at a subzero tem- 
perature, the authors bring out clearly the temperature range over which em- 
brittlement of a given steel occurs, the effect of time at various temperatures 
_on the degree of embrittlement and the effect of temperature on the rate of 
embrittlement. 

We are all familiar with the fact that impact; resistance can be improved in 
material susceptible to temper brittleness by liquid quenching from the temper- 
ing temperature where this temperature is sufficiently high, for example above 
1100 F (595 C). An instance is recalled where parts of the following typical 
composition gave 15 foot-pounds Charpy impact when tempered at 1260 F 
(680 C) and air-cooled. The same parts reheated to 1150 F (620 C) and water- 
quenched exhibited 70 foot-pounds Charpy impact with no change in tensile 
properties or hardness. 


C Mn Ni Cr 
0.55 0.45 3.60 2.25 


As another example 3-inch bar stock of the following composition failed 
to meet the minimum of 40 foot-pounds Izod impact required by the purchaser 
when air-cooled from the tempering temperature of approximately 1150 F 
(620 C). However, when the bar stock was water-quenched from the tempering 
temperature the required impact value was easily obtained. 


C Mn Ni Cr 
0.32 0.65 2.85 0.95 


It may be interesting to note that the addition of 0.08% molybdenum to the 
above composition was sufficient to enable obtaining satisfactory impact values 
by air cooling from tempering instead of water quenching. 
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The authors’ work gives rise to the thought that precautions should be 
taken to avoid temper brittleness in high alloy steels subjected to differential 
heating for hardening. While those areas to be hardened would be heated above 
the critical temperature, it would appear that the portions desired unhardened 
should be heated below the critical temperature but above 1100 F (595), or 
preferably above 1150 F (620C), and the part liquid-quenched all over. 

This work also appropriately reminds us that, in adopting compositions of 
greater hardenability to obtain through hardening in larger masses, we may be 
increasing the sensitivity of such materials to temper brittleness. This possi- 
bility deserves consideration where embrittlement may be an important factor 
in the service performance of a particular part. 

It is hoped that the authors will continue their investigations to determine 
the correlation between chemical composition and susceptibility to temper brit- 
tleness. 

Written Discussion: By John H. Hollomon, research metallurgist, 
General Electric Research Laboratory, Schenectady, N. Y. 

It is gratifying to have these results of a further investigation of the phe- 
nomenon of temper brittleness. This paper represents a real contribution to the 
further understanding of this complex transformation.’ It is pleasing to note 
that the authors have found evidence of temper brittleness at temperatures nearly 
as high as the Ac:. Recent experiments indicate that when nitrogen is reduced 
to amounts less than the limits of present chemical analysis methods (approxi- 
mately 0.002%), temper brittleness of the steel persists. However, the presence 
of the transformation appears to be associated with carbon. Thus, these recent 
experiments also confirm the notion that carbon is connected with the phenom- 
enon. If this be so, the practical problem of obtaining high hardenability in 
steels without excessive temper brittleness appears even more difficult. Experi- 
ments to definitely establish the cause of the brittleness are being carried out. 

One of the conclusions of this paper will bear further investigation. By 
comparing the shift in transition temperature due to a constant embrittling treat- 
ment for steels of differing structures, the authors conclude that temper brittle- 
ness develops more rapidly in fully hardened than unhardened steels. It is 
quite possible that this conclusion, that the shift in transition temperature is 
greater for tempered martensitic than for tempered unhardened steel, is not 
warranted. The transition temperatures themselves are quite different and a 
given amount of transformation might not, and probably does not, give the same 
shift in transition temperature. What is actually changing is the difference be- 
tween flow and fracture curves and the effects of temperature upon this differ- 
ence may be different at various temperatures. The conclusion that the rate of 
development of temper brittleness in steels of varying structure is different can 
only be drawn at present if the unembrittled transition temperatures are the same 
(and this is not possible for tempered martensitic and tempered unhardened 
specimens). When an absolute measure of the extent of the transformation that 
causes brittleness is developed, this subject could be further investigated. 

Written Discussion: By L. D. Jaffe, Watertown Arsenal, Watertown, 
Mass. 

It is a pleasure to see this new and fine addition to the few American papers 
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on temper brittleness—a very important problem in alloy steels which has re- 
ceived surprisingly little attention in the United States. 

There is no theoretical basis for assuming that temper embrittlement cannot 
take place over 1110 F (600C). It is necessary, however, to examine closely 
evidence of temper embrittlement at higher temperatures, because Vidal’ has 
found that at times greater than 1 hour at 1070 F (575C) temper brittleness 
decreases through “overaging”. At higher temperatures one would expect this 
to occur much more rapidly. The report in the present paper that embrittlement 
continues to increase up to 32 hours at 1150 F (Fig. 4) and 57 days at 1200 F 
(Fig. 5) thus seems to be in contradiction to Vidal’s results. It is true that the 
compositions, hardness, and perhaps microstructures were different, but a de- 
tailed examination of the authors’ results seems in order. 

During the “tempering” of Steel B at 1300 F (705 C), austenite presumably 
formed locally. From equilibrium considerations, this austenite would be high 
in carbon, and probably also in manganese, nickel and chromium. It is likely, 
then, that much of this austenite would remain after the 3-hour hold at 1200 F 
(650 C) and subsequent cooling to room temperature. When reheated to 1150 F 
(620 C), the austenite would eventually transform to pearlite, lowering the im- 
pact energy and introducing “grain” in the fracture. This, rather than temper 
brittleness, might account for the observed behavior of Steel B after holding at 
1150 F (620C). 

There are at least two possible explanations, other than temper brittleness, for 
the decrease in impact energy observed when the 0.09% carbon, 4.53% manganese, 
0.93% molybdenum steel was tempered at 1200 F (650C). First, with this low 
carbon content, growth of ferrite grains would occur at 1200 F (650C), pre- 
sumably lowering the impact energy. Second, 1200 F (650C) is almost cer- 
tainly above the lower critical temperature for a steel of this high manganese 
and low carbon content. The authors do not explain how they obtained the 
figure of “about 1250 F” for the lower critical; presumably the figure would not 
be applicable unless isothermal treatments of many hours were used for the de- 
termination. If 1200 F was above the lower critical, austenite would eventually 
form at this temperature. Upon subseauent quenching to room temperature, 
part of the austenite would transform to untempered martensite, which might 
be expected to decrease the impact energy. The introduction of these small 
amounts of martensite might not increase the hardness because of the simulta- 
neous introduction of untransformed austenite and the simultaneous tempering 
of the other microconstituents present in large amounts. 

The authors’ finding that tempered pearlite and high-temperature bainite 
are less susceptible to temper brittleness than are tempered martensite and low- 
temperature bainite must perhaps be accepted with some caution. The impact 
energy versus test temperature curves for the tempered martensite and low- 
temperature bainite (Fig. 9) did not ‘fall off very much, for the unembrittled 
state, even at the lowest test temperatures used. A numerical value for the 
shift in these curves caused by temper brittleness is therefore difficult to deter- 
mine accurately. 

In their discussion of previous work the authors indicate that the effect of 


_ 2G. Vidal, “Temper Brittleness of Chromium, Molybdenum and Tungsten Steels” 
(in French), Revue de Metallurgie, Vol. 42, 1945, p. 149-155. 
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vanadium, phosphorus and large amounts of molybdenum on temper brittleness 
is uncertain. French work which has recently become available in this country 
seems to show that the effect is to increase somewhat the susceptibility to tem- 
per brittleness.” * 

Written Discussion: By N. A. Matthews, works metallurgist, Electro- 
Alloys Division, American Brake Shoe Co., Elyria, Ohio. 

The authors have presented information on a subject which is of paramount 
importance to the problem of obtaining a maximum combination of strength and 
toughness in heavy sections of heat treated steel. 

It would be rational to expect an effect of type composition on the tem- 
perature at which temper brittleness develops at a maximum rate and perhaps 
(depending upon the nature of the precipitate causing the embrittlement) on the 
maximum temperature at which it will develop. However, it is unfortunate that 
one of the steels studied (Steel B) necessitated a double tempering treatment 
to obtain a hardness comparable to that of the first steel described (Steel A) and 
that one of the tempering temperatures exceeded the Ac: temperature by an 
undetermined amount. The manner of handling the specimens between the 
1300 F (705C) and the 1200F (650C) temperatures was not completely de- 
scribed. However, if the specimens were cooled from 1300 to 1200F directly 
it would be expected that some austenite remained after the 3 hours at 1200 F. 

Whether or not this austenite completely transformed to martensite upon 
quenching from 1200 F is a matter of conjecture. If it did not, it would be ex- 
pected to transform to pearlite upon subsequent tempering at temperatures above 
1000 F (540C) and below Ac:, during the isothermal embrittling treatments 
which were longer than approximately 5 hours. It is, therefore, suggested that 
there may be a structure variable present which has confused the issue somewhat. 

Similarly in the case of the high manganese-molybdenum steel it is possible 
that the progressive lowering of the impact strength with tempering time in ex- 
cess of 1%4 hours at 1200F reflects the transformation to ferrite and pearlite of 
austenite which remained after cooling from the prior austenitizing temperature. 

It appears that this question, which is of vital importance, must be resolved 
by further experimentation on steels which are tempered at temperatures safely 
below the Ac:. Limited experience with steels approaching the analysis of Steel 
B indicates that no embrittlement may be expected at temperatures above 1100 F. 


Authors’ Closure 


The authors appreciate the amount of discussion brought forth by this paper. 
The data furnished by Mr. Joyce are most interesting and they clearly demon- 
strate the major effect of manganese on the development of temper brittleness. 

In answer to the questions of Mr. Hodge, it is believed that the difference 
in susceptibility to temper brittleness of Steels A and B can be ascribed in large 
part to the difference in manganese content—0.23 and 1.64% respectively. 

Question 2—The use of an isothermal treatment at 950 F (510 C) as a test 
for determining the susceptibility to temper brittleness of a given steel would be 
satisfactory for control purposes if the approximate transition curve for the non- 


8H. Jolivet and G. Vidal, “Value of the Resilience Test for the Study of Temper 
Brittleness” (in French), Revue de Metaliurgie, Vol. 41, 1944, p. 378-388, 403-408. 
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embrittled steel is known. Without this information, it is not possible to select 
the temperature for the impact tests. For many steels, a Charpy impact test at 
—60 F would be too low for a sensitive test of embrittlement. 

Question 3—The possibility of the formation of austenite in the manganese 
molybdenum steel on tempering at 1200F (650C) was carefully considered. 
The lower critical of this steel is believed to be approximately 1250 F as deter- 
mined by hardness measurements, and no evidence of the formation of austenite 
below 1250 F was found by either metallographic examination or X-ray studies. 

Question 4—The data are too limited to furnish an explanation for the 
apparently greater rate of embrittlement of Steel B on continuous cooling 
than on isothermal treatment. 

The additional data furnished by Mr. Foulkes emphasize the importance 
of temper brittleness in the heat treatment of heavy sections and support the 
contention of the authors that susceptibility to temper brittleness rather than 
hardenability is the major factor in determining the alloy content of steels to be 
used in these heavy sections, 

The point raised by Mr. Hollomon on the shift in transition temperature 
with microstructure is well taken. The data are qualitative, and must remain 
so until an absolute measure of temper brittleness is developed. Regardless of 
whether the low temperature products of transformation are, or are not, some- 
what more susceptible to temper brittleness, the effect of microstructure is small 
and it is well-to note that a quenched and tempcred sample has a higher impact 
energy after embrittlement than a pearlitic sample without embrittlement. 

In regard to the question raised by Mr. Jaffe and Mr. Matthews on the 
double tempering treatment of Steel B, all samples were quenched in water 
after both the 1300 and 1200 F (705 and 650 C) draws, and therefore no austenite 
was present in Steel B to transform to pearlite during the isothermal treatments. 
As stated in the paper, the double tempering treatment was used to minimize 
the time that Steel B had to be held at 1200F prior to isothermal tempering 
to develop embrittlement. Since noticeable embrittlement occurred after hold- 
ing 4 hours at 1150 F, a holding time of 36 hours at 1200F could well have 
embrittled all of the Charpy impact samples prior to the embrittling treatments. 

There is little doubt that temper embrittlement can occur in alloy steels at 
a temperature over 1100 F and in fact at temperatures up to the lower critical 
temperatures of the steels. Confirmation of these results is found in the paper 
on “A Metallographic Etchant to Reveal Temper Brittleness in Steel” by Cohen, 
Hurlich and Jacobson presented at the 1946 ASM Convention. A clear indica- 
tion of embrittlement occurred in their steel at 1150 F after only 8 minutes at 
temperature. 








PRACTICAL IMPORTANCE OF HYDROGEN IN 
METAL-ARC WELDING OF STEEL 


By S. A. HErRREs 
Abstract 


Hydrogen derived principally from ingredients in the 
electrode coating is absorbed by molten weld metal. Poros- 
ity, caused by the trapping of gas bubbles in the solidified 
weld metal, is ordinarily controlled by the relative con- 
tents of hydrogen, oxygen, carbon, and silicon in the weld 
metal. The effects of water vapor in controlling porosity 
and of hydrogen-sulphur or hydrogen-selenium reactions 
in producing porosity are illustrated. 

Hydrogen retained in solution in solid weld metal 
may cause localized or general embrittlement. Hydrogen 
diffusing into the weld heat-affected zone of alloy steels 
may cause severe embrittlement and cracking in this zone. 
It 1s shown that the degree of hydrogen embrittlement ts 
dependent upon the microstructure of the steel and the 
rate and temperature of straining. Hence, embrittlement 
probably is caused by a precipitation reaction during 
straining. 

Methods for determining the specific effects of hydro- 
gen-produced porosity and embrittlement on the strength 
and cracking susceptibility of welds made with a given 
electrode and welding procedure are discussed. The need 
for further research to establish the specific influences of 
carbon and oxygen content and microstructure of steel on 
hydrogen embrittlement ts stressed. 


INTRODUCTION 


HE development of coated electrodes made metal-arc welding 
a practical means of fabricating plain carbon and low alloy steels 
and played a great part in shaping industrial history during the past 
few years. Electrode coatings contain various proportions of com- 
bustible materials (usually cellulosic) and fluxing ingredients to form 
envelopes of reducing gases and slag blankets to protect weld depos- 


The statements or opinions expressed in this article are to be considered those of the 
author and do not necessarily express the views of the Ordnance Department. 





A paper presented before the Twenty-eighth Annual Convention of the 
Society held in Atlantic City, November 18 to 22, 1946. The author, S. A. 
Herres, is captain, Ordnance Department, Watertown Arsenal Laboratory, 
Watertown, Mass. Manuscript received June 20, 1946. 
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its from the excessive oxidation and nitridization, which make bare 
rod deposits excessively brittle. 

From combustible hydrocarbons or absorbed and combined mois- 
ture in the electrode coatings, a large quantity of hydrogen is intro- 
duced into the arc atmosphere. Molten weld metal can and often 
does absorb well over 0.003% (by weight) of hydrogen. 

Hydrogen is important in metal-arc welding because of its 
behavior : 

1. As a reducing gas in the welding arc atmosphere. 

2. As an element which may take part in chemical reactions and 
produce gaseous products within the molten weld metal. 

3. As an agent of local or general embrittlement when it is 
retained in the solid weld metal. 

4. As an agent of embrittlement of the weld heat-affected base 
metal. 

If the weld metal or heat-affected base metal are sufficiently 
embrittled by hydrogen, they may crack when subjected to welding 
stresses or external load. 


EFFECTS OF HypROGEN DuRING SOLIDIFICATION OF WELD METAL 


If pure molten iron is saturated with hydrogen and then cooled 
slowly in contact with hydrogen gas at ohe atmosphere of pressure, 
the hydrogen in the iron will diffuse to the surface and maintain 
equilibrium with the gas so that the content of hydrogen is as given 
by Fig. 1 (1). If cooling is rapid, hydrogen may be retained in 
the iron as a supersaturated solution in the solid iron. 

It has been shown that hydrogen alone does not form bubbles 
in steel but under certain conditions may segregate and precipitate 
to produce voids at the dendritic interstices during solidification (2). 

In molten steel the hyrdogen content may be and generally is 
reduced below the solubility limit by the chemical reaction, 2H + 
O = H,O, but the oxygen content is also influenced by reactions 
with other elements of which carbon and silicon are most important 
to the welding process. 

Considerable fundamental data are available for equilibrium con- 
ditions and reaction rates in molten steel and noteworthy efforts to 
apply this knowledge to metal-arc welding are being made, particu- 
larly by British investigators (3), (4). Gas reactions during metal- 
arc welding are extremely important; first, because they contribute 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 1—Solubility of Hydrogen Gas in Iron at 1 
Atmosphere Pressure (Ref. 1). 


to an explanation of the mechanism of metal transfer across the arc 
and the contour of the resultant deposit (5); second, because the 
products of the reactions may be trapped by the weld metal during 
solidification and affect the soundness and mechanical properties of 
the weld metal; and third, because they control the amount of car- 
bon, hydrogen, silicon and other elements dissolved in the weld metal. 

Porosity in weld metal is usually initiated by one of the follow- 
ing two reactions: 


FeO + 2H = H.0 + Fe Equation 1 
FeO + C=CO+ Fe Equation 2 


If hydrogen is present in the weld metal, the first reaction will 
continue until either the hydrogen or oxygen has been reduced to 
an appropriately low value approaching the equilibrium condition 
shown in Fig. 2 (3). If the oxygen content of the molten metal 
is sufficiently high, reactions with silicon or carbon will take place 
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Fig. 2—Solubility of Bysreeee in Liquid Iron in 
the Presence of Dissolved FeO (Ref. 3). 


and proceed toward their equilibrium conditions (represented for the 
temperature of 2900 F (1595) in Fig. 3) (1). 

It is, therefore, apparent that porosity may be caused by either 
CO or H,O gases, depending upon conditions as follows: 

If weld is deposited under oxidizing conditions as in weld made 
with bare rod or with coated electrode high in FeO, the weld deposit 
will be high in oxygen and low in hydrogen. When the silicon reserve, 
if any, is oxidized, then CO gas may be produced and cause porosity 
(Fig. 4a). This condition is analogous to the cause of blowholes 
in rimming steels (6). 

If weld is deposited in an atmosphere of hydrogen as in weld 
made with electrode heavily coated with cellulose-containing ingredi- 
ents, the weld deposit will be high in hydrogen and low in oxygen. 
Hydrogen will react with oxygen to produce water vapor but the 
reaction should soon approach equilibrium and the porosity be slight 
(Fig. 4b). However, if the molten weld metal should absorb oxy- 
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Fig. 3—Comparison of Deoxidizing Powers of 
Severe Elements at 2900 F (1600C) (Ref. 1). 


gen, as from scale or rust on the base metal, a large amount of 
local porosity may be produced by the water vapor reaction (Fig. 4c). 
This condition is analogous to the cause of pinhole porosity in steel 
castings (2). 

If the weld is deposited under conditions where weld metal is 
high in both oxygen and hydrogen as in welds made with electrodes 
having coatings containing both cellulose and iron oxide, porosity will 
be produced by increased activity of the water vapor reaction (Fig. 
4d). 

An electrode coating of the all mineral lime-base type, if it does 
not contain combined or absorbed moisture, will produce weld metal 
low in hydrogen but relatively high in oxygen because of tine oxidizing 
effect of CO, from the breakdown of CaCO, in the coating. Porosity 
of this weld metal will be caused by the FeO + C = CO + Fe reac- 
tion. 


It is now appropriate to consider the effect of moisture in the 
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Fig. 4—Porosity in Ferritic Weld Metal. (See Table I. (a) X-ray positive of 
weld made with bare ferritic electrode. (b) X-ray positive of weld made with E-6020 
electrode.. (c) Fracture surface through throat of fillet weld showing local porosity 
‘“‘wormholes”. X< 2. (d) X-ray positive of weld made with E-6012 electrode. 


electrode coating. Moisture may be present in either of two forms: 
(a) absorbed moisture which may be driven off by heating the elec- 
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trode at temperatures above 212 F; or (b) combined moisture which 
is not given off until the electrode is heated to relatively high tempera- 
tures. Both absorbed and combined moistures enter the arc atmos- 
phere where they react with the molten weld metal and tend to estab- 
lish the equilibrium shown for the temperatures 2820 F (1500C), 
2910 F (1600 C), and 3090 F (1700 C) in Fig. 2 (3). The solubility 
of hydrogen in iron under an atmosphere of hydrogen gas is propor- 
tional to the square root of the gas pressure, and Fig. 1 only repre- 
sents the solubility of hydrogen in iron for equilibrium with hydrogen 


Table I 
Data in Reference to Fig. 4 


Fig. 4a—6-inch butt weld in %4-inch thick mild steel plate. 
45° single vee, 44-inch root gap. 

vs-inch diameter bare ferritic e ode. 

3 layers, 1 seal bead; 185 amperes, 18 volts, D.C. Str. pol. 
200 F max. interpass temperature. 

Fig. 4b—6-inch butt weld in %-inch thick mild steel plate. 
45° single vee, %-inch root gap. 

fe-inch diameter E-6020 electrode. 

3 layers, 1 seal bead; 195 amperes, 26 volts, D.C. Str. pol. 
200 F max. interpass temperature. 


Fig. 4c—6-inch single pass fillet weld in 0.48% carbon medium alloy steel. : 
feinch diameter, 1.91% Mn-0.40% Mo medium alloy lime base mineral coated ferritic 


electrode. 
240 amperes, 22 volts, D.C. Rev. pol. 
Fig. 4d—6-inch butt weld in %4-inch thick mild steel plate. 
45° single vee, %-inch root gap. 
ys-inch diameter E-6012 electrode. 
3 layers, 1 seal bead; 190 amperes, 20 volts, D.C. Str. pol. 
200 F max. interpass temperature. 


Arrow for centering purposes only. 


gas at a pressure of one atmosphere. For iron in contact with water 
vapor a very high surface concentration of hydrogen is produced by 
the reaction Fe + H,O = FeO + 2H, which is increasingly active 
at temperatures above 600 F. Therefore, the amount of hydrogen 
in solution in iron under an atmosphere of both hydrogen gas and 
water vapor is much higher than that for the conditions represented 
in Fig. 1. Furthermore, under nonequilibrium conditions, the oxide 
may be retained at the surface in the slag or in nonmetallic inclu- 
sions, and the hydrogen content of the steel will also be far in excess 
of the amount for equilibrium conditions with FeO as indicated by 
Fig. 2. 

The effect on weld metal porosity of moisture content of an 
electrode coating, which does not contain other hydrogen-producing 
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~~ 5—Effect of Moisture on Porosity of Butt Welds Made with Electrode Having 
Lime Base Mineral contin. (See i Il.) (a) X-ray positive of weld made _ with 


electrode heated before ng to drive off all moisture—some porosity. (b) X-ray 
positive of weld made with electrode as received—low moisture content—very little po- 
rosity. (c) X-ray positive of weld made with electrode humidified for 48 hours—high 
moisture content—much porosity. 


ingredients, may be predicted as follows: A small amount of mois- 
ture will decrease the oxygen content and stop the reaction of carbon 
and oxygen in the weld metal but will give insufficient hydrogen to 
cause a large amount of porosity by the reaction of hydrogen and 
oxygen in the weld metal. Greater amounts of moisture will provide 
both oxygen and hydrogen in the weld metal and a large amount of 
porosity may result from the oxygen-hydrogen reaction. This pre- 
diction corresponds to observation of the effect of increasing mois- 
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Table Ii 
Data in Reference to Fig. 5 


Welding Data for Butt Welds 

Base Metal: 6 x % x 3-inch sections of mild steel plate. 
Electrode: 1.91% Mn-0.40% Mo medium alloy ferritic electrode—,-inch diameter. 
Joint Design: 45° single vee, %4-inch root gap. 
No. of Passes: 

Weld 5a—4 layers, 1 seal bead; 230 amp., 26 V. 

Weld Sb—3 layers, 1 seal bead; 235 amp., 24 V. 

Weld 5c—5 layers, 1 seal bead; 220 amp., 28 V. 


Max. interpass temperature: 200 F. 


Electrode for weld 5a heated at 1200 F for 1 hour and allowed to cool to room tempera- 
ture prior to welding. 


—— for weld 5c exposed to humidified atmosphere of 100% humidity at 90 F for 48 
rs. 


Arrow for centering purposes only. 


ture in mineral (lime or lime-titania base) coated electrodes, the 
amount of porosity being at a minimum for a critical moisture con- 
tent (Fig. 5). 

During an investigation of repair welding of a steel casting 
containing selenium, it was found that welds made with electrodes 
which give weld metal high in hydrogen were extremely porous, while 
welds made with electrodes which give weld metal low in hydrogen 
were not porous (Figs. 6a and b). Steels high in sulphur content 
were then checked and found to behave similarly (Figs. 6c and d). 
It seems evident that the porosity in these two steels is caused by 
reactions of hydrogen with selenium and sulphur respectively. Fig. 
7 shows the equilibrium conditions for the reaction H, +S = H,S at 
a temperature of 2800 F (1540C) (1). 

The nitrogen content of weld deposits does not exceed the solu- 
bility limits, except possibly in welds made with bare or high chro- 
mium stainless electrodes, and is, therefore, not an important source 
of porosity. Hydrogen, as previously mentioned, does not form bub- 
bles in liquid steel. However, a bubble formed in molten steel by the 
CO or H,O reaction has a zero partial pressure for H, and N,, and 
these gases will rapidly diffuse into such bubbles in an effort to estab- 
lish equilibrium. This is the principle of degassing molten metal baths. 

The large amount of hydrogen diffusing into blowholes during 
cooling and solidification accounts for the reducing character of gases 
trapped in gas holes initiated by H,O and also explains the “worm- 
hole” or elongated appearance of such cavities (see Fig. 4c), because 
the continued evolution of hydrogen into the gas hole causes it to 
grow during solidification. 
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Fig. 6—Effect of Hydrogen on Porosity in Steels Containing Sulphur and Selenium. 
(a) Single bead deposited with electrode having cellulosic coating on steel containing 
selenium. (b) Single bead deposited with electrode having lime base mineral coating 
on steel containing selenium. (c) Single bead deposited with electrode having cellulosic 
coating on steel containing high sulphur (SAE 1112). (d) Single bead deposited with 
electrode having lime base mineral coating on steel containing high sulphur (SAE1112). 


The effect of gassing reactions and diffusion of hydrogen into 
gas holes during solidification is, of course, extremely important in 
controlling the amount of hydrogen retained in solution in the weld 
metal. Of the total hydrogen dissolved in the molten weld metal, 
a function of the hydrogen derived from the breakdown of cellulosic 
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compounds and absorbed arid combined moisture in the coating (plus 
lesser contributions from hydrogen dissolved in the core wire or base 
metal, contained in ferroalloys in the coating of from atmospheric 
humidity), a part will diffuse from the surface to maintain equilib- 
rium with H, and H,O in the atmosphere; a part will be involved 
in reactions with O, or S; another part will diffuse into internal! cavi- 
ties; and the remainder will remain dissolved in the weld metal or 
will diffuse into the base metal. 


rere 
ils 


Ho S/He x 10° 


0 02 04 O06 O8 10 12 14 
Sulphur % 


Fig. 7—Equilibrium of Hs and H,S with Sulphur 


in Iron at 2800 F (1540C). (Chipman and TaLi— 
Ref. 1.) 


Hence, the amount of hydrogen which produces embrittlement 
in the solid weld is only indirectly related to the total hydrogen given 
off by the electrode. Practically, the desirable effects of hydrogen in 
reducing the oxygen content of the weld metal must be balanced 
against its undesirable effects in producing porosity or hydrogen 
embrittlement and the coating composition of a given, electrode 
adjusted accordingly. Since, at least for lime or lime--titania-base 
coatings, the moisture content of the electrode is the principal source 
of hydrogen, the baking temperature of the electrode can be used to 
control the hydrogen potential. The effect of this variable on poros- 
ity is illustrated in Fig. 5. 
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EFFECTS OF HyDROGEN ON PROPERTIES OF WELDED JOINTS 


Weld Metal Cracking. It has been shown (2) that hydrogen 
may segregate and precipitate to produce voids of crack-like appear- 
ance at the interdendritic interstices during solidification. However, 
the degree of supersaturation of hydrogen in liquid steel necessary 
to do this apparently is possible only when relatively heavy castings 
build up a high concentration of hydrogen by progressive solidifica- 
tion toward the interior. 

Ordinarily, cracking of low-alloy ferritic weld metal deposits 
during cooling occurs at the dendritic boundaries at relatively high 
temperatures. In a recent outstanding contribution to the metal- 
lurgy of welding, Reeve (7) investigated this type of cracking and 
conclusively established that it is associated with a very critical sul- 
phur content which is related to, and becomes lower, the greater the 
degree of deoxidation. Apparently the cause of cracking is an inter- 
dendritic sulphide precipitate and possibly is related to hydrogen only 
indirectly, since the degree of deoxidation increases with the hydro- 
gen content. 

In higher carbon alloyed weld deposits hydrogen embrittlement 
may occasionally cause cracking of weld metals subjected to cool- 
ing stresses. The cause of this type of weld metal cracking is the 
same as that which will be discussed for base metal cracking in a 
later section and should occur only with high strength weld metal 
deposits. 

Hydrogen As An Alloying Element. Uydrogen, as demon- 
strated in several recent investigations, is a potent alloying element 
in steel as well as cast iron (8), (9). It delays the rate of trans- 
formation of high transformation temperature carbides and, there- 
fore, promotes the hardenability. This effect should be recognized 
although the presently available data permit only generalizations. 

Hydrogen Embrittlement. The many hundreds of investiga- 
tions of the effects of hydrogen in embrittling steel have been ably 
reviewed and summarized by Zapffe and Sims (10). The role of 
hydrogen in producing general embrittlement and defects in weld 
metal has been considered by the same authors (11). There is no 
longer any reason to doubt that hydrogen does embrittle steel, but 
the effects of steel composition, strength, and microstructure on the 
degree of hydrogen embrittlement have not been adequately exam- 
ined, and the mechanism of hydrogen embrittlement has not been 
completely explained. 
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Fig. 8—The Effect of Hydrogen on Tensile Properties cf Five Steels Variously 
Heat Treated. Steel 1—SAE1020. Steel 2—SAE2320. Steel 3—0.27 C, 1.79 Mn, 
0.26 Si, 0.04 Cr, 0.29 Mo. Steel 4—0.26 C, 1.33 Mn, 0.22 Si, 0.80 Cr, 0.66 Ni, 0.20 
Mo. Steel 5—0.40 C, 0.84 Mn, 0.23 Si, 0.55 Cr, 0.48 Ni, 0.22 Mo. 


A preliminary investigation to determine the degree of embrit- 
tlement produced by hydrogen in a few steels variously heat treated 
was undertaken. The results are helpful in interpreting the practi- 
cal effects of hydrogen embrittlement and associated defects and also 
in suggesting future research on the mechanism of hydrogen embrit- 
tlement. 

The effect of hydrogen on tensile properties of five steels of 
varying carbon content and hardenability is shown in Fig.-8. Hydro- 
gen plating by electrolysis of dilute sulphuric acid was used as a 
convenient means of charging the specimen with hydrogen. The con- 
ditions of charging are given in Table III. The mechanism of 
cathodic hydrogen charging is discussed-in Smithells’ book on “Gases 
in Metals” (12), and data on the effect of some of the variables are 
given by Pfeil (13) and Zapffe and Haslem (14). 

Hydrogen plating produces a very high concentration of hydro- 
gen atoms at the steel surface. Unfortunately, no data on, the dif- 
fusion rates or hydrogen contents of the cathodically charged steels 
are available, but the hydrogen content of hydrogen-plated steel is 
far in excess of that shown in Fig. 1, which represents equilibrium 
conditions with hydrogen gas at one atmosphere of pressure. 

The important effect shown in the tests of the hydrogen-charged 
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Table Ill 
Conditions of Hydrogen Plating 
Electrolyte: "10% Sulphuric Acid 
Anode: Oxidized Lead 
Cathode: The Test Specimen 
Current Density: Approximately 4.4 Amps/SqIn. 
Voltage: 4-6 Volts 


Time of Charging: 1 Hour 


C3 No Hydrogen 
Hydrogen Piated 
&3 Heat Treated In 
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Fig. 9—Comparison Between Effects of Cathodic Hydrogen fe 
and Heat Treating in Hydrogen Furnace Atmosphere. Steel: 0.26 C, 
1.33 Mn, 0.22 Si, 0.80 Cr, 0.66 Ni, 0.20 Mo. 


tensile bars is the complete embrittlement (judged by value for reduc- 
tion in area) of fully hardened (as-quenched to martensite) steels 
when cathodically hydrogen charged. That the effect is not peculiar 
to cathodic charging was proven by testing specimens which had been 
held 1 hour at 1600 F (870 C) in a hydrogen atmosphere furnace— 
see Fig. 9. That it is not a surface effect was shown by machining 
0.1 inch from the diameter of an oil-quenched tensile bar (0.357 
inch original diameter) after it had been hydrogen plated. The 
recovery in ductility of the machined bar was less than 44 and some 
recovery due to escape of hydrogen during machining is to be 
expected. 

Another effect shown in Fig. 8 is the relatively greater embrit- 
tlement for the annealed than for the quenched and tempered speci- 
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mens, even though the former were usually of lower strength. Also, 
the 0.20% carbon-nickel alloy and plain carbon steels, which did not 
fully harden, were less embrittled when hydrogen-charged and tested 
in the as-water-quenched condition than the annealed 0.26%, 0.27%, - 
and 0.40% carbon steels. Tensile strength was not significantly 
affected by hydrogen except when embrittlement (as judged by reduc- 
tion in area) was almost complete, and then tensile strength was 
erratically lowered. Similarly, yield strength and the shape of the 
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Fig. 10—Effect of Time of Hydrogen Plating on Mechanical Prop- 
erties of Mild Steel (Ref. 15). 


stress-strain curve near the yield point were not influenced by hydro- 
gen unless embrittlement was almost complete. 

The charging time used in these experiments does not cause the 
maximum embrittlement of the quenched and tempered or annealed 
steels. However, the effect of increased charging time on normalized 
or annealed steels is known to decrease with total, time as shown in 
Fig. 10 (15), and, since complete embrittlement is not produced, it 
does not appear that the difference between the degree of embrittle- 
ment can be explained by amount of hydrogen alone. It may be 
as Rhines (16) suggests that the inward diffusion of hydrogen is 
more rapid the smaller the carbon content, but that hydrogen is a 
more effective embrittling agent in the unstable (hardened) steel; 
however, data on diffusion rates for steels of various carbon con- 
tents and microstructures are needed to clear up this point. 

The results of a few tests on recovery of ductility (after hydro- 
gen plating) on standing at normal temperatures or on slight heat- 
ing are given in Fig. 11. It is seen that the fully hardened 0.26% 
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Table IV 
Effect of Hydrogen Plating on Charpy Impact Test Values 


harpy V Notch Value, Ft-lbs\———_——_—_, 
Condition +70 F OF —20F —40 F —100 F 
37 33 28 28 22 
Not Hydrogen-Plated 33 30 - 28 21 
34 ae bg oa it 
34 28 26 29 20 
Hydrogen-Plated 30 30 oa 24 21 


33 


Steel Composition: 0.26% C, 1.33% Mn, 0.020% P, 0.015% S, 0.22% Si, 0.80% Cr, 
0.66% Ni, 0.20% Mo. 


Heat Treatment: 1600 F, 1 hr., oil quench; treated in 0.410-inch square. 


1Charpy bars were taken para’lel to principal direction of rolling (plate was cross 
rolled) and notched perpendicular to plate surface. 
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Fig. 11—Recovery of Ductility of Fully Hardened Hydrogen Embrit- 
tled Steel. Heat Treatment: 1600 F, 1 hour, oil quench. A-E: 0.26 C, 
1.33 Mn, 0.22 Si, 0.80 Cr, 0.66 Ni, 0.20 Mo. F-J: 0.40 C, 0.84 Mn, 
0.23 Si, 0.55 Cr, 0.48 Ni, 0.22 Mo. A—Broken immediately after plat- 
ing. B—Broken after standing at room temperature 2 days, C—Broken 
after standing at room temperature 7 core D—Broken after 4 hours at 
212 F. E—Broken after 4 hours at 212 F. F—Broken immediately after 
plating. G—Broken after 2 hours at 500 F. H—Broken after 2 hours at 
500 i I—Broken after 1 hour at 1100 F. J—Broken after 1 hour at 
1100 F. 


carbon steel rapidly recovers its as-quenched ductility, but that the 
0.40% carbon steel recovers its ductility only after tempering at a 
relatively high temperature. 

Tests were then made to determine the effect of hydrogen plat- 
ing on notched-bar impact test values (Table IV). Surprisingly 
enough, impact values for oil-quenched 0.26% carbon steel were not 
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affected by hydrogen. The same held true even when the plating 
time was increased from 1 hour to 16 hours, and also for bars oil- 
quenched after heating for 1 hour in a hydrogen atmosphere. How- 
ever, if the impact bars were broken by static loading, the breaking 
load and bending deflection of hydrogen-charged bars were less than 
half of that for uncharged bars. 

It was found that tensile impact bars of the same steels in the 
as-quenched condition showed a reduction of area of 10 to 20% after 
hydrogen plating, as compared with 40% reduction of area of un- 
charged bars, when broken in the impact machine. Identically treated 
H, plated tensile impact bars showed less than 1% reduction of area, 
when broken by slow pulling in a tensile testing machine. 

Next, a series of tensile tests, utilizing the lowest, medium, and 
highest rates of loading obtainable with the testing machine, were ~ 
made at +70F and —100F (bar pulled while in bath of dry ice 
and acetone). Results shown in Fig. 12 clearly indicate that the 
degree of apparent embrittlement decreases as testing temperature 
is decreased below +70 F and as rate of loading is increased. 

The most plausible explanation of the dependence of hydrogen 
embrittlement on rate of loading and temperature is that it is caused 
by a precipitation reaction during straining and that the reaction is 
limited by rate of diffusion of hydrogen. The fact that hydrogen 
embrittlement is influenced by carbide distribution may mean either 
that carbon is involved in the precipitation reaction or that the form 
of carbides influences the lattice distortion and thus the rate of pre- 
cipitation during straining. The recovery from embrittlement of 
martensitic low carbon steels is presumably due to escape of hydro- 
gen by diffusion. The higher temperature required for recovery of 
martensitic high carbon steels from hydrogen embrittlement may sim- 
ply mean that the amount of hydrogen needed to cause embrittle- 
ment is less than the amount retained in solution after low tempera- 
ture aging. 

It is difficult to reconcile the results of these tests with a suggested 
mechanism for hydrogen embrittlement by precipitation of molecular 
hydrogen into a pre-existent mosaic structure of submicroscopic rifts 
in the steel. However, it is possible that embrittlement is caused by 
such a precipitation into rifts or submicroscopic cracks, if they are 
presumed to be generated during plastic deformation of the steel. 

The hydrogen embrittlement of low carbon relatively pure iron 
is readily detected by impact testing. This may be a different type 
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of embrittlement caused by water vapor, such as the embrittlement 
encountered in copper, silver, or other metals, when incompletely 
deoxidized and exposed to hydrogen (16). This is a probable expla- 
nation of the intergranular fractures frequently observed in hydro- 
gen embrittled specimens of low carbon irons (13). In summary, it 
must be said that the mechanism of hydrogen embrittlement cannot 
be fully explained at present and information on diffusion rates as 










Hydrogen Plated 
(—] Not Hydrogen Plated 


Approximate Rate Of 
Strain 





ing 
cece £f£es 
=2== =2=2=2 
~s> ~~ SNS 
£EE £EEE 
oon wu 
300-3 6 O——_B moO 





TTT | 






100 


Tensile Strength, 1000 Psi. 
™m 
oO 
°o 


(TITITILL LALLA LA 









é 





2 | Zero Value 


en 
SS 


ested At Tested At 
+70 F -100 F 


Reduction Of Area, % 


Fig. 12—Effect of Temperature and Speed of Testing on Tensile 
Properties of Hydrogen Embrittled Steel. Steel: 0.24 C, 1.20 Mn, 0.23 
Si, 0.75 Ni, 0.90 Cr, 0.22 Mo. Heat Treatment: 1600 F, 2 hours, oil 
quench. 
a function of carbon content and distribution, as well as the influ- 
ence of prestraining on degree of embrittlement and recovery are 
particularly needed. 

Fisheyes in Weld Metals. Chyle (15) states the fact that weld 
metal (deposited by heavily coated electrodes) is saturated with hydro- 
gen immediately after welding was discovered over 17 years ago at 
the A. O. Smith Welding Laboratory. This was demonstrated by 
applying light oil to grooves in the surface of a weld deposit. Gas 
bubbles were emitted from the weld metal and could be observed 
rising through the oil to the surface for a period of several days after 
the weld was made. When the gas was collected and analyzed, it 
was found to be 99% hydrogen. 
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~~ 13—Fisheyes in Broken Weld Metal Tensile 
Bar. s-welded (Ref. 15). 


Fig. 14—Fisheyes in Broken Tensile Bar Cathodi- 


cally Charged with Hydrogen. Normalized 0.26% carbon 
medium alloy steel (Cr-Ni-Mo). 


From the preceding discussion of hydrogen embrittlement, it 
might be expected that low carbon, incompletely deoxidized weld 
metal would be subject to water vapor embrittlement and higher car- 
bon weld metal would be subject to hydrogen embrittlement. The 
latter would be quite moderate for weld deposits, ‘unless the weld 
metal was of high hardenability and cooled rapidly enough to be fully 
hardened. In this event, the embrittlement might be sufficient to 
cause severe cracking of the weld deposit when it was strained by 
cooling stresses. 














1947 METAL-ARC WELDING OF STEEL 181 





In weld deposits which are neither oxidized nor fully hardened, 
the effects of hydrogen in decreasing ductility are frequently greater 
than that which might be anticipated. This is not due to general 
embrittlement, but rather to embrittlement invariably localized around 
some defect or inclusion in the weld metal. Because of their usual 
appearance on a fracture surface, dark center surrounded by bright 
embrittled area, these localized embrittlements are usually called fish- 
eyes, Fig. 13. Fisheyes are only observed in strained metals and the 
crack in the embrittled area appears transverse to the direction of 
principal stress. 

Although the defects or dark spots in the fracture remain, the 
embrittled area is always removed and the tensile ductility of the 
weld metal improved by low temperature [200-1200 F (95-650 C) | 
reheating of the weld metal for appropriate times or even by aging 
for several days at normal temperature (11). However, once the 
fisheyes have been eliminated they may reoccur if the weld metal is 
reheated to higher temperatures and rapidly cooled. Fisheyes may 
also be produced by cathodic hydrogen charging at normal tempera- 
tures (see Fig. 14). An identical local embrittlement is observed 
around inclusions in some cast steels. It may be removed by heat- 
ing to 500 to 750 F (260 to 400 C), reoccurs after reheating to higher 
temperatures followed by cooling at a moderate speed, and may be 
produced by cathodic charging. 

It is obvious that atomic hydrogen dissolved in the iron will 
react with inclusions to form H,O and also diffuse into voids to 
form H,O gas during cooling. Since these reactions are irreversible 
at low temperatures, a very high aerostatic pressure may be built up. 
It is also obvious that hydrogen gas or water vapor will disassociate 
to provide atomic hydrogen which diffuses into the metal surrounding 
the voids on reheating to the higher temperatures at which fisheyes, 
once eliminated, reoccur. However, it does not appear that aero- 
static pressure in the voids explains fisheyes, because low tem- 
perature heating or aging at normal temperatures, which treatments 
eliminate fisheyes, would not decrease the aerostatic pressure in voids 
but might be expected instead to increase it. The elimination of fish- 
eyes by low temperature aging is probably due to decrease of hydro- 
gen content in metal around the inclusion or void by diffusion. There 
is no apparent reason why higher concentrations of atomic hydrogen 
should be built up in metal around inclusions or voids, particularly 
during cathodic charging. If anything, the concentration should be 
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lowered by irreversible diffusion into the void. 

A possible explanation of fisheyes is that they are.caused not 
by a higher concentration of hy ‘rogen around the defect but by a 
greater susceptibility of the metal around the defect to hydrogen 
embrittlement during straining either because of compositional differ- 
ences or the presence of a stress concentration. Then, low tempera- 
tT ture treatments reduce the concentration of hydrogen by diffusion 
and high temperature treatments replenish it by resolution of hydro- 
gen gas stored in the void. Our present incomplete understanding of 
the mechanism of hydrogen embrittlement, however, prevents a more: 
complete analysis. : 

Base Metal Cracking. Hardenable base metals welded with elec- 
iq trodes which have coatings containing hydrogen-producing ingredi- 
. ents tend to develop very severe cracking in the weld heat-affected- 
zone. Until recently, this type of cracking was generally believed to 
be caused by transformation stresses, and very severe limitations were 
placed on the maximum carbon content and hardenability of steels 
to be fabricated by welding. Following the lead given by Zapffe 
and Sims’s demonstration (11) of the importance of hydrogen on 
weld metal defects, investigations by the Armament Research Depart- 
ment of the British Ministry of Supply (17) and Watertown Arsenal? 
(18) conclusively demonstrated that this type of base metal cracking 
did not occur when the hydrogen content of the weld metal was sub- 
stantially reduced. 

Fig. 15 illustrates the appearance of base metal cracks (often 
called underbead cracks) caused by hydrogen. Fig. 16 illustrates the 
effect of variations in electrode coating type and treatment (to con- 
trol the amount of hydrogen dissolved by the weld metal according 
to principles discussed in a preceding section) on the occurrence of 
underbead cracks as observed for single bead deposits on a 0.26% 
carbon medium alloy steel. It may be noted in Fig. 15 that the cracks 
under a single bead are frequently discontinuous, and the ratios under 
each bead in Fig. 16 represent the number of cracked sections observed 
for the total number of sections examined in this test. 

The explanation of underbead cracks seems to be that hydrogen 
diffuses from the weld metal and produces an embrittled zone in the 
weld heat-affected base metal, which may also be hardened by rapid 
cooling. As demonstrated in the preceding discussion of hydrogen 
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2The English investigation antedates the Watertown investigation, but the results of 
the British studies were not known in this country at the time of publication of the 
Watertown results. 
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Fig. 15—Root Crack System Under a Single Weld Bead on a 0.40 Carbon Alloy 
Steel Plate. 


embrittlement, fully hardened steel is almost completely embrittled by 
a small amount of hydrogen and, therefore, must crack when strained 
by thermal contraction stresses. 

There are then three significant variables which determine 
whether or not underbead cracking will occur: 

1. Amount of hydrogen, which diffuses from the weld metal 
into the weld heat-affected base metal. This is largely controlled by 
the electrode coating. 

2. Degree of hardening of the weld heat-affected base metal, 
which is controlled both by carbon and alloy content and prior struc- 
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Fig. 16—See Table V. 


ture® as well as rate of cooling. When light base metal sections, rela- 
tively high weld heat inputs, or preheat and high interpass tempera- 
tures are involved, the rate of cooling may be sufficiently slow to 

*Hoyt, Sims, and Banta (19) have discussed the effect of prior structure of the base 


metal as determined by, the manufacturing and thermal history on hardenability and sus- 
ceptibility to underbead cracking. 





1947 METAL-ARC WELDING OF STEEL 185 


Table V 
Data in Reference to Fig. 16 


Single Beads Deposited on 0.26% Carbon Medium Alloy Steel to Illustrate Relation 
Between Hydrogen Content of Electrode Coating and — Toward 
Underbead Cracking. 


Bead 1 deposited with electrode as received. 

Bead 2 deposited with electrode heated for 1 hour at 400 F. 

Bead 3 deposited with electrode heated for 1 hour at 600 F. 

Bead 4 deposited with electrode heated for 1 hour at 1000 F. 

Bead 5 deposited with electrode as received. 

Bead 6 deposited with electrode humidified* for 24 hours. 

nae eee with electrode humidified* for 24 hours and then heated for 1 hour at 

ane S deposited with electrode heated for 1 hour at 400 F and then humidified* for 24 
ours. 


Ratios under each bead represent the number of cracked sections observed for the total num- 
ber of sections examined in this test. 


Electrode Amp. Volts Electrode Amp. Volts 

E-10010 175-195 23-28 Med. Alloy Ferritic 210-220 26 
(1.60% Mn-0.30% Mo) 

E-9020 180-200 22-27 Med. Alloy Ferritic 200-225 24-28 
(1.80% Cr-0.42% Mo) 

E-6012 180-200 20-23 Low Alloy Ferritic 190-205 26-28 


Travel Speed: 8 in./min. 
Plate cooled to room temperature between each bead. 
Electrode cooled to room temperature before welding or humidifying. 


Plate allowed to stand at room temperature 22 hours after deposition of last bead; then 
stress-relieved for 1 hour at 1100 F., air-cooled, sectioned with abrasive wheel and 
etched in hot acid. 


*Humidification: 100% at 90 F. 


prevent full hardening of the weld heat-affected zone in base metals 
of relatively high hardenability. 

3. The degree of stress caused by thermal contraction of the 
weld joint and controlled by joint geometry and welding procedure. 

The susceptibility of a steel to underbead cracking can be evalu- 
ated only in terms of a prescribed welding procedure and a given 
joint design. To be useful, a test should represent the most severe 
conditions usually encountered in industrial fabrication. The double 
T specimen, shown in Fig. 17, has been used at Watertown Arsenal 
Laboratory for this purpose, and results of a number of tests with 
various electrodes on several high strength constructional steels are 
given in another report (20). 

When the edges of the top and bottom members are faced off 
by machining or grinding to obtain a close fit-up, a variable amount 
of stress is produced which becomes very high after deposition of the 
final bead. An interesting point is that, when conditions are such 
that cracking occurs under only one bead, the third bead instead of 
the fourth invariably cracks. The explanation is probably that the 
heat-affected zone of the third bead, which is cold and hydrogen 
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Fig. 17—Double T Restrained Joint Crack Susceptibility Test Specimen. 


embrittled, is stressed and cracked by the thermal contraction of the 
fourth bead before the latter has cooled and has become brittle. 

For most severe test conditions, the specimen is allowed to cool 
to the initial plate temperature between each pass. The effects of 
slower cooling rate obtained by building up the interpass temperature 
may be easily demonstrated. For example, if the first three passes 
are welded without intermediate cooling, the heat-affected zone of the 
third pass will not be fully hardened, and the fourth heat-affected 
zone will crack in preference to the third if the plate is allowed to 
cool between deposition of the third and fourth passes. 

The usual type of underbead crack is transcrystalline and micro- 
scopically similar to cracks observed in fully hardened, hydrogen- 
plated tensile bars. Other types of base metal cracks associated with 
plate laminations, nonmetallic segregations, or grain boundary pre- 
cipitates are seldom encountered in good quality steel. 

Underbead cracks are not observed when austenitic electrodes 
are used for welding of hardenable base metals. This is due both 
to the-lower hydrogen potential of lime or lime-titania mineral coat- 
ings used on these electrodes and to the higher solubility of hydrogen 
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in austenitic weld metal (18). In certain very severe applications 
involving high restraint, hydrogen cracks may be obtained in a nar- 
row martensitic zone at the weld base metal interface (21). 


SUMMARY 


1. From combustible hydrocarbons and absorbed and combined 
moisture content in electrode coatings, hydrogen is supplied to the 
welding atmosphere and absorbed by the molten weld metal. 

2. The amount of hydrogen retained in the weld metal during 
solidification is controlled by solubility limits and by reactions to 
form gaseous products. Hydrogen diffuses into gas bubbles formed 
by these reactions and the hydrogen retained in solution in the weld 
metal is thus decreased. 

3. Porosity, caused by the trapping of gas bubbles in the solidi- 
fied weld metal, is ordinarily controlled by the relative contents of 
hydrogen, oxygen, carbon, and silicon in the weld metal. Reactions 
of hydrogen with sulphur and selenium are also shown to cause poros- 
ity. The effect on porosity of moisture content of the electrode is 
illustrated. 

4. Hydrogen retained in solution in weld metal may cause 
localized embrittlement around inclusions or defects in low or mod- 
erate strength weld metals and severe general embrittlement in very 
high strength welds. Hydrogen diffuses from the weld metal into 
the heat-affected zone during cooling. If the hardenability of the 
base metal and the rate of cooling of the weld produce a fully hard- 
ened heat-affected zone, cracks will occur in this zone when it is 
hydrogen embrittled and strained by welding stresses. 

5. A preliminary investigation of the influence of steel com- 
position, strength, and microstructure on the degree of hydrogen 
embrittlement indicates that embrittlement is influenced by carbide 
dispersion and that fully hardened steels of 0.26 to 0.40% carbon are 
completely embrittled (as judged by tensile ductility) by a small 
amount of hydrogen. It is shown that the degree of hydrogen 
embrittlement apparently decreases as testing temperature is decreased 
below +70 F and as rate of loading is increased. The most plausible 
explanation of this dependence is that hydrogen embrittlement is 
caused by a precipitation reaction during straining and that the reac- 
tion is limited by rate of diffusion. 

6. The demonstration of the complete embrittlement by hydro- 
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gen of fully hardened steels is helpful in explaining base metal crack- 
ing, but it is apparent that further research to establish the mecha- 
nism of hydrogen embrittlement as influenced by carbon and oxygen 
content and by microstructure is required. 

7. The effect of hydrogen-produced porosity and fisheyes on 
the mechanical properties of welded joints may be determined by 
tests of transverse tensile specimens. A double “T” crack suscepti- 
bility specimen is suggested for determination of the tendency for 
a base metal welded with a given electrode and pres¢ribed welding 
procedure to develop weld or base metal cracks. This specimen is 
believed to represent the most severe conditions of restraint usually 
encountered in industrial fabrication. 

8. The desirable effects of hydrogen in reducing the oxygen 
content of weld metal must be balanced against its effects in produc- 
ing porosity, embrittlement, or cracks; and the coating composition 
of a given electrode should be adjusted accordingly. 
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DISCUSSION 


Written Discussion: By John J. Chyle, director of welding research, 
A. O. Smith Corp., Milwaukee. 

Mr. Herres has presented the role of hydrogen in weld metal and parent 
stock in a very clear and logical manner. For some time we have shared the 
conclusions which Mr. Herres has so ably brought out in this paper. 

The solubility of molecular hydrogen in iron and steel has been checked 
quite thoroughly by many investigators; however, the solubility of atomic 
hydrogen in iron and steel has not to the writer’s knowledge been determined. 
It appears quite definitely that the solubility of atomic hydrogen is many times 
greater than molecular hydrogen. In metallic arc welding with conventional 
electrodes the hydrogen present in the coating in water or in organic forrn such 
as cellulose is dissociated into atomic hydrogen. It is the atomic hydrogen in 
the arc stream that dissolves or combines with the superheated weld metal that 
gives the effects described by Mr. Herres. 

With respect to the explanation of gas porosity in weld metal the writer 
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has the following explanation for this phenomenon. This explanation is based 
on experience which I have had in electrode coating formulation. I have seen 
many examples of weld metal deposited by cellulosic electrodes that was quite 
porous and yet low in FeO and MnO contents as determiried by the fractional 
vacuum fusion extraction method. It is my opinion that it is the reaction of 
atomic hydrogen in the weld metal with the nonmetallic inclusions which is 
greatly responsible for blowholes. However, I do agree that the reaction as 
shown in Equations 1 and 2 does also occur but is less of a factor in the forma- 
tion of blowholes. Microscopic examination of metallic arc deposited weld metal 
reveals the presence of immense numbers of inclusions—both microscopic and 
submicroscopic in size—and it is the reaction of atomic hydrogen dissolved in 
the molten metal that reacts with these inclusions that gives rise to blowholes 
during solidification or at a temperature slightly below solidification. 

I have no definite statement to make why these reactions do occur except 
that with the modification of electrode coating by the proper addition of ferro- 
manganese, iron oxide or moisture, the formation of blowholes can be eliminated. 
These modifications are equally effective whether the coating is basically 
cellulosic or of the mineral type. 

Atomic hydrogen has the property of rapidly diffusing through steel at 
elevated and room temperatures. When discontinuities are present in the weld 
metal such as slag pockets, and blowholes, the atomic hydrogen recombines to 
form molecular hydrogen. Since molecular hydrogen cannot diffuse at room 
temperature it is possible to produce exceedingly high pressures in these blow- 
holes. The high pressure in the blowholes plus the presence of atomic hydrogen 
in the area of metal surrounding the blowholes may also be responsible for the 
formation of “fisheyes”. By heating the weld metal either at relatively low or 
high temperatures, the atomic hydrogen diffuses out of the steel and thus the 
characteristic fisheye fractures are eliminated. 

Mr. Herres has excellently presented the causes and control of underbead 
cracking in alloy steels. In the study of underbead cracking, however, the 
importance of shrinkage stresses should not be underrated. It is possible to 
obtain underbead cracking in spite of the use of low moisture ferritic electrodes. 
The cracking can be eliminated by proper preheating. 

It is my opinion that Mr. Herres’s paper is an outstanding contribution to 
the welding industry and marks a milestone in the field of welding high tensile 
alloy steels. 

Written Discussion: By Carl A. Zapffe, consulting metallurgist, Baltimore. 

After the bungling accorded the hydrogen theory during the War by 
American metallurgists who refused to believe that an invisible gas could 
wreck strong steel, it is refreshing to find this capable account of the situation 
finally stemming from work done at an American arsenal. Many of us will 
remember the witch-hunts during the War years for nebulous “residuals” such 
as arsenic, lead, and tin in steels, while great welded structures split in two 
from the “residual” hydrogen whose recognition and control are still but 
feebly developed. 

Although Mr. Herres’s text constitutes one of the best discussions of this 
important problem to be found in the literature, there is one minor shortcoming 
which is unnecessary and which Mr. Herres will probably admit, upon further 
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thought. This concerns the so-called planar-pressure theory for hydrogen em- 
brittlement, which is described in his Ref. Nos. 10, 11 and 14, and specifically 
in a contemporary publication.’ 

Briefly, the planar-pressure theory follows from two simple, demonstrated 
facts: (a) That H atoms dissolved in the iron lattice evaporate at all latticular 
openings until an opposing equilibrium pressure of Hz is attained; and (b) That 
metal crystals in general, here specifically steel, inherently contain a systematic 
latticular and crystallographic looseness (commonly referred to as imperfection, 
or mosaic, structure), in whose voids H. must collect and compress according 
to fact (a). 

Thus, hydrogen embrittlement becomes nothing other than a phenomenon 
of internal precipitation along imperfectly disposed crystallographic planes much 
as in “age hardening”, except that here the precipitate is a gas and therefore 
causes no hardening. Accordingly, it is not difficult to reconcile Mr. Herres’s 
results with the planar-pressure theory; on the contrary, his work directly 
corroborates the concept. 

For example, even in an unstrained crystal, Hz collects in the planar separa- 
tions which already exist as an inherent feature.* The metal becomes embrittled 
when the gas pressure exceeds some critical value approximating the elastic 
strength of the crystal. On testing, however, the plastic movement opens the 
imperfections further, which logically reduces the pressure of Hz within the 
voids to values which may be less than the critical. 

At the high pressures associated with embrittlement, an appreciable reserve 
of H atoms must lie within the adjoining lattice under conditions of quasi- 
equilibrium as expressed by [H] = KY (Px,)™. Reduction of Px, in the 
latticular void then causes further precipitation of those H atoms. 

If the rate of strain is not too rapid, precipitation will replenish Pu, 
sufficiently rapidly to maintain the embrittled condition. ‘3 

If the rate of strain is increased, however, until the rate of decrease in he 
Pu, exceeds the rate of restoration through further precipitation of H, the 
apparent embrittlement should decrease exactly as Mr. Herres found. 

His results for the effect of temperature have an obviously similar rela- 
tionship, since the pressure of a gas phase likewise decreases with decreasing 
temperature. Thus there will be a critical temperature, also a critical rate of 
cooling, for any given set of conditions, such that the critical embrittlement 


pressure Py, is decreased more rapidly than it is replenished by precipitating 
H, and embrittlement is observed to decrease. 
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Author’s Reply 


The remarks of Dr. Zapffe and Mr. Chyle, who have both done a great 
deal to focus attention on the practical importance of hydrogen in welding of 
steel, are very much appreciated. 

The explanation of gas porosity given by Mr. Chyle is believed to be 
entirely correct. It appears that reactions of hydrogen dissolved in molten 
metal with various oxides may produce water-vapor bubbles which have a low 


_ *Carl A. Zapffe, “Neumann Bands and the Planar-Pressure Theory of Hydrogen Em- 
brittlement,”’” Advance copy, British Iron and Steel Institute, August 1946, 8 pages. 
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pressure against molecular hydrogen. These bubbles grow as hydrogen diffuses 
into them, and a small amount of nonmetallic inclusions may, therefore, cause 
large amounts of porosity in weld metal saturated with hydrogen. On the other 
hand, addition of oxide to weld metal supersaturated with hydrogen may sustain 
a sufficiently vigorous water-vapor reaction to reduce the hydrogen below the 
supersaturated amount necessary to produce porosity during solidification. In- 
tentionally adding oxide to an electrode coating, as iron oxide, moisture or a 
carbonate, is probably a more practical means of producing a hydrogen-controlled 
electrode than attempting to eliminate all ingredients which produce hydrogen. 
However, if too much oxide is added, porosity may be caused by reaction with 
carbon to produce CO. 

The planar-pressure theory provides a very ingenious explanation of 
hydrogen embrittlement, as explained by Dr. Zapffe. The assumption of a 
mosaic substructure in metals has far-reaching implications with regard to all 
transformations and mechanical behaviors, but until the basic arguments of 
mosaic versus other forms of crystal imperfections are resolved, there must be 
some hesitation in applying this theory to a particular phenomenon such as 
hydrogen embrittlement. Further experimental research is obviously required 
to clarify the relations between carbon and oxygen distributions in steel and 
hydrogen embrittlement. No really adequate explanation of fisheyes has been 
given. Dr. Zapffe’s contribution in this field has been very outstanding, and his 
future publications will be awaited with considerable interest. 
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EFFECT OF COMPOSITION, HEAT TREATMENT, AND 
COLD WORK ON THE HYDROGEN EMBRITTLEMENT OF 
STAINLESS STEEL WIRE DURING CATHODIC PICKLING 


‘5 gah NEB RA 26> 


By Cart A. ZAPFFE AND O. GEORGE SPECHT, JR. ’ 
Abstract 


Second in a series of investigations exploring through 
use of a new test the nature of hydrogen embrittlement and 
the factors controlling it, the present research concerns ; 
itself specifically with three predominating factors involv- 
ing only the metal itself: (a) composition, (b) thermal 
treatment, and (c) mechanical treatment. Particularly 
stainless, but also plain carbon steel, is studied. 
In all tests cathodic pickling 1s used, to provide a con- 
stant hydrogen concentration and to avoid the variables 
introduced through producing H by chemical attack. The 
data are accordingly of fundamental interest, are directly 
applicable to cathodic pickling, but are not necessarily ap- 
plicable to straight acid pickling. 
During improving details in the experimental tech- 4 
nique, two important mill factors revealed themselves in 
regard to coil breakage of 17% chromium-1.0% carbon 
(Type 440-C) stainless steel wire. Wéuth these factors 
corrected for, hydrogenizing curves were obtained for this 
steel in the annealed, annealed and cold drawn, and 
hardened conditions; and these are compared with curves 
for plain carbon steels of several carbon contents, includ- 
ing one of carbon content equal to that of the stainless steel. 
Type 410 (12% chromium) and Type 431 (16% 
chromium-2% nickel) stainless steel wires were also 
studied in the annealed and the hardened conditions, each 
in several stages of cold drawing. Both grades are ex- 
tremely susceptible to H embrittlement in the hardened rp 
condition, but virtually immune when annealed. Cold | iq 
working considerably increases the susceptibility of hard- {3 
ened 410, making it the equivalent of hardened 440-C; 
but in neither grade does cold work change the immunity 
of the annealed wire. 
Graphs containing the experimental results show 


Investigation conducted in the laboratory of the senior author. 
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clearly the relative susceptibilities of these different types 
of steel under conditions of equal concentration of surface 
hydrogen, the effect of heat treatment, the effect of cold 
work, and the general progress of embrittlement with 
increasing charging time. 


INTRODUCTION 


N a previous paper (1) a test was introduced for measuring the 
condition of embrittlement in wires injured by absorbed hydrogen. 
Application of the test was restricted to one lot of Type 440-C 17% 
chromium-1% carbon stainless steel wire and the annealed condition, 
since it was believed that (a) composition, (b) thermal treatment, and 
(c) mechanical working were important factors necessary to control 
if the data for other factors studied in that work were to be significant. 
The present paper now extends this test to study specifically 
these three listed factors and to explore in greater detail those standard 
compositions of stainless steel wire indicated by the previous investi- 
gation to have sensitivity to hydrogen embrittlement. 

All reported tests concern electrolytic hydrogenizing, as that 
method allows exposing a series of specimens to an environment hav- 
ing a fixed hydrogen concentration, thereby avoiding such variables 
as the surface damage and uncontrollable H concentrations en- 
countered in producing H by chemical attack. 

Accordingly, the present study is a purely fundamental one, con- 
cerning only the intrinsic roles of composition, heat treatment, and 
cold work under conditions where Py is constant. The data do not 
apply to acid pickling where the concentration of surface hydrogen 
also becomes a variable because of the variable rates of attack of these 
steels by the acid. The behavior of these steels in straight acid pickling 
is the subject of a subsequent paper (2). 


PROCEDURE OF TESTING 


The Bend Test—Since the single-bend, constant-rate test is de- 
scribed elsewhere in detail (1), only a few remarks need be made here. 

Briefly, 0.06-inch wire serves as test material, unless otherwise 
noted ; and it is bent around an 0.06-inch radius at a rate of approxi- 
mately 5 degrees of arc per second until the wire fails, or attains a 
180-degree bend. The angle of bend at which failure occurs is read 
from the scale. 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
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Control of Variables—In the previous paper, eleven independent- 
ly variable factors in developing embrittlement during cathodic charg- 
ing were recognized at the outset, including the three already named ; 
and another was later discovered. In the present research, all these 
were accounted for, and still another was checked. Much of the 
great uncertainty which has always surrounded the subject of hydro- 
gen in steel clearly stems from this extremely large number of effec- 
tive factors in the system and the consequent lack of recognition in 
previous researches of certain of them. As these variables are dis- 
covered and controlled, data of the present type take on a surprising 
consistency. 

Aging—As an example, triplicate specimens at first seemed de- 
sirable, since three wires can readily be cathodized simultaneously. 
However, triplicate specimens of Type 440-C wire charged 4 minutes 
in a 10% NaOH solution at 80 C and 1 ampere per square inch pro- 
vided the following wide range of values: 


Specimen No. Bend Angle—Degrees 
1 140 
2 135 
3 180 


Fortunately, the time interval between cessation of charging and 
beginning of testing was carefully recorded. Plotting bend angle 
versus testing interval, one obtains the curve in Fig. 1, which depicts 
spontaneous “aging minimum” discovered in the previous work (1). 

In other words, the three widely differing values actually do not 
represent experimental error when properly interpreted, but disclose 
instead the action of an important variable—aging during the delay 
between charging and testing. Fig. 1 represents an extreme case, 
since the points were taken from the rapidly changing portion of the 
curve ; but this system involves a gas whose ready precipitation, move- 
ment, and escape must always be taken into account. 

To guard against this aging effect, which can result in both lower 
and higher values with passing time, a standard procedure was estab- 
lished using duplicate specimens, instead of triplicate, rinsing, immers- 
ing immediately in ice water, and testing after 30 seconds and after 90 
seconds immersion, respectively. Large circles on graphs, and first- 
named numbers in duplicate tests, refer to the 30-second specimen ; 
smaller circles to the 90-second specimen. 

Polishing—To find whether the standardized longitudinal clean- 
ing with 120-grit emery paper previous to charging affected the angle 
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Fig. 1—Effect on Bend Values of 
Interval Between Hydrogenizing and 
Testing. 


of bend, cold-worked 440-C wire, which fails at about a 65-degree 


bend in its normal 
after polishing : 


Mill Finis 
65 
65 
63 
63 
63 
62 


Average 63.5 


Although a variati 
experimental error 


condition, was tested as received from the mill and 


h Hand-polished 


65 
73 
70 
73 
65 
63 


67.5 


on of 4 degrees of bend probably lies within the 
, the difference is in the direction of improving the 


surface by polishing and seems real enough to warrant a methodical 


cleaning operation 


as standard procedure for all specimens. 


Rectified Alternating Current—Because it was desirable to use a 
rectifier with the two storage batteries in the electrical circuit, charging 
tests were run with and without a full-wave nonmodifying tube recti- 


fier. No effect of 


the pulsating current was discoverable. 
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Summarized Testing Procedure—Table I summarizes the experi- 
mental approach : 











Table I 
Summary of Experimental Controls 
Factor Control 
co Concerning the Steel —. 
i Composition 
2 Thermal Treatment To be studied as variables 
3 Mechanical Working } 
4 Size and Shape Constant: 0.06-inch ® wire 
5 Surface Constant: Hand-polished longitudinally with 120-grit 
emery 
6 Grain afoot Constant (?): All specimens in any given group taken 
7 Inherent H Content from one section of one coil of wire 
C Concerning the Electrolyte————————____________—__, 
8 Composition ] { Electrolyte = 10% NaOH in distilled H,O 
| in all tests. 
9 Temperature P Constant: < Temp. controlled at 20, 50, and 80 C, 
; | respectively. 
10 Current Density | c.d. = 1 amp./in.? in all tests. 
11 Presence of ““Promoters”’ None added, and c.p. NaOH used 
o— Other Factors _——_,, 
12 Aging Held fairly constant by charging duplicate wires, im- 
mersing them in ice water immediately after charging, 
testing one after 30-second immersion and the second 
after 90-second. 
13 Current Rectification Proved to have no measurable effect. 


uise 


SELECTION OF MATERIALS 


Because the results of this work are to serve as a, basis, or refer- 
ence point, for a planned series of investigations, careful attention was 
paid the selection of materials. As a consequence, two factors having 
practical importance were revealed. 


Importance of Mill Handling as a Factor in Embrittlement 


First tests concerned a coil of mill-annealed Type 440-C wire 
which showed bent strands indicating rather rough, but not unusual, 
handling after extracting the softened material from the annealing 
furnace. Charged cathodically in a 10% NaOH solution at 80C for 
1 and for 2 minutes, successive sections of this wire showed values 
varying uncontrollably from nearly 180 degrees of bend down to 20 
to 30 degrees, which is greater embrittlement than ever before observed 
in annealed material for any charging period at any temperature. 
These low values plainly lay on a curve all their own (refer ahead to 
Fig. 2) far below the curve for annealed 440-C; and, as developed 
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Fig. 2—Charging Curves for Annealed 440-C Wire Show- 
ing: I. Moderate Sensitivity of Laboratory-Annealed Wire; LI. 
Much Greater Sensitivity of Mill-Annealed Wire; III. Nearly 
Glass-Like Characteristics of Portions of Mill-Annealed Coil 
Cold-Worked by Careless Handling. Electrolyte: 10% NaOH, 
Current density: 1 amp./in.*, Temperature: 80 C. 


later, they lay almost exactly on the curve for cold-worked 440-C, 
which is exceedingly sensitive to hydrogen embrittlement. In other 
words, the mill handling after annealing had sensitized localized por- 
tions of the coil to hydrogen embrittlement about as effeciively as 
pulling it through a die. 

These results therefore disclose the importance in the mill of 
handling annealed coils with great care before pickling, because the 
difference between failure at, say, 160 degrees of bend and at 25 
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degrees (values from Fig. 2) can be extremely important. This 
unusual sensitivity of even slightly deformed portions of the wire 
could cause coil breakage and rupture in the die that otherwise would 
not occur ; and an answer is thereby afforded to a not uncommon mill 
problem. 


Importance of the Annealing Process as a Factor in Embrittlement 


To erase these strain inhomogeneities and obtain dependable 
specimens, the entire coil was first cut into 4-inch lengths. These were 
annealed carefully in an argon atmosphere in a laboratory furnace for 
4 hours at 1650 F (900C), cooled to 1100 F (595C) at 25 to 30 
degrees per hour, and were then cooled to room temperature by with- 
drawing the container from the furnace. The argon atmosphere pro- 
tected the wire from decarburization and surface damage; and the 
specimens were thereafter handled with the greatest of care to prevent 
subsequent straining. 

Hydrogenizing tests then disclosed the surprising difference 
between mill-annealed and laboratory-annealed wire evident in Fig. 2. 
Mill-annealed wire exposed to cathodic H for only 2 minutes broke at 
100 degrees in its best condition ; and exposed for 4 minutes, it endured 
only an 80-degree bend. In contrast, the laboratory-annealed wire 
bent completely back on itself in both tests without breaking. The 
shaded area in Fig. 2 represents the important improvement in em- 
brittlement sensitivity that can be gained by adjusting the annealing 
process, should a problem of breakage arise in spite of careful 
handling. 

In regard to this second point, attention might be drawn to the 
possible role of the hydrogen-containing furnace gases uniformly 
rendering mill-annealed steel more brittle because of a high inherent 
H content, compared to the steels annealed in argon. On the other 
hand, the Brinell hardness numbers, also listed in Table II, amply 
explain the observed difference in sensitivity. 

For preventing coil breakage in this grade, then, one should first 
check the handling of the coils after cooling from the anneal to avoid 
introducing any strain or permanent set whatsoever into the wire 
previous to pickling, remembering that the slightest kinking of a 
strand can make wire of this grade virtually glass-like at that locus 
during pickling. Secondly, better resistance to embrittlement can be 
obtained by modifying the annealing practice to produce greater 
softness. 
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DATA 


All tests concern cathodic charging in 10% NaOH electrolyte 
made from c.p. NaOH added to distilled water; and the current 
density is in all cases 1 ampere per square inch. 

Type 440-C—Type 440-C stainless steel wire (17% chromium- 
1.0% carbon) was studied in three conditions: (1) Fully annealed in 
argon, (II) Annealed and cold drawn, and (II]) Hardened. Table I] 
describes the specimens: 





Table il 
Description of Type 440-C Specimens 
>a  Amalysis:  Cr=17.08 Si= 0.15 
C= 1.08 Mn — 0.48 
S=— 0.016 Ni— 0.28 
P= 0.016 Mo = 0.52 
Mechanical Treatment Ult. Tensile Wire Size 
Thermal Treatment (% Reduction inArea) Strength (psi) (* in ins.) 
I. Full Anneal (in argon) 
1650 F—4 hrs. None 101,500/103,500 0.059 
Cooled 25-30°/hr. to 1100 F (BHN = 176/182) 
Cooled to room temperature 
in~1 hr. 
II. Mill Anneal 
1550 F—3 hrs. 29.0 100,000/105,000 0.060 
25°/% hr. to 1200 F (BHN = 215/240) 
Air cool 
III. Hardened 
Quenched from 1950 F None 260,000/265,000 0.059 


Stress-relieved at 500 F (BHN = 716/726) 





Effect of Cold Work—Figs. 3, 4, and 5 contain the results for 
cathodic charging of the annealed and the cold drawn specimens at 
20, 50, and 80C, respectively (68, 122 and 176F). All tests later 
described concern charging only at 50C (122 F). 

Note that: (a) The cold drawn wire breaks as-drawn at about 
67 degrees of bend, a value only approached by annealed wire even 
after charging for 2 hours; (b) The cold drawn wire responds immedi- 
ately to hydrogenizing, the bend value halving with only 15 seconds of 
charging ; whereas at 20 C the annealed wire shows no embrittlement 
whatsoever even after 32 minutes of charging ; and (c) With increas- 
ing temperature, embrittlement increases for equal charging periods, 
bend values becoming correspondingly lower and the inception of 
embrittlement in annealed wire occurring earlier. 

Also interesting to note is the extremely low bend value, approach- 
ing 10 degrees, attained by cold drawn wire. Such a condition is 
virtually glass-like and poses a real threat in the handling of this grade. 

Effect of Heat Treatment—Fig. 6 contains the data for hardened 
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Fig. 3—Behavior of 440-C Stainless Steel Wire in the Annealed and 
the Cold Drawn Conditions Hydrogenized Cathodically at 20 C (68 F). 
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440-C cathodized at 50C. For comparison, the curves for annealed 
and for cold drawn wire are included. 

Having a blank bend value of only 40 degrees, the hardened steel 
follows almost exactly the cold drawn curve for the same temperature, 
50 C, until charging periods are reached greater than about 45 minutes, 
where a slight improvement in ductility appears. This improvement 
may possibly express decarburization in a thin surface layer. 

Comparison with Plain Carbon Steels—Also shown in Fig. 6 are. 
the data for the plain carbon steels listed in Table ITI. 

These data in Fig. 6 are especially interesting, for they establish 
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Fig. 4—Behavior of 440-C Stainless Steel Wire in the Annealed and the 
Cold Drawn Conditions Hydrogenized Cathodically at 50 C (122 F). 
Table Il! 
Description of Plain Carbon Steel Specimen; 
SAE Type Analysis Condition 
1020 C=0.18 No. 5-gage green rod drawn 6 holes to 0.062-inch 4. 
Mn=0.60 UTS = 170,000 psi. 
Si— 0.17 
1060 C=0.60 No. 5-gage green rod drawn 2 holes to No. 9-gage, 
Mn=1.0  air-patented and redrawn 5 holes to 0.062-inch 4. 


Si=0.18 UTS = 243,000 psi. 
1090 _ 0.063-inch @ grade E music wire 
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Fig. 5—Behavior of 440-C Stainless Steel Wire in the Annealed and 
the Cold Drawn Conditions Hydrogenized Cathodically at 80 C (176 F). 


a relationship between the response of stainless steel and of plain 
carbon steel to hydrogen embrittlement. 

Note that: (a) The curve for 0.18% carbon wire hydrogenized 
at 50 C lies well below the curves for annealed 440-C charged at any 
temperature; (b) The lowest points for the plain carbon steel, how- 
ever, still scarcely attain the blank values for uncharged 440-C in the 
hardened or in the cold drawn conditions; and (c) The “incubation 
period” for the plain carbon steel wire is slightly less than for annealed 
440-C at the same temperature. 
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Fig. 6—Comparison of Hydrogenizing Curves for 440-C Stainless Steel 
Wire in the Annealed, Cold Drawn, and Hardened Conditions with the Curves 
for Three Grades of Cold Drawn Plain Carbon Steel Wire. 


The fact that cold drawn plain carbon wire does not respond 
immediately to hydrogenizing, as does cold drawn 440-C, can be 
attributed to its blank lying off the scale of the present test. That is, 
if the radius of bend were reduced sufficiently to cause breaking of 
the blank, an immediate effect of hydrogenizing might also be noted. 

These curves also show that the increasing carbon content of 
SAE steel decreases the sensitivity to hydrogen embrittlement when 
the steel is nonmartensitic. Air-patented SAE 1060 steel wire resisted 
embrittlement completely for at least 1 hour, breakage at about 110 
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degrees of bend occurring after hydrogenizing for 128 minutes; and 
music wire having approximately the same carbon content as 440-C 
stainless steel wire showed no embrittlement whatsoever throughout 
2 hours of testing. By contrast, 440-C wire is markedly subject to 
embrittlement even when fully annealed, as depicted in the curves of 
the previous Figs. 3, 4, and 5. 

These results therefore carry significance beyond the discussion 
to be given them here. It is common knowledge that hardened spring 
grades of carbon steel are especially liable to hydrogen embrittlement 
during pickling or electroplating (3 to6). And for flakes and shatter 
cracks in steel forgings, for example, the defect never occurs in steels 
having less than a certain minimum carbon content (7). Bardenheuer 
(4) broadly states that with increasing carbon content the suscepti- 
bility to hydrogen embrittlement increases, which is a statement 
plainly requiring modification. 

Although an increasing carbon content in martensitic steel may 
increase sensitivity, in troostitic steel it apparently decreases the sensi- 
tivity. A marked resistance of cementite, particularly in the lamellar 
form of pearlite, to the diffusion of H was early demonstrated by 
Bardenheuer and Thanheiser (8). 

Chromium, however, also reduces the diffusibility of H (9) ; and 
it is not clear why 440-C steel shows great sensitivity to hydrogen 
embrittlement even when fully annealed, whereas music wire is im- 
mune even when severely cold-worked. 

As for cold working, the present research confirms a long-estab- 
lished . fact that plastic deformation increases the sensitivity to H 
embrittlement. Observations that cold drawn spring steels are more 
resistant to H than quenched and tempered steels (11) are often 
misconstrued with respect to the cold working, because the difference 
in constitutional condition of the two types is ignored. Cold drawn 
patented wire can be compared with unworked troostitic wire, but not 
to quenched and tempered wire, so far as the effect of cold work is 
concerned. 

Type 410—Type 410 stainless steel wire (12% chromium) was 
studied in the annealed, annealed and cold drawn, hardened, and 
hardened and cold drawn conditions, three stages of cold work being 
obtained for each of the two constitutional conditions. Table IV 
describes these specimens. 

Fig. 7 contains the hydrogenizing curves (at 50 C) for this grade. 
For comparison, the 50C curves for annealed and for cold drawn 
440-C are included as dotted lines. 
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Table IV 
Description of Type 410 Specimens 
Analysis: Cr = 12.52 P = 0.020 
C= 61325 Si — 0.36 
S= 0.023 Mn = 0.45 
Ni= 0.29 
Mechanical Treatment Ult. Tensile Wire Size 
Thermal Treatment (% Reduction inArea) Strength (psi) (# in ins.) 
lt. Annealed 
1400—4 hrs. None 72,000/74,000 0.060 
Air-cooled 
II. Same as I 7.0 79,800/81,500 0.060 
IIT. Same as I 58.5 121,500/124,000 0.060 
IV. Hardened 
Salt Bath at 1800 F None 188,000/189,000 0.060 
Oil-quenched 


Stress-Relieved 
730 F—25 mins. 
Water-quenched 


V. Same as IV 26.0 220,000/223,000 0.060 
VI. Same as IV 46.0 230,000/234,000 0.060 



















In the annealed condition, and cold drawn up to 58.5% reduction 
of area, this steel shows no sensitivity to hydrogen even after 2 hours’ 
charging. 

Hardened 410, however, shows an initial response about equal to 
laboratory-annealed 440-C, and attains considerably lower bend values 
with further charging. The significance, if any, of the spread of points 
beyond 40 minutes’ charging is not clear; but in 30 minutes the bend 
value is as low as ever attained with longer charging time. 

Cold drawing this hardened wire shows quite clearly an increased 
sensitivity, in keeping with the comments that have been made on the 
effect of cold work. It is especially interesting that there is little 
difference between 26 and 46% reduction, for it may explain why 
rough handling annealed 440-C sensitizes it as much as does 29% 
cold reduction. The shorter incubation period for the more fully 
worked wire can be a characteristic of the bend radius, as explained 
before. 

It is also noteworthy that, in spite of the great difference in as- 
drawn bend values, hydrogenizing soon causes hardened and cold 
drawn 410 to break at the same low bend values as cold drawn or hard- 
ened 440-C. 

This graph gives a clear representation of the comparative H 
susceptibilities of 410 and 440-C in their several common conditions, 
given equal surface concentrations of H. 
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Fig. 7—Hydrogenizing Curves for 12% Chromium Stainless Steel 
Wire (Type 410) in the Annealed, Annealed and Cold Drawn, Hard- 
ened, and Hardened and Cold Drawn Conditions. Curves of 440-C 
dotted in for comparison. T = 50C (122 F). 


Type 431—Type 431 stainless steel wire (16% chromium-2% 
nickel) was similarly studied in the annealed, annealed and cold drawn, 
hardened, and hardened and cold drawn conditions. Table V de- 
scribes the specimens. 

Fig. 8 presents the hydrogenizing curves (50 C) for this grade. 
For comparison, annealed and annealed and cold drawn curves for 
440-C are again included. 


As 


to hydrogenizing, even when cold drawn. 





with 12% chromium steel, annealed 431 shows no sensitivity 
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Fig. 8—Hydrogenizing Curves for 16 Chromium-2 Nickel (Type 431) 
Stainless Steel Wire in the Annealed, Annealed and Cold Drawn, Hard- 
ened, and Hardened and Cold Drawn Conditions. Curves of 440-C dotted 
in for comparison. T—50C (122 F). 


Hardening, however, produces a greater sensitivity than with 
410; but cold working causes no further defection except to decrease 
slightly the incubation period. Both the hardened and the hardened 
and cold drawn curves for 431 virtually coincide with the curves for 
hardened and cold drawn 410, except for a small offset when charging 
periods exceed 20 minutes. 

Since “16-2” as a spring grade of steel is known to show anom- 
alous brittleness that can be attributed to hydrogen, the present proof 
of its susceptibility should direct attention to the often-used hydro- 
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Table V 
Description of Type 431 Specimens 





Analysis: Cr = 16.34 P = 0.020 
Ni= 1.68 Si 0.51 
C= &159 










Mechanical Treatment Ult. Tensile Wire Size 
Thermal Treatment % Reduction inArea) Strength (psi) (* in ins.) 






















I. Annealed 
1200-1250 F—4 hrs. None 94,500/96,000 0.060 
Air-cooled 
II. Same 18.0 113,000/116,000 0.060 
III. Hardened 
(Cooled from 2000 F in None 206,000/210,000 0.060 


water-jacketed tube, wire 
passing 10 ft./min.) 


17.5 





238,000/241,000 0.060 














geniferous annealing atmospheres as causes of subsequent brittle 

failures. Breakage from such a source has also been encountered 

specifically in the processing of 12% chromium-2% nickel steels. 
This liability of “16-2” to hydrogen embrittlement is especially 

interesting, and blame for its susceptibility could be brought against : 

(a) The carbon content, presumably operating in this steel with 16% 

chromium as it does in the 12% chromium; or (b) The hardening ' 

caused by the nickel content. The fundamental issue whether H em- 

brittlement is a function of the carbon itself, or the hardening produced 

by carbon as one of several hardening agents, is not yet sufficiently 

clear to warrant discussion here, especially in view of the extreme 

susceptibility of fully annealed 440-C. 


CONCLUSION 













As the second paper of a special series designed to explore the 
fundamental nature of hydrogen embrittlement and the factors con- 
trolling it, the effects of composition, heat treatment, and cold work 
are here specifically studied. The experimental technique benefits 
from discoveries made in the first paper and provides certain standard 
data upon which further tests can be based. 

In the first paper, exploratory tests showed that the “H suscepti- 
bility” of the stainless steels is limited to the hardenable grades, and 
that carbon, and possibly nickel in small amounts, are principal con- 
tributory factors. Two end-members of the carbon range, Types 
440-C and 410, are tested, along with the nickeliferous Type 431. 
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Three carbon grades of plain steel are also included for comparison. 
The results may be summarized as follows: 





1. Mill-annealed 440-C is much more sensitive than the same 
wire given a full anneal in argon in the laboratory. This differ- 
ence is attributable to the greater thoroughness of the laboratory 
anneal, and possibly also to the deleterious action of the hydrogen 
contained in the mill furnace gases. 

2. Cold-worked 440-C breaks in the as-drawn condition at an 
angle of only 65 degrees; and it is so extremely sensitive to H 
that charging for only 15 seconds will reduce the bend value 50%. 
By contrast, the same grade when annealed may still bend 180 
degrees after absorbing H for several minutes. 

3. Troostitic plain carbon steel wire having approximately the 
same carbon content (Grade E music wire) as 440-C and severely 
cold-worked shows no susceptibility to H even after 2 hours’ 
hydrogenizing. SAE 1060 steel wire in similar condition develops 
some brittleness, but only after more than 1 hour’s charging. Cold 
drawn SAE 1020 steel wire has a marked susceptibility lying 
between that of annealed and cold drawn 440-C. 

4. Annealed 440-C wire given any permanent set, as by rough 
handling in the mill, immediately attains a susceptibility at that 
locus approximately equal to the susceptibility of cold drawn or 
hardened 440-C. Pickling such coils then can reduce the bend 
value in a matter of seconds to only 20 or 30 degrees at these 
isolated loci. This extremely brittle condition readily explains 
troubles with coil breakage in this grade. 

5. Hardened 440-C has virtually the same sensitivity to H as 
the annealed-and-cold drawn wire. 

6. Type 410 in the annealed condition shows no sensitivity to 
H up to 2 hours’ charging, nor does it show sensitivity even when 
cold drawn up to 58.5%. 

7. Hardened 410 has a sensitivity similar to that of the cold 
drawn SAE 1020 steel, its curve lying below that of annealed 
440-C, but above hardened 440-C, or cold drawn 440-C. 

8. Cold working increases the susceptibility of hardened 410 
so markedly that there is no longer a distinction between that 
grade and hardened 440-C, so far as H embrittlement is con- 
cerned. No important difference is evident between the be- 
havior of wire reduced 26% and wire reduced 46%. 

9. Type 431 is similar to Type 410. Annealed wire is resistant 
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to H over a charging period of 2 hours, whether cold-worked or 
not. Hardened, the wire is extremely sensitive, approaching the 
behavior of hardened 440-C. Unlike 410, however, cold working 
does not further decrease the susceptibility of hardened 431, : 
which therefore remains at a value slightly less critical than 

that for hardened and cold drawn 410. 
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DISCUSSION 


Written Discussion: By Fillmore F. Bain, metallurgist, Baltimore. 

The authors of this paper are to be commended for a fine piece of funda- 
mental research which will, no doubt, be of extreme interest to the producers 
and fabricators of stainless steel. It has been my experience that few users 
of stainless steel realize some of these alloys can be severely affected by hydro- 
gen, and that the lack of this knowledge has been costly in some cases. 

The authors stress the handling of annealed Type 440C coils before 
pickling. They claim rough handling had sensitized localized portions of the 
coil to hydrogen embrittlenient, about as effectively as pulling it through a die. 
This may be true on wire sizes 0.200-inch diameter and smaller; however, Type 
440C wire in larger sizes is difficult to bend or deform, therefore it is improb- 
able that normal mill practice would induce enough cold work to sensitize local- 
ized portion of large wire. I have personally witnessed 3%, y@ and %4-inch diameter 
Type 440C coils being cold drawn with considerable difficulty due to breakage. 
Investigation proved the coils had been hydrogen embrittled, but that most of 
the breakage was due to surface defects and nonuniform structure rather than 
localized embrittlement due to rough handling of the annealed coils. I agree 
with the authors that hydrogen embrittlement can and has caused considerable 
breakage of Type 440C wire. From a mill standpoint the optimum pickling 
method for this grade is one where hydrogen embrittlement is eliminated. In 
some mills where it is not practical to use a nonhydrogenizing pickling process 
the handling of annealed coils before pickling may be of importance, although 
I believe hydrogen embrittlement plus surface defects and nonuniform struc- 
ture cause more breakage than any localized condition due to cold working 
the coils before pickling. 

The data given for Types 410 and 431 are of great interest especially as 
these grades along with Types 420, 440A, 440B and 414 are generally used 
in the heat treated condition. _ The investigators show Types 410 and 431 are 
sensitive to hydrogen embrittlement in the hardened and cold drawn conditions. 
Fortunately these alloys are seldom, if ever, used in these conditions. However, 
the fact that Types 410 and 431 are sensitive to embrittlement in the hardened 
condition and not in the annealed condition, while Type 440C is sensitive in 
both conditions, leads me to believe Types 410 and 431 will show some sensitivity 
in the hardened, stress-relieved and hardened, tempered conditions. 

Additional research would be enlightening and it is hoped that the authors 
will find time in the future to investigate further the effect of heat treatment. 


Authors’ Reply 


Mr. Bain’s valuable background in wire drawing is well known to the 
authors; and his opinion contributes to the paper. Certainly the larger sizes 
of wire are more immune to rough handling. 

As for the stress-relieved or tempered martensite of hardened 410 and 
431, interpolation seems safely made. The present paper indicates that these 
subsequent heat treatments will necessarily reduce the sensitivity. To what 
degree it is reduced, however, is not disclosed by the present research, and 
will be investigated in a subsequent program as Mr. Bain suggests. 








ACID COMPOSITION, CONCENTRATION, TEMPERA- 

TURE, AND PICKLING TIME AS FACTORS IN THE 
HYDROGEN EMBRITTLEMENT OF MILD STEEL j 
AND STAINLESS STEEL WIRE ’ 


By Cart A. ZAPFFE AND M. ELEANoR HASLEM 


Abstract 


Third in a series of researches exploring by means of 
the constant-rate, single-bend test the variables that affect 
the hydrogen embrittlement of steel, this investigation spe- 
cifically concerns factors operative in straight acid pick- 
ling without the addition of inhibitors. Seven variables 
are studied, three concerning the steel: (a) composition, 
(b) thermal treatment, and (c) mechanical treatment; 
and four concerning the acid: (d) composition, (e) con- 
centration, (f) temperature, and (g) pickling time. The 
work complements that of the previous investigation which 
restricted itself to cathodic pickling and an isolation of 
the factors intrinsic to the steel. , 

In three series of tests, the effects of concentration, 
temperature, and pickling time are respectively measured 
with the other factors kept constant. As in the previous 
investigation, the typically susceptible stainless steels, IST 
440-C, 431, and 410 are studied in various conditions of 
heat treatment and cold work and are compared with un- 
alloyed steels, SAE 1020, 1060, and 1090. 

Six acids are studied: H,SO, HCl, H,PO,, 

CH,COOH, HF, and HNO,. From this rather complete 
coverage, master graphs are developed which reveal the 
relationships of the seven variables and, in addition to 
their technical interest, have a certain usefulness in pre- 
dicting the degree of problem likely to arise in the plant 
from processing new grades of steel or from changing any 
of the variables in an established pickling process, or per- 
haps in identifying and correcting a present problem 
which has remained unrecognized. 


Investigation conducted in the laboratory of the senior author. 





A paper presented before the Twenty-eighth Annual Convention of the 
Society held in Atlantic City, November 18 to 22, 1946. Of the authors, Carl 
A. Zapffe is consultant and M. Eleanor Haslem is research metallurgist, Balti- 
more, Maryland. Manuscript received April 8, 1946. 
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INTRODUCTION 


HIS is the third in a series of papers (1), (2)* exploring the 

fundamental factors operative in the hydrogen embrittlement of 
steel, particularly stainless steel wire. 

On the basis of measurements provided by a constant-rate, 
single-bend test described in the first paper (1), the fundamental 
effects of composition, heat treatment, and cold work have been stud- 
ied under conditions of constant hydrogen concentration at the speci- 
men’s surface, obtained by cathodic pickling at a fixed current den- 
sity (2). 

In straight acid pickling, however, which has greater practical 
application, the hydrogen concentration may become a varying func- 
tion of the acid attack. Since the absorbed [H] is a function of the 
environmental (H), these fundamental relationships of factors in- 
trinsic to the steel could thereby become obscured. 

For example, although hardening in itself has been shown 
greatly to increase the sensitivity to hydrogen (2), it is possible that 
the increased corrosion resistance of stainless steel in the hardened 
condition could mask that effect during straight acid pickling as the 
consequence of the reduced surface concentration of nascent hydro- 
gen. 

Similarly, a comparison of stainless steels with plain carbon 
steels under conditions of cathodic pickling might become greatly 
rearranged in acid pickling because of the differential resistance to 
acid attack ; and the curves in the previous paper designating relative 
susceptibilities of the various steels under conditions of cathodic 
pickling need not apply to plant problems with straight acid pickling. 

The present paper therefore has as its primary purpose the pres- 
entation of data designating the respective susceptibilities to hydro- 
gen embrittlement of the stainless steels during straight acid pickling. 

Secondly, a comparison is again made with typical plain carbon 
steels both for purposes of theoretical interest and for the benefit of 
those who may desire to predict the degree of this problem that might 
be encountered in processing new grades of steel. 

Thirdly, the research is extended to include six of the more 
common acids, and these are explored to find their relative effective- 
ness in causing embrittlement, and to study temperature, concentra- 
tion, and pickling time as variables. 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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Table I 
Description of Specimens 


















Mechanical Ultimate 
Treatment Tensile Wire 
Thermal (% Reduction Strength Size 
Grade Analysis Treatment in Area) (psi) (# in Ins.) 
ISI Cr = 17.08 
440-C Cc = 10 
S = 0.016 
P = 0.016 
Si = 015 
Mn = 0.48 
Ni = 0.28 
Mo = 0.52 
I Full Anneal (in argon) None 101,500/103,500 0.059 
1650 F—4 hrs. (BHN = 176/182) 
Cooled 25°-30° /hr. to 
1100 F 
Cooled to room tem- 
perature in ~ 1 hr. 
II Mill Anneal 29.0 100,000/105,000 0.060 
1550 F—3 hrs. (BHN = 215/240) 
25°/ % hr. to 1200 F 
Air cool 
Ill Hardened None 260,000 /265,000 0.059 


Ouenched from 1950 F (BHN = 716/726) 








‘ISI 12.52 és ME AM, eee eS 


_ 



















410 C = 0.125 
S = 6023 
Ni = 023 
P = 0.00 
Si — 0.36 
Mn — 0.45 ; 
I Annealed None 72,000/ 74,000 0.060 
1400 F—4 hrs. ' 
Air-cooled 
II Air-cooled 7.0 79,800/ 81,500 0.060 
Ill Air-cooled 58.5 121,500/124,000 0.060 
IV Hardened 
Salt bath at 1800 F None 188,000/189,000 0.060 
Oil quenched 
Stress-Relieved 
730 F—25 minutes 
Water-quenched 
V Same as IV 26.0 220,000 /223,000 0.060 
a rt _Semeasty = - 230,000 /234,000 0.060 
ISI Cr = 16.34 
431 Ni = 1.68 
Cc = 0.159 
P = 0.00 
Si = 0.51 
Mn = 0.56 
S = 060383 
I Annealed None 94,500/ 96,000 0.060 
1200-1250 F—4 hrs. 
Air-cooled 
II Same 18.0 113,000/116,000 0.060 
Ill Hardened None 206,000/210,000 0.060 
(Cooled from 2000 F in 
water-jacketed tube, 
wire passing 10 ft./ 
min.) 
IV Same re. 17.5 238,000/241,000 0.060 
SAE Cc. = 6.18 No. 5-gage green rod drawn 6 170,000 0.062 
1020 Mn= 0.0 holes to 0.062 in, ®. 
Si = 07 
1060 Cc =» oe No. 5-gage green rod drawn 2 243,000 0.062 
Mn = 1.0 holes to No. 9-gage, air-pat- 
Si = 0.18 ented and redrawn 5 holes to 
0.062 in. ® 


Grade E Music Wire i 3 escecees eae 
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TESTING PROCEDURE 





Specimens—Table I lists the steels studied. These are the same 
specimens used in the preceding paper. 





Table Il 
Description of Acids 


: Specific Concentration in Concentration in 
*Acid Gravity % by Weight Degrees Baumé 
H2SO, 1.84 95.5 to 97.5 66 
HCl 1.19 36.7 22.8 
CH,;COOH 1.0511 99.5 7.1 
HsPO, 1.71 85 oO 
H 1.15 48 es 
HNO; 1,42 70.3 42.2 





*All acids c.p. 





Acids—Table II lists the acids studied. Because of the confus- 
ing variety of measurements used in practice for acid concentration, 
such as volume per cent, weight per cent, degrees Baumé, and so 
forth, concentrations are here measured uniformly as normalities 
expressed as 1-N, etc., which can be dependably recalculated as one 
wishes. 

For the benefit of those who are unfamiliar with normality as 
an expression of acid strength, a chart is included in the Appendix 
translating normality into volume per cent of the acids listed in Table 
II. 

Technique—Description of the constant-rate, single-bend test 
using a fixed radius and a specimen prepared by a standard procedure 
can be found in the first paper (1). As in the previous work, all 
factors other than the one under observation were carefully con- 
trolled. 

Because of the direct comparison of the two types of pickling 
here, a further check was made on surface condition, comparing 
wires abraded with 120-grit Aloxite to duplicate wires further pol- 
ished with Norton No. 0 paper. No difference could be detected. 
This is mentioned because of the possibility that the greater area of 
a rough surface could conceivably increase acid attack in straight 
pickling to cause deviation toward poorer ductility, but might prevent 
good infusion of H in cathodic pickling to cause an opposite devia- 
tion. Being additive, such deviations would tend to obscure the 
comparison. 
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Three series of tests were run to investigate the effects of: (a) 
concentration, (b) temperature, and (c) pickling time. For the 
study of factors characteristic of the acid in the first two series, 
tests were consistently limited to one susceptible stainless steel, an- 
nealed ISI 440-C, and one susceptible carbon steel, cold-drawn SAE 
1020. These steels provided good standards, for both have been 
carefully studied in previous work. 

For the master curves in the third series, all listed grades were 
used. | 

To allow the best possible comparison among the various steels 
and the several acids, the pickling temperature (Series I and III) 
was uniformly fixed at 65C (150 F), the pickling time (Series I 
and II) at 15 minutes, and the concentration (Series II and III) 
as listed in the figures for each acid. The ranges of concentration, 
temperature, and pickling time are also depicted uniformly on all 
plots, allowing quick visual comparison among the whole group of 
graphs. 

Although 65 C is not exactly the temperature used in many plant 
pickling operations, it is a useful compromise for the sake of com- 
parison between the slightly volatile and the highly volatile acids; 
and the data in Series II showing the effect of temperature will pro- 
vide any needed flexibility in applying these curves to technical dis- 
cussions or to plant problems involving pickling at other tempera- 
tures. 

Similarly, the data in Series III exploring pickling time will 
provide extrapolation or interpolation from the arbitrary 15-minute 
period used in the other series; and the final master curves of all 
the grades of steel in Series III will complement the two typical 
curves in the first two series so that the following variables become 
quite fully measured : 


Steel Acid 


1. Composition 4. Type 

2. Thermal Treatment 5. Concentration 

3. Mechanical Treatment 6. Temperature 
7. Pickling Time 


In effect, seven dimensions of the system are explored, the 
graphs representing cross sections which cover the system with sufh- 
cient integrality to provide a means for predicting the extent of 
embrittlement one might encounter in undertaking new ventures in 
pickling or making any changes in pickling practice which involve 
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these variables, or perhaps in identifying a present plant problem 
which has gone unrecognized. 

However, while the following data have definite applicability to 
plant problems, it must be clearly recognized that the specimens stud- 
ied here had their surfaces carefully cleaned before being exposed 
to the acid and. that the results are primarily for technical usage in 
studying the phenomenon of hydrogen embrittlement. In the plant, 
such conditions as the presence of scale on the steel and the addition 
of inhibitors to the bath must be recognized as important factors 
likely to obscure the relationships pronounced in this paper. 

On the graphs, large circles always refer to the specimen tested 
30 seconds after pickling, and small circles to the duplicate specimen 
tested 90 seconds after pickling. Open or partly filled circles repre- 
sent the stainless steels; completely filled circles the carbon steels, 
with the single and obvious exception of Fig. 6. Where graphs are 
used, the data are quantitatively depicted and need no further tabu- 
lation. Where tabulations occur, the first-named value is the 30- 
second specimen. — 


RESULTS 


Series I: Effect of Concentration—In this first group of tests 
a typically susceptible stainless grade, annealed ISI 440-C, is com- 
pared with a typically susceptible plain carbon grade, cold-drawn 
SAE 1020. Six acid media are explored: H,SO,, HCl, H,PO,, 
CH,COOH, HF, and HNO,; also the HF-HNO, mixed acid some- 
times used in pickling stainless steel. 

Sulphuric Acid—Fig. 1 depicts the behavior of these two steels 
in H,SO, across the entire concentration range providing embrittle- 
ment. In 15 minutes pickling time at 65 C, 0.01-N H,SO, (%2% by 
weight) is not concentrated enough to embrittle either the stainless 
or the carbon steel. 

With increasing concentration, both steels show a similar re- 
sponse to embrittlement, the stainless steel registering a slightly 
greater susceptibility. At concentrations near 10-N, the stainless 
steel begins its climb toward nonsusceptibility. The mild steel also 
shows improvement in the range of higher concentrations. 

However, the marked deviations evident near 10-N express the 
strong attack of both steels observed during testing, which reduced 
their sections importantly. With decreasing radius, wires bent 
around a constant radius show increasing bend values, and this can 
account for an apparent increase in the ductility. There also seems 
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Fig. 1—Factor: Concentration (Normality). Acid: H,SO,. Temperature: 65 C 
(150 F). Pickling Period: 15 minutes. Steel: Annealed ISI 440- C stainless steel wire 
(open circles); Cold-drawn SAE 1020 carbon steel wire (filled circles). 
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Fig. 2—Factor: Concentration (Normality). Acid: HCl. (Conditions of Fig. 1.) 


to be a rate of attack possible which is more rapid than the penetra- 
tion of the hydrogen that is developed and which therefore results 
in wire that is ductile, but of greatly reduced section. 
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On the other hand, the decrease in ionization in concentrated 
H,SQ, should result in less embrittlement of both grades; and an 
onset of passivity should be expected for the stainless steel in 36-N 
H,SO,. This is observed, the carbon steel showing slight attack and 
embrittlement in 36-N acid, the stainless steel showing none. 

Hydrochloric Acid—For HCl, Fig. 2 shows an almost exact 
reproduction of the data just discussed for H,SO,. Embrittlement 
is first observed at concentrations between 0.01- and 0.1-N ; the stain- 
less steel again shows a slightly greater susceptibility than the carbon 
steel; and the bend values for both steels decrease similarly to a 
mean value around 80 degrees, the mean for H,SO,. Solutions above 
10-N were not explored because of their high volatility. 

This similarity in the behavior of the two acids has a funda- 
mental importance. Frequent discussion has concerned a comparison 
of these acids on the basis of miscellaneous tests and plant observa- 
tions, and divergent viewpoints have been expressed. 

On a theoretical basis, the closely comparable H* ion concen- 
tration obtaining in equivalent solutions of HCl and H,SO,, both of 
which are highly dissociated from dilute through medium concentra- 
tions, could be expected to cause a closely comparable absorption of 
H when studied on the present basis of normality. Later tests con- 
firm this. 

Phosphoric Acid—Since H,PO, dissociates to a considerably 
less extent than the two acids just discussed, the position of the 
points in Fig. 3 conforms to expectation. No embrittlement is evi- 
denced at concentrations less than 0.1-N. 

Once again both steels compare closely, but no preferential sus- 
ceptibility of the stainless steel is now evident. In fact, at concen- 
trations greater than 8-N, the stainless steel shows a slight advan- 
tage, although nonsusceptibility, or passivity, is not attained even in 
a 44-N solution. 

It is interesting to note that embrittlement, once incepted, pro- 
ceeds to values somewhat lower than the mean for H,SO, and HCI. 
This may possibly relate to the activity of phosphorus as a “pro- 
moter” of hydrogen absorption (3). 

Acetic Acid—Least dissociated of the acids studied; CH,COOH 
correspondingly displays the latest inception of embrittlement, the 
narrowest range of embrittling concentrations, and bend values which 
lie slightly above the mean. (See Fig. 4.) 

Below 1-N, no embrittlement occurred. With increasing con- 
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Fig. 3—Factor: Concentration (Normality). Acid: HsPO,. (Conditions of Fig. 1.) 
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Fig. 4—Factor: Concentration (Normality). Acid: CHsCOOH. (Conditions of Fig. 1.) 


centration, both steels then failed at virtually identical angles; and 
both regained nonsusceptibility in solutions 13-N and stronger. 
Mention should be made, however, of an anomaly occurring dur- 
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ing the testing of the carbon steel. With constant attention being 
paid to all conceivable variables throughout this work, the acetic acid 
tests were repeated using wire from the opposite end of the 100-yard 
coil. The results follow: 


Normality Angle of Bend—Degrees 
WP SNwiscdcscducccuswastaevetocuindseescantine 100, 120 
180, 180 
© -cpavd gd abn eaten dbiatadae Ciilisoecn sed edict 180, 
Da vedqavices BaackevedehabberVeenaenes Fbcwhade 180, 180 
RS «in nbitenals halite s Ghiebenenbin bared ath eah Bite taca 180, 180 


These data display a much earlier return of the carbon steel to 
a condition of nonsusceptibility and are further evidence of the marked 
variables in this study and the extreme precaution needed if single 
factors are to be controlled and investigated. No explanation is of- 
fered for this discrepancy between the two ends of a continuous coil 
of wire, although that phenomenon was similarly observed with 
stainless steel and was discussed in the first paper (1). 

Hydrofluoric Acid—Fig. 5 presents the first data in this series 
showing divergent behavior of the two steels. A strongly dissociated 
acid, HF caused embrittlement of the stainless steel at concentrations 
above 0.014-N, but the carbon steel resisted embrittlement up to con- 
centrations of 0.138-N. Bend values for both steels then decreased 
to the customary mean around 80 degrees. The results conform to a 
known superiority of mild steel in HF service. 

Nitric Acid—Table III lists the results of tests using HNOQ,. 
No embrittlement of the stainless wire could be detected at any con- 
centration. The definite embrittlement of the carbon steel at concen- 
trations inferior to those causing complete dissolution in the period 
of the test is curious, for a hydrogenizing activity of HNO, has never 
been established in the knowledge of the writers. In fact, a patent 
by Miller (4) claims that a brief immersion in dilute HNO, removes 
H from steel, although the claim is refuted (1). 

To make certain that stainless steel is not susceptible to embrit- 
tlement in HNO, (excluding the intergranular corrosion phenom- 
enon of “sensitization,” of course), further tests were run as re- 
ported in Table IV. 

On the basis of these data it seems safe to accept that the stain- 
less steels as a group are nonsusceptible to hydrogen embrittlement 
in HNO, under any conditions of concentration and temperature, and 
also very likely of pickling time. 

HF-HNO, Mixed Acids—Because nitric-hydrofluoric acid baths 
are used commercially to clean stainless steels, some interest attaches 
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Fig. 5—Factor: Concentration (Normality). Acid HF. (Conditions of Fig. 1.) 





to the possibility that the strongly hydrogenizing HF may at some 
concentration or ratio of concentrations overcome the protective na- 
ture of HNO, and cause hydrogen embrittlement. 

The data in Table V, which concern the hydrogen-sensitive ISI 
440-C grade and cover completely the range of concentrations used 
in practice, show no evidence of embrittlement in spite of severe at- 


Table Ill 
Standard Concentration Tests Using Nitric Acid* 





Concen- -Angle of Bend—Degrees—, 
tration Annealed ISI Cold Drawn 


(Normality) 440-C SAE 1020 Remarks 
0.1 180, 180 180, 180 
0.5 180, 180 110, 100 
180, 110 
1 180, 180 180, 180 
180, 155 
2 180, 180 150, 125 Carbon steel severely attacked i 
6 A fo ee Gee Carbon steel dissolved completely in 1 min. 
45 sec. 
10 ee pas. bee Carbon steel dissolved completely in 1 min 
Very slight gas evolution on stainless. — 
12 DL Ot gee an Carbon steel dissolved completely in 1 min 
15 sec. 
14 180, 180 180, 180 Carbon steel appears to passivate after shor! 


reaction. Stainless steel passivated. 
15.8 180, 180 180, 180 


*T = 65C. Pickling period = 15 minutes. 
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Table IV 
Further Concentration Tests Using Nitric Acid* 


ae of Bend—Degrees————________Y,{ 

Concentration ISI 440-C ISI 410 Hard. ISI 431 Hard. 
(Normality) Ann, + 29% R.A. +26% R.A. 1 " 
0.1 70, 707 180, 180 180, 180 
1.0 70, 72 180, 180 180, 180 
10.0 72, 65 180, 180 180, 180 


*T = 65C. Pickling period = 15 minutes. Blank bend value = 65 to 72 degrees. 


tack and HF/HNO, normality ratios as high as 0.87 (1.4% HF to 
5% HNO, by weight; 2.5% HF to 5% HNO, by volume). 

Series II: Effect of Temperature—Although the general effect 
of temperature on pickling brittleness was discussed in the prelimi- 
nary paper (1), the effect has neither been explored over a group of 
acids nor over a wide concentration range in any one acid. 

Fig. 6 depicts three groups of tests conducted with SAE 1020 


Table V 
Investigation of Nitric-Hydrofluoric Mixed Acids* 


Angle of Bend—Degrees 


HF CO Se a 
(Normality) 0.79-N HNOs 1.58-N HNO, 2.38-N HNO; 
0.138 180, 180 180, 180 180, 180 
0.276 180, 180 180, 180 180, 180 
0.414 180, 180 T T 
0.552 180, 180 T T 
0.690 180, 180 T tT 


*T = 65C. Pickling period = 15 minutes. Steel: Annealed ISI 440-C stainless stee! 
wire. Dissolution practically complete. 


steel wire in HCl at widely different temperatures and over a wide 
range of concentration. As the temperature decreases, greater acid 
concentrations can be withstood without incurring embrittlement. 
The slight maximum evident in the curves for 30 and 77 C can be 
related to the thinning of the wire, discussed previously. 

Because of the divergent positions of these curves along the or- 
dinate, the effect of temperature was next specifically studied for 
the two typical steels used in Series I, and for H,SO,, HCl, H 3PO,, 
and CH,COOH. 

Once again the pickling period was fixed at 15 minutes. Tem- 
perature became a variable, and concentration was in turn fixed at 
normalities arbitrarily chosen to lie near the center of the embrittle- 
ment zones in the previous Figs. 1 to 5. 
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Fig. 6—Factor: Concentration; Temperature. Acid: HCl. Temperature: As indi- 
cated. Pickling period: 15 minutes. Steel: SAE 1020. 
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Fig. 7—Factor: Temperature. Acid: H gSO, (1-N). Pickling period: 15 minutes. 
Steel: Same as Fig. 1. 


Sulphuric Acid—Fig. 7 shows embrittlement ceasing below 10 C 
and developing above that temperature somewhat slower for the 
stainless steel. No abnormalities in the curves appear which might 
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indicate a sharp change of either ionization or chemical attack with 
changing temperature. 

Hydrochloric Acid—Below 20C no embrittlement occurred in 
the tests depicted in Fig. 8; and above that temperature stainless steel 
once again showed a slower surrender of ductility. 

The maximum in the curve for mild steel is quite marked; and 
the absence of that maximum in the curve for the stainless steel led 
to the check investigation of cold-drawn 440-C stainless steel indi- 
cated in the figure by lesser circles. That steel, which shows no 
“incubation period” and registers embrittlement with greater sensi- 
tivity, displayed no maximum; but it did register marked embrittle- 
ment even in the test conducted at 2C. Consequently, these initia- 
tory tangents on the embrittlement curves have significance only for 
that particular test and cannot be construed as temperatures below 
which hydrogen is not absorbed or embrittlement does not occur. 

Phosphoric Acid—The curves shown in Fig. 9 are extremely 
regular, displaying embrittlement above 20C and showing the ex- 
pected decrease in ductility as the temperature is increased, with 
other factors constant. 

Acetic Acid—In keeping with the weak effect of CH,COOH, 
Fig. 10 shows no embrittlement below 50 C for either grade of steel. 
At higher temperatures the bend values decrease simultaneously and 
uniformly. 

Series III: Effect of Pickling Time—In exploring pickling time 
as a variable, all steels listed in the previous Table I were used. The 
data consequently provide master graphs for acid pickling similar 
to the master graphs for cathodic pickling (2), the lay of the curves 
displaying the relative susceptibilities of the stainless steels, also their 
comparison with typical carbon steels exposed to the same conditions. 

Although all susceptible stainless steels are not included in the 
tests, those studied have terminal significance. That is, the greatest 
sensitivity of all the stainless steels belongs to the cold-drawn, high- 
carbon 440-C shown on all graphs. Its ductility values lie lowest 
of any grade, providing a terminal, or boundary, value of minimum 
ductility. 

With decreasing carbon content through grades 440-B (17% 
chromium-0.85% carbon), 440-A (17% chromium-0.65% carbon), 
420 (13% chromium-0.35% carbon), and 430 (16% chromium- 
0.10% carbon), steels similar to the studied 410 (12% chromium- 
0.10% carbon) and 431 (16% chromium-2% nickel) are obtained. 
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Therefore, one may logically expect the intermediate steels to show a 
susceptibility that is intermediate between the 440-C and the 410 
curves presented here. 
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For example, the 17% chromium steel, ISI 430, should show a 
susceptibility comparable to, but somewhat less than, ISI 431, which 
has the same analysis except for a small addition of Ni for increas- 
ing its hardness, and ISI 410, which differs only in having a few per 
cent less chromium and a greater hardenability. While ISI 430 
was not measured in this work, experience in the plant with sporadic 
brittleness traceable to hydrogen confirms the prediction. 

Similarly, the 12% chromium-2% nickel grade, ISI 414, can be 
reliably compared with the studied ISI 431. 

The susceptibility of stainless steels, it will be recalled, parallels 
their hardenability (1), (2). Carbon and low percentages of nickel 
are the common hardening agents in stainless steel, and their princi- 
pal types are studied here in numerous variations of thermal and 
mechanical treatment. Austenitic steels are nonhardenable thermally, 
have no measured susceptibility, and are therefore not represented. 
The effect of sulphur or selenium in the free-machining grades 416, 
420-F, 430-F and 440-F was not explored. 

Sulphuric Acid—For this most common of pickling acids, a con- 
centration of 3.7-N has been selected because this is the 10 per cent 
by volume solution so commonly used. In this acid the steels behave 
as shown in Fig. 11. Most sensitive of all, and the only steel not 
showing a measurable “incubation period” (1), is annealed and cold- 
drawn ISI 440-C. 

Of the remaining steels, cold drawn SAE 1020 is the most sen- 
sitive, though it scarcely attains even after prolonged pickling as low 
a bend value as the blank for the cold-drawn, high-carbon stainless 
steel. 

Immediately above the curve for the unalloyed steel lies the 
curve for annealed ISI 440-C, which places the plain carbon grade 
intermediate between the annealed and the cold-drawn ISI 440-C. 

Only one other steel showed any embrittlement at all: ISI 431, 
and that only in the hardened and cold-drawn conditions. The same 
grade hardened only, or annealed, or annealed and cold-drawn, 
showed no defection. Nor did the stainless grade 410 show any de- 
fection in any condition of hardening or working, even for pickling 
periods prolonged beyond a half hour. 

Comparison of these results with those for cathodic pickling (2) 
is revealing, for both the hardened and the hardened, cold-drawn 
specimens for both 431 and 410 revealed susceptibility in previous 
work surpassing considerably the susceptibility of annealed 440-C. 
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As in the work with cathodic pickling, neither of the two high- 
carbon unalloyed steels evidenced embrittlement in spite of avid acid 
attack. That observation affords further interesting comparison be- 
tween SAE 1090 and ISI 440-C, which differ only in chromium con- 
tent. The chromium must therefore be responsible for the fact that 
ISI 440-C is extremely sensitive to hydrogen even when fully an- 
nealed, whereas SAE 1090 is extremely resistant, even when consid- 
erably less fully annealed and severely cold-drawn. 

A general usefulness of these master graphs results from the 
fact that they can be extrapolated with reasonable sureness to other 
acid concentrations and to other pickling temperatures by reference 
to the intrinsic effects of concentration and temperature measured 
in the tests of Series I and II, respectively. Thus, the curves in the 
master plot can be expected to sink uniformly as a family with in- 
creasing temperature, on the basis of the figures in Series II, with 
the possible exception of the temperature range producing the seem- 
ing maximum for SAE 1020 steel in HCl. With changing concen- 
tration, the entire group of curves should rise or fall in approximate 
accordance with the course of the pilot curves in the figures of 
Series I. 

Hydrochloric Acid—Two concentrations were selected for this 
acid: 1-N, principally for the sake of consistency with previous data, 
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Fig. 11—Factors: Grade of Steel; Pickling Time. Acid: HgSO, (3.7-N). Tempera- 
ture: 65C (150 F). 


and also because this concentration (7% by volume) is in the low 
range of commercial usefulness; and 6-N, because this is the 1:1 
(by volume) mixture frequently used in the plant where high ranges 
of concentration are desired. 

For 1-N acid, Fig. 12 shows a curve family not unlike that for 
H,SO,, except that in prolonged pickling periods the hardened 431 
also developed defection, though slight. Also, the hardened and cold- 
drawn 431 exhibited greater defection than in H,SO,, as did the 
annealed 440-C, which reversed its position with respect to SAE 1020. 

In the 6-N acid, both the hardened and the hardened, coldydrawn 
431 have rejoined the nonsusceptible group (see Fig. 13); and the 
curve for the annealed 440-C has returned to a position superior to 
that of SAE 1020. This improvement in the resistance of stainless 
steel is not shared by the cold-drawn 440-C, which displays excep- 
tionally low bend values. 

In evaluating the curves in Fig. 13, mention should be made of 
the avid chemical attack of those steels, which could have caused a 
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Fig. 12—Factors: Grade of Steel; Pickling Time. Acid: HCl (1-N). (Conditions 
of Fig. 11.) 





deceiving improvement through reduction of the specimens’ cross 
section, as described before. 

Phosphoric Acid—Once again essentially the same information 
appears, but only the ISI 440-C and the SAE 1020 grades show em- 
brittlement. (See Fig. 14.) 

While the graph displays a clearly established superiority of the 
unalloyed SAE 1020 steel over the ISI 440-C steel, the numerous 
variations in susceptibility occurring along a length of wire, as dis- 
cussed earlier in the paper, prevents one from suggesting that a dif- 
ferential susceptibility is shown here by the alloyed and unalloyed 
steels when the acid is changed from sulphuric, say, to phosphoric. 

Acetic Acid—Fig. 15 contains the data for 4-N acetic acid. No 
important changes are evident, the curves again displaying nonsus- 
ceptibility for all grades except ISI 440-C and SAE 1020; and the 
curves for these fall conventionally with increasing pickling time. 

Nitric Acid—Table III had shown slight embrittlement of SAE 
1020 wire after 15 minutes of pickling in 1-N HNO,, and more 
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Fig. 13—Factors: Grade of Steel; Pickling Time. Acid: HCl (6-N). (Conditions 
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marked embrittlement in 2-N acid. At higher concentrations the 
chemical attack was too great to allow satisfactory measurement of 
embrittlement. No other grades, it will be recalled, evidenced any 
susceptibility to HNOQ,. 

To verify further the apparent immunity to hydrogen embrittle- 
ment of stainless steels as a class when pickled in HNO,, tests were 
conducted in 2-N acid, the concentration causing the most damage to 
SAE 1020; and tests were conducted for various periods up to 15 
minutes to cover the possibility of a reversion in hydrogen absorp- 
tion occurring during prolonged pickling. That is, two actions often 
characterize the attack of steel by nitric acid: (a) a flash attack, 
during which period hydrogen could be absorbed by the steel, and 
(b) passivation, during which hydrogen could be desorbed from the 
steel. 

The data in Table VI disclose no further susceptibilities for any 
pickling period of any of the grades beyond that reported for SAE 
1020. 
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DISCUSSION 


These results confirm the prediction stated in the introduction 
that the chemical activity of the environmental or surface hydrogen 
(H), which governs the infusion of absorbed hydrogen [H], may 





Table VI 





T = 65C (150 F) 


-——Pickling Time in Minutes Vs. Degrees of Bend——, 
Grade of Steel 2 
ISI 440-C* 70, 67 65, 62 67, 67 70, 72 
ISI 410 I+ , 180 180, 180 
Il , 180 180, 180 
It! 6 180, 180 
IV c 180, 180 
ISI 431 I 180, 180 
II ¥ 180, 180 
Ill ‘ 180, 180 
SAE 1060 180, 180 180, 180 
SAE 1090 180, 180 180, 180 


*Blank angle of bend = 65-72 degrees. 
tNumerals refer to conditions listed in Table I. 
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Fig. 15—Factors: Grade of Steel; Pickling Time. Acid: CH;COOH (4-N). (Con- 
ditions of Fig. 11.) 










vary so widely for different acids and different steels in straight acid 
pickling that embrittlement factors intrinsic to the steel become 
obscured. 

Thus, when (H) was held constant by cathodic pickling, both 
stainless grades 410 and 431 in all conditions of hardened and hard- 
ened, cold-drawn showed a susceptibility surpassing annealed 440-C 
and surpassed only by cold-drawn 440-C (2). In every case their 
curves lay far below those for annealed 440-C, and also for cold- 
drawn SAE 1020. 

In the present study where (H) was developed by unrestrained 
chemical attack, both ISI 410 and 431 were contrarily in all condi- 
tions far superior to ISI 440-C in any condition, and also to cold- 
drawn SAE 1020. 

Since (H) is known to be a function of [H], the obvious ex- 
planation for this reversion in relative susceptibilities is that in 
straight acid pickling less (H) is developed on the surface of ISI 
410 and 431 steels because of their superior corrosion resistance com- 
pared to annealed ISI 440-C and cold-drawn SAE 1020. 
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CoNCLUSION 


These data are supplied primarily for their fundamental signifi- 
cance in understanding the phenomenon of hydrogen embrittlement. 

In applying them to practical problems in the plant, one must 
recognize that the specimens were carefully cleaned before pickling, 
and that such commercial conditions as scale on the surface and in- 
hibitors in the pickling bath will tend to distort and obscure the re- 
lationships pronounced here. 

Bearing the restrictions of the research conditions in mind, one 
can draw the following conclusions regarding the susceptibility of 
alloyed and unalloyed steels to hydrogen embrittlement during 
straight acid pickling : 

Steels 


1. Most susceptible to embrittlement is the high-carbon stainless 
steel 440-C, especially in the cold-drawn condition; and even 
though fully annealed. 

2. Next in susceptibility is the unalloyed cold-drawn SAE 1020 
steel; and the stainless Type 431 shows slight susceptibility in 
some acids, but only in the hardened and hardened, cold-drawn 
conditions. 

3. The stainless steel 410, which showed susceptibility in cathodic 
pickling, and the unalloyed steels SAE 1060 and 1090, exhibited 
no susceptibility in any of the tests. 

4. Stainless steels intermediate in carbon content and hardenability 
between the 440-C and 410, such as 440-B, 440-A and 420, are 
presumed to have intermediate susceptibilities. The 12% 
chromium-2% nickel steel, Type 414, is similarly presumed to 
compare with the studied 16% chromium-2% nickel steel (Type 
431), as is the 17% chromium steel, Type 430, which is known 
to show occasional brittleness in plant experience. Austenitic 
steels are eliminated from consideration because of their previ- 
ously determined nonsusceptibility. 


Acids 


1. Strongly ionized reducing acids such as H,SO,, HCl, and HF 
cause similar embrittlement of these steels. A minimurn con- 
centration is necessary to incept embrittlement, other conditions 
remaining constant; and the stainless steels regain nonsuscepti- 
bility at high concentrations of H,SQ,. 

2. Less ionized reducing acids, such as H,PO, and CH,COOH, 
cause as severe embrittlement as do the strongly ionized acids, 
but the range of effective concentration is considerably con- 
tracted, in rough proportion to their respective degrees of dis- 
sociation. 
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3. Acetic acid, CH,COOH, has an especially narrow range of ef- 
fective concentration; and both stainless and unalloyed steels 
regain nonsusceptibility at high concentrations. 

4. There is possibly some evidence for “promoter” activity of the 
phosphorus in H,PQ,,. 

5. HNO,, a highly dissociated but oxidizing acid, causes no embrit- 
tlement of any of the stainless grades, and only a slight embrit- 
tlement of SAE 1020 steel. 

6. HF-HNO, mixtures, used in the commercial pickling of stain- 
less steels, cause no embrittlement even with the highest useful 
ratios of HF/HNOQO,. 

7. Increasing temperature, other factors remaining constant, causes 
a uniform increase in embrittlement; and below a certain mini- 
mum temperature, a given bend test will register unimpaired 

ductility. 
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APPENDIX 


CHART FOR CONVERSION OF NORMALITY TO VOLUME PER CENT 


A 1-N solution by definition contains 1 gram-equivalent weight 





of the solute compound in 1 liter of solution, calculated as = where 
4 

M is the molecular weight of the compound, and N is the number of 

H* ions its molecule contains. 

To prepare a solution of given normality, the solute is added 
to an arbitrary quantity of water, and further water is then added 
to bring the volume of the solution to 1 liter. 

This last step is necessary because a negative deviation from ad- 
ditivity of volumes frequently occurs in mixing water and acid. 

The chart presented here neglects this deviation and provides 
only a quick approximation useful in translating the normality figures 

in the text to an inexact but more commonly used measure, volume 
per cent. 
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DISCUSSION 


Written Discussion: By S. A. Herres, assistant supervisor, Battelle 
Memorial Institute, Columbus, Ohio. 

The authors of this paper have done a noteworthy job in collecting evi- 
dence on certain annoying variables which metallurgists generally prefer to 
ignore. Unfortunately, those physical and chemical factors which control the 
infusion of hydrogen into steel during various commercial operations cannot 
be disregarded because their influences are constantly being manifest by prac- 
tical difficulties. The alternative is to develop a clear understanding of their 
effects. 
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Particularly interesting is the observation that neither high-carbon un- 
alloyed steel, SAE 1060 nor 1090, was embrittled under conditions where low- 
carbon unalloyed SAE 1020 and high-carbon chromium-containing steels were 
decidedly embrittled. It appears that this observation requires confirmation 
and that further experimental investigation of the relation between embrittle- 
ment and carbon content to prior processing is required. Langdon and Gross- 
mann,’ for example, have reported that embrittlement caused by pickling in- 
creases with carbon content in hardened steels, decreases with carbon content 
in normalized steels and increases with cold work. 

The theory of hydrogen embrittlement appears to suffer from an insufficiency 
of experimental evidence particularly on the diffusion rate of hydrogen in steel 
as influenced by chemical composition, carbide distribution, and degree of cold 
working of the steel. Mehl* has discussed the need for further general informa- 
tion on diffusion in metals, and his suggestions might be incorporated in a 
specific investigation of hydrogen diffusion in steel. 

Written Discussion: By W. B. Arness, production manager, Maintenance 
Service, Inc., Youngstown, Ohio. 

The authors are to be congratulated for another painstaking and interest- 
ing study of hydrogen absorption during pickling. Although the field of their 
study was sharply restricted, the hydrogen embrittling influences in this field 
have been revealed and evaluated so carefully that there is a clear indication 
of what to expect in related fields. 

It may be that this study, which suggests relative immunity to hydrogen 
embrittlement of some stainless steels of the Type 400 series, is a little too 
reassuring. It is a matter of record that production pickling of Types 414 
and 420 rods has resulted in severe but spotty embrittlement, and it may be 
supposed, as the authors suggest, that local mill conditions or conditions of 
heat treatment exert a considerable influence upon hydrogen absorption. 

The question of hydrogen embrittlement during finishing operations applied 
to Type 400 series stainless strip has interested me for some time. I have 
had no opportunity to explore this question, but have, from time to time, seen 
results in the form of scattered blisters and low or erratic elongation and 
transverse bending properties that suggested the possibility of incipient embrit- 
tlement. Other causes are often blamed for these defects, and may in fact 
be wholly responsible, but it would be interesting to know whether the authors 
of this paper, or others, have had occasion to investigate this question. 

Written Discussion: By J. T. Waber and H. J. McDonald, Corrosion 
Research Laboratory, Illinois Institute of Technology, Chicago. 

Dr. Zapffe is to be commended for having collected considerable engineer- 
ing data which will improve the pickling process. However, since an alternate 
mechanism explains these data, it is difficult to see how theoretical conclusions 
regarding surface concentrations of hydrogen are supported by these data. 

He shows that, approximately, the extent of embrittlement parallels the 








degree of ionization of the acids in the concentration ranges he studied. If 
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the embrittlement depends upon surface hydrogen then the assumption, that 
the’ surface concentration of hydrogen is a linear function of the hydrogen 
ion concentration, appears valid. But this does not help us answer by what 
means cold work and alloy composition affect the susceptibility to embrittle- 
ment, 

An: alternate mechanism is offered below, which seems to explain these 
data more fully. Embrittlement is not due to penetration of the steels by 
hydrogen atoms, but is due to the preferential corrosion attack. Such attack 
gives rise to tiny pits which act as “stress raisers.” The resultant concentra- 
tion of stress in these steels, which work harden easily, leads to brittle fracture 
during bending. 

To support this proposal, experiments on austenitic stainless steel may be 
cited. Krivobok, et al.,* have shown that the rate of corrosion in HNO; and 
HCl, the magnetic susceptibility, and the extent of cold work increase linearly 
together. Hence one may conclude that the rate of corrosion is proportional 
to the amount of the magnetic “martensitic” material formed by the cold work. 
A similar relation between cold work, epsilon phase,* and corrosion,’ has been 
observed for binary iron-nickel alloys. It can be concluded that the “marten- 
sitic” product of cold work is anodic to the parent austenite. 

Is it not possible that the martensite formed by the heat treatment and by 
the cold working of the ISI 400 series stainless steels is similarly anodic? 
This formation of anodic “martensite” would account for the effect of alloying, 
cold work, heat treatment and preferential corrosion as re-examination of 
Zapffe’s data will show. Those steels most susceptible to work hardening 
show the greatest corrosion difference between the annealed and the deformed 
conditions. 

In many cases the dissolution of metals in acids is kinetically first order 
with respect to the hydrogen ion concentration. Unfortunately, Dr. Zapffe 
does not include sufficient data for detailed kinetic study. Qualitatively, the 
effects of time and temperature do agree with such a first order mechanism. 
This accounts for the other feature of his data; namely, the composition of 
the pickling solution. The more completely ionized the acid at a given ionic 
strength, the more rapid the embrittlement. + 

The question may be raised, Does the same type of preferential attack 
account for the apparent hydrogen embrittlement of the wunalloyed steels 
tested? Yes; the rate of intergranular corrosion of mild steels is increased 
by the amount of nitrogen and reduced by the carbon in the steel. This has 
been shown for acidic media such as calcium nitrate® and citric acid." Investiga- 
tions now in progress in this laboratory indicate that the rate of dissolution of 
iron nitride, the anodic phase in mild steel, is proportional to the hydrogen ion 
concentration. Therefore, this same mechanism accounts for the results obtained 
on plain carbon steels. 
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Authors’ Reply 


Mr. Herres’ reference to Langdon and Grossmann’s work is well made, 
for the conclusions in that early research seem to be substantially correct. In 
a subsequent part of our program the carbon content and microstructural con- 
dition are slated for close examination. 

As for diffusion, Bardenheuer and Thanheiser’s paper* deserves attention. 
Those investigators showed that hydrogen diffuses considerably more rapidly 
through a spheroidized structure than through lamellar pearlite. 

Mr. Arness raises a question regarding anomalous failures in 400-series 
strip which cannot be answered satisfactorily on the basis of the present re- 
search alone. There are difficulties aside from hydrogen which may cause 
certain of the failures he mentions. However, defection in elongation and in 
bending is a hallmark of hydrogen embrittlement; and, somewhat contrary to 
the conclusion Mr. Arness draws from the present paper, this and the two 
previous papers (1), (2) probably indicate that 400-series steels as a class 
must always require careful consideration for hydrogen embrittlement, depend- 
ing strongly on their state of heat treatment and cold work. As for blisters, 
those remain an almost exclusive identification for hydrogen. 

Drs. Waber and McDonald probably show an excess of enthusiasm for 
their theory of preferential corrosion. In the first place, the two previous 
papers (1), (2) produced the effects in question without any chemical attack 
at all. The only change in the system was the dissolving of hydrogen, whose 
ability to enter steel and to cause the defection in question needs no further 
proof. 

Secondly, the present paper reveals that HNO, avidly attacks the steels, 
yet causes embrittlement in none. HNO, is as completely ionized as any acid 
used. 

Thirdly, they discuss intergranular corrosion. These fractures are trans- 
crystalline.” 

Fourthly, they state that carbon decreases the attack. As Herres has just 
pointed out, and as is evident in the present work, carbon increases embrittle- 
ment in hardened mild steel and in any condition in the 400-series of stainless 
steels. 

Other questions might be raised, for example, with their usage of the 
term “work hardening” in respect to stainless steel; but it seems sufficiently 
evident that their hypothesis concerns a phenomenon which has little or no 
relationship to the subject. 


SP. Bardenheuer and G. Thanheiser, “Investigations On the Pickling of Steel Sheets of 
Low Carbon Content,” Mitt. Keaiser-Wiikeim Inst. Eisenforsch., Disseldorf, Vol. 10, 1928, 
p. 323-342. 

°C. A. Zapffe and G. A. Moore, “A Micrographic Study of the Cleavage of Hydrogenized 
Ferrite,” Metals Technology, Vol. 10, No. 2, T. 1553, 19 pages, 1943; also Transactions, 
American Institute of Mining and Metallurgical Engineers, Vol. 154, 1943, p. 335-352; disc., 
p. 352-359. 












MEASUREMENT OF EMBRITTLEMENT DURING CHRO- 
MIUM AND CADMIUM ELECTROPLATING AND THE 
NATURE OF RECOVERY OF PLATED ARTICLES 


By Cart A, ZAPFFE AND M. ELEANOR HASLEM 


Abstract 




































Fourth in a series of papers exploring the nature of 
hydrogen embrittlement as measured by the constant-rate 
single-bend test, the present paper studies the embrittlement 
resulting from electroplating, specifically the chromium 
plating and the cadmium plating of 17% chromium- 
1% carbon stainless steel wire in the annealed and in the 
cold-drawn conditions. 
Curves are obtained which show the course of embrit- 
tlement with increasing plating time, and the remarkable 
comparison of chromium plating and cadmium plating with 
one another and with straight hydrogen plating as hydro- 
genizers of steel. 
In studying recovery from embrittlement, a phenome- 
non is found which corroborates an earlier hypothesis by 
Zapffe and Faust regarding a double-aging effect in 
plated metal. ] 
Some tests preliminary to a subsequent research are 
also presented which show marked differences in the rates 
of recovery when plated specimens are aged in different 
media, such as water, oil, a caustic solution, and dry argon, 
at the same temperature. For articles heavily plated with 
chromium, temperature is investigated as a variable in the 
recovery of ductility. 


INTRODUCTION 





OURTH ina series of papers (1)? to (3) exploring the nature of 
hydrogen embrittlement by means of the constant-rate single-bend 
test, the present paper specifically concerns embrittlement incurred 
during electroplating. 

Chromium plating was selected as one of the two processes to 





1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Twenty-eighth Annual Convention of the 
Society held in Atlantic City, November 18 to 22, 1946. Of the authors, Carl 
A. Zapffe is consulting metallurgist, and M. Eleanor Haslem is research 
metallurgist, Baltimore, Maryland. This investigation was conducted in the 
laboratory of the senior author. Manuscript received April 29, 1946. 
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be studied because it combines commercial importance with known 
hydrogenizing propensities. Even with good technique, over 80% 
of the current in chromium plating is likely to deposit hydrogen in- 
stead of chromium on the cathode. 

Cadmium plating became the second selection because of its 
contrast to chromium plating in respect to plating efficiency and me- 
chanical properties of the coating; and specifically because of the 
commercial application of cadmium coatings for improving the cor- 
rosion resistance of unalloyed steels, for coating spring grades of 
steel previous to coiling, and as a die lubricant, for example, in the 
drawing of wire, particularly stainless steel wire. 

For the basis metal, annealed AISI 440-C stainless steel wire 
was chosen because that steel is typically susceptible to hydrogen 
embrittlement, and because specimens from the same coil have been 
thoroughly studied previously under standardized conditions of 
cathodic pickling, which is hydrogen plating. In metal plating, some 
hydrogen plating often occurs simultaneously; and its degree 
measures the inefficiency of the process. Cadmium plating has a high 
efficiency ; chromium plating an unusually low efficiency. 

Since cold working so strongly affects the susceptibility of steel 
to hydrogen embrittlement (2), (3), annealed AISI 440-C was also 
studied in the cold drawn condition. The coil from which these speci- 
mens were taken had similarly been studied in the previous researches 
(2), (3). 

The investigation thus concerns two plating processes and a 
typically susceptible basis metal in the annealed and in the cold-drawn 
conditions whose response to hydrogen embrittlement has been thor- 
oughly investigated under similar conditions not involving the co- 
deposition of a metal. 

In addition, because of the practical as well as theoretical impor- 
tance of the phenomenon of recovery from embrittlement, the study 
is extended to find the conditions under which hydrogen is removed 
from plated articles. 


EXPERIMENTATION WITH EMBRITTLEMENT FROM ELECTROPLATING 


Technique—Specimen preparation followed primarily the stand- 
ard procedure set for hydrogen plating in the previous researches, the 
wires being cleaned by longitudinal abrading with 120-grit emery cloth. 
Although some disadvantage might follow in a practical sense from 
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not following commercial cleaning procedures, such as alkaline cathodic 
cleaning and HCl pickling, an optimum basis results for comparing 
the hydrogenizing propensities of the plating operation itself with the 
effects established in the previous researches. 

Also for the sake of such comparison, a plating temperature of 
50 C (122 F ) was selected for both series of tests because, fortuitously, 
that temperature lies within the acceptable plating range for both 
cadmium and chromium and is also the temperature used in the re- 
search with hydrogen plating (2). 

In chromium plating it was even possible to select the same current . 
density used in the previous work: 1 amp./sq. in. 

All specimens were immersed 2 inches in the electrolyte and were 
given the standard rinse and dip in ice water in the measured period 
between plating, or aging, and testing. 

On the graphs, large circles refer to the specimens tested 30 
seconds after plating, or after aging; small circles to the duplicate 
90-second specimens. 

Description of the constant-rate single-bend test employing a 
0.06-inch diameter. wire bent around a %-inch pin under carefully 
controlled conditions can be found in the first paper of this series (1). 
Table I contains a description of the specimens. 





Description of Type 440-C Specimens 


Analysise. Cr=— 17.08 % Si = 0.15 
C = 148 Mn — 0.48 
S= 0.016 Ni = 0.28 


Mo = 0.52 





Mechanical Treatment Ultimate Tensile Wire Size 
Thermal Treatment (% Reduction in Area) Strength (psi) (® in ins.) 
I. Full Anneal (in argon) 
1650 F—4 hrs. , None 101,500/103,500 0.059 
Cooled 25-30° /hr. (BHN = 176/182) 
to 1100 F. 


Cooled to room temperature 


in =~ 1 hr. 
II. Mill Anneal 


1550 F—3 hrs. 29.0 100,000/105,000 0.060 
25°/% hr. to (BHN = 215/240) 
1200 F. 


Air cool 





Chromium Plating—The electrolyte had the following compo- 
sition : 
CrO;,; = 500 gms. 


H.SO,= = 3ce. 
H.O =775cc. (to make 1 liter of solution) 
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Fig. 1—Embrittlement of Stainless Steel 440-C Wire in 
the Annealed and the Cold-Drawn Conditions After Electro- 
plating With Chromium. Curves for straight cathodic pickling 
are included for comparison. Shaded areas represent decrease 
in ductility effected by chromium plating beyond that caused 
by cathodic pickling at the same temperature and current 


density. T= 300 022¥) 
C.D. = 1 amp./sq. in. 





Before plating, each specimen was activated by reversing the polarity 
and anodizing for 2 minutes. 

In Fig. 1 the bend values are plotted for annealed and for annealed, 
cold-drawn AISI 440-C stainless steel 0.06-inch wire after various 
periods of chromium plating. Also drawn in for comparison are the 
curves for hydrogen plating taken from the previous research (2). 

These results are surprising, for they display a condition of hy- 
drogen embrittlement in the plated wire that is much more severe than 
that caused by straight cathodic pickling. The shaded areas on the 
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graph measure the added defection caused by chromium plating be- 
yond that caused by straight hydrogen plating. 

If, due to the inefficiency of the plating process, some 80% of the 
electrical energy dissipates itself in depositing hydrogen on the cathode, 
one would logically expect the embrittlement resulting from chromium 
plating, though severe, to be not more than 80% as severe as the 
embrittlement caused by depositing 100% hydrogen. 

In fact, it would seem that the known poor permeability of 
chromium for hydrogen would cause even that degree of embrittlement 
to be considerably lessened because of a lessened absorption as the 
chromium layer thickened. 

To the extreme contrary, however, plating the annealed wire for 
only 30 seconds caused an onset of brittleness; whereas under con- 
ditions of plating 100% hydrogen this wire registered no defection 
for a period ten times that long. 

Again, after 4 minutes of hydrogen plating the wire was still 
ductile ; but 4 minutes of chromium plating caused the wire to fail at 
only 60 degrees of bend—a value lying well below that produced even 
by 2 hours of straight hydrogenizing. 

Furthermore, as will be shown in the discussion of recovery, this 
brittleness is a function of the hydrogen alone, and not of the me- 
chanical nature of the plate. 

In the case of the cold-drawn wire, only 15 seconds’ plating caused 
a measurable loss of ductility; and the ultimate bend values of only 
6 or 7 degrees after 30 to 60 minutes’ plating are so very low that the 
material compares with glass so far as ductility is concerned. 

As an explanation of this phenomenal decrease in ductility, it can 
only be suggested here that the codeposition of chromium importantly 
affects the atom/molecule (H/H,) partition of the hydrogen at the 
surface of the cathode so that a much greater proportion of the de- 
posited gas resides on the cathode in the diffusible atomic form. 

In other words, the chromium increases the effective partial 
pressure of environmental (H), which in turn increases the quantity of 
absorbed [H] in accordance with Henry’s law. The action may be 
similar to that of the elements in groups V-B and VI-B of the Periodic 
Table, although chromium as an unplated ion has not been shown to 
increase hydrogen absorption as those elements have. 

Cadmium Plating — Similar tests were performed using a 
cadmium-cyanide, sodium-cyanide alkaline electrolyte of the follow- 
ing composition : 


a = permease 
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20 40 60 80 


MINUTES (PLATING) ———~- 
Fig. 2—Embrittlement of Stainless Steel 440-C 
Wire in the Annealed and the Cold-Drawn Conditions 
After Electroplating With Cadmium. 
T = 50C (122 F) 
C.D. = 0.21 amp./sq. in. 


Cadmium oxide = 32 gms./liter 
Sodium cyanide = 75 gms./liter 
Gelatine = 2gms./liter 

Once again the temperature was fixed at 50C; but a current 
density of only 0.21 amp./sq. in. had to be chosen because of the 
nature of cadmium plating. 

From the curves in Fig. 2 one can see that cadmium plating re- 
sults in embrittlement which, though less severe than that caused by 
chromium plating, is almost as surprising in view of the very small 
proportion of hydrogen codeposited. The current efficiency in cad- 
mium plating frequently runs above 90%. 

A master plot of chromium-, cadmium-, and hydrogen-plating 
curves in Fig. 3 shows that the embrittlement from cadmium plating 
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MINUTES (PLATING) ——————»— 

Fig. 3—Master Plot Comparing the Embrittlement of 
Stainless Steel 440-C Wire Resulting From Electroplating 
With Chromium, With Cadmium, and With Hydrogen 
(Cathodic Pickling), Respectively. 

T = 50C (122 F) 


C.D. = 1 amp./sq. in. (Cr, H) 
0.21 amp./sq. in. (Cd) 


is nearly identical with that for straight hydrogen plating. In fact, the 
“incubation period” is considerably shortened by the cadmium plating, 
the early portions of the curves for both steels indicating more severe 
embrittlement than from plating pure hydrogen. 

Consequently, the plating conditions must again be assumed to 
affect the deposited hydrogen in such a manner that the 10% or so of 
hydrogen present is at least as effective as ten times that quantity in 
cathodic pickling. 

As with chromium plating, the only explanation to be made here 
is that the atom/molecule partitioning is thrown far toward the side of 
atomic hydrogen under the conditions of plating. The mechanical 
properties of cadmium make it impossible to assume that the coating 
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is a physical factor in embrittlement; and the results with cadmium 
plating therefore strengthen the belief that the defection of chromium- 
plated articles is similarly less related to the inherent mechanical prop- 
erties of the plate than it is to the hydrogen content of both plate and 
base metal. 

Two more characteristics of the cadmium curves warrant men- 
tion. With the cold-drawn wire, a minimum ductility seems to be 
reached in the first few minutes of plating, after which no further 
measurable change occurs. This has at least a qualitative consistency 
with the known fact that-cadmium, like chromium, is poorly permeable 
to hydrogen, whereupon hydrogen infusion should decrease greatly as 
the plating covers the metal in greater thickness. 

In plating the annealed wire, this decrease in infusion, which 
would allow a counter-diffusion of the gas, seems to be displayed as a 
region of erratically improved bend values occurring between 30 and 
50 minutes’ plating, and methodically improved values for longer 
plating periods. The contrast in shape of the curves for the two steels 
probably results from the fact, later to be demonstrated, that annealed 
wire is much more responsive to recovery than cold-worked wire and 
therefore probably displays more readily the estoppage of hydrogen 
infusion as the plate thickens. 

In closing the discussion of embrittlement incurred during these 
plating processes, attention is called again to the master plot in Fig. 3 
which shows the relative hydrogenizing propensities of cadmium- and 
chromium-plating processes compared to straight hydrogen plating 
and discloses the reason for the great number of plating problems 
incurred in the breakage of plated articles (4) to (10), and probably 
also in the occasional appearance of blisters, previously ascribed to 
other causes (7). 


EXPERIMENTATION WITH RECOVERY 


Technique—In a continued attempt to reduce the number of 
variables by keeping as much conformity as possible in the conditions 
of the several researches, the specimens for aging were prepared by 
plating for a period that provided an angle of bend corresponding to a 
desirable position, not on the plating curve (6), but on the cathodic 
pickling curves of the preceding research (2). 

This procedure had two advantages. First, it had a long-range 
advantage in providing specimens which were to age back to ductility 
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from the same degree of brittleness held by unplated specimens in a 
research to be described in a subsequent paper. Second, the plating 
periods providing those degrees of embrittlement were so short that 
the mechanical effect of the coating becomes reduced to a minimum, 
and‘ the measurements are more likely to represent the activity of 
hydrogen itself. 

For comparison, however, tests were also later made with long 
plating periods in which the mechanical properties of the coating defi- 
nitely limited the ductility of the plated steel. 

After plating, the wires were immersed directly in the aging 
medium ; and at the close of the aging period they were rinsed and 
dipped in ice water in the conventionalized manner for 30- and 90- 
second periods, respectively, before testing. 

Recovery of Chromium-Plated Specimens—Light Plate—The re- 
covery of both annealed and cold-drawn wire, as depicted in Fig. 4, 
immediately confirms the hypothesis and the qualitative observations 
of Zapffe and Faust regarding “double-aging” in the recovery of 
electroplated articles (12). 

In that work, hydrogen in the basis metal and in the coating was 
shown to require separate consideration during treatment for recovery. 

Thus, in aging, hydrogen leaving the basis metal must pass through 
the coating to escape to the atmosphere. In so doing, an originally 
ductile coating may be made brittle during aging by the passage of 
this gas. 

Conversely, hydrogen retained in the coating itself after plating 
has two directions available for diffusion: (a) effusion into the at- 
mosphere, and (b) infusion into the basis metal. Under the phenomenal 
conditions of partial pressure obtaining in these systems, diffusion 
into the steel core can be as likely as effusion into the atmosphere ; and 
an appreciable proportion of the inner layers of the coating can be 
expected to eject their hydrogen into the basis metal after plating just 
as effectively as the plating or pickling operation itself. The result is 
the aging of ductile ware into a temporary condition of brittleness. 

All remaining figures in this paper confirm this “double-aging”’, 
or “aging relapse”, which is caused by the fact that the distribution of 
absorbed hydrogen after plating is highly nonuniform radially through 
core and coating; and its redistribution during aging requires an in- 
crease in hydrogen content in one section, which might cause em- 
brittlement there, and a decrease in the complementary section, which 
might exhibit itself as locally regained ductility, 
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In the work of Zapffe and Faust (12), coatings aging from duc- 
tility into brittleness were demonstrated simply by charging the core 
with hydrogen previous to plating. After plating, the hydrogen effusing 
from the core blistered coatings having poor adherence and embrittled 
those having good adherence. 


ANNEALED 





MINUTES (AGING) ———————~— 
Fig. 4—Recovery Curves for Annealed and for Cold-Drawn 
440-C Stainless Steel Wire Plated With Chromium and Aged in 


Water at 100C. Plating period: Cold-drawn wire = 90 seconds. 
Annealed wire = 3 minutes. 


The opposite action—hydrogen passing from coating to core 
during the aging of a brittle coating—was suggested in that earlier 
work, but was not demonstrated. The present tests are believed to be 
a demonstration, because the bend values here obtained are undeniably 
the values of the stainless steel core, and not of the exceedingly thin, 
and, in the case of cadMium, exceedingly soft, coatings. 
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MINUTES (AGING) ————-— 
Fig. 5—Recovery Curves for Annealed and for Cold-Drawn 
440-C Stainless Steel Wire Plated With Chromium and Aged in 


Oil at 100C. Plating period: Cold-drawn wire — 90 seconds. 
Annealed wire = 3 minutes. 


Thus, in Fig. 4, the plated steel exhibits a recovery which lasts for 
a certain period and is then arrested when the aging of the coating 
causes an important quantity of hydrogen to be thrown into the core. 
A period of adjustment follows which produces bend values varying 
erratically and showing no gain, and in some cases very likely a loss. 
After this readjustment from internal diffusion and counter-diffusion 
of hydrogen, recovery proceeds normally to completion. 

Since the annealed steel is much less sensitive to embrittlement, 
the cold-drawn specimens best depict these fine redistributions of 
hydrogen. 

In Fig. 4 the specimens are aged in water ; in Fig. 5, in oil ; and in 
Fig. 6, in a 3% solution of NaOH, all at 100 C. This investigation of 
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ANNEALED 


OF BEND —— 


ANGLE 





MINUTES (AGING) ———>— 


6—Recovery Curves for Annealed and for Cold-Drawn 
we ‘tainless Steel Wire Plated With Chromium and Aged in 
3% NaOH at 100 C. Plating period: Cold-drawn wire = 90 seconds. 
Annealed wire = 3 minutes. 


various aging media resulted from the occasionally expressed opinion 
that specimens in different aging media exhibit different recovery rates. 

Because that matter is to serve as the subject of a separate paper, 
it will only be remarked here that the specimens aged in NaOH solu- 
tion seem to have recovered their blank values in a shorter time than 
either of the other two sets. 

Heavy Plate—In the case of hard chromium plate, in con- 
trast to soft cadmium plate, the mechanical properties of the coating 
certainly must measurably affect the bend values of the wire once 
some minimum thickness of coating is surpassed. In the tests just 
discussed, however, the mechanical properties of the plate can be 
eliminated from consideration because the bend values return to the 
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ANNEALED 


COLD- DRAWN 





20 40 60 80 100 
MINUTES (AGING) —————>— 
Fig. 7—Recovery Curves for Annealed and for Cold-Drawn 
440-C Stainless Steel Wire Plated With Chromium for 32 Minutes 
and Aged in Oil at 100 C. 
CR. st4 nae 
blank for unplated steel, and at temperatures too low to change the 
properties of the coating. 

To find the behavior of heavy-plated ware, the same steels were 
chromium plated for 32 minutes and were aged in oil. The results are 
displayed in Fig. 7. 

It is apparent that the blank for the annealed steel has been re- 
duced from 180 degrees of bend to about 100 degrees, and the cold- 
drawn steel from 65 degrees of bend to about 25 degrees. This is then 
a condition representing a fundamental embrittlement of the wire as it 
changes from stainless steel to a composite of a stainless steel core and 
thick chromium cladding. 

As with thinner coatings, the aging relapse again appears, though 
possibly less clearly defined. 











ane 
rh ; 
i 
eI 
i 


et 


ee nn 


FSP NEE REET Oe 


aoe 


STS ES 


' 
{ 
! 


254 TRANSACTIONS OF THE A. S. M. Vol. 39 


Because of the practical implications of a permanently reduced 
ductility, further tests with heavy coatings were conducted using the 
teeth from a textile comb made from chromium-plated piano wire. 
These teeth had a blank angle of bend of only 17 degrees, which could 
not be raised more than 10 degrees of bend even with prolonged treat- 
ment at 100 C. Higher temperatures were therefore used. 

To prevent discoloration from oxidation at elevated temperatures, 
all aging tests were conducted in dry argon. The effect of, aging for 
periods of 1 hour and 4 hours, respectively, at temperatures up to 
500 C on the bend values of these specimens is shown in Fig. 8. 

For the 1-hour tests, an aging minimum of the type described in 
a previous paper seems to appear (1). This is not to be confused with 
the double aging, though the two phenomena may be related. 

Whether aged 1 or 4 hours, no appreciable recovery occurred 
until a temperature of 300 C was reached. 

Between 300 and 400 C, the ductility was greatly improved ; but 
to regain the 180-degree bend angle of piano wire (2), (3), aging 
temperatures above 400 C were necessary. 

Such temperatures, of course, may importantly change the me- 
chanical properties of both the core and the coating aside from the 
effect of hydrogen ; and Fig. 8 has a principal significance from a prac- 
tical standpoint in showing the very slight improvement available from 
dehydrogenizing treatments at mild temperatures, and the greater 
improvement that can be obtained at higher temperatures, but at the 
probable expense of other mechanical properties of the ware. 

Following the suggestion prompting the tests of Figs. 4 to 6, 
specimens were aged in water at 100C to compare with the similar 
specimens aged in dry argon. The results listed in Table II again 
indicate a marked difference in the effectiveness of the two media. 
As stated before, the results are included here principally for their 
practical interest, their theoretical aspects and further exploration 
comprising a separate paper. 

Recovery of Cadmium-Plated S pecimens—Cadmium-plated speci- 
mens lend themselves less readily to quantitative study during aging 
because of the difficulty in obtaining a dependable blank value, especial- 
ly of annealed specimens. 

That is, in the longer plating periods required to get appreciably 
low angles of bend in cadmium plating, redistribution of the absorbed 
hydrégen begins to take place before the specimens are removed for 
aging, causing obscuration of the course of aging. 
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Fig. 8—Recovery Curves for Chromium-Plated Piano 
Wire Teeth From Textile Comb Aged in Dry Argon at Various 
Temperatures for Periods of 1 and 4 Hours, Respectively. 





Table Il 
Comparison of Dry Argon and Water As Aging Media* 


—— Angle of Bend ——_, 


Aging Period Dry Argon Water 

1 hr. 12 17 

12 17 

15 17 

Avg. = 13 Avg. = 17 

4 hrs. (= 15) 20 

oie 20 

22 

35 
Avg. (= 15) Avg. = 24+ 


*Chromium-plated piano wire aged at 100 C. 
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Fig. 9—Recovery Curves for Annealed and for Cold- 
Drawn 440-C Stainless Steel Wire Plated With Cadmium and 


Aged in Oil at 100 C. Plating period: Annealed wire — 32 
minutes. Cold-drawn wire = 10 minutes. 


In Fig. 9, aging curves are presented for annealed wire plated 
32 mimutes and for cold-drawn wire plated 10 minutes. While both 
curves seem to indicate quite clearly the aging relapse now assumed 
characteristic of plated articles, the values for the annealed wire are 
exceedingly erratic. 

That this erratic behavior reflects the diffusion and counter- 
diffusion of relatively large quantities of hydrogen was proved by 
collecting the gas evolving from specimens plated 32 minutes. 

Approximately 30 volumes of gas per volume of the deposited 
cadmium or 2 volumes per volume of the steel core evolved in 30 
minutes at 100C. Something less than % a relative volume of H, is 
known to be sufficient to embrittle steel (12), (13). 
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CONCLUSIONS 


The data reported in this paper provide quantitative measurement 
of the embrittlement produced in annealed and in cold-drawn 440-C 
stainless steel wire during electroplating with chromium and with cad- 
mium, respectively. 

They similarly provide a comparison, probably applicable to any 
basis metal, of the hydrogenizing propensities of the chromium- and 
the cadmium-plating operations in respect to each other and to straight 
hydrogen plating, or cathodic pickling. 

The following observations deserve specific mention: 


1. Even though less hydrogen is deposited on the cathode during 
chromium plating than during cathodic pickling, at the same 
current density, and in spite of the logical expectation that the 
known poor permeability of chromium to hydrogen should act 
to protect the basis metal from continued infusion of the gas 
as the coating thickens, hydrogen embrittlement resulting 
from chromium plating is much more severe than that pro- 
duced by straight cathodic pickling under the same conditions 
of temperature and current density. 

2. Cadmium plating, which is generally accompanied by not 
more than 10% of hydrogen plating, similarly produces em- 
brittlement exceeding that produced by 100% hydrogen plating. 

3. Cadmium plating, however, is not as severe in this respect as 
is chromium plating; and in prolonged plating periods some 
recovery is demonstrated even during the plating process. 

4.. For both processes, aging plated specimens at 100C under 
controlled conditions involves three steps in recovery from 
embrittlement: (a) An initial normal progression of bend 
values toward recovery; (b) An “aging relapse’, or inter- 
mediate period of suspended recovery, not to be confused with 
the “aging minimum” discussed previously for unplated speci- 
mens; and (c) A final normal resumption of recovery pro- 
gressing until the blank bend value is regained. 

5. For chromium plating, in contrast to cadmium plating, a 
sufficiently heavy coating can superimpose its mechanical 
properties, particularly brittleness, upon those of the steel. In 
that case, the blank value of the specimen becomes permanently 
reduced ; and dehydrogenizing at mild temperatures can only 
effect partial recovery. Further recovery, though still incom- 
plete, requires heating to temperatures above 300C; and 
temperatures above 400C are necessary for regaining com- 
pletely the original bend value of the unplated steel. At these 
elevated temperatures, of course, the increase in ductility is 
effected primarily, or at least accompanied by, a general 
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c e in the mechanical properties of both the core and 
the coating. 

6. Several tests utilizing different aging media, such as water, 
oil, 3% NaOH solution, and dry argon, revealed a clearly 
marked difference in recovery rates, the aqueous solutions 
being considerably more effective than oil or dry argon. 
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DISCUSSION 


Written Discussion: By Cloyd A. Snavely, Battelle Memorial Institute 
Fellow, Ohio State University, Columbus, Ohio. 
An investigation concerned with the theory of chromium plating has been 
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in progress at Battelle Memorial Institute for over a year. This investigation 
is essentially completed and the results will soon be published. These results 
appear to furnish a logical reason for the greater embrittlement effect of 
chromium plating on steel as compared to plating 100% hydrogen. 

It has been definitely established that chromium is normally deposited 
from ‘the chromic acid bath as unstable hydrides. The crystal structure of the 
hydrides may be complete or incomplete versions of either the wurtzite or 
fluorite types, depending on the amount of hydrogen present as the interstitial 
atoms in these structures. The allowable amount of interstitially placed hydrogen 
thus may range from 33 to 67 atomic per cent in the “chromium plate” as 
deposited. 

Being unstable at ordinary temperatures, the hydrides decompose rapidly 
after deposition. The products of the decomposition are atomic hydrogen and 
normal body-centered cubic chromium. The volume change ideally accompany- 
ing this decomposition is roughly 15.6%. The cracks, hardness, and lack of 
ductility of chromium plate are related to this volume change. 

When the hydrides decompose, the released hydrogen is sparingly soluble 
in body-centered cubic chromium and tends to diffuse in both directions out 
of the plate; i.e., into the basis metal and out to the cathode surface. The 
diffusion path into the basis metal is greatly favored because of the high con- 
centration of atomic hydrogen in the surface layer of plate. The driving force 
for the diffusion process is derived from the high hydrogen concentration in 
the surface layers of plate and the low hydrogen concentration in the steel 
basis metal. 

By contrast, when plating 100% hydrogen on steel, the atomic hydrogen 
available for diffusion into the metal is at the metal-solution interface rather 
than just under the surface of the metal. It is logical that a very large propor- 
tion of the hydrogen should escape in the molecular form and that this 
proportion is larger than in the case of chromium plating. 

No similar explanation is available for the embrittling performance of 
cadmium plating. However, the information the authors present on this sub- 
ject provides grounds for speculation that the hydrogen ion/hydrogen atom 
couple may have greater importance in even the more efficient electroplating 
processes than is now assigned to it. The future work of Dr. Zapffe and his 
collaborators will be keenly observed in the hope that additional information 
bearing on this phase of the performance of the apparently ubiquitous hydrogen 
atom will be forthcoming. 

Some comments of a more critical nature will now be undertaken. In the 
introductory section of the paper, the authors state, “In metal plating, some 
hydrogen plating always occurs simultaneously, .... . ”. This should not 
be interpreted as meaning that all metal plating involves the codeposition of 
hydrogen. Copper is plated with 100% cathode efficiency from acid sulphate 
solutions as shown by the weight of deposited copper relative to the coulombs 
of electricity passed through the solution. 

The chromium plating bath used by the authors is somewhat different 
from that generally used commercially. Most widely employed for decorative 
and “industrial” plating is a bath containing 300 g./l. CrO; and 3 to 3.7 g./l. 
H.SO,. It would be of interest to know whether the authors selected the 
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500 g./l. CrO; bath for special reasons. The importance of this question is 
amplified by the fact that an increase in the CrO, concentration of the bath 
produces a corresponding increase in the stability of the chromium hydrides 
deposited, and an increase in the amount of interstitially placed hydrogen in 
those hydrides. 

It would be expected that heat treatments of the type indicated in Fig. 8 
would produce pronounced cracks in the chromium plate. Did the authors 
find this to be the case? 


Authors’ Reply 


Dr. Snavely describes a phenomenon and its postulated physical chemistry 
with an enlightenment that promises to make his paper, when published, a 
classic in the field. The touch of Dr. C. L. Faust is detected. He is supervisor 
of electroplating at Battelle and a man who has long recognized the role 
of hydrogen in electroplating. 

We did not select the concentrated CrO, bath for any particular reason, 
nor did we observe the cracking about which Dr. Snavely inquires; but the 
omnipresent network of fissures in chromium plate is a generally recognized 
phenomenon which we assumed was present and which now becomes explained. 
His description of surface chemistry we find completely satisfying. 

In a later publication, however, Dr. Snavely’s comment on the 100% 
cathode efficiency of acid copper plating shall be questioned. Our measure- 
ments show that hydrogen is not only absorbed by the basis metal during all 


forms of copper plating, but that it is absorbed in sufficient quantities to cause 
embrittlement. ” 





THE DEVELOPMENT OF A TURBOSUPERCHARGER 
BUCKET ALLOY 


By E. EpreEMIAN 


Abstract 


This paper presents the experimental data obtained 
in the development of an alloy for turbosupercharger 
bucket application. The alloys under consideration were 
those having a cobalt base containing chromium, nickel, 
tungsten, and molybdenum. By varying one constituent 
at a time within reasonable limits and determining the 


effect on properties, an optimum alloy composition was 
obtained. 


Included is a summary of the physical properties 
which must be considered in evaluating a material for 
supercharger bucket application with data on the most 
promising alloy developed in this investigation. 


NE of the greatest challenges to metallurgists during the past 

few years has been the requirements of war machines for 
alloys that can withstand severe operating conditions. Particularly 
urgent has been the demand for alloys for high temperature applica- 
tion. Turbosuperchargers for boosting aircraft to greater altitudes 
and gas turbines which power the fabulous jet planes depend prima- 
rily upon the strength of their alloys. Many parts in these machines 
are subjected to severe treatment, but without doubt the buckets 
receive the greatest amount of abuse. In addition to withstanding 
the corrosive atmosphere of combusted gases at temperatures up to 
1500 F (815C), the buckets must support high stresses for pro- 
longed periods of time. Since an increase in the operating tempera- 
ture of a heat engine results in greater efficiency, the design engi- 
neer is forever looking toward higher temperatures but is limited 
by the available alloys. Thus the metallurgist is confronted with 
the problem of developing new and better alloys for applications at 
elevated temperatures. 


BACKGROUND AND Previous WorxK 


A number of iron-base alloys have been developed for super- 


A paper presented before the Twenty-eighth Annual Convention of the 
Society held in Atlantic City, November 18 to 22, 1946. The author, E. 
Epremian, is associated with the Research Laboratory, General Electric Co., 
Schenectady, N. Y. Manuscript received July 22, 1946. 
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charger buckets. These alloys are forgeable, machinable materials 
of the austenitic stainless type. In the early stages of supercharger 
development these materials gave fair service. But as design was 
improved and the operating conditions became more severe, the iron- 
base alloys proved to be far from satisfactory due to their lack of 
sufficient strength and corrosion resistance at 1500 F (815C). 

One of these forgeable, machinable iron-base alloys that was 
used for buckets is a material known as 17W* with the following 
nominal analysis: 

C Mn P S Si ie. ae. ae: ee Fe 

0.50 060 0.02 0015 075 13 20 225 065 Balance 

This alloy is suitable for application at temperatures up to 
1200 F (650C). At higher temperatures, its strength decreases 
rapidly with time, due to structural instability. 

Cold work, produced by forging at a temperature below 1200 F 
(650 C) increases the short-time values of tensile, rupture and creep 
strengths. For long-time service, however, the quenched and drawn 
condition is stronger and more stable. The cold-worked alloy attains 
its maximum hardness when drawn at 1200 F (650 C), but at higher 
temperatures the structure is so unstable that overaging and subse- 
quent spheroidization occur in relatively short periods of time. 

Fig. 1 is a stress-temperature plot constructed from the rupture 
data for cold-worked 17W. The curves gives the expected life for 
various conditions of stress and temperature. 

To meet the increasingly severe service requirements, a num- 
ber of materials were developed with higher alloy content. Many of 
these alloys were difficult to forge and machine and it became de- 
sirable to look for other means of fabrication. The answer to this 
problem was found in the adaptation of the precision casting process 
used by some of the dental laboratories, whereby parts can be accu- 
rately cast to final dimensions. Briefly the precision casting process 
involves the making of wax patterns of the part to be cast, invest- 
ing assemblies of these patterns in a ceramic mold, and casting molten 
metal into the cavity left in the ceramic mold after the wax has been 
melted out. This process made possible the use of highly refractory 
nonmachinable alloys, many of which contained little or no iron. 

An alloy known as Vitallium? containing 30% chromium, 5% 
molybdenum, and 65% cobalt had been used for years for dentures 
and bone surgery appliances and known to be a good precision 





1Universal-Cyclops Co. alloy. 
2Austenal Laboratories, Inc., alloy. 
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Fig. 1—Stress-Temperature Plot for Cold-Worked 17W. 


casting alloy. This alloy moreover is made up of elements which 
were known from previous experience to promote good properties 
at elevated temperatures, and it was, therefore, used with little 
modification in the first cast alloy buckets. An improved vitallium- 
type alloy served as the supercharger bucket material during the war. 

Chromium dissolves in cobalt to form a solid solution which is 
ideal for high temperature applications. Cobalt is known for its 
hot toughness while chromium is almost universally used in alloys 
where oxidation corrosion resistance is desired. The combination 
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of these two elements, therefore, produces a solid solution matrix 
which is strong and stable at elevated temperatures and has good 
resistance to oxidation corrosion. Additions of molybdenum or 
tungsten or both are also known to increase the hot strength and 
hardness by both solid solution and compound formation. 

The purpose of this investigation was to determine quantitatively 
the optimum percentages of these various elements in a cobalt-base 
alloy for supercharger bucket application. The number of alloy 
combinations possible in such a system is overwhelming and no at- 
tempt has been made to study all of them. Instead, the procedure 
was to establish the optimum percentage of each element of known 
value in turn by studying the possible alloys within the range of prac- 
tical composition limits. 


re STOR ee, Ee * 


PREPARATION OF ALLOYS 





Each alloy was prepared from the metallic elements in a 3-pound 

: capacity precision casting furnace. This furnace affords the melts 

z excellent protection since it produces a carbon-monoxide atmosphere 
and the casting is made directly from the furnace. 

The casting unit consists of an indirect arc magnesia-lined fur- 
nace of spherical shape which is mounted on trunnions and is capa- 
ble of being inverted. The top of the furnace has a small opening 

‘ which serves as a charging and observation hole, as well as the 
if pouring exit. An arrangement for clamping molds to the top of the 
furnace is provided. 

The order in which the elements were melted for all heats was 
as follows: cobalt, nickel, molybdenum, tungsten, chromium, carbon, 
: and finally manganese and silicon. When the charge was melted 
and at the proper pouring temperature (determined by an optical 
. pyrometer), the mold was clamped in an inverted position on the 

top of the furnace such that the furnace exit and the mold entry 
coincided. The composite unit was inverted and the molten metal 
ran into the cavity of the mold. Air pressure was applied at the 
| proper instant to force the metal completely into the cavity. After 
a few minutes, during which time the metal had solidified, the mold 

. was removed and the furnace returned to its original position. 
| After the metal had cooled, the ceramic mold material was 
knocked off and the casting was emery blasted. The gates and risers 
were cut away and the test bars were carefully polished and then 
radiographically inspected for flaws. The composition of each melt 
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Fig. 2—Rupture-Creep Plot for Alloy X63 at 1500 F. 


was checked by chemical analysis. The compositions of the metallic 
elements used to prepare the alloys are as follows: 


Element Cc Fe Si Cu S 
Co 98.67 0.13 i. “oeaaee 0.03 0.007 plus 0.42 Niand 
oxides of Si, Ca, 
and Mg 
Ni 99.25 Trace 0.01 Trace 0.04 Trace  plus0.7 Co 


eS Se ee a a 
Mn 96min. 0.06max. 2 max. I] max. .... ...... 


oe Ss.” aca ebua Po? MN cee ite dt eet 
SCE. : od ues 26 be che ad ebhs ied. Hees 
Oe ee 7s RE ‘Saree aee bh dens Vote --Aieens 


The rupture test bars (0.250-inch diameter, 2.00-inch gage 
length) were cast in silica sand investment molds which produced 
eight bars per casting. The individual eight bars were arranged in 
a circular group to assure equal cooling rates within the casting. The 
effect of casting conditions upon the properties of these alloys cannot 
be overemphasized, the cooling rate being especially important. The 
conditions under which an alloy is cast control the size and spacing 
of the dendrites which in turn affect the physical properties. In the 
attempt to minimize variations from this source, all of the heats pre- 
pared in this investigation were poured at 1600C (2910F) into 
molds preheated to 800C (1470 F). 
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THE EVALUATION OF ALLOYS 


The evaluation of alloys was based primarily upon the rupture 
test which reproduces at temperature the steady stress in the buckets 
due to rotation. The high temperature sustained-load rupture test 
machines and the procedure for their use have been described (1), 
(2).8 

The method of plotting data is illustrated by Fig. 2. From 
such plots, a wealth of information is available. In the plot of 
stress versus time for failure, the points indicating the strength of 
the alloy lie on a straight line. Frequently it is safe to extrapolate 
these straight lines to predict the safe load for longer time operation. 
In addition, the slope of this line is an indication of the metallurgical 
stability of the alloy; the steeper the slope, the less stable the alloy. 
For purposes of comparing alloys, the so-called rupture strength is 
used. This value is the stress necessary to produce failure in a 
designated length of time, e.g., the 100-hour rupture strength of 
X63 is 30,000 psi, while the 1000-hour rupture strength is 25,000 psi. 

The total extension curves show the cumulative creep and the 
ultimate elongation. 


CHROMIUM VARIATIONS 


A series of alloys was prepared in which the molybdenum was 
held constant at 6% and the chromium was varied from 18% to 
42% in 2% steps at the expense of cobalt. The carbon content was 
held low and small amounts of manganese and silicon were used for 
deoxidation. 

In addition to the usual sustained-load rupture test, tensile test 
and hardness determinations were made. These results are sum- 
marized in Fig. 3. The following general conclusions may be made: 


Cr % 
Highest tensile strength 32-34 
Highest room temperature ductili 28 
Highest rupture strength at 1200 Cais &} 34 
Highest rupture strength at 1500 F (815 C 20 


In the over-all analysis of these results, it appears that the alloys 
containing less than 20% chromium lack oxidation-corrosion re- 
sistance in air at 1500 F (815(C) and those containing more than 
34% chromium are too brittle. 

~~ 8The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 3—The Effect of Chromium Variations on Properties. 


These data indicate that further work on the 20% chromium 
composition would be of interest. It is known, however, that when 
operating in exhaust gases of leaded fuels, it is desirable that the 
alloy have a minimum of 25% chromium for protection from inter- 
granular attack. The present study, therefore, was limited to alloys 
containing 25% chromium. 


NICKEL VARIATIONS 


Next, the effect of nickel additions was studied. Nickel has 
much the same alloying behavior as cobalt and, therefore, was easily 
substituted in the alloys. Rupture tests at 1500 F (815C) were 
made on a series of alloys in which nickel was added in small steps 
at the expense of cobalt while chromium and molybdenum were held 
constant at 25 and 6% respectively. A number of tests were made 
with each alloy and the results were used to prepare rupture-creep 
plots such as Fig. 2. 

Figs. 4 and 5 illustrate how the rupture*strength and hot duc- 
tility vary with the percentage of nickel. It is seen that the most 


outstanding alloy in the series is that which contains 10% nickel. 
This material designated X63 has the highest strength as well as the 
best hot ductility. 
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Fig. 4—The Effect of Nickel Variations on the 100-Hour Rupture Strength and 
Ductility at 1500 F. 
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Fig. 5—The Effect of Nickel Variations on the 1000-Hour Rupture 
Strength and Ductility at 1500 F. 


The original Vitallium is represented by the composition which 
has no nickel, and the alloy largely used during the war for buckets 
contained 3% nickel. 


TUNGSTEN AND MOLYBDENUM VARIATIONS 


The addition of tungsten or molybdenum to steels is known to 
promote strength at elevated temperatures, molybdenum being the 
more effective per unit weight. A few random preliminary tests 
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_ Fig. 6—The Effect of Tungsten and Molybdenum Vari- 
ations on the 100-Hour Rupture Strength at 1500 F. 
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Fig. 7—The Effect of Tungsten and Molybdenum Vari- 
ations on the 100-Hour Rupture Strength at 1700 F. 


indicated that in some instances the combination of these two ele- 
ments produced better properties than either alone and, therefore, 
the present detailed study was made. 

Using the 10% nickel alloy as a base, a series of alloys was 
precision cast and rupture tested at 1500 and 1700 F (815 and 925 
C). Tungsten and molybdenum were added to the base composition 
in total weight percentages of 4, 6, 8, 10 and 12. These additions 
were made in W/Mo ratios of 0/1, 1/3 and 1/1 to give a total of 
fifteen alloys. The changes in composition were absorbed by the 
balance of the base alloy rather than the cobalt alone so that the 
same Cr/Ni/Co proportions were maintained throughout. 
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Figs. 6 and 7 summarize the rupture data for these fifteen alloys. 

The best material in this group is the original X63 alloy which 
contains 6% molybdenum. The values for this material are well 
above the others, which lie in a fairly narrow range. The next best 
material at 1500 F (815 C) appears to be the one with 4% molybde- 
num and 4% tungsten, which is about equivalent to 6% molybdenum 
in terms of atomic per cent. 

It is fortunate that tungsten is not necessary to the alloy for 
high strength at elevated temperatures. The addition of this element 
would not only complicate the alloy further, making chemical analy- 
sis and control more difficult, but it would increase the density of the 
alloy thereby raising the operating stresses of the rotating buckets. 


OTHER VARIATIONS 


Approximately one-half of one per cent each of manganese and 
silicon are usually added for purposes of deoxidation. These con- 
stituents are held below 1% each since above that amount they are 
likely to detract from the rupture strength at 1500 F (815C). 

The presence of carbon is necessary for strengthening but must 
be carefully controlled. Excessive carbon lowers the ductility and 
gives the alloy the tendency to become increasingly brittle with time 
and temperature. Also, too high a carbon content causes difficulty 
in welding the buckets to the wheel. 


SuMMARY OF DaTa on ALLoy X63 


There is little doubt that the most outstanding alloy resulting 
from this investigation is the material designated X63 with the fol- 
lowing composition : 


C Mn Si Cr Ni Mo + Co 
0.4-0.5 0.5 0.5 25 10 6 Bal. 


While it is probably safe to choose and eliminate alloys on the 
basis of the rupture test, there are numerous characteristics and 
properties of a promising bucket alloy that must be determined before 
it can be put into service. For this reason, the following additional 
information was obtained on this composition. 

1. Rupture data were obtained over the range of temperatures, 
stresses, and times that might be encountered in service. 
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100 Hr. 1000 Hr 


Rupture Strength % EI. Rupture Strength % El. 
1350 F 40,000 9 33,000 7 
1500 F 30,000 20 25,000 10 
1700 F 15,000 16 12,500 19 


2. Tensile tests were made to determine the short-time tensile 
strength and ductility. 


Room Temperature 1500 F 
‘eee GOUONER 8 ew ee 100,000 70,000 
Yield stren I basse os 5 48,000 a 
% Elongation (1 inch).......... 5 12 
% Reduction in area........... 5 15 


3. Impact tests to indicate how the alloy would react under shock 
loading were made. 


Charpy 0.250-inch square bars unnotched 


Room Temp. 1500 F 
15 ft-lbs 25 ft-lbs 


4. Dilatometer measurements were made to determine the amount 
of expansion that can be expected in operation. 


Average coefficient of thermal expansion 


250—850 C 
18.4 in/in/ CX 10-6 


5. Thermal conductivity data needed in heat flow calculations were 


obtained. 
Thermal Conductivity 
Temp., C Watts/Cm/ C 
a gin ie Wo WA niin es ole eles win 0.0 ea oe 0.137 
a he sok so tl hs 2 wig gli a Remelie aie sia 0.146 
TN he Sa es bon tle ste ink emai nee & meee 0.161 
ET eae es cas b to techs ammel aah ea Ree R s b2 0.174 
SS aa néh'n os ws 0 doecistes Ob eveao babe eee ee 0.187 
ED 0 oleh ness areas pd tin ie dineln aa eek tae 0.200 


6. The specific gravity which influences the magnitude of stresses 
developed in rotating buckets was measured. 


Temperature Specific Gravity 
RO ics 3 in hai oe eR ling aia: ain ok, Se odin 8.34 gm/ cc 


7. Hardness measurements were made to show how the alloy ages 
with time at temperature. 


Sample Re 
a aha ar aia a ay ie a aa ck | Bid 31 
i =. I I SO eS ee 39 
ee ee I ioe es ces beak bwie cans 40 
et: Seve Be BU eo awd obs eds hehe ree oe 40 
ee a eee ND OE BOE EF 66-0 ces oie e's Vis Rhceuew ede 37 


Measurements taken on ruptured bars. 
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8. Creep data were not important in designing a wartime machine, 
but are of value in equipment intended for long-time operation. 
Constant stress creep tests gave the following results: 


Stress Duration Total Ext. Final Rate 
Psi Hr. Mils/In. %/100,000 Hr. 
1200 F 20,000 2350 0.77 0.85 
30,000 2707 1.886 3.66 
1500 F 10,000 2463 2.52 2.5 
8,000 2463 1.94 2.3 


9. Damping capacity was measured to determine the ability of the 
alloy to dissipate energy when subjected to cyclic stresses. 


Damping—Per Cent Logarithmic Decrement 


Temperature (Stress — 15,000 Psi) 
BG ko veges dba den Sede ache eek ee 0.092 
iD ip migte M COR Fad «6 hae ae Ghee 0.291 
Ss aha Mee cal «shacks oateale an 0.234 


10. Fatigue strength at elevated temperatures is an important con- 
sideration, about which we know relatively little at the present 
time. Preliminary cyclic bending tests on samples with a cross 
section suitable for a supercharger or turbine bucket gave the 
following values: 


Extreme Fiber Stress 


Temperature Psi Cycles to Crack* 

1200 F 43,800 390,000 
38,100 462,000 
28,100 764,000 
25,100 2,100,000 
24,500 Unbroken in 107 cycles 

1350 F 38,800 496,000 
26,300 6,300,000 
22,000 Unbroken in 10? cycles 


*Presence of crack indicated by a change in the natural frequency. 


11. Corrosion and erosion are factors which must be kept in mind 
although there are no standard tests for evaluating these prop- 
erties of a high temperature alloy. Alloy X63 has excellent 
oxidation corrosion resistance. 
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DISCUSSION 


Written Discussion: By Roger Sutton, chief metallurgist, General Alloys 
Co., Boston. 

Mr. Epremian is to be congratulated on an excellent paper which shows 
the results of a very carefully laid out development program and in which a 
large number of the major factors which inherently control the properties of 
the alloys in question have been carefully considered. There are, as always, a 
few points on which clarification and amplification of data and procedure are 
necessary. 

As an example, in the section headed “Preparation of Alloy”, the author 
reports that “when the charge was melted and at the proper pouring tempera- 
ture (determined by an optical pyrometer) ....” It has been our experience 
that optical pyrometers are accurate only under black-body conditions and with 
essentially plane surfaces. I therefore question the reliability and reproducibility 
of results obtained by the use of such an instrument on molten metal whose 
emissivity is unknown and probably variable. In addition, the metal is enclosed 
in a small spherical container (such as the furnace described) in which there is 
undoubtedly secondary radiation from the furnace walls, to say nothing of the 
effect of the graphite electrodes which are black body. All this is assuming 
that the current has been turned off, otherwise arc conditions contribute further 
to error. Any comments that the author may have to make regarding repro- 
ducibility of results will be appreciated. 

Later in the same section Mr. Epremian states “the effect of casting con- 
ditions upon the properties of these alloys cannot be overemphasized, the cooling 
rate being especially important. The conditions under which an alloy is cast 
control the size and spacing of the dendrites which in turn affect the physical 
properties.” I agree whole-heartedly with Mr. Epremian on this statement and 
am pleased to see that he has taken this factor into consideration, since all of 
our experience indicates its importance. I would be interested, therefore, in 
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learning whether or not the author has taken into consideration the effect of 
the surface area/mass ratio in the design of his test specimen. He states that 
he is using the standard rupture test bars (0.250-inch diameter, 2.00-inch gage 
length). This specimen obviously has an entirely different surface area/mass 
ratio than the turbosupercharger bucket and therefore the cooling rates must, 
of necessity, vary considerably from those which will be encountered in actual 
production of parts. I would ask Mr. Epremian if he has actually made 
specimens having the surface area/mass ratio of the buckets and checked them 
against the standard rupture test bar so as to determine whether or not the 
results he reports are valid under the conditions which are dictated by the design 
of the bucket itself. 

Under the section entitled “Chromium Variations” the author states that a 
minimum of 25% chromium is required for protection from intergranular attack 
when operating in exhaust gases of leaded fuel. Since the test data are reported 
only to a maximum temperature of 1500 F (815C) it is assumed that the 
exhaust gases at the time of contact with the supercharger buckets will not 
exceed that temperature. The figure 25% chromium, particularly in combination 
with cobalt and nickel, seems unusually high for protection against such exhaust 
gases at these temperatures. I would be interested in the procedure and result 
of the test methods used to determine this figure. This is particularly inter- 
esting since, if a 20% chromium composition will withstand such erosive and 
corrosive action, the indications are from the author’s data that an alloy con- 
taining only 20% chromium might be of considerable interest due to a possibility 
of greater rupture strength at 1500 F (815C). Unfortunately Fig. 3 does not 
show the elongation at 1500 F and it would be interesting further to know 
whether or not the ductility, as measured by elongation, is satisfactory at high 
temperatures on the 20% chromium alloy. | 

Under the heading “Other Variations” Mr. Epremian comments on the 
effects of manganese and silicon, stating that “these constituents are held below 
1% each since above that amount they are likely to detract from the rupture 
strength at 1500 F.” In Dr. Grant’s paper, also presented at this symposium, 
it is indicated in Fig. 18 of that paper that silicon up to 2% with low carbon, 
such as the author is concerned with, actually increases slightly the number of 
hours to rupture. Further, it has been indicated by other work with which I 
am familiar that the addition of manganese in amounts up to roughly 2% 
increases the stress-rupture life. With these facts in mind, I would question the 
author as to the data which resulted in maintaining these two elements at 0.5%. 

Further, in that same section Mr. Epremian states, “Excessive carbon 
lowers the ductility and gives the alloy a tendency to become increasingly 
brittle with time and temperature. Also, too high a carbon content causes 
difficulty in welding the buckets to the wheel.” Again referring to Dr. Grant’s 
paper it is brought out that the carbon in this particular alloy system) gives 
maximum strength in the range of 1.0 to 1.15% carbon and further that these 
cobalt base alloys maintain essentially the same ductility over a range of carbon 
from 0.25 to 1.25% carbon. It is granted that the addition of 10% nickel, which 
incidentally seems to be the outstanding contributor to strength, may well alter 
the resulting physical properties to a more marked degree than would normally 
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be assumed. This point, in my opinion, needs considerable clarification and 
undoubtedly a great deal of work by a number of investigators in order to 
accurately evaluate the effect of these three elements. 

I would particularly like to compliment the author on his inclusion of 
supplementary data, all of which is essential for the intelligent design of highly 
stressed mechanisms at elevated temperatures. 

May I ask whether or not the dilatometer results which are shown in 
paragraph 4 of the summary indicated any phase change in the alloy? This is 
doubtful, since the thermal conductivity data seem, without having been plotted, 
to fall along a relatively uniform curve and the hardness measurements in 
paragraph 7 do not indicate any appreciable aging up to 1152 hours. The aging 
or overaging effect indicated by the 3-point drop in Rockwell hardness after 
1152 hours may or may not be significant. 

Of particular interest in this summary is paragraph 10, relating to the 
preliminary cyclic bending tests. These data are extremely essential and it will 
be interesting to note the shape of the S N/temperature curve as the author is 
able to go into temperature ranges of 1500 F and up. I am looking forward to 
the publication of such data, not only on this alloy but on all other highly 
stressed heat resisting alloys. 

It is hoped that we shall have the opportunity of reviewing further work 
by this author as his contribution to the knowledge in this field has been great. 

Written Discussion: By C. T. Evans, Jr., chief metallurgist, Elliott Co., 
Jeannette, Pa. 

This is an excellent piece of work, neatly reported, but Mr. Epremian 
makes some statements which are open to question. 

In his discussion of the wrought 17W material, he implies that “cold work” 
must be induced below 1200 F (650C). It is admitted that the whole question 
of cold work is a matter of definition, but one rather widely accepted idea is that 
cold work is deformation which occurs at any temperature at which the alloy 
cannot recrystallize either during or after working. In 17W, this is more likely 
1500 F (815C) than 1200F (650C), and in more highly alloyed materials, 
1700 F is a safer figure. 

Another statement by the author implies that at least 25% chromium is 
needed for operation in the exhaust gases of leaded fuels. I am not aware of 
any stress-rupture data in atmospheres which set the minimum chromium any- 
where near this high and would appreciate any references which Mr. Epremian 
can give on this subject. 

The fact that, in Figs. 4 and 5, the hot ductility is high when the stress for 
fracture is high may be very significant. In similar investigations, ductility 
has been seen to vary inversely with rupture strength and this is almost always 
true in a given composition with other factors, such as processing, being varied. 
It is probable that the X63 combination is so balanced as to be more resistant 
to intergranular cracking than the others in Figs. 4 and 5 and this permits the 
alloy to “hang on” longer than the others and give a longer rupture time. It is 
regrettable that hot ductility information is not included in Fig. 3 to shed 
further light on this point. 

With reference to the damping capacity results, I believe it is quite unusual 
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for an alloy to show optimum damping at 900 F (480 C) and I wonder if the 
author would comment on this phenomenon. 

The fatigue results would be more interesting if the type of machine were 
given and the number of cycles per minute so that time to cracking could be 
calculated and compared with the static rupture tests. 

Written Discussion: By F. S. Badger and G. A. Fritzlen, Haynes Stellite 
Co., Kokomo, Ind. 

We believe that Mr. Epremian is to be congratulated on a logical and lucid 
approach to the problem of a cobalt-base alloy suitable for gas turbine blades, 
and the comments which we are making are definitely not in the critical sense 
but rather as an addition to the work carried out and to point out comparison 
between X63 alloy developed by this work with two of our present commercial 
alloys, Haynes Stellite 30 and 31. 

Mr. Epremian states that a minimum of 25% chromium is known to be 
desirable for protection of intergranular attack in the exhaust gas of limited 
fuels. It is our understanding that the work carried out by S. D. Heron at the 
Ethyl Gas Company’s laboratory has shown that alloys of the N-155 type con- 
taining 20% chromium are free from intergranular attack of this type and believe 
that this limit should probably be placed slightly below 20% of chromium. 

We believe that it should be pointed out that the original vitallium dental 
alloy carried 0.4 to 0.5% carbon, the same amount as the alloys with which 
Mr. Epremian has worked, but that the Haynes Stellite 21 modification of 
vitallium developed for turbosupercharger buckets carries 0.25 to 0.35%. This is 
definitely a factor in producing lower strength figures at both room temperature 
and elevated temperatures but gives increased room temperature ductility 
necessary for satisfactory assembly either by mechanical means or by welding. 
In fact, it is our opinion that one other variable element should have been tried — 
in this work inasmuch as carbon is certainly one of the most critical elements in 
controlling the desired physical properties of these cobalt-base high tempera- 
ture alloys. 

We would like to give some of the physical properties of two cobalt-base 
alloys, 422-19 and X40, which are now being produced commercially under the 
trade names, Haynes Stellite 30 and 31 respectively, in considerable quantities, 
as a comparison with the physical properties of the X63 alloy developed by 
Mr. Epremian. The 422-19 alloy was developed by Union Carbide and Carbon 


Research Laboratories, and the X40 alloy by General Electric Research 
Laboratories. 





Nominal Analysis —————— 


Cc Cr Ni Mo Co 
H. S. 30 0.45 25 15 6.0 Balance 
H. S. 31 0.50 25 10 7.5 Balance 


It will be noted that H. S. 30 alloy corresponds to the 15% nickel compo- 
sition shown in Figs. 4 and 5 which is apparently somewhat under the optimum 
with respect to stress rupture. However, the stress-rupture properties on our 
alloys are shown in the following tabulation : 














1947 DISCUSSION—TURBOSUPERCHARGER BUCKET ALLOY 277 


Stress Rupture Data 


H. S. 30 Alloy H. S. 31 Alloy 
100hrs. 1000hrs. 100hrs. 1000 hrs. 
1350 F Gee eetier oO ae oo ee 
1500 F 30,000 23,500 28,400 23,400 
1700 F 19,000 11,500 17,000 14,500 


These results for H. S. 30 alloy indicate slightly higher 100-hour strengths 
but lower 1000-hour strengths, indicating a poorer stress rupture slope than for 
the X63; however, the 31 alloy slope is definitely superior to that of the X63 
particularly above 1500 F (815(C). 


Short-Time Tensile Properties 


H. S. 30 H. S.31 
Rm. Temp. 1500F Rm. Temp. 1500F 
AsCast Aged 1350F As Cast Aged 1350 F 
Tensile Strength psi 98,100 65,000 101,000 59,600 
Yield Strength (0.2%) psi 55,100 47,600 74,100 44,500 
% Elongation (1 inch) 14.0% 3.0% 11.0% 10.3% 
% Reduction in Area 18.5% 3.4% 14.0% 14.1% 


The short-time tensile properties are quite similar to X63 except for room 
temperature ductility. It should be noted that the 1500 F temperature results 
are on aged specimens and, consequently, show somewhat low ductility. 


Creep Test Data at 1500 F 


Stress Duration Total Ext. 2000-hr. Rate 
psi hrs. Mils/in. %/100,000 hrs. 
H. S. 30 9,000 2136 1.33 1.4 
H. S. 31 12,000 1728 2.55 1.2 


While exactly comparable creep test data are not available, it can be appre- 
ciated from these figures that both of these alloys are superior to the X63 
at 1500 F. 

Endurance properties as determined by General Electric should not be 
compared directly with those obtained by Westinghouse due to differences in 
the test methods. However, Westinghouse tests on these alloys stressed in 
alternate bending at 120 cycles per second and 1200 F (650 C) show the H. S. 30 
alloy to have a maximum fiber stress of 52,000 at 10° cycles and H. S. 31 alloy 
56,000 at 10° cycles. We would like to point out that frequently production on a 
development alloy may result in producing a product with higher physical 
properties than the original small experimental heats have shown. We have 
produced some X63 alloy ourselves for General Electric, and the physical 
properties which we have run have been comparable to those reported by Mr. 
Epremian as far as short-time results were concerned. 

We feel that room temperature ductility is important to the assembly 
properties of turbine blades, and we do not class X63 as low in ductility as 
reported by Mr. Epremian, as we believe this alloy can be produced with a 
minimum 10% elongation and reduction. However, many of the new alloys 
with very promising properties show 5% elongation or less at room temperature. 
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We wish to commend Mr. Epremian on an interesting piece of work well 
carried out and well reported. 

Written Discussion: By N. J. Grant, assistant professor of metallurgy, 
Massachusetts Institute of Technology, Cambridge, Mass. 

It would be well to caution here against the use of several statements appear- 
ing in this paper which appear to minimize the effects of certain very important 
alloying elements. These are: 

1. The effect of manganese. The addition of more than 0.5% Mn would 
probably prove to be beneficial rather than harmful to the 1500F (815 C) 
rupture life of this alloy. Additions in low and medium carbon vitallium and 
vitallium-type alloys up to 4% Mn have caused large improvements in 1500 F 
rupture life. This is reported in one of the discusser’s papers submitted to ASM. 
Results at the General Electric Laboratory in Lynn also showed increasing 
strength with increasing manganese in medium carbon vitallium. In any event, 
manganese need not be harmful as is suggested by the author. 

2. In the same sense, carbon in several tenths of 1% need not lower the 
1500 F rupture ductility. No evidence is presented that it does. Actually our 
own experience shows that in vitallium-type alloys, certain compositions show 
no decrease in 1500 F ductility in the carbon range 0.30 to 1.25%. This is 
clearly shown in the paper entitled “The Rupture and Creep Properties of 
Heat Resistant Gas Turbine Alloys”. 

3. Temperatures were read optically. In spite of any precalibration, this 
is an extremely dangerous way of obtaining decent temperatures in a spherical 
crucible in the indirect arc furnace. The best calibration is not a cure for 
occasional off-readings due to reflection of the arc by the metal either directly 
or from the highly glazed, slagged roof of the crucible. 


Author’s Reply 


I wish to thank Mr. Sutton, Mr. Evans, Mr. Badger and Dr. Grant for 
their comments. Their discussion has brought up a number of interesting points. 

The question of reliability of temperature determinations was considered 
at the start of the development. An experiment was conducted in which 
temperature readings were taken simultaneously with an optical pyrometer and 
a Pt-PtRd immersion thermocouple. Heats of 1000 grams of vitallium-type 
alloy at 1600 C were used so that results would be applicable to the development. 
Checks were made at the start as well as the end of a series of melts to determine 
the effect of sidewall radiation, glow of graphite electrodes, etc. In all cases, 
the readings checked within 20 C which was considered satisfactory. 

Mr. Sutton brings up the interesting consideration of the surface area/mass 
ratio. A satisfactory check has been obtained between rupture tests on sound 
bars and flat diamond-shaped samples which duplicate conditions found in a 
bucket. It is believed, however, that the effect of shape is extremely important 
in regard to the fatigue strength of these cast alloys. Fatigue failures do not 
progress along a grain boundary (at temperatures in the neighborhood of 
1350 F), but follow along a dendrite arm or columnar crystal. Thus the surface 
area/mass ratio is important in that it controls the cooling rate and, therefore, 
affects the structure obtained. 
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The statement of the desirability of a minimum of 25% chromium has been 
questioned, and perhaps rightly so. There are a number of alloys containing 
20% chromium which give good performance, such as N-155, S-590, S-816, etc. 
These materials, however, are forgeable, and I feel sure that the inventors were 
forced to use 20% chromium rather than 25% chromium for improved work- 
ability. Unquestionably, alloys containing 25% chromium have better protec- 
tion than those containing 20%, and since they precision cast equally well, the 
quantity used is a matter of choice. However, since the trend is always toward 
higher operating temperatures, it would appear more logical to use the higher 
chromium content. A number of interesting alloys containing 20% chromium 
have been developed and perhaps will be reported in a future paper. 

Our results have shown that in general the rupture strength decreases 
rapidly with silicon additions to vitallium-type alloys. The relation, however, 
must be investigated for each particular alloy. For example, peak strength was 
obtained at 0.75% silicon with 3% nickel vitallium alloy. Our experience has 
also been that manganese is detrimental to the rupture strength above 1%. Here 
again the relation must be investigated for the particular alloy. 

The question of the proper carbon content for these alloys might be 
answered by results of service tests on supercharger wheels. Mr. Nisbet’s 
experience at the General Electric Company’s Fort Wayne supercharger plant 
has been that in accelerated life test, those buckets which failed were invariably 
those which contained high carbon (1%). In regard to welding, it was found 
that buckets containing excessive carbon produce serious cracks. 

The dilatometer results gave no indication of a phase change in the alloy. 
The increase in hardness from Re 31 to Re 40 is definitely due to aging, while 
the 3-point drop in hardness indicates that overaging commences after 
1000 hours or more at 1500 F (815 C). 

Mr. Evans’ remarks about the cold working of 17W are correct. The main 
point in this matter is that 17W is unsatisfactory for turbo-bucket application 
(1500 F operation). 

Hot ductility information is available for the chromium variation alloys, 
but was not included in Fig. 3 because there was no observable trend and the 
data only served to further complicate the figure. 

The manner in which the damping capacity varies with temperature depends 
upon the particular metal involved. It is not at all unusual for a high tempera- 
ture alloy to show optimum damping at 900F. Approximately 5% of the 
numerous high temperature alloys we have tested for damping capacity have 
given similar results. 

At the time this paper was written we were not free to divulge informa- 
tion on the fatigue test machine used. The device was developed by Frank 
Quinlan, of the General Electric Schenectady Works Laboratory, and reported 
to the ASTM this year. The machine pneumatically actuates a cantilever test 
specimen at its natural frequency. Air jets are directed at pistons mounted on 
the end of the sample, the amplitude of vibration being controlled by the amount 
of air pressure. An electric heating furnace with suitable control is placed 
around the test piece to maintain it at the desired temperature. Means for 
determining the frequency and amplitude are also provided. 
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The fatigue tests on X63 were made with TG 180 bucket samples (natural 
frequency of 240 c.p.s.) which produce extremely severe fatigue test conditions 
(sharp edges, changes in thickness, columnar dendritic structure, etc.). Fatigue 
tests could not be made with turbosupercharger bucket samples since they are 
short, have a very high natural frequency and consequently are difficult to 
maintain in vibration. 

Mr. Badger presents some very interesting data, and I wish to thank him 
for his valuable contribution. The data indicate that Haynes Stellite 30 and 31 
are excellent materials. 

The carbon variable was studied very thoroughly. From the standpoint of 
rupture strength it would be desirable to use 0.6% carbon or thereabouts, but 
restrictions of weldability require that a lesser amount of carbon be used. As 
Mr. Badger states, the H.S.21 modification of vitallium used for turbosuper- 
charger buckets contains only 0.25 to 0.35% carbon to facilitate satisfactory 
welding. Alloy X63, however, by virtue of the 10% nickel addition can tolerate 
higher carbon without impairing weldability. Extensive experiments were made 
to compare the weldability of X63 and H.S.21 alloy buckets. Examination of 
samples produced under a variety of welding procedures and conditions showed 
that X63 has as good weldability as the lower carbon H.S. 21 alloy. 

Dr. Grant is correct in stating that manganese need not be harmful to the 
rupture strength. The effect must be investigated with each particular alloy. 
My experience has been that more than 1% is detrimental to the rupture 
strength; however, perhaps we should recheck this variable in the composition 
of the X63 alloy. 

I have already discussed the effect of carbon at some length, but wish to 
make an additional comment. In the paper I stated that “Excessive carbon 
lowers the ductility and gives the alloy the tendency to become increasingly 
brittle with time and temperature.” By this I do not mean that the 100-hour 
rupture ductility at 1500 F (815(C) is decreased by the addition of carbon; 
indeed, the hot ductility is often improved by an increase in carbon. The 
ultimate elongation at fracture often decreases with time at temperature, but 
this may not be important if the value is still about 10% after an appreciable 
length of time (see Fig. 2). I feel that the important point is this: after being 
heated to elevated temperatures and then cooled to room temperature (which is 
the thermal experience of turbosupercharger buckets), the high carbon alloys 
(1%) are exceedingly brittle—often glass-like. Turbine engineers strenuously 
object to this lack of cold ductility after operation at elevated temperatures. The 
metal must have sufficient ductility to dissipate stress concentrations. Thus 
from the standpoint of weldability, rupture strength, and ductility we must 
use carbon judiciously. 





THE STRESS RUPTURE AND CREEP PROPERTIES OF 
HEAT RESISTANT GAS TURBINE ALLOYS 


By NicuHotas J. GRANT 


Abstract 


A large number of rupture and creep tests at 1500 to 
1800 F (815 to 980 C) and at stresses from 7000 to 15,000 
psi in creep and 15,000 to 35,000 psi in rupture were made 
on a series of vitallium-base (cobalt-chromium—molybde- 
num) and nickel—chromium-—cobalt-ron-base alloys. The 
‘variables studied primarily were the effects of increasing 
amounts of carbon and nitrogen on the hot strength and 
ductility of these alloys; the role of heat treatment and 
aging; the relationship of the stress to the rupture time 
and to the minimum creep rate measured in both rupture 
and creep tests. An important relationship was shown 
to exist between time at temperature and the resultant 
ductility at fracture. 

The surface condition of the precision cast test bars 
was shown to have some effect on the rupture strength. 
Cold tensile values were obtained on alloys representative 
of the various base combinations tried in the as-cast, heat 
treated and/or aged conditions. 

It is shown that the higher carbon alloys are the 
stronger up to a peak carbon value beyond which the 
strength decreases. The vitallium-base alloys are much 
stronger than the nickel—chromium-—cobalt-iron-base al- 
loys at rupture stresses at 1500 F (815 C) but are consid- 
erably poorer in creep resistance. At 1700 and 1800 F the 
nickel—chromium—cobalt-iron-base alloys (high-carbon) 
are better at both rupture stresses and creep stresses. 

Structural changes with increasing carbon are shown 
in photomicrographs for both the vitallium and nickel- 
chromium-—cobalt—iron-base-type alloys. The most suitable 
high strength structure is indicated. 


HIS is the first of a series of papers reporting on the research 
work undertaken by the author and his coworkers at the Massa- 
chusetts Institute of Technology, sponsored by the U. S. Navy, 


The statements or opinions expressed in this article are to be considered those of the 
author and do not necessarily express those of the Bureau of Ships. 

A paper presented before the Twenty-eighth Annual Convention of the 
Society held in Atlantic City, November 18 to 22, 1946. The author is assist- 
ant professor of metallurgy, Massachusetts Institute of Technology, Cambridge, 
Mass. Manuscript received June 1, 1946. 
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Bureau of Ships. This work was aimed specifically at the develop- 
ment of alloys suitable for long-time operation in gas turbines to be 
operated at 1350 to 1500 F (730 to 815C). 

In order that a complete story might be presented without be- 
coming too lengthy it has been necessary to group various data which 
were accumulated over a period of more than four years into small 
individual tables; this may give the impression that the final results 
were attained rapidly with relatively little trouble. On the contrary, 
an enormous amount of testing was necessary ; many of the tests now 
are unimportant but they made it possible to keep pushing ahead. 
It was necessary to begin this work on the basis of altogether too 
many loose generalities which led to numerous difficulties and were 
subsequently disproved. There was and still is a great deal of preju- 
dice held against certain alloys or certain alloy behaviors on the basis 
of erroneous information or untested information; this must be cor- 
rected by correct test data. 

The original standards which were set up as the aim of the pro- 
gram were the achievement of a minimum rupture time of 100 hours 
at 20,000 psi and 1500 F (815) in a rupture test, and a minimum 
creep rate of at least 0.00001% per hour (1% in 100,000 hours) at 
7000 psi and 1500 F (815C) in creep. This was the goal of the gas 
turbine group. The aeronautical interests were also looking for high 
temperature, high strength alloys but their aim was for shorter times 
at higher stresses. 

Prior to about 1940 the materials which were available and had 
been tested up to 1500 F (815(C) were found to be lacking in the 
necessary strength requirements to meet the above values. Steam 
turbine temperatures were generally the highest for application of 
high strength materials but this was limited to about 1100 F (595 C) 
as a maximum. At temperatures above this the permissible loads for 
long-time performance fell off very rapidly. Superchargers were just 
becoming a field of application, the common material being a stellite- 
type alloy called vitallium, which prior to this period had been a 
surgical and dental alloy. Its application, however, was at tempera- 
tures considerably below 1500 F (815) for short times. 

The two alloy systems most familiar to metallurgists from the 
high temperature application viewpoint were the chromium-—nickel— 
iron alloys modified by small amounts of tungsten, molybdenum, sili- 
con, titanium, columbium, carbon, etc., to increase high temperature 
strength and oxidation resistance, and the cobalt-base alloys of the 
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Table I 
Alloys for High Temperatures Up to 1940 



















Alloy Cr Ni Co Mo Ww Fe Others 


Inconel low 13-15 75-80 * ewe aad bal. Ti and Al 
Invar Setar 36 ov tae asi Bs 224i 
Monel Bh hs Bae wi 67 vg sal ind 5 aes 30 Cu; Fe, Mn 
Era Steels low some 30 ee a some WN <i -elarp ea aie 
Nichrome low 15-20 60-80 vik ceca Cao a. aes 3 pice 
Hastelloy low 0-10 60-80 +e 0-27 0-8 NG cone gta a 
K42B low 20 42 23 ees Safad 7 2-3 Ti 
Gamma 0.30 to 

Columbium 040 16 25 am 5 Beta Saas 2 Cb 
Timken 0.05 to 

0.15 16 25 on 6 than vs wa 0.1-0.15 N- 

Konel RG i or 73 17 acne aie cou 10 FeTI 
Stellite var. 25-35 Te 40-70 0-10 0-20 jetul --.. & eabaee bre 
Chromium 

Irons low 13-18 La os beau oe a aie a 
Stainless 0-2.5 Si 


Steels 0-0.4 15-35 8-60 oe 0-2.5 0-2.5 bal. Ti, Cb, N- 




























stellite type. These latter alloys were well known for their high 
hot hardness as cutting tools and wear-resistant hard-facing materials. 

Table I lists the better known alloys which were available to the 
metallurgists and gas turbine designers in America up to about 1940. 
Little was really known of their properties above about 1200 F (650 
C) from either-the oxidation or strength viewpoint. 

The choice at the time was to continue research in the two known 
systems or to branch out into new alloy systems. Expediency pointed 
to the first choice. 

Since an extremely large number of new alloys were to be 
tested, it was necessary to decide at that time which of the existing 
test methods would be most suitable. It was necessary to look for 
newer and faster tests to speed up the program. The test or tests 
chosen would have to have the following qualifications: 

1. Ability to discern favorable or unfavorable properties. 

2. Relatively rapid test time. 

3. Reproducibility. 

4. Simplicity of apparatus and ease of interpretation of results. 

At high temperatures, above the equicohesive temperature, the 
tensile test is valueless as a measure of long-time performance. The 
hot creep test is a slow, costly, critical test which gives too little infor- 
mation. The hot tensile test does not forecast the creep strength or 
the creep rate, nor does it forecast the elongation at failure after 
long periods in test or in the particular application. At the same time 
the creep test, if it is properly limited to about 2000 hours at stresses 
which will not produce failure during that time interval, fails to 
indicate the expected life or the elongation at failure. The one test 
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which is highly applicable and fulfills the four requirements listed 
above is the stress rupture test. This is a modified creep test in effect. 
A constant dead load is applied to a test specimen in tension through 
a system of loading beams. The specimen is kept at the desired tem- 
perature over the gage length in the limits of +10F. A stress or a 
series of stresses is chosen such that the specimen will fail in tension 
at the desired temperature over a period of time ranging from sev- 
eral minutes up to 2000 hours. The measurements which are made 
are elongation versus time, elongation at failure and rupture time. 
From the resulting curve of time versus elongation a measure of the 
minimum creep rate in the secondary creep range is obtained. This 
minimum creep rate has the same relationship to the rupture stress 
as does the minimum creep rate to the creep stress on a log-log plot. 
Thus this test has the property of bridging the test data of the hot 
tensile test to the hot creep test without the use of slow expensive 
equipment. This subject of rupture testing and its relationship to 
the tensile and creep test is extremely well explained in the several 
papers which appeared during the period from 1938 to 1942 (1-7).’ 

While the hot fatigue strength is known to be a very valuable 
measure of blade performance, at the time this and other programs 
were initiated the cost of hot fatigue machines, their unavailability 
and general lack of suitable design prevented any large measure of 
work being done. At that time too it was not clear just where the 
creep stress, rupture stress or fatigue stress became the controlling 
factor. It was and still is generally considered that in gas turbines 
the creep strength of blade materials is the controlling factor and 
that in jet engines, depending on the design of blade, the rupture 
stress or the fatigue stress may be the controlling stress. 

Hot hardness was proved to be of little value as a measure of 
high temperature alloy suitability quite early. 

On the basis of this information it was considered that the hot 
rupture test would give far more valuable information soonest. The 
creep stresses which were indicated from the rupture tests would 
then be checked to obtain the final accurate information. 


EXPERIMENTAL METHOD 


All the alloys included in this report were cast by the lost-wax or 
precision casting technique, using a silica investment. Since a great 
many of these alloys are not forgeable or were poorly forgeable, and 
~~ ‘* Phe figures appearing in parentheses pertain to the references appended to this paper. 
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since others were not machinable, the precision casting technique 
was highly applicable. In addition, the use of castings made possible 
the investigation of a vastly broader range of alloy compositions. 

In all cases except where noted the refractory investment mold 
was preheated to a temperature of 1850F (1010C) for casting. 
Metal temperatures, which in the latter part of the program were 
taken with platinum thermocouples, are listed as such. Where tem- 
peratures are not listed, the reading was made by an optical py- 
rometer ; however, these are not judged to be accurate enough and 
are accordingly not listed. 

Melting was always done in a small rocking arc furnace (indi- 





1—N ine-Hundred- 


Fig. 
Gram-Ca acity Indirect Rock- 
ing Arc Furnace for Melting. 
Investment mold shown in 
-_- ready to tip furnace 
or pouring. 


rect). The melting crucible was spherical in shape and thereby 
caused all optical readings to be faulty since the reflection of the arc 
and the roof of the crucible always influenced the readings. 

The melts were 800 to 900 grams on the average. In all but a 
few cases the raw alloys were not premelted so that on repeat heats a 
better measure of the general reproducibility of the alloy composition 
was obtained. Recovery of alluying elements was essentially 100% 
in all cases as noted by check analysis, since melting was done under 
a reducing atmosphere which resulted in a small carbon pick-up from 
the arc and the atmosphere. The heats were cast under a gage pres- 
sure of 8 to 15 psi of nitrogen or helium behind the metal as it en- 
tered the hot investment mold. The general assembly of the furnace 
and the mode of attaching the investment mold are shown in Fig. 1. 

The test specimens are shown in Fig. 2. Specimen (a) is the 
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l-inch gage length rupture test bar while (b) is the 2-inch gage length 
creep test specimen. 


EXPERIMENTAL RESULTS 


The results of rupture and creep tests at 1500 F (815(C), and 
in some cases at 1600 F (870 C), are listed in the subsequent tables. 
The results of some additional rupture tests at 1700 and 1800 F (925 
and 980 C) performed for us by the Department of Engineering Re- 
search, University of Michigan, are also included. 

The nomenclature of the alloys has tended to become somewhat 
complicated in view of the vast number of compositions which were 
cast. Thus similar alloys made at different laboratories are likely 
to be named quite differently. The system used in this report is as 
follows. Take the alloys 95VT2-2 and 32NT-2, for example. 

(a) The figures 95 and 32 are the values of the carbon content 
in hundredths of a per cent—by analysis in every case. Thus 95 is 
really 0.95% carbon. 

(b) The “V” and “N” respectively indicate the Vitallium base 
and the N-155 base, two of the first of the better alloys. 

(c) In each case the “T” indicates a modification of the vital- 
lium and the N-155 base by the addition of 2% tantalum. Beyond a 
point in order to keep the letter-number combinations within limits 
it was necessary to replace the letter combination by another single 
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Table Ii 
General Alloy Compositions 





A. Cast Alloys of the Ni-Cr-Co-Fe-Base Type 


Alloy 
System S Mn Si Ne Ni Cr Co Mo Ta Cb Ww Others 
TA-1 var. 0.7 10 012 WwW 20 a 6 4.0 5.3 ou bal. Fe 
TD-1 var. 0.7 10 O15 3 20 18 6 2.8 4.2 és bal. Fe 
TG-1 var. 0.7 10 O15 30 20 aa 4 2.0 4.0 4 bal. Fe 
TG-2 var. 0.7 1.0 ee 30 20 4 4.0 4.0 4 bal. Fe 
TE-OB var. 0.7 1.0 0.15 30 20 4 3.5 : 4 bal. Fe 
MT9-1 var. 2.0 on. @32 ioe 21 5 4 2.0 * 4 bal. Fe 
N-1 ver. 145 1.0 var. 30 20 21 3 oi 1.0 2.2 bal. Fe 
N-2 var. 1.5 1.0 a 30 20 21 3 alg 1.0 a3 bal. Fe 
P-2 vn. i 1.0 wi 21 21 21 3 i 1.0 2.2 bal. Fe 
NT-1 a 1.0 ‘var. 30 20 21 3 2.0 ; Sem bal. Fe 
NT-2 on... 42 1.0 ‘a 30 20 21 3 2.0 2.2 bal. Fe 
NA-2 vee. 35 1.0 30 20 21 3 a J 2.2 2 Ti, bal. Fe 
NC-2 var. 1.5 1.0 ss 30 20 30 3 2.0 ‘ 2.2 bal. Fe 
M-i var. 1.0 ae . @&S 30 20 12 4 2.0 1.0 4.0 bal. Fe 
S-2 var. 0.4 0.4 aa 20 15 20 4 aa 4.0 4.0 bal. Fe 
SA-2 var. 0.4 0.4 es 20 20 20 4 : 4.0 4.0 bal. Fe 

asi B. Cast Alloys of the Vitallium-Base Type 

y 

System a Mn Si Ne2 Ni Cr Co Mo Ta Ww Others 
V-2 var. me wr a 23 69 6 ee a ae 
V-1 var. var. ane 23 69 6 6 ia 
VN2-2 var. on 2 23 67 6 4 - 
VN4-2 var. 4 23 65 6 a as 
VN8-2 var. 8 23 61 6 ia - 
VT2-2 var. 23 67 6 2 “a as 
VT4-2 var. 23 65 6 4 ae 73 
VT6-2 var. 23 63 6 6 oz Si 
VTN2-2 var. 2 23 65 6 2 a a 
VZ-2 var. 23 67 6 “ad 2 Zr 
VW-2 var. 23 67 6 2 Ss 
VS2-2 var. 2 23 67 6 ech aad 
VS4-2 var. 4 23 65 6 om bel 
VX2-2 var. 23 67 6 od 2 Be 
VA-2 var. 23 67 6 - 2 Ti 
Ws8-2 var. 23 65 i 2 & oe 
VT2-0 var. 1 23 66 6 2 a 








letter when modification of the vitallium and N-155 bases became 
quite large. 

(d) The suffix number, such as “1”’, indicates that nitrogen was 
deliberately added as nitrogen-bearing ferrochromium. The suffix 
“2” indicates that no nitrogen was deliberately added but, due to the 
high-chromium content, all these alloys show at least 0.06% nitrogen. 
Nitrogen analyses were made by means of the vacuum fusion method. 

Table II lists the various base alloys with the proper designation. 
The addition of the carbon figure then completes the designation. 

Table III lists the results of all the rupture tests which were 
performed on the alloys of Table II-A. 

Table IV lists the creep test results on these same alloys wher- 
ever they were made (from Table II-A). 

Table V lists the rupture tests on alloys from Table II-B, while 
Table VI lists the creep results on alloys from the same group. 
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Table I11—(Continued) 


Rupture Results on Cast Nickel-Chromium-Cobalt-Iron-Base Alloys at 1500 to 1800 F at Stresses from 15,000 to 30,000 Psi 
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Fig. 3—Effect of Forging on the Cast Structure. xX 250. (a) MT-9, cast. (b) 
MT-9, forged. (c) 30N-2, cast. (d) 30N-2, forged. 


DISCUSSION OF THE TEST DATA 


Casting Versus Forging Alloys—A limited number of alloys 
were made of the same composition in both the forged and cast con- 
dition. Where they are available for comparison they indicate that 
the forged alloy presents a superior product with regard to ductility 
while the cast products show superior strength with decreased ductil- 
ity. All the tests are compared at 20,000 psi and 1500 F (815C). 
Table VII shows the comparison. 

Alloy TE-OB shows the smallest difference in microstructure 
in a comparison of the cast and forged test pieces and accordingly 
shows the smallest difference in properties. On the other hand, 
MT-9 shows vastly different as-cast and as-forged structures (see 
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Table V 
Stress Rupture Test Results at 1500 to 1800 F at Various Stresses for 
Vitallium-Type Alloys 
Heat Som Minimum 
Treat- Aging Temp. Stress Time, % % Cc 
Alloy ment Treatment F Psi Hrs. R. of A. % /Hr. 
84V-2 As cast None 1500 30,000 82.8 15.3 9.3 0.048 
93V-2 As cast None 1500 30,000 118.5 13.6 6.9 0.045 
As cast None 1500 25,000 457.5 11.9 7.3 0.026 
As cast None 1600 20,000 421.3 8.0 5.3 0.014 
94V-2 As cast None 1500 30,000 197.0 10.4 4.8 0.025 
As cast None 1500 25,000 900.5 6.5 2.8 0.0039 
As cast None 1600 25,000 101.0 9.5 5.3 0.047 
110V-2 As cast None 1500 30,000 138.1 15.3 9.7 0.049 
As cast None 1500 30,000 176.0 10.5 SB. Neth 
112V-2 As cast None 1500 30,000 90.6 15.3 6.5 0.112 
As cast None 1500 30,000 127.1 13.6 7.0 0.065 
116V-2 As cast None 1500 30,000 226.3 6.5 2.4 0.016 
As cast None 1500 25.000 425.0 12.1 5.3 0.012 
As cast None 1500 25.000 669.0 10.8 4.5 0.0056 
116V-2 As cast None 1600 25,000 138.3 11.3 6.1 0.039 
124V-2 As cast None 1500 30,000 120.0 18.0 and =. wiwue 
As cast None 1500 30,000 102.0 16.1 11.1 0.120 
127V-2 As cast None 1500 30.000 372.0 8.8 2.0 0.013 
As cast None 1500 25,000 $35.0 9.1 ee 
As cast None 1500 25,000 543.7 8.5 2.8 0.0069 
As cast None 1600 20,000 347.3 10.2 an. eae 
134V-2 As cast None 1500 30,000 74.0 13.7 eo: las 
As cast None 1500 3,000 62.4 12.8 eee 
147V-2 As cast None 1500 30,000 192.0 12.0 5.1 0.034 
As cast None 1500 25,000 658.5 13.3 5.7 0.0082 
As cast None 1600 20,000 724.7 11.0 7.3 0.0079 
82V-1 As cast None 1500 30,000 14.0 17.7 OW eS ae ee 
2260, WQ None 1500 30,000 0.0 Broke while loading 
As cast None 1500 30,000 25.0 8.0 me" (2 waa pe 
114V-1 As cast None 1500 30,000 150.0 13.7 6.5 0.033 
As cast None 1500 30,000 130.5 11.0 ae ee 
As cast None 1500 30,000 95.4 8.7 ae 2° Week 
116V-1 As cast None 1500 30,000 138.7 12.9 5.3 0.093 
As cast None 1500 30.000 2770 10.2 4.9 0.018 
As cast None 1600 25,000 >60.0 not registering 
s cast None 1600 25,000 78.4 15.3 8.9 0.037 
104VN2-2 As cast None 1500 30,000 76.9* 3.0 acca. < -eraitaen 
As cast None 1500 30,000 185.5 8.5 20 0.038 
As cast None 1500 30,000 200.0 5.3 3.6 0.015 
105VN4-2 As cast None 1500 35,000 70.8 8.7 6.2 0.060 
As cast None 1500 30,000 130.3 10.0 7.7 0.037 
As cast None 1500 30,000 91.7 4.7 ak A eel 
As cast None 1500 30,000 140.6 5.6 a 0.030 
109VN4-2 As cast None 1500 30,000 169.4 18.9 9.7 0.065 
Ascast 24 Hrs.,1350 1500 30,00 157.6 14.4 oe aie ow 
As cast None 1600 25,000 25.2 22.2 13.4 0.119 
95VN8-2 As cast None 1500 30,000 34.7 8.8 as. Glee, 
As cast None 1500 30,000 51.4 11.9 7.6 0.144 
40VT2-2 Ascast 50 Hrs., 1500 1500 30,000 44.0 6.5 ae, as 
As cast None 1500 30,000 27.4 8.1 Gee ae 
2300, FC None 1500 30,000 10.6 7.2 ee sete 
7OVT2-2 As cast None 1500 30,000 47.5 8.1 Bs 6 cate 
As cast None 1500 30,000 58.3 12.7 7.3 0.087 
77VT2-2 As cast None 1500 30,000 45.5* 7.2 5.7 0.093 
As cast None 1500 W000 57.2 8.1 44 0.092 
As cast None 1500 30,000 770 14.7 Rae 7 etka 
91VT2-2 As cast None 1500 30,000 180.0 7.9 4.1 0.032 
Ascast 42 Hrs.,1500 1500 30,000 174.3 15.3 8.6 0.035 
95VT2-2 2300,AC 50 Hrs., 1500 1500 30,000 23.0 2.4 | RRR Byres cat 
2350, FC None 1500 30,000 0.0 0.0 Complete 
recrystallization 
2300, FC None 1500 30,000 189.0 7.2 4.1 0.020 
2300, FC None 1500 30,000 106.1 2.1 OS... > eae. 
2200, FC None 1500 30,000 85.0 14.2 14.2 0.150 
2100, FC None 1500 30,000 79.4 10.2 10.1 0.071 
2100, FC None 1500 30,000 48.6 16.8 11.2 0.196 
2000, FC None 1500 30,000 65.0 17.4 11.4 0.135 
2000, FC None 1500 30,000 37.0 18.4 11.7 0.250 
1800, FC None 1500 30,000 121.5 10.0 7.7 0.035 
As cast None 1500 30,000 180.0 8.7 10.2 0.021 
As cast None 1500 30,000 175.0 7.8 0.024 
96VT2-2 As cast None 1500 30,000 >175.0 Poor temperature control 
101VT2-2 As cast None 1500 30,000 78 **e , *eeee 
As cast None 1500 30,000 207.0 7.9 3.6 0.025 
2200, FC None 1500 30,000 66.0 64 0.5 0.018 
2300, FC None 1500 30,000 728.3 1.6 0.8 0.006 
102VT2-2 As cast None 1500 30,000 219.1 7.3 24 0.013 
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Table V—(Continued) 
Stress Rupture Test Results at 1500 to 1800 F at Various Stresses for 
Vitailium-Type Alloys 


Heat Rupture Minimum 

Treat- Aging Temp. Stress Time, % % Creep 

Alloy ment Treatment F Psi Hrs. Elong. R. of A. %/Hr. 
102VT2-2 As cast None 1500 30,000 174.0 6.4 eat cee” 
111VT2-2 As cast None 1500 35,000 <91.0 10.3 6.9 0.048 
As cast None 1500 30,000 297.3 8.3 3.7 0.013 

2300, FC None 1500 30,000 12.6 0.0 Brittle failure 

As cast None 1500 25,000 1093.4 6.5 2.0 0.0035 
As cast None 1600 25,000 122.2 6.8 3.2 0.031 
As cast None 1600 25.000 136.7 7.9 4.9 0.029 

As cast None 1600 20,000 960.0 8.9 2.0 0.0027 
113VT2-2 As cast None 1500 35,000 69.0 11.1 10.6 0.080 
As cast None 1500 35,000 65.2 9.6 8.1 0.078 
As cast None 1500 30,000 321.0 7.1 9.7 0.010 

As cast None 1500 25,000 1304.0 7.0 7.0 0.0024 
As cast None 1600 30,000 85.4 8.8 8.1 0.054 
As cast None 1600 25,000 197.0 8.1 7.8 0.022 
As cast None 1600 25,000 188.0 8.3 4.9 0.027 

As cast None 1600 20,000 890.0 8.1 4.9 0.0053 

As cast None 1700 24,000 6.0 20.0 RR. 
As cast None 1700 17,000 108.0 14.0 Bi tg 
** < As cast None 1700 15,000 173.0 19.0 ET sabre ce 
As cast None 1700 14,000 252.0 12.0 eo. teree de 
As cast None 1700 13,000 651.0 9.0 Ae SS oe 
120VT2-2 As cast None 1500 30,000 159.2 7.3 4.5 0.040 
As cast None 1500 30,000 250.0 7.2 5.6 0.020 
As cast None 1600 25,000 78.6 7.3 6.9 0.060 
As cast None 1600 25,000 141.6 10.5 7.6 0.060 
125VT2-2 As cast None 1500 30,000 152.0 7.9 3.7 0.021 
As cast None 1500 30,000 247.5 7.1 2.5 0.018 
As cast None 1600 25,000 135.0 6.4 3.5 0.031 
As cast None 1600 25,000 129.7 8.2 4.1 0.036 

128VT2-2 As cast None 1800 20,000 1.3 22.0 SS Ae 
As cast None 1800 12,500 66.5 16.0 ras o's 

As cast None 1800 11,000 102.0 20.0 ae: > t eeuar 

As cast None 1800 9,000 300.0 20.0 Mo? atin 

117VT4-2 As cast None 1500 30,000 150.0 Poor temperature control 

As cast None 1500 30,000 195.2 7.2 3.6 0.017 

As cast None 1500 25,000 444.6 7.0 4.5 0.0062 
As cast None 1600 25,000 161.5 8.0 4.5 0.027 

As cast None 1600 20,000 801.1 6.8 1.2 0.0061 
114VT6-2 As cast None 1500 30,000 123.2 7.2 5.3 0.036 
As cast None 1500 30,000 114.6 7.2 4.5 0.022 
Ascast 24 Hrs., 1350 1500 30,000 101.7 6.4 4.1 0.040 
108V TN2-2 As cast None 1500 30,000 330.0 6.4 3.3 0.010 
As cast None 1500 30.000 304.8 7.2 4.1 0.012 

As cast None 1500 28,000 604 7 6.3 4.9 0.0063 

As cast None 1500 25,000 1554.0 3.9 2.4 0.00092 

111VT2-0 As cast None 1500 35,000 57.0 20.2 17.1 0.123 
As cast None 1500 30,000 177.5 17.5 10.5 0.041 
Ar cast None 1500 28,000 274.0 16.8 14.9 0.042 

As cast None 1500 25,000 902.3 13.7 10.8 0.0063 
97VZ2-2 As cast None 1500 30,000 95.9 7.2 5.2 0.027 
As cast None 1500 30,000 83.3 8.8 7.7 0.087 
As cast None 1600 25,000 160.0 12.9 7.6 0.043 

As cast None 1600 20,000 803.0 4.7 4.0 0.0037 
109VW2-2 As cast None 1500 30,000 122.7 8.8 5.1 0.035 
As cast None 1500 30,000 86.3 10.4 2.6 0.065 
As cast None 1600 25,000 94.5 9.5 4.9 0.065 

45VS2-2 As cast None 1500 30,000 28.0 5.6 RS oe ee 
As cast None 1500 30,000 13.1 9.7 Sa ee 

47VS4-2 As cast None 1500 30,000 6.1 11.1 Dae >. genes 
108VS2-2 Ascast 16Hrs., 1500 1500 30,000 87.0 25.4 10.6 0.188 
As cast None 1500 30,000 87.3 11.2 12.0 0.067 

111VS4-2 As cast None 1500 30,000 22.5 18.3 re 
109V X2-2 As cast None 1500 30,000 17.6 12.2 en. > .iecs 
As cast None 1500 30.000 29.4 11.1 De oe ea 

103VA-2 As cast None 1500 30,000 105.8 8.7 ee data 
As cast None 1500 30,000 75.3 8.0 ae Caen 
110VA-2 As cast None 1500 30,000 172.3 13.9 10.6 0.046 
As cast None 1500 30,000 196.7 18.5 SOLS. ext Sregcs 
107W8-2 As cast None 1500 35,000 90.0 5.6 2.9 0.030 
As cast None 1500 35,000 59.9 5.4 2.0 0.049 
As cast None 1500 35,000 176.8 6.3 2.8 0.017 

As cast None 1500 30,000 232.4 4.8 20 ‘nae 
As cast None 1500 30,000 1825 8.7 2.9 0.027 
As cast None 1500 28,000 340.1 6.6 3.2 0.011 


*Broke in fillet. 
**Tests performed at Michigan University. 
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Table VI 
Creep Test Results at 1500 and 1600 F at Various Stresses 





















Heat Aging Total Creep 
Treat- Treat- Temp. Load Elong. Minimum Creep Rate 
Alloy ment ment F Pai Hours = In. /In. Hours % /He. 

111VT2-2 As cast None 1500 13,500 2000 0.00192 800-2000. 0.000034 
111VT2-2 As cast None 1500 12,000 2020 0.00170 700-2000 0.000037 
111VT2-2 As cast None 1600 10,000 2130 0.0028 1000-2130 0.000078 
116V-1 As cast None 1500 13,500 2020 0.00330 600-2000 0.000091 
127V-2 As cast None 1500 13,500 2320 0.00360 800-2300 0.000078 
97VZ2-2 As cast None 1600 10,000 2160 0.0039 1100-2160 0.000038 
111VT2-0 As cast None 1500 10,000 2410 0.0027 1100-2400 0.000053 
109VT2-2* As cast None 1500 13,500 800 0.0029 300-800 0.000154 
109VT2-2* As cast None 2500 1300-2500 












"Cast to produce very large grains—these contained essentially single grains across 
any cross section of the test bar. 


Creep tests were performed under an NDRC contract. 






Table VII 
Deepertion of Cost Vecume Pesune Stee ot Beet on8 SNS Pel te he 
N ron-Base Alloys 

















Heat % Hours to Cast Heat % Hours to 

Alloy Treatment Elong. Fracture Alloy Treatment Elong. Fracture 
TE-OB 2300, W' 8.8 39.6 13TEOB-1 2300, W 10.0 42.0 
MT-9 . 2200, W 11.7 27.0 42MT9-1 2250, W 4.6 204.6 
N-155 2200, W' 18.0 115.0 30P-2 2250, W' 8.0 155.0 
S-497 2250, WQ 24.0 43.5 40S-2 2250, W' 8.9 174.5 
















Fig. 3) ; accordingly there is a large difference in the ductility and 
rupture life. Alloy S-497 also shows a very large difference in cast 
and forged test values. It appears, therefore, that a readily forgeable 
material, one with a minimum of the brittle carbide and nitride sec- 
ond phase, would naturally show the least change in structure in 
going from the cast to the forged condition. Accordingly there can- 
not be expected any great change in tensile properties between the 
cast and the forged product, although the as-cast alloy will show 
somewhat less ductility and probably poorer fatigue strength due to 
the coarser grain. Materials such as MT-9 and 408-2, which show 
considerable amounts of the brittle second phase in the cast struc- 
ture, will forge with much less ease, and the forged structures will 
show better ductility but shorter rupture life than the cast alloy. 

Eventually as the volume and continuity of the second phase in- 
crease, forgeability falls to zero and only the cast alloy is applicable. 
This brittle second phase is increased by carbon, nitrogen and combi- 
nations of carbide- and nitride-forming elements. 

Higher strength will thus be found in the cast alloys containing 
the necessary amount of carbide, nitride, etc., phases properly dis- 
tributed for attaining strength, whereas if high ductility is desired 
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in alloys of equal or slightly lower strength, the forgeable alloys ap- 
pear to present the better choice by far. 

The Effect of Carbon and Nitrogen on the Strength and Duc- 
tility of the Nickel-Chromium—Cobalt—Iron-Base Alloys—Once it 
became apparent that the cast structure produced a stronger alloy, it 


Hours to Rupture 





040 080 120 160 
Carbon, Per Cent 


Fig. 4—Effect of Carbon Content on the 30,000-Psi Rupture 
may o Nickel—Chromium—Cobalt-Iron-Base Alloys at 1500F 
(81 : 





5—Effect of Carbon Content on the 20,000-Psi Rupture 


Fig. 
Life of Nickel—Chromium—Cobalt—Iron-Base Alloys at 1500 F (815 C). 


was evident that the distribution and relative quantities of the carbide 
and/or nitride phases in the austenitic matrix played a correspond- 
ingly large role in the determination of physical properties. Since 
carbon was the largest effective single variable, a large number of 
casts were made of several alloy systems wherein the carbon content 
was the only variable. Early in the program when the majority of 
these heats were made, metal temperatures were read by means of an 
optical pyrometer. Accordingly the control was not too good and vari- 
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Elongation, Per Cent 


Fig. 6—Effect of Carbon Content on the Elongation 
Nickel—Chromium -Cohalt-Iron-Base Alloys at 30,000 and 


Psi at 1500 F (815(C). 


ations could and did result in the structures and properties of these 
alloys. Two subsequent reports explain these changes due to varia- 
tions in metal and mold preheat temperatures, but for the present re- 
port those heats which did not conform due to poor casting control 
have been omitted. It is now indicated that the points included in the 
present graphs are values to be obtained from castings made with 
1850 F (1010 C) molds and 2605 to 2680 F (1430 to 1470C) metal. 

Also it had been shown earlier that a solution treatment of 2250 
to 2260 F (1230 to 1240 C) for 0.5 hour followed by water quench- 
ing gave the best strength properties. This was the treatment, with- 
out subsequent aging, which was used to obtain the values plotted in 
the following graphs. 

It was determined originally in this work that there is a straight- 
line relationship when the log of the rupture life is plotted against 
the per cent carbon. This semilog plot also indicates the peak 
strength of the alloy series with increasing carbon. 
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Fig. 4 shows a semilog plot of this nature for severai types of 
nickel-chromium—cobalt-iron-base alloys which were tested at 30,000 
psi and 1500 F (815 C) in the stress rupture test. Fig. 5 shows the 
same type plot for the same alloy series at 20,000 psi and 1500 F 
(815°C). Fig. 6 shows the change in ductility with increasing carbon 
for these same alloys. 

From Figs. 4, 5 and 6 it is to be noted that in all cases an in- 
crease in carbon causes an increase in the hot strength and a cor- 
responding decrease in ductility. A peak strength is shown for the 
NT-2 and the N-2 systems. There does not appear to be a minimum 
in the ductility, however. The ductility appears to decrease rapidly 
at first but then the curves flatten out at the higher carbons. 

Using the system P-2 as a basis for comparison, Figs. 4, 5 and 
6 show that an increase of the nickel content from 20 to 30% (be- 
coming the N-2 or NT-2 system) causes an increase in the strength 
(for lower carbons) but especially in the ductility. A change from 
1% columbium in the N-2 system to 2% tantalum to give the NT-2 
system makes little change in the 30,000 psi rupture strength or the 
ductility ; however, at 20,000 psi this change causes a considerable 
increase in rupture strength of the NT-2 system. The combination 
of values from these two curves therefore indicates that the NT-2 
alloys might show better creep resistance than the N-2 alloys. 

The S-2 and SA-2 systems showed a much slower rate of in- 
crease of strength with carbon increases and were accordingly tested 
no further. Of these two alloy series which differ only by 5% chro- 
mium, the S-2 series, which contains 15% chromium, is stronger and 
more ductile than the SA-2 series with 20% chromium. 

Fig. 7 shows the change in the creep rate of these same alloys 
with a change in carbon. Again the semilog plot indicates a straight- 
line relationship. By holding this plot upside down its resemblance 
to the curves of Figs. 4 and 5 is immediately apparent in the mirror 
image. 

An extremely interesting story has been revealed in our efforts 
to determine the role of nitrogen in the cast and forged high temper- 
ature alloys. 

Originally the program was concerned with low carbon forged 
alloys (maximum 0.15% carbon). To these compositions which con- 
tained 15 to 20% chromium there was added up to 0.15% nitrogen 
from nitrogen-bearing ferrochromium. When the carbon actually 
stayed below 0.15% there was never any difficulty in adding 0.15% 
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Minimum Creep Rate, Per Cent per Hour 
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Carbon, Per Cent 
_ _ Fig. 7—Effect of Carbon Content on the Minimum Creep Rate of 
si 


Nickel—-Chromium—Cobalt—Iron-Base Alloys at 30,000 and 20,000 P 
at 1500 F (815C). 


nitrogen or in recovering enough to maintain 0.15 +0.02% (by vac- 
uum fusion). The ingots were perfectly sound as revealed by ra- 
diographic inspection, and forging was possible. One composition, 
however, contained 0.20 to 0.25% carbon with 0.15% nitrogen de- 
sired. After four attempts to obtain sound ingots, it was necessary 
to give up. All eight ingots were full of large gas pockets scattered 
throughout. Forging of these ingots gave a very poor product full 
of cracks and tears. This composition was discarded without much 
further thought. 

When the precision casting program started, nitrogen was again 
added as an alloying element. Some beneficial effects were indicated. 
However, some casts gave such extremely poor results that it became 
necessary to check the nitrogen content. This check was further 
indicated when some of the castings showed a puffy and often a 
bleeding hot top or riser. Incidentally, these cast grades were of 
considerably higher carbon content (0.80 to 1.2%) than were the 
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Table VII! 
Nitrogen Analyses by Vacuum Fusion 
N2 Analyzed % N2 Analyzed 
Alloy dded % N2 %O Alloy Added % N2 % O 
86N-2 | 0 0.063 0.013 93NT-2 0 0.070 0.005 
93N-2 0 0.069 0.010 97NT-2 0 0.057 0.005 
104N-2 0 0.072 0.013 9ONT-2 0 0.057 0.004 
111N-2 0 0.053 0.005 104NT-2 0 0.066 0.009 
156N-2 0 0.052 0.020 9ONT-1* 0.15 0.110 0.011 
102N-1 0.08 0.093 0.005 93NT-1 0.15 0.101 0.005 
89N-1 0.15 0.097 0.008 94NT-1 0.15 0.090 0.004 
109N-1 0.15 0.120 0.006 99ONT-1 0.15 0.071 0.006 
121N-1 0.15 0.090 0.005 102NT-1 0.15 0.081 0.006 
124N-1 0.15 0.085 0.005 111NT-1 0.15 0.112 0.009 
134N-1 0.15 0.090 0.005 115NT-1 0.15 0.096 0.005 
106N-1 0.20 0.076 0.005 124NT-1 0.15 0.097 0.005 
107N-1 0.20 0.086 0.005 
114N-1* 0.20 0.110 0.004 
110N-1 0.23 0.089 0.007 
111N-1 0.23 0.085 0.006 
115N-1 0.23 0.083 0.007 
122N-1* 0.23 0.133 0.005 
128N-1 0.23 0.105 0.006 


*Hot top or riser of casting was very badly puffed up, indicating that nitrogen was 
still in excess of the solubility and was in the process of being released by the alloy. 


Table 1X 
Average Nitregen Content (in %) of the N-2 and NT-2-Type Alloys 
N-2 N-1 N-1 N-1 
(No Ne Added) (0.08 and 0.15% Added) (0.20% Added) (0.23% Added) 
0.072 0.090 0.076 0.089 
0.053 0.090 0.086 0.083 
0.063 0.120 0.110 0.085 
0.052 0.085 a 0.133 
0.065 0.097 0.091 avg. 0.105 
-_—— 0.093 od 
0.061 avg. —_— 0.099 avg. 
0.096 avg. 
NT-2 (No Ne Added) NT-1 (0.15% N2 Added) 
0.070 0.057 0.101 0.090 
0.057 0.066 0.081 0.097 0.096 
0.062 avg. 0.093 avg. 


forged alloys. Nitrogen was added from 0.08 to 0.23% again as 
nitrogen-bearing ferrochromium. A vigorous boil resulted when the 
addition was made but routine radiographic inspection showed no 
porosity in the cast test bars; therefore, no harm was ascribed to the 
boil. 

Practically all the nickel-chromium—cobalt-iron-base alloys were 
analyzed for carbon, oxygen and nitrogen. These values are listed 
in Table VIII. All values were double checked and others were tri- 
ple checked when agreement was not sufficiently good. 

Table VIII shows the oxygen content runs in the range 0.004 
to 0.008% very regularly. These values indicate a very low degree 
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of oxidation of the melt. The nitrogen values in Table VIII are 
regrouped in Table IX. 

Note that melting in the arc furnace produces a nitrogen content 
of 0.06% on an average. Then, regardless of whether 0.15, 0.20 or 
0.23 additional per cent nitrogen is added, the maximum which these 
alloys can hold is about 0.095%. The nitrogen in excess of this is 
simply boiled off or is released as the metal solidifies, causing puffy 


500 


Hours to Rupture 





“040 060 080.100. 120. 


Carbon, Per Gent 
of NTS Alloys at 30,000 Pa and 1500F (SC) 
risers, etc. The same nitrogen content could have been attained by 
an addition of 0.035% nitrogen without the danger of getting blowy 
castings. The three heats which are starred in Table VIII showed 
extremely poor rupture results, indicating that excess nitrogen be- 
yond any solubility value was present in the cast structure, causing 
damage even though the porosity could not be seen radiographically. 

Subsequently, an experimental casting of two 15-pound ingots 
of an NT-2 alloy containing 0.25% carbon was made to which was 
added 0.15% nitrogen. As was expected, the ingots were full of 
blowholes and therefore worthless. 

These results show distinctly that with about 20% chromium and 
0.15% carbon a maximum near 0.15% of nitrogen is soluble in the 
alloy. With 20% chromium and 0.25% carbon, the maximum nitro- 
gen solubility is less than 0.15% nitrogen, and is nearer 0.10%. With 
higher carbons, going up to about 1.0%, the maximum nitrogen 
solubility is only about 0.09%. 

At high carbon contents (0.80 to 1.20%) the benefits from nitro- 
gen additions are extremely small. Added nitrogen appears to shift 
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the maximum strength value to slightly higher carbon contents with- 
out any apparent increase in strength. That is, the peak value of the 
curves in Fig. 8 remains the same but is shifted slightly to the right. 
There appears also to be a very small increase in the average ductility 
of the higher nitrogen alloys. These changes and possible improve- 
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Fig. 9—Effect of Solution Temperature on the 
Rupture Life of NT-2 Alloys at 30,000 and 25,000 
Psi at 1500 F (815C). 


ments, however, are not desirable in view of the added danger of 
getting too much nitrogen accompanied by large decreases in strength. 
Fig. 8 illustrates the changes due to the nitrogen additions. 

The Effect of Heat Treatment on Nickel—Chromium-—Cobalt- 
Iron-Base Alloys—The NT-2 system was selected for a closer study 
of the heat treating variables. The data were more complete because 
many of the unknowns had been eliminated prior to the heat treat- 
ment study of this series. 

A group of four heats was made in the range of 0.93 to 0.99% 
carbon to complete the results already shown in Figs. 4 and 5 on the 
NT-2 series. 
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The results of this study are summarized in Figs. 9 and 10 
graphically. Fig. 9 shows that the as-cast rupture values at 30,000 
psi and 1500 F (815 C) all lie below about 10 hours. Then progres- 
sively as the solution temperature increases from 2100 to 2260 F 
(1150 to 1240 C), followed by water quenching, the rupture values 
increase very markedly both at 25,000 and 30,000 psi. Beyond 2260 F 
(1240 C) and up to 2280 F (1250 C) it is possible to further increase 
the rupture strength; however, at 2300 F (1260C) phase changes 
occur and an extremely weak, coarsely crystalline fracture indicates 
recrystallization (see Table III). Therefore, to be safe it is desir- 
able to limit the solution temperature to 2260 F (1240C) to allow 
for furnace irregularities. With small 0.250 and 0.500-inch cross 
sections 0.5 hour is sufficient time for solution. A slightly reducing 
atmosphere is desirable at these extreme temperatures to prevent ex- 
cessive oxidation. The foregoing applies equally to the low or high 
carbon, forged or cast NT-2 alloys. 

At the same time that increased solution temperatures are caus- 
ing an increase in strength, the ductility is dropping at a correspond- 
ing rate. Fig. 10 shows that as-cast elongations are up around 12% 
at 30,000 psi and 1500 F (815C). This drops to 5 to 6% for a solu- 
tion treatment of 2260 F (1240 C), water-quenched. 

Following the solution treatment, when the alloy is tested in 
rupture at 1500 F (815 C), aging takes place. This aging can read- 
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Fig. 11—Change in Magnetic Susceptibility of Solution-Quenched 100NT-2 
With Increasing Aging Temperature for 24-Hour Aging Intervals. 
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ily be noted in the microstructures, in X-ray diffraction patterns, in 


electrical resistivity studies, etc. Regular hardness measurements — 
will show little change due to aging, but microhardness measure- 
ments of the austenitic matrix show distinct increases in hardness on 
aging. Since only the austenite changes in hardness on aging, any 
ordinary method of hardness measurements is unacceptable because 
the indentor rests on several carbide meshes which determine prima- 
rily the noted hardness. This becomes more and more the story as 
the carbon content and the carbide phase increase. 

One method of noting the changes occurring in an alloy is by 
means of magnetic measurements. Two bars of alloy 87NT-2 were 
quenched from 2260 F (1240C) and were then aged for 24 hours 
at intervals of 100 to 200F up to 2000F (1095C). After each 
aging period the magnetic susceptibility was measured. The results 
are plotted in Fig. 11, which shows that no aging occurs until about 
1100 F (595C). The degree of change in the magnetic properties 
due to changes in the alloy then increases slowly in the range 1200 
to 1400 F (650 to 760C) and very rapidly from 1400 to 1700 F 
(760 to 925C). At 1700 F (925 C) the magnetic phase begins to go 
back into solution and reaches the optimum solubility at 2260 F 
(1240 C) from which point, no doubt, if it is quenched in water the 
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best condition of the alloy results. Quenching from 2000, 2100 or 
2200 F (1095, 1150 or 1205 C) obviously has not permitted the nec- 
essary degree of solution of this magnetic phase, which is evidenced 
by the results shown in Fig. 9. 

Alloys which are nonmagnetic in all cases of heat treatment nat- 


urally are not capable of being studied by this technique, but are 
by other methods. 
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Fig. 12—Effect of Time at Test at 1500 F (815C) on the Elongation 


at Rupture of High-Carbon NT-2 Alloys (0.90 to 1.1% Carbon). Stresses 
from 20,000 to 30,000 psi. 


Relationship Between Time and Ductility—It was noted very 
soon in the program that time played a role similar to stress with 
regard to the expected ductility at rupture. An examination of Ta- 
bles III and V shows that the ductility in rupture is greatest for the 
high stresses and progressively decreases with lower stresses. Cor- 
respondingly Fig. 12 shows the change in ductility with increasing 
test time. Fig. 12 is for high carbon NT-2 alloys of several heat 
treatments. At first the ductility falls off very rapidly with increas- 
ing test time, but then the curve flattens out to indicate only very 
small decreases in ductility for large increases in test time. This plot 
is reassuring to a certain extent when extrapolations are considered 
into times associated with long-time creep. It indicates that some 
ductility can be expected even in applications calling for 100,000 
hours’ performance. 

A heat treatment which gives a more ductile but considerably 
weaker structure (2100 F, water quench) results in a curve shown 
in Fig. 12. One cannot predict whether the two lines will tend to 
merge at extremely long times or not. Fig. 12 indicates that the 
treatments giving optimum strength are the best treatments within 
certain limits, because at long times the gain in ductility noted 
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through short-time rupture tests is no longer available at long times. 
Thus we see that for 40 hours’ rupture time the more ductile, weaker 
structure shows 9.0% hot ductility against 6.5% for the stronger 
alloy, but at 500 hours the difference in elongation between the two 
is less than 1%. This difference probably becomes less and less at 
longer times. Thus while the ductilities merge at longer times the 
strength differences remain equally great. 

This plot shows very clearly why a hot tensile test cannot fore- 
cast the performance of a material in long-time stress applications 
at temperatures above the equicohesive temperature. A hot tensile 
test fails to tell the elongation at rupture with increasing time in test 
and also fails to describe the elastic or plastic properties for times 
longer than the time necessary to perform the tensile test. 

Effect of Surface Condition—Precision casting when properly 
carried out is meant to give surfaces requiring only a sand-blasted 
finish to remove adhering sand and light scale. If and when cold 
shuts, surface oxide skin wrinkles and tiny fins occur, sand blasting 
does not remove them. Many of these wrinkles and fins are fine 


Table X 
Surface Polish Effects 
Standard 
Unpolished Test po Polished Test —-—_,, 
Rupture 0 Rupture 0 % Increased Life 
Alloy Life, Hrs. Elong. Life, Hrs. Elong. Due to Polish 

37SA-2 2.0 9.6 2.0 6.4 0 
82SA-2 5.4 2.4 3.3 1.5 Negative 
107M-1 15.7 1.5 26.3 4.8 +67.5 
89N-1 39.0 4.3 47.3 4.0 +21.2 
86N-2 55.0 4.0 69.5 4.8 +26.4 
104NT-2 69.3 6.8 100.0 4.0 +44.3 
107NT-2 61.0 5.6 86.4 4.8 +41.6 
124NT-1 41.0 7.2 27.3 7.0 Negative 
128N-1* 12.7 8.1 21.0 8.1 +65 





*Room temperature mold casting. 


enough so that they are not considered harmful. Occasionally tiny 
pits are present on the surface of the test bars. It would be highly 
desirable not to have to do any further processing for surface im- 
provement provided the sand-blasted surface was not harmful to the 
best performance of the test. 

The surface becomes even more important when the materials 
tested here in tension are subjected to a tensile plus a fatigue-type 
action such as turbine, jet engine or supercharger blades must with- 
stand in actual performance. 


To determine the role and extent of the surface finish a number 
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of alloys were selected which offered good prior test data. The sur- 
faces of these sand-blasted bars were processed by first polishing with 
100-grit emery cloth and finishing with 320-grit cloth. All circum- 
ferential marks were polished out but tiny pits were allowed to re- 
main in the surface. Any longitudinal wrinkles, scratches, etc., were 
left in the surface. 

The tests were run at 30,000 psi and 1500 F (815C). In all 
cases the heat treatment was 2250 to 2260 F (1230 to 1240 C), water 
quench. None was aged prior to testing. The results are shown in 
Table X. 

In the SA-2 series, which shows very low rupture life, polish- 
ing shows no improvement. The extremely short life of these speci- 
mens, however, makes them difficult to be judged. 

With the exception of 124NT-1, all the tests show an improve- 
ment due to the polishing; the improvements range from 20 to over 
60%. 

Tiny pinpoint holes in the specimens do not appear to be harm- 
ful in the small numbers found present, since none of the failures oc- 
curred at the site of the pits during a rupture test. 

The improvement in rupture life that will be attained through 
polishing depends on several variables. 

(a) Casting Technique. The smoother the as-cast surface of 
the test bar and the freer it is from cold shuts, wrinkles, fins, etc., 
the smaller will be the improvement through polishing. First, the 
wax surface must be perfect; second, the spray or dip coat must 
reproduce the fine wax finish; and third, the mold must not crack 
or frit during firing and handling. 

(b) Melting Practice. Melting must be done with the view in 
mind of pouring a slag-free, oxide-free melt when possible. Any 
slag, but especially any oxide skin such as titanium oxide and alumi- 
num oxide, presents the possibility of getting either entrapped slag 
at the surface or skin wrinkles. Both the mold and metal tempera- 
ture must be sufficiently high to prevent cold shuts. 

(c) Molten Metal Characteristics. Certain alloying elements 
and certain alloys oxidize quite readily and form a tough continuous 
skin over the molten metal surface. These skins persist even under 
an essentially carbon monoxide atmosphere. In pouring such melts 
the tendency to get oxide skin wrinkles is fairly great. This is espe- 
cially true of titanium-bearing heats, but also of aluminum and 
zirconium. 














1947 GAS TURBINE ALLOYS 309 


Manganese is an especially interesting alloying element. Above 
1% it progressively causes poorer cast surfaces in both the nickel— 
chromium-—cobalt—iron or vitallium-base alloys. At 6% manganese 
the surfaces are much too poor to consider. Thus manganese is lim- 
ited as an alloying element above 1 or 2% in precision castings using 
a silica-base investment material. 

It has been found too that the molten high-carbon vitallium al- 
loys have much cleaner surfaces than the nickel—-chromium-cobalt- 
iron-base alloys and sand blast much more readily. 

How much more important the surface condition becomes when 
the fatigue stresses are the controlling ones is not known at this 
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Fig. 13—Upper Section: Relationship of Stress to Log Rupture Life for 
100NT 2 a Other Nickel—Chromium—Cobalt—Iron-Base Alloys. Lower section: Tem- 
perature effect on the rupture life of alloy 100NT-2 with decreasing stress. 


time, nor is there any measure of the role played by alloy composi- 
tion in connection with surface sensitivity. 

Rupture Life and Creep Rate as Functions of the Stress of 
Nickel-Chromium-—C obalt—Iron-Base Alloys—It has been shown 
very clearly that on a log-log plot there is a straight-line relationship 
between the stress and the rupture life and between the stress and 
the minimum creep rate as measured from a rupture test or a rup- 
ture and a creep test in the latter case (2), (3), (4), (5). 

The rupture test data obtained for the nickel-chromium-—cobalt- 
iron-base alloys also show this same relationship. 

Fig. 13 shows some of the more interesting alloys for which at 
least three points were obtained for purposes of plotting the lines. 
The two point values for the other alloys in this group can also be 
fitted here for comparison but are omitted in order not to crowd the 
curves. The strongest alloy appears to be in the NT-2 series at 
about 1.0% carbon. The N-2 alloys are almost as good but appear 
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Fig. 15—Effect of the Carbon Content on the 30,000- 
Psi Rupture Life of Vitallium and Modified Vitallium 
Alloys at 1500 F (815 C). 


to be slightly weaker and very slightly less ductile on the average. 
The lower carbon alloys in these series all appear to have flatter 
slopes than do the higher carbon alloys. 

The lower portion of Fig. 13 shows the effect of temperature 
on the rupture properties of alloy lOONT-2. The scatter of points 
at 1700 and 1800 F (925 and 980C) is fairly large and since dupli- 
cate tests were not run it is difficult to evaluate the individual points 
too closely. Having selected what appears to be the best line in each 
case, however, there seems to be considerable parallelism among the 
curves in the range 1500 to 1800 F (815 to 980C), indicating that 
there are no discontinuous changes occurring in the range. At the 
lower temperatures, on the basis of tests which have been run in 
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creep up to 10,000 hours, an extrapolation is safe up to that period ; 
however, at 1700 and 1800 F (925 and 980C) it may be dangerous 
at the present state of our knowledge to extrapolate very far beyond 
the actual test results shown in the tables and curves until more is 
known concerning oxidation resistance at those temperatures. 

Fig. 14 shows the log-log relationship of stress to the minimum 
creep rate measured from both rupture and creep test curves. All 
values shown at stresses greater than 15,000 psi are values obtained 
from rupture test data. At 15,000 psi and lower the results are from 
creep tests. The relationship is very distinct and only occasional 
values are appreciably off the chosen curve. Alloy 93N-2, for in- 
stance, has a curve resulting from measurements on two rupture 
tests and three creep tests. The curve for alloys 100 to 104NT-2 is 
from four rupture tests and four creep tests. 

Included in this same figure is the only curve available at 1600 F 
(870 C) in this series. The best creep results on low carbon (maxi- 
mum 0.10%) forged alloys of the nickel-chromium-—cobalt-—iron-base 
type tested in this program are also plotted in the same figure as a 
basis of comparison, at 1500 F (815 C). 

It appears from creep data now available that these high carbon 
NT-2 and N-2 alloys have shown the best creep resistance at 1500 F 
(815 C) of all the alloys tested to date anywhere. 

The Effect of Carbon and Nitrogen on the Strength and Duc- 
tility of the Vitallium-Type Alloys—Fig. 15 shows graphically the 
effect of increasing carbon content on the rupture life of regular 
vitallium and vitallium modified by the addition of 2% tantalum for 
2% cobalt. The alloys were all cast into molds which had been pre- 
heated to 1850 F (1010 C), but the temperature of the metal is not 
known accurately. The points shown in Fig. 15 are from heats which 
have since been determined to have been poured at a metal tempera- 
ture between about 2590 and 2660 F (1420 and 1460C). Certain 
points were omitted in these curves because they do not fit these 
chosen lines. The reason for the choice will be thoroughly explained 
in the next two reports in this series. 

Fig. 15 shows that just as in the nickel-chromium—cobalt-iron- 
base alloys carbon has a marked effect on the rupture life of the 
cobalt-chromium alloys. The rate of increase of life with increasing 
carbon is not as great in the vitallium-type alloys but the maximum 
strength is three times as great at a slightly higher carbon content 
(1.15% against 1.00% in the NT-2 alloys). 








312 TRANSACTIONS OF THE A. S. M. Vol. 39 








Table XI 
Per Cont. angation of: Vien Alloys with Increasing Carbon 
s-Cast, Unaged Test Results 


Alloy % Elongation Alloy % Elongation 
84V-2 15.3 40V T2-2 8.1 
93V-2 13.6 70VT2-2 12.7 
110V-2 10.5 77VT2-2 14.7 
112V-2 13.6 91VT2-2 7.9 
116V-2 6.5 95VT2-2 8.7 
124V-2 16.1 95VT2-2 9.9 
134V- 13.7 101VT2-2 7.8 
102VT2-2 7.3 
111VT2-2 8.3 
113VT2-2 7A 
120VT2-2 7.2 
125VT2-2 7.1 
Table XII 
Nitrogen Analyses of Vitallium-Type Alloys 
% N2 Analyzed Ne Analyzed 
Alloy Added % Ne % O Alloy Adaed % Ne % O 
93V-2 con 0.064 0.006 116V-1 0.1 .085 0.013 
94V-2 Fok 0.060 0.027 82V-1 0.15 0.118 0.006 
124V-2 ye 0.095 0.015 114V-1 0.04 0.054 0.007 
127V -2 ee 0.071 0.021 40VT2-2 0.100 0.008 
133V..2 oh 0.067 0.009 77VT2-2 0.072 0.012 
134V-2 ite 0.098 0.009 91VT2-2 0.108 0.025 
147V-2 0.063 0.030 111VT2-2 0.068 0.007 
97VZ2-2 0.105 0.037 113VT2-2 0.071 0.008 
109V W2-2 0.089 0.022 
104VN2-2 0.071 0.014 


The vitallium-type alloys modified by 2% tantalum are vastly 
superior in strength to the ordinary vitallium. It also appears that 
a greater degree of reproducibility of testing is possible with the 
tantalum modification (note the spread of values in five heats of ordi- 
naty low-carbon vitallium in Fig. 15). 

The strongest alloy of the large number tested is the alloy 
108VTN2-2 which contains 23% chromium, 65% cobalt, 6% 
molybdenum, 2% tantalum, 2% nickel. This combination gave 330 
hours’ rupture life at 30,000 psi and 1500 F (815C). Just about as 
good is the slightly higher carbon alloy 113VT2-2 which showed 320 
hours under the same test conditions. 

It is very interesting to note that the effect of increasing carbon 
content on the hot ductility has not been to decrease it. This is not 
true of the nickel-chromium-cobalt—iron-base alloys as is shown in 
Fig. 6. Table XI shows the elongation values obtained in rupture 
at 30,000 psi and 1500 F (815 (C) for increasing carbon contents of 
the V-2 and VT2-2 alloys. The average ductility of the V-2 alloys 
is greater than that of the stronger VT2-2 alloys. 
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Table XIII 
Heat Treatment of Vitallium-Type Alloys 


At 1500 F and 30,000 Psi 


Alloy Heat Treatment (F) Hours to Rupture % Elongation 
95VT2-2 As cast 175.0 9.9 
As cast 180.0 8.7 
101VT2-2 As cast 220.0 7.8 
As cast 207.0 7.9 
82V-1 2260, 30 min., WQ 0.0 0 
95VT2-2 2300, 30 min., Air 23.0 2.4 
101VT2-2 2300, 30 min., FC 78.3 1.6 
2200, 30 min., FC 66.0 6.4 
95VT2-2 2100, 30 min., FC 48.6 16.8 
2000, 30 min., FC 37.0 18.4 
2350, 10 min., FC 0.0 0 
2300, 3 min., FC 189.0 7.2 
111VT2-2 2300, 5 min., FC 12.6 1.0 
95VT2-2 2300, 10 min., FC 106.1 2.1 
2200, 10 min., FC 85.0 14.2 (?) 
2100, 10 min., FC 29.4 10.2 
2000, 10 min., FC 65.0 17.4 
1800, 10 min., FC 121. 10.1 


There is, however, some decrease in room temperature ductility 
with increasing carbon, as will be shown later. 

A curve through the above points is not possible, but the results 
obviously show that the carbon content has no significant effect on 
the hot ductility of these alloys. 

Through selected vacuum fusion analyses it was determined that 
the vitallium-type alloys, which contain more chromium (23 to 24%) 
than the nickel-chromium—cobalt-iron-base alloys (20 to 21%), also 
contain more nitrogen on the average. Table XII lists the results of 
vacuum fusion analyses for both oxygen and nitrogen. 

These vitallium-type alloys show considerable spread in both 
nitrogen (0.06 to 0.10%) and oxygen (0.006 to 0.037%). These 
higher oxygen values are indicative of a considerably less deoxidized 
state than was shown by the nickel—-chromium—cobalt-iron-base alloys. 
It is not known at present whether any harmful effects may be 
ascribed to these higher gas contents, but in any event they are not 
necessary for better performance. 

The Effect of Heat Treatment of Vitallium-Type Alloys—lIt has 
been shown that there are highly beneficial heat treatments for the 
nickel—chromium-cobalt—iron-base alloys. Efforts to find treatments 
tor the strongest vitallium-base alloys have all met with failure. Thus 
far no solution treatment or aging treatment has been noted to give 
improvement when the carbon content is greater than 0.9% ; the as- 
cast structure, determined by the cooling rate upon casting, appears 
to be the best. Aging treatments will be shown in a subsequent re- 
port to improve the lower carbon alloys very greatly. 
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Fig. 16—Effect of Heat Treatment on the As- 
ots en Life and Elongation of Alloy 
9 -2. 


Table XIII lists the results of heat treatments showing the re- 
sulting rupture life and ductility for tests conducted at 1500 F (815 
C) and 30,000 psi. 

Fig. 16 shows the results graphically. From this plot there are 
several very important warnings to be had. 

(a) Water quenching from temperatures above 2000 F (1095 C) 
is out of the question; failure results at the smallest application of 
stress. 

(b) Air cooling from high temperatures is more damaging than 
furnace cooling. 

(c) The longer the time at high temperatures the greater the 
damage to the alloy strength and ductility. 
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Fig. 17—Effect of Time at Test at 1500 and 1700 F (815 
and 925C) on the Elongation at Rupture of High-Carbon VT2 
Alloys. Stresses from 25,000 to 35,000 psi. 
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Fig. 18—Effect of Certain Alloying Elements 
on the Rupture Life of High-Carbon Vitallium- 
Type Alloys at 30,000 Psi and 1500 F (815 (C). 
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Hours to Rupture 
Fig. Section: Relationship of Stress to ) Lag Reotuce Life 
for thee az Hig -Carbon Vitallium-Type Alloys, empered Best Nickel— 
Chromium—Cobalt-Iron-Base Alloy (100NT-2). Other cast and forged lower 
carbon alloys are included. Lower section: Temperature effect on the rup- 
ture life of alloy 111-113VT2-2 with decreasing stress. 


(d) Above 2300 F (1260C) the alloy is completely recrystal- 
lized and new phases appear to have formed. The strength becomes 
negligible. 

(e) The as-cast structure is the optimum one and can be im- 
proved by proper aging in the low carbon alloy but is not aided in the 
high carbon alloys. 

(f) Maximum ductility and minimum strength, in the useful 
ranges of these properties, come at about 2000 F (1095 (C) on fur- 
nace cooling. 

(g) It follows that welding of these alloys can and often is ex- 
tremely damaging to their best properties. It also follows that over- 
heating by several hundred degrees for even 10 minutes when oper- 
ating at 1500 F (815), for example, will weaken the alloy. Just 
how these same treatments would affect the 0.20 to 0.30% carbon 
grades is not fully known, but it is expected that the results would 
be similar. 

Time-Ductility Relationship of Vitallium Alloys—Fig. 17 shows 
three stress-time curves of vitallium-base alloys, two at 1500 F (815 
C) and one at 1700 F (925C). The curves are the same as the one 
obtained for the nickel-chromium-cobalt-iron-base alloys, showing 
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that with increasing time an aging process occurs which decreases 
the initial ductility. At first this decrease is large but the rate of 
decrease slows down by the time about 1000 hours are reached. In 
effect this is an embrittling process, especially with regard to room 
temperature properties ; the impact and elongation values suffer most. 
The effect at high temperatures is indicated by the curves, but cor- 
respondingly there has been a considerable increase in strength due 
to this aging, so that in effect the aloy i is improved for further high 
temperature performance. 

The Effect of Certain Alloying Elements on the Vitallium-Base 
Alloys—Fig. 18 summarizes the effects of certain alloy additions on 
the high-carbon vitallium-base alloys. It appears that up to about 
2% both nickel and tantalum produce an increase in the strength. 
Beyond that the strength falls off fairly regularly. Silicon up to 
2% in the 0.40% carbon range shows a strength improvement, but 
is detrimental in the high carbon range. Beyond 2%, however, sili- 
con is undesirable. ; 

What the effect is of these elements in the range zero to 2% 
is not really known. There may be a distinct beneficial effect due 
to smaller additions than the 2% tantalum, for example. Nickel 
greater than 8% has been indicated to bring about increases in 
strength in the lower carbon modified vitallium grades. 

The points at 0% of added element do not match because of 
differences in the carbon content of each series. The curves must not 
be considered as being absolute due to small but unknown variations 
in the metal casting temperature. 

Rupture Life and Creep Rate as Functions of the Stress of 
Vitallium-Base Alloys—The upper portion of Fig. 19 shows the three 
best vitallium-base high-carbon alloys as a function of the stress on 
the standard log stress versus log rupture life plot. Alloy 1O8VTN2-2, 
which has 1.08% carbon and 2% each of tantalum and nickel sub- 
stituted for equal amounts of cobalt, shows the best results of the 
alloys reported in this paper. It is, however, only slightly better than 
111VT2-2 (the same alloy without nickel). The best nickel—chro- 
mium-—cobalt—iron-base alloy, lOONT-2, is included to compare the 
two alloy systems. In rupture strength the vitallium-base high-carbon 
alloys are vastly stronger at 1500 F (815C) and also have better 
ductility. Also as a basis of comparison there are included the curves 
for Timken 16-25-6 alloy (forged), gamma columbium (15% chro- 
mium, 25% nickel, 4% molybdenum, 2% columbium) (forged), low 
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carbon cast vitallium, and cast alloy 6059. These curves give a gen- 
eral idea of the increase in strength that has been achieved during the 
course of the war. 

The slopes of the high-carbon VT2-2 and the high-carbon NT-2 
alloys are essentially parallel over the range of stresses that were 
tried. For a given rupture time of, say, 1000 hours at 1500 F (815 


C), alloy 108VT2-2 is stronger by about 3000 psi than alloy 
10ONT-Z2. ‘ 
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The lower portion of Fig. 19 shows the effect of increasing tem- 
perature on the rupture strength of alloy 111VT2-2. At 1800F 
(980 C) the curve is drawn dotted because the alloy tested here is 
128V T2-2. This higher carbon alloy is slightly weaker than 111 VT2-2 
and is therefore probably lower on the rupture time plot. 

_ A comparison of these 111VT2-2 curves as a function of tem- 
perature with the curves for 1OONT-2 shown in Fig. 13 shows that 
at 1500 F (815 C) the following comparisons exist: 


At 1500 F for 1000 hours’ rupture 111VT2-2 is stronger by 3000 psi. 
At 1600 F for 1000 hours’ rupture 111VT2-2 is stronger by 500 psi. 
At 1700 F for 1000 hours’ rupture 10ONT-2 is stronger by 500-1000 psi. 
At 1800 F for 1000 hours’ rupture 10OONT-2 is stronger by 1000-2000 psi. 


Fig. 20 is a plot of the log stress versus log minimum creep rate 
of the best high-carbon vitallium-base alloy 111VT2-2 at both 1500 
and 1600F (815 and 870C). A portion of the curve of alloy 
108N-2, the best creep alloy of the nickel-chromium-—cobalt—iron-base 
group, is drawn in for comparison. In spite of the fact that the alloy 
111VT2-2 is stronger at 1500 F (815C) by a large margin, it is 
poorer in creep resistance than 108N-2 or 1OONT-2. At 1600 F 
(870 C) the. same is true, that is, the nickel—-chromium—cobalt-— 
iron-base alloys are stronger in creep than the cobalt-chromium— 
molybdenum alloys. 

Cold Tensile and Ductility Values—Table XIV lists the results 
of a group of room temperature tensile tests made on both the 
cobalt—chromium—molybdenum and the nickel—chromium—cobalt-iron- 
base alloys, both high and low carbon. 

Table XIV shows that the strongest room temperature alloys of 
this group are the low-carbon vitallium and its slight modifications. 
The 6059 alloy (R-6 series) is the weakest but by far the most 
ductile. The high-carbon vitallium alloys are second strongest fol- 
lowed not too closely by the high-carbon nickel—chromium-—cobalt-— 
iron-base alloys. 

The solution treated N-2 and NT-2 alloys are both stronger and 
more ductile than the as-cast. At high temperatures the as-cast al- 
loys are very much weaker but also much more ductile. 

Aging for 48 hours at 1350 F (730 C) decreases the ductility of 
the vitallium-type alloys as compared to the as-cast unaged tests. This 
information tells us, therefore, that the more important measure of 
ductility is not indicated by a hot or a cold tensile test of an undeter- 
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mined heat treatment, but is indicated by the rate of decrease of duc- 
tility with time as is shown in Figs. 12 and 17, coupled with informa- 
tion from other stress rupture data which will tell us the time a test 
will last for a given stress and temperature, and at what rate it will 
creep. We know that the material becomes less ductile with time 
at temperature under strain but, if this ductility is sufficient to per- 
mit the material to last the desired time, then the ductility is less 
important, provided the strength has not decreased at the same time, 
which it has not, as is indicated in Table XV. 


Table XV 
Rupture Life of Alloys After Testing in Creep 
Original Rupture Rupture Values After 
-———Values——_., -————Creep Test ———, 
rin Creep Test At-—, | sh Rupture 
Heat Temp. Stress Time Stress Time % Stress Time % 
Alloy Treatment F Psi Hrs. Psi Hrs. Elong. Psi Hrs. Elong. 
108N-2 2260, W 1500 13,500 30,000 80.0 55 30,000 2140 3.6 
260, W 1500 15,000 1700 30.000 80.0 5.5 30,000 321.0 3.0 
121N-1 2260, W 1500 15,000 30,000 92.7 5.6 30,000 160. 2.8 
9ONT-1 2260, W 1500 15,000 2100 30,000 100.0 6.0 30,000 64.0 2.8 
100NT-2 2260, W 1500 15,000 30,000 100.0 6.5 30,000 85.0 3.1 
2260, W 1600 10,000 2240 30000 100.0 65 30,000 36.0 3.9 
116V-1 Ascast 1500 13,500 2020 30,000 2770 102 30,000 69.0 9.3 
111VT2-0 Ascast 1500 10,000 2400 30000 1780 175 30,000 433.0 10.0 
109VT2-2 As cast 1500 13,500 800 30,000 ~“200.0 8.0 30.000 207.0 3.2 
Ascast 1600 10,000 2200 30,000 —7200.0 8.0 30.000 166.0 3.1 
97VZ2-2 Ascast 1600 10,000 2160 30,000 96.0 85 3,000 91.0 3.2 


This table of data was compiled rather hurriedly without much 
effort to determine how much damage may have been done to a test 
sample while removing it from the creep test holders a year or two 
before it was put into the above rupture test. Duplicate tests would 
have to be made to get a good measure of the change in properties; 
however, the number of tests which gave equal or much longer rup- 
ture times after having been in test at creep stresses at 1500 F (815 
C) for 2000 or more hours is highly reassuring. The loss in ductility 
has been no greater than one would anticipate from Figs. 12 and 17. 
This group of tests indicates that it might be possible to achieve large 
improvements in strength by very long-time strain aging, using ex- 
tremely low strain rates. Whether this same increase might be 
achieved by aging at temperature without strain is open to question 
since undoubtedly the particle size and the mode of distribution of 
the aging constituent would be different in each case. 

Desirable Structures and Mode of Failure—Figs. 21 and 22 
reveal the outward appearance of the vitallium and nickel—-chromium-— 
cobalt-iron-base types of structures with increasing carbon. This 
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pictorial story plus the curves of Figs. 4 and 15 indicate what appears 
to be the desired type of cast structure in a high temperature, high 
stress alloy. The low-carbon alloys contain too little carbide of a 
lattice type arrangement to be properly strengthened. In these low- 


‘carbon alloys the effects of aging are readily noted in rupture tests 


because the austenitic matrix constitutes by far the greater area of 
metal in a given cross section whereas the carbides are individual 
small particles contributing a proportionately small part of the 
strength. The austenite can deform readily and elongations are rela- 
tively greater. 

As the carbon increases the carbide mesh pattern becomes more 
definite and, while it does not form a complete network, it does ap- 
proach that state. This mesh work adds materially to the strength of 
the alloy, leaving less of the strain to be carried by the austenite. 
Accordingly since the carbide network in the higher carbon alloys 
does the bulk of the load carrying, the increased strength of the aus- 
tenite through aging is hardly noticeable in a rupture test. This is 
so from experimental evidence whereby aging of either the vitallium- 
base or nickel—chromium—cobalt-iron-base alloys for 50 hours shows 
essentially no increase in rupture strength but does show a small de- 
crease in ductility (in high-carbon alloys). 

At a certain value of carbon the carbide mesh structure becomes 
too massive and/or too continuous. At this point the rupture strength 
begins to fall off as does the ductility in the case of continuous car- 
bide networks. In the case of the N-2 and NT-2 alloys the peak 
point lies at about 1% carbon, and in the VT2-2 series it lies at about 
1.15% carbon. 

An increase in carbon causes not only these structural changes 
but also causes changes in the chemical constitution of both the aus- 
tenite and carbide. How these latter changes affect the high tempera- 
ture properties and to what extent we do not know at this point. 

Examination of countless failures and near failures has shown 
that the ruptures can originate internally or at the surface. Initially 
all failures start at the grain boundary. At 1500 and 1600F (815 
and 870C), therefore, these materials are above their equicohesive 
temperatures. That this is true is also evidenced by the decrease in 
ductility with increasing time at stress and temperature. 

Once failure begins at a grain boundary it may pass into a grain, 
but at this point the failure follows the phase boundaries which in a 
broad sense are equivalent to grain boundaries. Primarily, however, 
failures are intercrystalline. Beyond this, failure appears to prefer 
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Fig. 21—Change in Structure of Investment Cast Nickel-Chromium—Cobalt-Iron- 
Base Alloys With ad Carbon. Oxalic acid, electrolytic etch. x 250. (a) 19N-2. 
) 


(b) 30N-2. (c) 61N-2. 93N-2. (e) 111N-2. (f) 156N-2. 


those grain boundaries where the change in orientation between the 
grains is most severe. 
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Fig. 22—Change in Structure of Investment Cast Vitallium-Type Alloy With 
Increasing Carbon. Oxalic acid, electrolytic etch. X 250. (a) 40VT2-2. (b) 70VT2-2. 
(c)91VT2-2. (d) 111VT2-2. (e) 125VT2-2. 


Considerably more of the mode of failure will be discussed in 
two subsequent reports. 
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Conclusions—A General Comparison of Vitallium-Type and 
Nickel-Chromium-C obalt-Iron-Type Alloys—(a) In the high- 
carbon ranges (around 1%) the vitallium-type alloys are much 
stronger in rupture at 1500 F (815(C), slightly stronger at 1600 F 
(870 C), slightly weaker at 1700 F (925C) and much weaker at 
1800 F (980 C). 

(b) In the same high-carbon range the nickel-chromium— 
cobalt—iron-base alloys are much superior in creep resistance at both 
1500 and 1600 F (815 and 870C). 

(c) The ductility of the nickel—-chromium—cobalt—iron-base 
alloys decreases with increasing carbon whereas the vitallium-type al- 
loys maintain essentially the same ductility over a very broad range 
of carbon content (0.25 to 1.25% carbon). In general the vitallium- 
base alloys have much better hot ductility. 

(d) The nickel-chromium-—cobalt-iron-base alloys improve very 
much in strength with solution treatment at 2260 F (1240C) fol- 
lowed by water quenching. A decrease in the solution temperature 
decreases the strength and increases the ductility. The vitallium-base 
alloys are strongest in the as-cast condition (plus aging for low- 
carbon alloys), that is, using a hot mold and hot metal followed by 
the slow cooling associated with precision investment casting. 

(e) Both alloy systems have essentially the same outward types 
of structures—a carbide network in an austenitic matrix; however, 
the compositions of each comparable phase are not the same. Both 
systems have maximum strength in the range 1.0 to 1.15% carbon. 

(f) Cast structures are stronger and less ductile than forged 
structures and offer a much broader field of composition variables. 

(g) Nitrogen additions generally show little or no improvement 
in strength and ductility in the high-carbon ranges. 

(h) Carbon in all the alloy systems to which it was added 
caused a large increase in the rupture strength, the slope of the curve 
varying for different base compositions. 

(i) On the basis of stress rupture tests a straight-line relation- 
ship holds between log stress and log rupture time and between log 
stress and log of the minimum creep rate measured in both the rup- 
ture test and the creep test. 

(j) The ductility at high and low temperatures decreases with 
increasing time at the test temperature and stress. 

(k) The surface condition of the alloys is important; the 
smoother the surface the greater the rupture strength within given 
limits. 
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DISCUSSION 


Written Discussion: By Roger Sutton, chief metallurgist, General Al- 
loys Co., Boston. 

Dr. Grant has presented in this paper a remarkable condensation of sev- 
eral years’ intensive research effort and has so thoroughly covered the field 
that he leaves but few questions requiring any amplification or clarification. 

His work on the modifications of the N-155 and vitallium-base alloys, 
particularly as they relate to higher carbon contents, is extremely valuable and 
results in a much better understanding of the alloys in question as well as in 
the development of strengths which are even higher than the designing engi- 
neer has hoped for. 

In this connection it is interesting to note in Fig. 18 that nickel appar- 
ently increases the stress-rupture life very slightly up to 2% and that there- 
after the stress-rupture life falls off quite rapidly with increasing nickel con- 
tent. This is seemingly at variance with the results reported in the paper 
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by Mr. Epremian in which he reports his greatest strength at 10% nickel. I 
wonder if Dr. Grant has carried out the experimentation far enough along 
the curve to give some indication as to whether or not there is an abrupt re- 
versal at approximately 8% nickel. 

It is also noted that no mention is made of one of the most common alloy- 
ing elements, manganese. It would be desirable to know the effect of increased 
manganese even though, as stated on page 309, the manganese is limited by its 
slag-forming effect on the silica-base investment materials. In other words, 
even though the surface is very poor, has there been some indication as to the 
direction of the manganese curve? 

The change in magnetic susceptibility of solution-quenched “N” series 
alloys shown in Fig. 11 is most interesting in that it indicates a rather unsus- 
pected phase formation and further indicates, on the basis of other results in 
this paper, that the presence of this magnetic phase contributes appreciably to 
the high temperature strength of the alloy. It is noted that vitallium-base 
alloys do not show this phase change and further that the vitallium-base alloys 
are stronger at temperatures up to 1500 F (815(C) than are the “N” type of 
material. However, at 1500F (815C) the “N”-type material has reached 
only about one-half of its maximum magnetic susceptibility and at temperatures 
above 1500 F (815(C) is appreciably stronger than is the vitallium-base ma- 
terial. I will appreciate any comments or discussion Dr. Grant may care to 
make on the identification of this phase and on the reason for the apparent con- 
tribution to high temperature strength. 

Since the paper under discussion is only one of a series of three papers, 
it is unfortunate that interested metallurgists and engineers are unable at this 
time to have the opportunity of studying the two following complementary 
articles both of which, it is understood, relate directly to this manuscript. 
Undoubtedly material in the other two papers will clarify and enlarge a great 
number of the points which are brought out here. A continuation of the work 
Dr. Grant is engaged upon will undoubtedly increase our knowledge not only 
of analytical factors on high temperature properties but will also contribute 
greatly to the other, and so far lesser understood, factors involved in this very 
complex field. 

Written Discussion: By J. Howard Kittel, metallurgical engineer, Na- 
tional Advisory Committee for Aeronautics, Aircraft Engine Research Labo- 
ratory, Cleveland. 

Dr. Grant’s report will be particularly welcomed by those who are study- 
ing this important group of heat resisting alloys, for it presents trends that 
heretofore have not been determined because of the exterisive amount of testing 
required. The information presented on the effect of carbon content upon the 
strength and ductility of these cast heat resisting alloys is believed to be \espe- 
cially valuable. 

The significance of such trends is largely determined by the reproducibility 
and amount of “scatter” which accompanies the data used to establish the trend. 
In this connection, it would be very helpful if experimental points were included 
with the curves shown in Fig. 6. The very low decrease in ductility shown in 
the figure for the alloy system N-2 with carbon contents increasing beyond 
1.00% is indeed remarkable, and quite contrary to what one would expect. 
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In mentioning the austenitic matrix of the vitallium-base alloys, Dr. Grant 
is presumably referring to the face-centered cubic beta phase of the chromium- 
cobalt system. The question arises as to whether or not the variations of the 
vitallium analysis used by. Dr. Grant produced any of the hexagonal close- 
packed epsilon phase which is often found in small amounts in the regular 
vitallium microstructure. The importance of the presence of the hexagonal 
close-packed phase lies in the fact that the phase seems to affect adversely the 
stress-rupture properties of the material.’ 

In the section devoted to the study of the effects of surface condition on 
rupture properties, it is not clear whether the heat treatment of 2250 to 2260 F 
(1230 to 1240 C) was carried out before or after the polishing operation. ‘This 
fact is important, for if cold working were produced by the polishing procedure 
it could greatly influence the tests. The cobalt-base alloys are very sensitive to 
cold working which can be relieved by annealing at temperatures over 2100 F 
(1150C).* Thus, if the heat treatment of the specimens were done after pol- 
ishing, any cold work done by polishing would probably be removed and the 
tests would be unaffected by this variable. 

It is believed that the results shown in this very timely paper will be of 
very great value to all producers and users of the newer heat-resisting alloys. 

Written Discussion: By E. FE. Reynolds, research associate, Department 
of Engineering Research, University of Michigan, Ann Arbor, Mich. 

A great many new alloy compositions were studied during the course of 
the war in an effort to find suitable materials to withstand the severe condi- 
tions of temperature and stress involved in gas turbine operation. Dr. Grant 
has taken two of these alloys which had outstanding properties, N-155 and 
vitallium, and by modifying compositions slightly has developed what appear 
to be the optimum properties possible for these alloys in the precision cast 
form. The author is to be complimented for this splendid work and on the way 
he has assembled and presented such a tremendous amount of data in so con- 
cise a paper. 

In Fig. 19 a comparison is made between the rupture strengths of four 
alloy and those alloy VT2-2. <A similar comparison has been prepared in 
Table A and Fig. A, which shows the effect of temperature on the rupture 
strengths of alloys NT-2, VT2-2 and X-40 (0.48% carbon, 25% chromium, 
10% nickel, 55% cobalt, and 7% tungsten). The data for alloy X-40 were 
taken from published reports’ * on research done for the Office of Scientific 
Research and Development and the National Advisory Committee for Aero- 
nautics. X-40 actually had as high strength as any precision cast alloy studied 
in these programs with exception of some chromium-—iron—molybdenum-base 
alloys which were much stronger. 

The above comparison shows that alloys NT-2 and VT2-2 are similar to, 


#F. S. Badger, “Metallurgy of High-Temperature Alloys Used on Current Gas Turbine 
Designs,” Preprint, Annual Meeting of American Society for Testing Materials, June 27, 
1946, Buffalo, N. Y. 


*H. C. Cross and W. F. Simmons, Final Report en ‘‘Heat-Resisting Metals for Gas 
Turbine Parts,”” OSRD Report No. 6563, January 21, 1946. 


_ 4J. W, Freeman, E. E. Reynolds and A. E. White, ‘““The Rupture Characteristics of 
Six Precision Cast and Three Wrought Alloys at 1700 and 1800 F,”” NACA ARR No. 5]J16, 
November 1945. 


Note: These two reports have been completely declassified. 
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Code 


O'NT-2 

@ vT2-2 

x X-40 
—-—- 100 Hr. Strength 
— — 1000 Hr. Strength 


Rupture Strength, |000 psi 





Temperature, F 


Fig. A—Effect of Temperature on the Rupture Strengths of 
NT-2, 12-2, and X-40 Alloys. 








Table A 
tive R jes of A NT-2, VT2-2 and X-40 at 1600, 
Compara upture Propert 1700, are r 1500, 





Test Stress for Estimated Elongation 
Temp. -——Rupture (Psi) ——, -———to Rupture (%) 
(F) Alloy 100 Hr. 1000 Hr. 100 Hr. 1000 Hr. 
1500 97 NT-2 30,000 23,000 5 ieee 
111 VT2-2 34,000 25,000 9 6.5 
X-40 27,500 21,000 25 15 
to to 
30,000 26,000 
1600 102 NT-2 25,000 19,500 3 3 
111 VT2-2 27,000 19,750 8 8 
X-40 21,000 18,000 25 20 
1700 97 NT-2 18,250 13,000 6 vad 
113 VT2-2 17,000 11,000 8 8 
X-40 17,000 14,500 23 25 
1800 97 NT-2 13,000 9,200 6 
128 VT2-2 11,000 6,900 20 
X-40 11,300 9,800 20 


Note: All test specimens were %4-inch diameter precision castings. 


or somewhat higher than, alloy X-40 in rupture strength at 1500 and 1600 F 
(815 and 870C) and only slightly inferior in 1000-hour strength at 1700 and 
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1800 F (925 and 980C). In other words, the alloys reported in this paper 
compare favorably in rupture strength to some of the best alloys known. It 
should be pointed out, however, that, with the exception of alloy VT2-2 at 
1700 and 1800 F (925 and 980C), alloys NT-2 and VT2-2 are much less 
ductile than X-40. This would indicate lower creep rates (and higher creep 
strengths) for NT-2 and VT2-2, which is actually the case. 

Table A and Fig. A also show a comparison of the rupture strengths of 
alloys NT-2 and VT2-2 which is similar to that given on page 319 of the paper. 
That the strength differences are not exactly those listed on page 319 is due to 
the fact that they were taken from stress-rupture time curves drawn, using 
Dr. Grant’s data, in a report’ on work sponsored by the National Advisory 
Committee for Aeronautics on alloys 97NT-2, 113VT2-2 and 128VT2-2 at 
1700 and 1800 F (925 and 980C). However, the same relative differences 
exist in both comparisons. 

There are two important points, concerned with the relative properties of 
NT-2 and VT2-2 alloys, for which no explanation is offered in the paper: 

1. Why does alloy NT-2 become superior in rupture strength to VT2-2 at 

1700 and 1800 F (925 and 980 C) ? 
2. Why is the creep strength (and related lower ductility) of alloy NT-2 
superior to that of VT2-2 over the complete range 1500 to 1800 F (815 
to 980 C)? 
Of course these are related points, and a basic reason for the variations in prop- 
erties is the difference in chemical composition. However, the real explanation 
should lie in why one composition is better than the other. 

On the basis of work done at the University of Michigan on these two al- 
loys,® the writer believes that the fundamental difference between the two alloys 
is in aging characteristics. One of the most influential factors credited to de- 
veloping the outstanding properties of alloys of this type is the precipitation of 
fine particles of excess constituent in the temperature range 1200 to 1900 F (650 
to 1040 C). Evidence is offered by the photomicrographs of Fig. B that a large 
amount of precipitation occurs in alloy NT-2, while relatively little occurs in 
VT2-2 during rupture testing at 1700 and 1800 F (925 and 980C). 

Attention is called to photomicrograph (e) of Fig. B which shows that the 
1700 F’ (925C) rupture specimen of alloy 113VT2-2 did contain some visible 
precipitation. However, this specimen lasted 651 hours as compared with 300 
to 400 hours for the others. This bears out the belief that precipitation does 
occur in VT2-2 even though it may be of a submicroscopic nature. 

The precipitation effect in alloy NT-2 does not manifest itself to the fullest 
extent until temperatures of 1700 and 1800 F (925 and 980 C) are reached, where 
the rupture strength, as well as creep strength, is higher than that of VT2-2. 
Another aspect found in the work at 1700 and 1800 F (925 and 980 C) is that at 
shorter time periods of 1 and 10 hours alloy VT2-2 is stronger or just as strong 
as alloy NT-2. This time factor is also apparent in the relative differences in 
100-hour strengths and 1000-hour strengths of the two alloys as shown in Fig. A. 

The fact that alloy NT-2 had to be solution treated indicates that the excess 


SE. E. Reynolds, J. W. Freeman and A. E. White, “Evaluation of Two High Carbon 
oe So Alloys at 1700 and 1800 F by the Rupture Test,”” NACA TN No. 1130, Sep- 
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Fig. B—Change in Microstructure of Alloys NT-2 and VT2-2 During Rupture Test- 
ing. Electrolytic oxalic acid etch. X 1000. (a) 97NT-2, as cast + ™% hour at 
2260 F. Water quench. (b) 97NT-2. Rupture specimen 1700 F, 15,000 psi, 412 hours. 
(c) 97NT-2. Rupture specimen, 1800 F, 11,000 psi, 329.5 hours. (d) 113V7T2-2, original, 
as cast. (e) 113VT2-2. Rupture specimen, 1700 F, 13,000 psi, 651 hours. (f) 128VT2-2. 
Rupture specimen, 1800 F, 9000 psi, 300 hours. 
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constituent, whieh precipitated on the slow cooling in the heated mold, had to be 
put solidly back into solution by water quenching from 2260 F (1240C) and 
allowed to precipitate out slowly as fine particles at the test temperature to 
develop substantial properties. Alloy VT2-2, on the other hand, did not respond 
to solution treatment because the solution effect was about the same at the higher 
temperatures as that attained on cooling in the mold. 

It is regrettable, in light of the foregoing discussion, that the paper does not 
present data for alloy 97NT-2 to substantiate the statement on page 321 that this 
alloy shows no increase in rupture strength after aging for 50 hours. It seems 
that aging at test temperature would enhance the properties (especially at shorter 
time periods) of this alloy even though it does not coxtain high carbon. This 
effect would probably be more evident at 1800 F (980 C) than at 1500 F (815 C). 

At several places in the paper the term “rupture strength” is used when 
referring to “rupture life”. This is misleading because, while the rupture life of 
one alloy may be three times as great as that of another alloy, the rupture 
strength difference between the alloys may be only two or three thousand psi. 

A point for discussion brought out in the report’ was the inflection between 
1500 and 1700 F (815 and 925C) shown by the curyes of rupture strengths 
against temperature for alloys NT-2 and VT2-2. (See Fig. A.) It was con- 
cluded that this inflection indicated structural alterations caused by the higher 
temperatures. This is not in accord with the author’s statement on page 310 of 
the paper to the effect that “there are no discontinuous changes occurring in the 
(temperature) range’. At the time the foregoing report was prepared, informa- 
tion was not available concerning the structural appearance of the 1500 and 
1600 F (815 and 870C) rupture specimens. This structural change might ac- 
tually be submicroscopic. The author’s opinion on this matter would be appre- 
ciated. 

In the study of the effect of surface condition on the rupture life, page 307 
of the paper, one very important variable seems to have been overlooked ; namely, 
that of the effect of grain size on the rupture properties. 
out in his paper,’ 
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As Dr. Grant points 
grain size and crystal orientation, even between specimens 
from the same heat, make it highly possible to get vastly different results. In 
Tables III and V of this paper, which list the rupture test results, at least one- 
half of approximately 80 sets of duplicate tests 
in rupture life by more than 25%. This, at most, 
cate tests. It is realized, of course, that during the early stages of this work 
molten metal temperature control was not good and, as is pointed out in the 
author’s paper,” this can have detrimental effects on the grain size and rupture 
life. From experience, efforts to explain results on disagreeing duplicate rup- 
ture tests, especially on cast materials, are known to be disconcerting. <A state- 
ment from the author as to whether duplicate tests on individual alloys reported 


in this paper were on specimens poured from melts at the same temperature 
would be appreciated. 


et A TED, 


on unpolished specimens vary 
is only a poor check for dupli- 


Admittedly the surface condition of cast specimens is very important and 
should not be overlooked. Its effect, without doubt, is that given by the author’s 


®N. J. Grant, “Structural Variations in Gas Turbine Alloys Revealed by the Stress 
Rupture Test,’’ Transactions, American Society for Metals, Vol. 39, 1947, p. 335-367. 
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last conclusion. However, in view of the disagreement of results on duplicate 
tests, which were probably influenced by grain size, this conclusion does not 
seem justified. 

In the foregoing discussion it is not the writer’s intention to detract from 
the value of the very important nature of this excellent paper. Again Dr. Grant 
is congratulated on this splendid work. 

Written Discussion: By W. L. Badger, Metallurgical Section, Thomson 
Laboratory, General Electric Co., West Lynn, Mass. 

Dr. Grant has conducted an interesting study of the high temperature prop- 
erties of certain cobalt-chromium-molybdenum and nickel-chromium-cobalt-iron 
alloys. 

It is my opinion that compositions having-such low short-time tensile duc- 
tility as the high carbon alloys would be extremely difficult to weld or dovetail 
without cracks. 

Tests on tantalum alloys are technically interesting, but at the present time 
this element is too scarce to allow its commercial application for gas turbine 
buckets. 

The conclusion is reached that nickel exceeding 2% has a detrimental effect 
on rupture strength in the high carbon alloys. Mr. Epremian has shown in his 
paper that 0.45 to 0.50% carbon vitallium has the maximum rupture strength 
with about 10% nickel addition. 

I believe that references to ductility in the paper should be qualified by the 
statements, “in rupture” or “in short-time tensile tests”. For instance, the ref- 
erence to ductility on page 324, conclusion “c”, third line, is not true with ref- 
erence to the short-time tensile ductility. 

I believe conclusion “f” that “cast structures are stronger and less ductile 
than forged structures” should be qualified by a reference to the temperature as 
perhaps at “1500 F (815 C) and above”. 

Dr. Grant states, conclusion “j”, “Ductility at high and low temperatures 
decreases with increasing time at the test temperature and stress”. This state- 
ment cannot be made without some qualification, since in certain other alloys the 
reverse is true and the long-time tests have high ductility. A study of the cause 
of the low ductility noted in long-time tests would be helpful. 

A study of Dr. Grant’s curves indicates that some of his conclusions are 
based on too few points. Further confirmatory testing seems indicated, espe- 
cially whefe a change in direction of a curve may be predicated on one or two 
points. 


Author’s Reply 


First of all I wish to thank everyone who has participated in the discussion 
of this paper, for it is only through such discussions that these technical meet- 
ings can be successful. 

Concerning Mr. Sutton’s discussion, vitallium-type alloys can be and are 
improved by certain nickel additions, notable examples being alloys 422-19 and 
X-40; however, there is a real significant difference in carbon content between 
the two alloys being compared, one containing 0.4 to 0.5% while ours contains 
1 to 1.1% carbon. This results in a different carbide/austenite balance which no 
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doubt causes a dissimilar response to a nickel addition in each case. Such an 
effect was noted in the case of additions of silicon or manganese to both high 
and low carbon vitallium alloys. One effect was evident in the low carbon alloys 
and an opposite effect in the high carbon alloy. These results are reported in 
our two other papers also appearing in this volume of TRANsactions. The effect 
of manganese is discussed in considerable detail there. 

Our knowledge of changes in these alloys as indicated by magnetic changes 
is very incomplete. 

Other types of tests have indicated the precipitation of an excess phase 
starting near 1350 F (730C) but no distinct phase change is indicated. Our 
greatest concern, therefore, is with the precipitation reactions and how they af- 
fect the strength and stability of these alloys. 

In regard to Mr. Kittel’s discussion, the effect of any retained hexagonal 
phase on the 1500 F (815 C) rupture properties is of extreme interest to us but 
is most unclear. Thus far there is no satisfactory method of determining quan- 
titatively the amount or distribution of the hexagonal phase when present in 
small amounts. Nor do we know of any measurements which so much as indi- 
cate the actual effect of the hexagonal phase in the 1500 F (815 C) properties. 
There is much work being done to find this effect both at our laboratories and 
elsewhere but it will be quite some time before we can anticipate an answer to 
this. 

Polishing of test bars, where done, was after the solution treatment; how- 
ever, the effects of such cold work would be lost at temperatures below 1500 F 
(815 C) rather than 2100 F (1150C). Cold working thus far has been benefi- 
cial only in tests up to and including 1350 F (730C). In testing above 1350 F 
(730 C), recovery is accomplished and an annealed structure is being tested. 
Furthermore this polishing cold work is_restricted to a very, very shallow layer. 

I am most grateful for the contribution in Mr. Reynold’s discussion and for 
the substantial agreement. Some large portion of the difference in behavior 
between the high carbon NT-2 and VT2-2 is in the aging, but more specifically 
in Overaging. The precipitate may not measurably affect the 1500 F (815 C) 
rupture life but at 1700 and 1800 F (925 and 980 C) our most recent data show 
that much agglomeration and some resolution are occurring. This may mate- 
rially weaken one alloy system more than the other in view of the fact that 
resolution occurs more readily and at a lower temperature in the VT2-2 sys- 
tem, thus accounting for the noted differences in behavior over the 1500 to 
1800 F (815 to 980 C) temperature range. 

All our. present data indicate that aging begins near 1350 F (730C) and 
progressively more precipitate occurs with increasing temperature up to about 
1700 F (925C) where agglomeration and resolution occur; however, no dis- 
eontinuous phase transformation has been noted. 

Rupture time variations early in this research did vary by 25% or more in 
half of the duplicate tests; however, the comparison shown in this paper was on 
test bars from the same heat, and it cannot be mere coincidence that 6 out of 7 
tests showed large beneficial results due to fine polishing. The magnitude of the 
improvement is open to considerable question, however. 

Concerning Mr. Badger’s discussion, thus far those of us who are in the 
laboratories have had a very great complaint to make and that is that people 
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in Mr. Badger’s position are unable cr unwilling to tell us what they actually 
require of alloys for gas turbine or jet engine application, notably rotor blades. 

Admittedly 100NT-2 may not be weldable although this has not been dem- 
onstrated, but this alloy is machinable with not too great difficulty, and why it 
should show cracks on dovetailing is not understandable. Tantalum as such 
can be replaced by columbium without any too great change in properties. As 
such thtere is a sufficient supply of both for blade manufacturing purposes. 

The effect of 10% of nickel ‘in these alloys has been explained in answer 
to Mr. Sutton’s discussion. 

All our testing with the exception of a small section on room temperature 
tests was at 1500 F (815C) or higher. Accordingly our conclusions are con- 
cerned only with those temperatures unless noted otherwise. 

The occurrence of increased ductility with increasing time at temperature 
in the practical high temperature range for alloys such as are discussed in this 
paper is indeed a rare occurrence. Unfortunately this has occurred too often 
in tests from heats cast under unknown conditions, making it impossible to find 
an adequate answer for the behavior. 
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STRUCTURAL VARIATIONS IN GAS TURBINE ALLOYS 
REVEALED BY THE STRESS RUPTURE TEST 


By NicHo.tas J. GRANT 


Abstract 


In order to determine why occasional cast high tem- 
perature, high strength alloys of the Co-Cr-Mo-Ta system 
failed to reproduce themselves in rupture properties by 
ylelding either excessively high or low test data, a program 
was initiated to study the effect of the mold preheat and 
metal casting temperatures on the rupture properties. 
These alloys were cast by means of the precision invest- 
ment casting method (lost wax). 

[t was determined that there is a distinct relationship 
among the casting temperatures of mold and metal, the 
structural variables of the alloy and the rupture and ductil- 
ity properties. The structural variables studied here were 
the grain size and the carbide spacing. . 

It was determined that whereas coarser grained struc- 4 
tures will yield the higher strength values, a certain degree 
of coarseness may not be exceeded because grain orienta- 
tion plays too large a role, causing early failure in some iF 
cases and extremely high rupture times in others. The 
results are not readily reproducible in these super coarse- 
grained alloys, therefore, and finer grains are desired. 


INTRODUCTION \3 


HIS is the second of a series of papers dealing with research on : 
the development of gas turbine alloys (primarily blade materials ) 1 
t 


intended for application at high stresses for long periods of time at 
1500 F and higher. 


In the first paper (1)! it was necessary to omit certain test results | 


‘The figures appearing in parentheses pertgin to the references appended to this paper. 


The opinions expressed here are those of the author and are not necessarily those of the 
U. S. Navy Department for whom the work was done. 


A paper presented before the Twenty-eighth Annual Convention of the 
Society held in Atlantic City, November 18 to 22, 1946. The author, Nicholas J. 
Grant, is assistant professor of metallurgy at the Massachusetts Institute of 
Technology, Cambridge, Mass. Manuscript received June 25, 1946. 
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in order not to confuse the over-all picture. The test results were 
obtained from alloys which were made with a certain nominal amount 
of control since it had not been shown previously that closer produc- 
tion control was warranted. At that time speed was of the essence, 
making it almost necessary to overlook certain possible variables for 
the sake of achieving greater gains in known directions. However, in 
the course of investigating the effect of carbon on the 1500 F rupture 
properties of vitallium and Ni-Cr-Co-Fe-base alloys, it was noted 
that occasional heats which were made using nominal casting control 
failed to yield the expected strength or ductility. It was later shown 
(1) that excessively high nitrogen might cause trouble in this respect 
when nitrogen was added to higher carbon alloys. Other heats, how- 
ever, which had no nitrogen addition also failed to reproduce expected 
results. 

The casting variables were looked at as the first source of trouble. 
The standard practice had been to preheat the silica investment mold 
to 1850 F (1010 C), although adequate care was not always exercised 
to assure a thorough soak. Metal was poured at 1390 to 1460 C (2535 
to 2660 F), the temperature being determined with an optical pyrom- 
eter. Due to the fact that a slag-free, mirror-like metal bath surface is 
maintained in the spherical shaped crucible, reflection from the roof 
and graphite electrodes makes all optical readings highly susceptible 
to large errors. Accordingly it was decided to read metal-pouring 
temperatures with a platinum, platinum-rhodium thermocouple which 
was protected by a silica tube. A program was instituted wherein the 
metal-pouring temperature was varied while maintaining a constant 
mold preheat temperature, followed by other tests using variable mold 
temperatures with constant metal temperature. 

The resulting variations in the cast structures and the correspond- 
ing changes in rupture performance made it unnecessary to look for 
other large significant variables for the time being. 


EXPERIMENTAL RESULTS 


The casting furnace, the test bars and experimental procedure are 
discussed in the first paper (1) of this series. 

Each of the heats was cast as a group of eight 1l-inch gage length 
specimens. The eight specimens were arranged in a circular group 
about a common axis and were subsequently invested in a silica refrac- 
tory contained in a round cylinder so that there was a uniform amount 








1947 GAS TURBINE ALLOYS 337 





Fig. 1—Wax Specimen Assembly and Stainless Steel Flask. Note arrangement 
of test bars to get uniform test results. 


of refractory about each test bar. This arrangement was necessary in 
order to prevent highly unequal cooling of the bars. A view of the 
arrangement of test bars (four only) is shown in Fig. 1 along with 
the cylindrical flask which contains the refractory investment. The 
use of oblong flasks which cause an unequal thickness of refractory 
investment about different specimens can lead to variations in test 
results. 

By preheating the silica molds to the desired temperature, allow- 
ing a 1-hour soaking time, and by reading metal temperatures with a 
thermocouple, it was possible to regulate closely the casting conditions. 
The flasks were not broken open until after the specimens had cooled 
to about 1200 to 1300 F or lower. 

At first, using a mold preheat temperature of 1850 F (1010 C) 
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HOURS TO RUPTURE 





40 60 BO loo )§=6—6L20—s 140 
PERCENT CARBON 


Fig. 2—-The Effect of Carbon Content on the Rupture Life 
of VT2-2 Alloys at 30,000 psi and 1500 F. Crosses show sub- 
standard heats. 


the metal was varied in the range 1365 to 1600C (2490 to 2910 F). 
A second series was cast wherein the metal temperature was held at 
1400 to 1450 C (2550 to 2640 F) while the mold preheat temperature 
was adjusted from room temperature to 2200 F (1205 C). Several 
additional combinations were made in the higher temperature ranges. 

The rupture tests were restricted at first to 30,000 psi and 1500 F ; 
however, subsequently additional tests were run at other stresses to 
note if any changes occurred in the slopes of the curves of log stress 
versus log rupture life. Duplicate tests were performed in most cases 
and where agreement was not too good, additional tests were run. 

Figs. 2 and 3 show graphically the reason for undertaking the 
research program discussed here. The solid points shown are reason- 
ably close to the selected line ; however, there were other heats made 
which gave values plotted as crosses in the figures. These values were 
so far out of line and occurred frequently enough so that they deserved 
examination. In the V-2 series, which is the regular vitallium compo- 
sition (24% chromium, 69% cobalt, 6% molybdenum), the spread 
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HOURS TO RUPTURE 
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we 3—The Effect of Carbon Content on the Rupture Life 
of 2-2 Alloys at 30,000 psi and 1500 F. Crosses show sub- 
standard heats. 


of values encountered was worse than in the VT2-2 series. The best 
curve through the V-2 points is shown in Fig. 3. Here we note devia- 
tions both greater and smaller than the standard values. In the Ni-Cr- 
Co-Fe-base system the deviations from the standard line were not as 
great from heat to heat, indicating that variations in casting tempera- 
tures affected rupture properties to a lesser extent. Accordingly, since 
the VT2-2 system (24% chromium, 67% cobalt, 6% molybdenum, 
2% tantalum) appeared to be the strongest by far, it was picked for 
direct study of the effect of casting variables. The aim was to deter- 
mine why such deviations existed and how best to minimize or elimi- 
nate them. 

Table I lists the stress rupture values of the VT2-2 and NT-2 
alloys involved in this study. The metal and mold temperatures are 
listed for all the alloys. The NT-2 series has the following base 
(30% nickel, 20% chromium, 20% cobalt, 3% molybdenum, 2.2% 
tungsten, 2% tantalum, balance iron). For the exact composition of 
each of these alloy systems see the first report of this series (1). 
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Tue EFFEcT OF VARIATIONS IN MOLD PREHEAT TEMPERATURE ON 
THE RUPTURE PROPERTIES OF VT2-2 ALLoys at 1500 F 


Every precaution was taken to be sure that accurate control of 
the casting variables was in force. Duplicate tests and in many cases 
duplicate heats were made to get a measure of the reproducibility of 
the test data. 

By using Fig. 2 as the master curve, and figuring that the line 
shown represents test data from heats cast into preheated molds at 
1850 F at a metal temperature in the range 2550 to 2610 F (1400 to 
1430 C), we have a means of correcting the rupture life values on 
the basis of carbon content. By assuming that test values lie in lines 
parallel to the master curve but shifted above or below the master 
curve, depending on the metal and mold casting temperatures, it is 
possible to make a very quick and simple correction. This assumption 
appears to be backed by the test data ; but even if it were not, the error 
would be no more than the usual spread between tests from the same 
heat due to the reasonably small carbon spread. No correction is made 
for the elongation values attained in each test, since it was shown 
previously (1) that in the VT2-2 system the carbon content has little 
or no measurable effect on the ductility over a broad range of carbon 
contents. The time at test appears to be the more important variable. 

' Table II shows the corrected values of the rupture life on the 
basis of the carbon content. The figures in parentheses are the elonga- 
tion values. 

Fig. 4 illustrates graphically the relationship between the mold 
' preheat temperature and the rupture life and ductility at 30,000 psi 
at 1500 F (815 C). All the test results obtained are included in Fig. 4, 
regardless of the spread. A band rather than a single curve shows only 
that spread which was attained in the total number of tests made. Addi- 
tional tests might well have shown a greater spread, but this will be 
discussed more thoroughly in a succeeding section of this paper. 

Fig. 4 shows that, as the mold preheat temperature increases up 
to about 1600 F (870C), there is a corresponding increase in the 
rupture life and in the ductility. Above 1600 F (870C) the rupture 
life curve rises very steeply with a correspondingly sharp decline in 
ductility beyond about 1800 F. The lower portion of Fig. 4 shows 
that a wide spread of rupture life values can and does result with mold 
preheat temperatures greater than 1850 F. For instance, the spread 
in rupture life from tests made from a heat cast into a 2000 F mold 
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Fig. 4—-—-The Effect of Increasing Mold Preheat Tempera- 
ture on the 30,000-psi and 1500 F Rupture Life and Elongation 
in Alloys 100VT2-2. Crosses show single grain fractures. 


is from 189 to 465 hours (with very little spread in the accompanying 
low ductility). One of these values (189 hours) was obtained from a 
specimen which showed a single grain at the fracture in the standard 
0.250-inch diameter test bar. 


THE EFFECT OF VARIATIONS IN METAL PoURING TEMPERATURE ON 
THE RUPTURE PROPERTIES OF VT2-2 ALLoys AT 1500 F 


Since such a large change in rupture properties resulted, due to 
the changes in mold preheat temperature, it was anticipated that simi- 
lar changes might result with variations in the metal pouring tempera- 
ture. Also since mold temperature control earlier in the program was 
probably not at fault, due to its easier control, it was anticipated that 





Alloy 
103VT2-2 


99VT2-2 


99VT2-2 
100VT2-2 
102VT2-2 
9SVT2-2 
100VT2-2 
87VT2-2 
91VT2-2 


99VT2-2 


Vol. 39 
Table ll 
Effect of Mold Preheat Temperature on the 1500 F Rupture Properties at 30,000 Psi 
Metal Corrected Rupture Life 
Temp. 7————Hours to Rupture at——__—__ for 1.00% Carbon 
35,000 psi 30,000 psi 28,000 psi at 30,000 psi 
~2580 39.7 ( 3.2) 35.0 
20.2 ¢ yt 18.0 
~2580 77.2 (10.0 78.0 
62.7 (10.4) 64.0 
109.5 ( 6.4) 110.0 
~2580 132.0 (11.9) 133.0 
149.2 ( 7.1) 150.0 
2605 210.0 é 8.0)* 210.0 
2605 219.1 ( 7.3)* 210.0 
2605 180.0 ( 8.7)+* 210.0 
2605 175.0 se) 205.0 
2570 356.0 ( 3.6 356.0 
2570 201.0 ( 3.2) 201.0 
2570 189.3 ( 2.4)* 189.0 
2625 311.1 ( 4.0) 465.0 
2640 78.1 (5.6) 304.9 ( 3.9) 382.6 23 410.0 
2640 115.5 (3.2) 372.0 (2.5 _ 
2570 31.6 (4.0) 364.5 ( 3.2) >380.5 (4.0) 365.0 
54.7 (4.0) 450.8 ( 3.9) 451.0 


Mold 


Temp. 
F 


100 
1500 


TRANSACTIONS OF THE A. S. M. 


*Standard values from Fig. 2. 
*Single grain in fracture section. 


the reason for the deviation of certain heats shown in Figs. 2 and 3 
might be found in variations in metal pouring temperature. 

Table III lists the alloys made with constant mold temperature 
and variable metal temperature. The values in parentheses are elonga- 


tion values. The usual correction for carbon content was made by the 
method described above. 


Table Ill 


Effect of Metal-Pouring Temperature on the 1500 F Rupture Properties at 30,000 Psi 


Alloy 
100VT2-2 


99VT2-2 
9SVT2-2 
100VT2-2 
102VT2-2 


105VT2-2 
100VT2-2 


109VT2-2 
106VT2-2 
107VT2-2 


Mold 
Temp. 
F 
1850 
1850 
1850 
1859 


*Standard values from Fig. 2. 
*Single grain in fracture section. 


Hours to Rupture Corrected Rupture Life 
Carbon 


at 30,000 psi for 1.00% 
139.5 ( 7.2) 139.5 
151.0 ( 5.3) 151.0 
213.0 ‘ 7.5) 215.0 
180.0 ( 8.7)* 210.0 
175.0 ( 9.9)* 205.0 
210.0 ( 8.0)* 210.0 
219.1 ( 7.3)* 210.0 
326.0 ( 8.0) 275.0 
156.0 (12.8) 156.0 
161.0 ( 3.3) 161.0 
190.6 é 6.5) 190.6 
201.4 ( 7.6) 201.4 
188.5 ( 8.8)* 140.0 
236.5 ( 5.7)* 180.0 
179.9 ( 7.2)* 150.0 
286.8 ( —)* 225. 
181.0 ( 7.5)* 150.0 
509.0 ( 4.8 410.0 
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Fig. 5—The Effect of Increasing Metal-Pouring Temperature on 
the 30,000-psi and 1500 F Rupture Life and Elongation in Alloys 
100VT2-2. Crosses show single grain fractures. 


Fig. 5 is a plot of the data of Table III. The values here do not 
show as clear-cut a story as is shown in Fig. 4. Fig. 5 shows that, 
generally speaking, there is a distinct rise in rupture life with increas-, 
ing metal-pouring temperature unless single-grained cross sections 
are encountered, in which case the values of rupture life may vary 
anywhere from about 150 hours up to the maximum indicated by the 
curve. The ductility shows no distinct change with increasing metal- 
pouring temperature. The shaded band, which is quite horizontal, 
indicates the usual spread of elongation values typical of cast vitallium 
and vitallium-type alloys. One particular heat, 1OOVT2-2, from which 
four tests were obtained, does not particularly fit either of the curves 
of Fig. 5. Its points are included (open circles) to show that occa- 
sional heats such as these are obtained for which there appears to be 
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Fig. 6—The Constancy of Carbide Spacing with Increasing Carbon Content of VT2-2 
Alloys under Constant Casting Conditions. > 250. a. 0.40% carbon. b. 0.70% carbon. 
c. 0.91% carbon. d. 1.11% carbon. 
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no real explanation. This heat will be discussed further in another 
section. 


RELATIONSHIP BETWEEN THE RUPTURE PROPERTIES AND THE 
STRUCTURAL ELEMENTS OF THESE ALLOYS 


Once it became apparent that large variations in rupture proper- 
ties could be attained due to variations in the casting procedure, it 
appeared logical to look for a manifestation of these changes in the 
structures of the cast alloys. 

The structure of the alloys, briefly, is composed of an austenitic 
matrix of unknown chemical composition in which carbides and 
nitrides, also of unknown chemical composition, form a coarsely 
dendritic pattern resembling an open lattice. These meshes of carbide 
and nitride increase with increasing carbon and nitrogen content to 
form a more and more complete network which finally becomes massive 
at high carbon contents. A series of photomicrographs illustrates this 
in a recent paper (1) and appears here in Fig. 6. 

Close examination indicated that changes in the mold and metal 
temperature actually did cause a change in the spacing of these carbide 
meshes and also a change in the as-cast grain size. 

The mesh number (M) was taken as the number of carbide inter- 
sections at some convenient magnification per unit of length. Specifi- 
cally, using 400 magnifications, an area near the center of the cross 
section of a %4-inch test bar is chosen. A micrometer eyepiece with a 
total gage length of 0.04 inch is then inserted and the number of car- 
bide intersections over the gage length is counted in several different 
directions. Several locations are used to obtain a good average value 
of M. Actually, depending on the grain orientation and on the cut 
through a particular dendrite, fairly wide differences of M as indi- 
vidual counts can be obtained. Good averages are required. 

To determine the grain size, the specimen is polished using the 
entire %4-inch cross section, Etching is done with freshly prepared 
mixtures of three volumes of cold concentrated HCl acid to which is 
added one volume of 30% H.O,. A macro etch is obtained which 
permits a visual count of the number of grains (G) in the coarser 
materials but requires a magnification of « 20 to *. 50 for the finer 
grained materials. With coarse-grained specimens it is quite easy to 
obtain G accurately ; however, with finer grain sizes it becomes much 
more difficult and errors are not uncommon, although these errors are 
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Fig. 7—The Constancy of Carbide Spacing with Increasing Carbon Content 
of VT?. 2 Alloys under Constant Casting Conditions. 


really not harmful to the study. Light reflection due to grain orienta- 
tion enhanced by a suitable etch makes grain counts fairly simple in 
the coarser grained alloys. 

As a preliminary check the effect of the carbon content on the 
mesh number was noted to see if the small differences in carbon con- 
tent among the heats would have any effect on the results. The heats 
selected for this purpose were those which fit the curve very closely 
in Fig. 2. Two different persons made the necessary readings. Their 
results are plotted separately in Fig. 7 and show that they agree quite 
closely. Essentially, in spite of the spread among the values, Fig. 7 
indicates that carbon has no control over the carbide mesh spacing, 
especially over small ranges of carbon variations. Only the amount 
and the massiveness of the carbides change as long as the casting 
conditions are nearly enough identical. 

No relationship could be found between grairi size and carbon 





Table IV 
Mold Preheat Temperature Study 
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Alloy F M G Hrs. 
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Fig. 8—The Effect of Increasing Mold Temperature on the 
Carbide Spacing of Alloys 100VT2-2. 


content and the spread of values was quite large. In this sense the 
lack of uniformity of grain size over a broad carbon range might add 
some confusion to the research. However, it was felt that over the 
range of 0.87 to 1.09% carbon there would be at worst only a small 
effect. 

Table IV summarizes the results of grain and mesh counts on the 
various mold preheat study. Again it must be cautioned that the 
figures appearing below are averages of several readings by at least 
two different persons. For example, in counting carbide meshes, a 
figure which appears as 12 may actually be an average of the figures 
15-12-12 by one operator and 13-11-10 by another. 

Fig. 8 shows the relationship between the mold preheat tempera- 
ture and the number of carbide meshes per unit of length (M). The 
distance between carbides in the structure increases with increasing 
mold preheat temperature. The points form a smooth curve, with 
duplicate values shown at 2000 and 2100 F. Fig. 9 shows a series of 
photomicrographs at < 250 of the carbide spacing of these same 
alloys. It is readily noted that there is a distinct increase in the 
spacing of the carbides. Also note that the alloy cast into the room 
temperature mold shows the most continuous carbide ‘structure and 
accordingly the lowest ductility. The ductility increases as the austen- 
ite becomes more and more continuous through the range 100 to 
1700 F (40 to 925 C), but falls off again as the carbides become more 
and more massive. 
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Fig. 9—The Effect of Increasing Mold Preheat Temperatures on the Carbide Spacing 
of VT2-2 Alloys. a. 100 F—103VT2-2. b. 1500 F—99VT2-2. c. 1700 F—99VT2-2. d. 1850 
F—101VT2-2. e. 2000 F—100VT2-2. f. 2100 F—-99VT2-2. Oxalic acid etch. 250 





1947 GAS TURBINE ALLOYS 351 


CONSTANT METAL TEMP 
2570 TO 2640°F 





0 400 800 1200 1600 2000 2400 
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Fig. 10—The Effect of Increasing Mold Temperature on the 
Number of Grains per %4-Inch Cross Section of Alloys 100VT2-2. 


Fig. 10 illustrates the change in the number of grains per 14-inch 
test section with increasing mold preheat temperature. The curve is 
very similar to that of Fig. 8, indicating that as the mold temperature 
rises the number of grains decreases. 

Fig. 11 is a plot summarizing these relationships. Thus, if the 


Table V 





Metal-Pouring Temperature Study 
No. of No. of Elong. 
Metal Temp. Meshes Grains Rupture Life % 
Alloy F M G irs. 
100V T2-2 2495 19 17 151.0 7.9 
100VT2-2 2605 18 16 215.0 8.0 
102V T2-2 2610 16 14 219.1 ee 
105VT2-2 2725 18 8 326.0 8.0 
100VT2-2 2730 19 4 156.0 12.8 
106VT2-2 2820 15+ 4 286.8* 7.2 
107VT2-2 2850 19 3 509.0 4.8 


*Showed single grain at point of failure. 


maximum hot ductility (8%) is desired for a particular application, 
Fig. 11 tells us that 200 hours’ rupture life can be attained with this 
ductility at 30,000 psi and 1500 F. To get these rupture properties 
in a 44-inch diameter test section it is necessary to have about 19 
carbide intersections per unit of length with about 16 grains in the 
entire section. Therefore, a mold preheat temperature of 1850 F 
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CONSTANT METAL—VARIABLE MOLD TEMP. 


eo M VS a LIFE 
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PERCENT ELONGATION 
Fig. 11—The Relationship Between the Structural Elements of Alloys 100VT2-2 (as 


Determined by Variations in Mold Temperature) and the Rupture Properties at 30,000 
psi and 1500 F. 


(1010 C) and a metal temperature of about 2610 to 2630 F (1430 to 
1445 C) is required. 

Table V shows the results of mesh and grain counts on the heats 
with variable metal pouring temperature and constant mold tempera- 
ture. 

Fig. 12 shows the structural changes with variations in the metal- 
pouring temperature. Note that the grains become larger with in- 
creasing metal temperature, which was also true with increasing mold 
preheat temperature (see Fig. 10). Note, however, that whereas 
increasing mold temperatures caused an increase in the spacing of the 
carbide meshes (see Figs. 8 and 9), an increase in metal-pouring 
temperature does not increase the carbide mesh spacing. 

Fig. 13 summarizes the relationship between the number of 
meshes and the rupture time and between the number of grains and 
the rupture life. Note that the rupture life is not affected by the 
number of carbide meshes. There is, however, a distinct relationship 
between the grain size and rupture life, which was also noted in 
Fig. 11. 


To summarize the relationships that appear to exist between the 
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Fig. 12—The Effect of Increasing Metal-Pouring Tempera- 


ture on the Number of Grains and the Carbide Spacing of Alloys 
100VT2-2. Crosses show substandard points. 


NO. OF GRAINS 





cast alloy structures (as a function of the casting temperatures of ~ 
mold and metal) and the rupture properties, we have the following 
information : 

(a) The carbon content does not control the carbide mesh spac- 
ing (see Fig. 1) but controls only the amount and massiveness of 
carbide. The ductility is apparently not affected by the carbon 
content either over a wide range of carbon. All this is true, providing 
the metal and mold temperatures are constant from one alloy to 
another. 

(b) There are distinct data which indicate that any change in 
grain size is reflected in the rupture strength (see Figs. 11 and 13). 

(c) There are equally strong data which indicate that a change 
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Fig. 13—The Relationship Between the Structural Elements of Alloys 100VT2-2 (as 
Determined by Variations in the Metal-Pouring Temperature) and the Rupture Properties 
at 30,000 psi and 1500 F. 






NO. OF GRAINS OR MESHES 





in the carbide spacing is reflected in the ductility ; that is, the ductility 
is a result of the particular carbide spacing and its massiveness or 
fineness (see Figs. 4, 5, 12 and 13). 

(d) A change in the metal-casting temperature causes a change 
in the grain size but not in the carbide spacing, whereas a change in 
. the mold preheat temperature causes a change in both the grain size 
and carbide spacing. These structural changes are due apparently to 
the effect of the added heat from the metal or mold on the nucleating 
and grain growth tendencies of the metal. Due to the fact that the 
investment mold has such a large mass and larger heat capacity than 
the small volume of metal, when the mold is superheated beyond 
1850 F (1010C), for example, it causes a very slow freezing rate 
which affects both the nucleation and growth of grains and also the 
mode of separation and location of the excess carbide phase on 
freezing. Thus, the spacing of the carbides and their size are strongly 
affected, which in turn affect the ductility and strength of the alloy. 
When the metal is superheated, however, the nucleation and growth 
tendencies are initially affected, but due to the small volume of metal 
and small volume of excess heat which is slowly dissipated into the 
mass of the mold, the freezing rates are greater than in. the above 
case, causing little or no change in the size and location of carbides 
within the grain proper. Under these conditions we note the resulting 
change in rupture life, but very little or no change in ductility. 
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At this point the reader must be cautioned of several factors. 

(a) This work is involved with small sections where the mass 
of metal is small in comparison to the mass of refractory. There are 
no zones of columnar crystals which give way to equiaxed crystals at 
the center of the specimen as might be noted in large sections. 

(b) The work was done on round cylindrical specimens which 
were cast into a mold which in turn was round and uniform. The 
effect of section changes and irregular masses about a central axis 
have not been investigated. 

(c) The work is concerned with two (or three) phase alloys so 
that the effect on single phase materials is unknown as to degree but 
is anticipated to be simular. 

(d) Changes in inclusion count or changes in refractory surface 
smoothness may affect the nucleation tendencies, although not the 
grain growth tendencies, so that smooth curves must not be expected 
for M or G versus the mold and metal temperatures. Thus, if a 
change is made from one type of precoat material to a coarser type, 
this may show up in the grain count. Also a change from a silica 
investment to magnesia or alumina might also change the results. 


Orr-STANDARD VALUES 


At this point the off-standard values which are shown in Figs. 2 
and 3 were investigated in an effort to find the cause of the deviations. 
Since grain size from the above study appeared to be directly related 
to strength, a count was made on these alloys, the results of which 
are shown below. 








Off-Standard Rupture Values 
No. of No. of Rupture Relation to Probable Approximate 
Grains Meshes Time Standard Casting Temperature 
Alloy G M Hours ‘urve F 

95VT2-2 21 19 104 below 2410 
116VT2-2 21 23 120 below 2410 
120VT2-2 20 26 159 below 2440 
125VT2-2 19 26 152 below 2470 
127V-2 8 ~- 327 above 2735 
147V-2 4 — 192 above 2820 





The four VT2-2 values are plotted as crosses (X) in Fig. 12 on 
the basis of their grain size and carbide spacing. It is readily apparent 
that the small grain size indicates a cold metal temperature and the 
finer carhide spacing indicates in several instances a mold cooler than 
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Fig. 14—A Plot Showing the Location of Heats and the Combination of Metal- 
Pouring and Mold Preheat Temperatures Used for this Study. 





1850 F, or at least 2 mold not thoroughly soaked at that temperature. 
Due to this finer grain size it is readily expected that the strength 
values would be in the range of the actual test results shown in Table 
VI. The two V-2 values that showed points far above the standard 
for heats cast at 1850 F (1010C) mold and 2610 F metal tempera- 
tures proved to be very coarse-grained. With standard casting tem- 
peratures we should expect about 12 to 14 grains; however, 127V-2 
showed 8 and 147V-2 showed 4 grains per cross section. Accordingly, 
rupture values ran higher than normal. 

With these particular alloys, therefore, it is possible in most in- 
stances to check the structures to determine if comparable casting 
conditions were used from heat to heat when discrepancies result. In 
addition, three additional heats were made under closely controlled 
casting conditions and the rupture values fell very close to standard 
curves shown in Fig. 2, proving the point. 


FurRTHER CHECKS WITH CASTING VARIABLES 


In order to complete this study it was decided to pick several addi- 
tional combinations of mold and metal temperatures to note the effect 
on the rupture properties. Accordingly, three additional combinations 
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of mold and metal temperatures were picked which are shown in the 
following Fig. 14 as open circles. Of particular interest is alloy 
93VT2-2 which was cast at 2820 F into a 2100 F mold, the highest 
combination of metal and mold temperatures. All the test bars in this 
heat had essentially one or two grains per 44-inch cross section. The 
rupture values were as follows in four tests: 103, 213, 179 and 1511 
hours. The other two alloys gave values which are in line with what 
was expected of them on the basis of the casting temperatures and 
resultant grain size and carbide spacing. 

The four rupture test values listed above served to verify certain 
conclusions which we had been forced to make concerning the strength 
behavior of these very coarse-grained alloys. 

It is desirable to refer to alloy 1OOVT2-2 whose rupture and duc- 
tility values are plotted as open circles in Figs. 5 and 12. Previous 
data had indicated that with an 1850 F mold and metal at 2730 F 
(1500 C), this alloy should have had about eight grains per cross 
section—a fairly safe grain number. Instead the value plotted in 
Fig. 12 shows only four grains and a more recent study showed the 
other three bars in this heat to have only two or three grains, making 
them susceptible to large variations in rupture life below the expected 
maximum. Thus, of four tests, all showed low values. The conclu- 
sion is that the metal temperature was read in error to be 2730 F 
(1500 C) rather than the probable true temperature of about 2820 F 
(1550 .C). 

A, close examination of Figs. 4 and 5 shows several rupture 
values marked as crosses (X) and indicated to show essentially single 
grain failures. Other test results in the same heat gave highly superior 
rupture values which fit the curves shown in those figures. Accord- 
ingly, a large number of these coarse-grained test bars were sectioned 
longitudinally and examined for points of origin of failures. It was 
found that failure begins at grain boundaries, almost always at the 
surface but sometimes within the bar section. The important factor, 
however, is that where grain boundaries approached a 45-degree angle 
with the axis of the specimen, failures were more prevalent. When 
carbide directions in two grains were lined up at widely different 
angles, failures appeared to originate more readily there, too. These 
carbide directions are obviously indicative of different grain orien- 
tations. 

It thus follows that whereas a coarse grain is desired for the 
sake of great strength, one must be careful before reaching this point 
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because grain orientation becomes a very important factor. Naturally, 
since failures in these materials occur between the grains it is most 
desirable to have a coarse grain, resulting in the least grain boundary 
area (2). If, in addition, one could control grain orientation, then the 
strongest alloy would occur, giving rupture values at 30,000 psi and 
1500 F on the order of 1500 hours, such as was done with 93VT2-2, 
above. However, at present when control of grain orientation is an 
impossibility and strictly a function of probability, coarseness of grain 
beyond a certain value (say 12 to 16 grains per '%4-inch section) is 
undesirable. In the alloy which showed 1500-odd hours, other tests 
ran from 103 to 213 hours; in alloy 107VT2-2 (see Table I) duplicate 
tests showed the very high value of 509 hours and a low of 181 hours. 
In these extra coarse-grained alloys grain orientation plays a very 
large role. In a test specimen having two grains in a cross section, 
if one grain is poorly oriented in relation to its adjoining grain, failure 
may be relatively rapid due to shearing stresses; and once failure 
begins it is quite swift. Ina test specimen with 16 grains, one poorly 
oriented grain contributes only one-sixteenth of the strength of the 
alloy, permitting more uniform, reproducible failures which, how- 
ever, will never reach the possible maximum rupture time attainable 
by a properly oriented two-grained material. From the standpoint 
of fatigue, too coarse-grained materials which fail by intercrystalline 
means are highly undesirable. Thus, applications requiring fatigue 
resistance must be the finer grained alloys. 

One additional item, the importance of which we cannot gage at 
present, is the effect of composition variations of the austenite and 
carbide phases with changes in cooling rate due to the additional heat 
input in the mold or metal prior to casting. This effect does not 
appear to be too great in view of the close correlation between the 
structures of these alloys and their properties ; however, it cannot be 
discounted from all considerations. When the lower carbon alloys 
which change rupture properties measurably with aging treatments are 
considered, small variations in the composition of the phases may be 
considerably more important. These lower carbon alloys will be 
discussed in a subsequent report. 

It was impossible to note any measurable change in the slopes of 
these stronger coarse-grained alloys over the finer grained ones on the 
log rupture time versus log stress plots. There was simply a shift to 
higher stresses fairly parallel to the standard curve obtained with 
under so-called normal casting conditions. 
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SUM MARY 


An extensive study was made of the role played by the metal and 
mold temperatures on the stress rupture properties of a modified high 
carbon vitallium-type alloy. 

The change in the rupture properties at 1500 F (815C) is a 
manifestation of the change brought about in the structural elements 
of the alloy by variations in the metal and mold-casting temperatures. 

The grain size increases with increases in both the metal and mold 
temperatures. The carbide spacing increases with increasing mold 
temperatures but remains constant with increasing metal temperature. 

It has been determined that the high temperature strength proper- 
ties are the result of the grain size and that the hot ductility is a result 
of the carbide spacing. 

Grain orientation is very important in determining the origin of 
failure and plays the most important role in the extremely coarse- 
grained materials. If the grain orientation is such that early failure is 
unlikely, fabulous rupture times can be obtained on the order of 1500 
hours at 30,000 psi and 1500 F (815 C). 

Occasional poor heats can be checked for performance by the 
alloy structures in a well reviewed alloy system. 
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DISCUSSION 


Written Discussion: By E. E. Reynolds, research associate, Department 
of Engineering Research, University of Michigan, Ann Arbor, Mich. 

The systematic presentation of the research reported in this paper gives a 
clear picture of the effect of casting temperature variables on the metallographic 
structure and rupture properties of alloy VT2-2. The knowledge of such an 
effect is a fundamental step necessary to the production of uniform and satis- 
factory precision castings which possess the ultimate properties possible for 
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an alloy. The author is to be commended on the unique method which he uses 
in correlating his findings. 

The writer has applied the grain count method described in this paper to 
specimens which gave erratic rupture test results of another alloy, 97NT-2, 
which was studied at Massachusetts Institute of Technology.* The following 
results were obtained : 


Test Rupture 

Temperature No. of Grains Stress ife Elongation 
(F) (G) (psi) (Hrs.) 
1800 21 11,000 329.5 4 
1800 14 13,000 490 


These results indicate that the larger grain size of the specimen tested at 
13,000 psi was responsible for its much greater rupture life than for the speci- 
men tested at the lower stress of 11,000 psi. They also give evidence that the 
grain size-rupture life correlation is applicable to other alloy systems and ex- 
tends to higher temperatures than 1500 F (815C). Has the author done ex- 
ploratory work of this nature in other multiple-phase alloy systems and is 
there any evidence that a similar correlation exists for the lower carbon 
(0.25%) standard vitallium alloy? 

Supposedly the two specimens of alloy 97NT-2 listed above were from the 
same heat and were cast together into a mold at constant temperature. If this 
assumption is correct, then it is evidence of a difference in grain size great 
enough to cause large variations in rupture life of specimens cast under identi- 
cal conditions. 

Judging from past studies of the effect of grain size on rupture properties, 
it is believed that at test temperatures below which fracture occurs at the grain 
boundaries the effect of grain size on rupture strength would reverse, the finer 
grained material being the strongest. Likewise, as the test temperature is 
raised above 1500 F (815), the relative increase in rupture life due to larger 
grain sizes would be greater. 

The effect of test temperature on the influence of the carbide mesh spacing 
on ductility would also be an interesting aspect. The following data’ are 
presented as a possible evidence that as the test temperature increases the car- 
bide mesh spacing has less effect on the ductility of alloy VT2-2. 


Estimated Elongation to 


Test Temperature Rupture at 100 Hours 
(F) (%) 
1500 9 
1600 8 
1700 15 
1800 20 


The practical application of this casting temperature-structure-property 
correlation would be as a control measure in casting production heats of an 


1Rupture a —_ gor ooo 1 specimens are given in 





cat Resistant Gas Turhi shia Wianeat aa 
esistant Gas Turbine ” "TRANSACTIONS, 
& Motele Vol. 3 39, “ber p. 281-334. ? 


taken from National Advisory for Aeronautics Technical Note No. 


*Data Committee 
iis. Me roe of Two High- Guten Precision Cx Cast Alloys at 1700 and 1800 F by the 
upture T 











1947 DISCUSSION—GAS TURBINE ALLOYS 361 


alloy for which a complete correlation was available. This correlation would 
necessarily be under similar conditions to those used in production and on 
pieces the size of those being made. It is evident that the structure determina- 
tion involves a destructive test, but it seems it would be justified on represen- 
tative samples from each heat due to the high degree of control involved. Such 
factors as production size heats versus the 2-pound heats, production melt tem- 
perature measuring techniques versus carefully controlled laboratory condi- 
tions, and the effect of variation in section size on the cast structure would 
necessarily have to be considered in relating laboratory results with those of 
practice. 

Since most useful products involve changes in section size it would be 
interesting to know the experience of the author relating to the effect of vary- 
ing section size on the structure of the alloys he has studied. A difference in 
structure within any one piece could result in inferior properties of some por- 
tion of that piece. Is there any evidence of a variation in structure from end 
to end of the reduced section of the %-inch diameter test bars which might 
be caused by the increasing section size near the threaded portion of the speci- 
men ? 

Written Discussion: By George C. Deutsch, metallurgical engineer, Na- 
tional Advisory Committee for Aeronautics, Aircraft Engine Research Labo- 
ratory, Cleveland. 

The problem of uniformity of physical properties, particularly stress rup- 
ture properties of investment cast, high temperature, high strength alloys, is 
one that has been neglected in unclassified publications up to the time of this 
excellent report. Almost everyone who has worked with the development of 
these alloys has noticed the unusual scatter of experimental data, but this paper 
is believed to be the first unclassified publication which attempts to evaluate 
the causes of the scatter. 

The curves obtained by Dr. Grant show a clear-cut evaluation of the ef- 
fects of mold and material pouring temperature on the stress rupture properties 
of the alloys under consideration. It is felt, however, that a number of cast- 
ing variables that Dr. Grant has not taken into account exert a marked influ- 
ence on the stress rupture properties. In particular, the surface finish of the 
refractory mold is known to alter the surface finish of the castings and con- 
sequently to alter the stress rupture properties of the part of the test specimen 
without materially affecting either the grain size or the carbide and nitride 
mesh structure. Within the limits investigated by Dr. Grant, it is believed that 
the data presented are essentially concerned with the effects of variations of 
cooling rates. Although the cooling rate is known to have great influence on 
the nucleating and grain growth tendencies, it is felt that minor changes in 
composition other than carbon and presence of inclusions, dissolved nitrogen, 
and in particular crystallographic phases would materially affect both of these 
tendencies and would be worthy of future investigation. 

Fig. 4 of Dr. Grant’s paper shows the wide spread of stress rupture values 
that results from the random orientation of very few grains and this phenom- 
enon is thoroughly discussed in the paper. Because of the present impractica- 
bility of controlling grain orientation, Dr. Grant recommends the use of alloys 
with a “fairly safe” number of grains. This lowers the stress rupture life but 
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very materially narrows the spread of possible values. Figs. 11 and 13, how- 
ever, show no such spread and would indicate the desirability of increasing the 
grain size at least to the lower limits of his experimental work. 

On page 352 of the paper, Dr. Grant states that the carbon content controls 
only the amount and massiveness of the carbides and has no influence on the 
ductility. Later on the same page, Dr. Grant makes an apparent contradiction 
when he says that the ductility is a result of the carbide massiveness as well 
as distribution. Clarification of this point would be helpful. 

Dr. Grant’s work might be extended to take into account one variable 
that is encountered in all commercial applications of the investment casting 
method, that is, effect of section size and shape on grain size. It would be 
necessary to determine the cooling rates associated with particular sections of 
the casting and then to determine the resulting grain size. Such work would 
be extremely valuable and might be adaptable to both production and quality 
control. 

Written Discussion: By Ward F. Simmons, Battelle Memorial Institute, 
Columbus, Ohio. 

The author is to be commended for the aggressive and progressive man- 
ner in which he attacked a problem on which very little if any previous data 
have been published. Of course, what Dr. Grant has studied and reported is 
the effect of the cooling rate on the structure and properties of 44-inch diameter 
cast test specimens. He has done this in a most logical and straightforward 
manner, without complicating the problem by reducing the factors to absolute 
values. If this work can be continued to a point where an examination of the 
structure of any casting will reveal whether or not the casting variables have 
been properly controlled to give optimum properties in the casting, one logical 
end point of this work will have been attained. 

At Battelle Memorial Institute an investigation of the effect of metal 
casting temperature on the stress rupture properties of NR-90 alloy at 1500 F 
has been carried out as a small part of a large U. S. Navy research program 
on “Alloys and Ceramic Materials for High-Temperature Service”. This 
research program is sponsored by the Office of Naval Research, Navy De- 
partment. 

NR-90 alloy is an experimental alloy of the following composition : 


Cc Mn Si Cr Ni Co W* Mo Fe 
0.51 0.71 0.96 24.6 18.6 43.6 5.3 4.6 0.53 


Stress rupture test specimens % inch in diameter were cast in round molds 
at metal casting temperatures between 2600 and 3000 F (1425 and 1650C). 
The mold temperature was held constant at 1850F (1010C). The detailed 
stress rupture test data obtained at 1500 F (815C) are given in Table A, and 
Fig. A is a typical log-log plot of stress versus rupture time. The slopes of 
the curves for the test specimens cast at various temperatures are quite similar 
with the exception of the curve for mold S which was cast at 2600 F (1425C). 
This curve is steeper and considerably below the others. 

Fig. B is a plot of stress versus casting temperature for rupture in 100 
and 1000 hours at 1500 F (815), and Fig. C is a plot of rupture time versus 
casting temperature for stresses of 20,000 and 25,000 psi. The data plotted 
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Fig. A—Stress Versus Rupture-Time Curves at 1500 F for NR-90 Alloy, 
Cobalt-Chromium-Nickel Base (5% Tungsten, 5% Molybdenum). 
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Fig. B—Stress Versus Casting 
Temperature for Rupture in 100 and 
1000 Hours at 1500 F for NR-90 
Alloy, Cobalt-Chromium-Nickel Base 
(5% Tungsten, 5% Molybdenum). 


these figures were obtained from Fig. A. These data indicate that under 


the conditions of this work, with the mold temperature at 1850 F (1010C), 
the optimum metal casting temperature was 2850 to 2900 F (1565 to 1595(C). 
The stress to produce rupture in 1000 hours varied from 15,800 psi for the 
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material cast at 2600 F (1425 (C) to 21,600 psi for the specimens cast at 2850 
to 2900 F (1565 to 1595). 

An examination of the structure of the specimens showed that, when cast 
at temperatures of 2700 F (1480C) and above, there was a relatively small 
variation in grain number, but when cast at 2600 F (1425 C) a very fine grain 
size was observed. Fig. D shows the relationship between grain number and 
casting temperature for NR-90 alloy. The grains in specimens of mold S 
poured at 2600 F (1425(C) consisted only of simple dendrites which indicates 
that this mold was poured at a temperature very close to the freezing point of 
the alloy. The grain number for specimens from this mold was estimated to be 
above 100. The rupture times obtained on specimens from this fine-grained 
mold were more consistent than those from molds poured at higher tempera- 
tures, but the level of properties obtained was much lower (see Fig. A). 

The ductility of this alloy, as revealed by the elongation and reduction of 
area values in Table A, appears to be independent of the metal casting tem- 
perature. The mesh numbers, as determined by the author’s method, also did 
not vary with the casting temperature. An average mesh number of 9 was 
obtained for these molds of NR-90 alloy. These data agree with Dr. Grant’s 
conclusion that the grain size and high temperature strength increase as the 
metal casting temperature is raised, while the mesh number remains constant. 


Table A 
Stress Rupture Properties of NR-90 Alloy, Co-Cr-Ni Base (5% W, 5% Mo) at 1500 F 
(Mold Temperature 1850 F, %-Inch Diameter Specimens Aged 50 Hours at 1350 F) 


Metal Rupture Elong- Reduction Minimum 
Temp., Carbon, Specimen Stress Time, tion, of Area, C Rate, 
Mold F % umber psi Hours % % %/ Hour 
S 2600 0.46 94 30,000 20.0 7.5 8.8 0.31 
93 25,000 60.5 12.5 12.6 0.10 
95 20,000 234.0 6.5 9.5 0.014 
96 16,000 955.5 5.0 4.1 0.0022 
G 2700 0.52 41 32,500 31.3 5.0 ton 0.08 
43 25,000 73.0 2.0 3.3 0.022 
44 22,000 231.0 3.0 5.0 0.0048 
42 18,000 1767.0 3.0 4.1 0.00040 
H 2750 0.50 46 32,500 19.7 7 13.2 oe ae 
47 25,000 155.5 7.0 10.2 0.017 
49 21,000 601.0 5.0 6.3 0.0030 
J 2750 0.52 56 32,500 21.5 4.0 6.4 0.12 
57 28,000 76.0 7.0 9.6 0.040 
58 25,000 312.0 6.5 9.4 0.0090 
59 22,C00 546.0 6.0 8.0 0.0050 
Cc 2850 0.54 19 32,500 31.7 7.5 8.0 0.13 
20 28,000 81.5 6.0 10.1 0.037 
21 25,000 325.0 8.0 11.6 0.0070 
22 21,000 888.5 4.5 3.3 0.0013 
A 2850/ 0.51 1 32,500 30.5 7.5 8.0 0.17 
2900 2 28,000 107.5 4.5 4.8 0.027 
3 24,000 268.5 5.0 4.0 0.0080 
4 21,000 2145.0 6.0 7.2 0.00090 
Oo 3000 0.54 69 32,500 22.5 4.0 6.3 ann 
70 28,000 47.0 4.5 6.4 0.037 
71 25,000 180.5 3.0 6.5 0.0070 
72 20,000 1127.0 2.0 2.9 0.00069 
P 3000 0.54 81 32,500 21.2 6.0 4.0 0.15 
82 27,000 60.5 5.0 8.7 0.037 
83 25,000 178.0 3.5 6.5 0.0084 
3.0 7.2 0.0022 


84 22,000 755.0 
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Also the constant mesh number, coupled with uniform ductility observed in 
these tests, is in agreement with the author’s statement that hot ductility is de- 
pendent on the carbide spacing. 

Written Discussion: By W. L. Badger, Metallurgical Section, Thomson 
Laboratory, General Electric Co., West Lynn, Mass. 

I believe the title is a little misleading in that, to my knowledge, none of 
these high carbon alloys have been used in production gas turbine units. 

Dr. Grant has made a very worthwhile contribution to the cast alloy in- 
dustry, however, in pointing out the urgent need of suitable control methods 
over metal and mold temperatures. I believe that all gas turbine manufac- 
turers will agree that lack of uniformity has, to some extent, restricted the 
use of castings and encouraged the use of forged alloys in various designs pro- 
duced to date. 

We are in general agreement with Dr. Grant’s data indicating that higher 
mold and metal temperature result in increased grain size and higher rupture 
strength. However, we are unable to confirm the spectacular increase in rup- 
ture strength at 2000 F (1095C) mold temperature predicted in Fig. 4. Our 
tests, however, were not made on the specific analysis used by Dr. Grant, and 
due to use of lower carbon, our metal temperature was 150 F above that re- 
ported in the paper. 

' Design may, in many cases, influence the mold or metal temperatures 
that must be used. Bucket edges are usually quite thin, and the metal or mold 
temperatures resulting in the desired grain size and rupture properties may 
be unsuitable for casting such sections. Centrifugal castings or higher pres- 
sures may, to some extent, offset these design limitations. 


Author’s Reply 


I wish to thank all who have participated in the discussion of this paper. 

Concerning Mr. Reynolds’ discussion, the two tests on alloy 97NT-2 he 
refers to came from two different heats. These heats were made at a time 
when our work in temperature control was just beginning and apparently one 
heat was cast a little hotter than the other. Since the carbon content was the 
same in both heats all 12 bars were sent as one group. His work, therefore, 
shows that grain size is still an effective factor even at 1800 F (980C). We 
appreciate this contribution. 

Concerning the like behavior of alloy systems other than those we are re- 
porting on to changes in casting conditions, it will be seen from Mr. Simmons’ 
discussion that they do. We have found to date that the relationships shown 
in the paper are also entirely true in the low carbon (0.25%) vitallium and in 
alloy 6059 (0.45% carbon). This, therefore, makes five alloy systems which 
respond to the casting conditions through structural alterations. The effects on 
regular vitallium and 6059 are shown in our paper.’ 

The effect of section size and shape is indeed a worthwhile study, espe- 
cially for high temperature applications. We have noted that there is a some- 
what finer grain at the fillet of the 0.250-inch test bar but the change is not 





8N. J. Grant, “The Effect of Composition and Structural Changes on the Rupture 
Properties of Certain Heat Resistant: Alloys at 1500 F,” Transactions, American Society 
for Metals, Vol. 39, 1947, p. 368-403. 
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great. In turbine blades where a section can change from 0.250 to 0.020 inch 
at the trailing edge, we know that big changes in grain size occur. For dif- 
ferent alloys this change is extreme or it may be small; and for different 
blade designs the degree of change will also be affected. Practically, the prob- 
lem is to determine the origin and mode of failure in a blade and either re- 
design the blade or change, if possible, the casting conditions to change the 
structure giving the failure. Precision casters undoubtedly will not like this 
any more than designers, but if cast blades are to be utilized in gas turbines 
and jet engines, there has to be more co-operation among the metallurgist, the 
precision caster and the turbine blade designer. 

Replying to Mr. Deutsch’s discussion, we made every effort to keep the 
surface condition constant from heat to heat and from test to test. There is 
undoubtedly some effect of the surface condition on the nucleating and grain 
growth tendencics but that is a field of study in itself. 

The lack of spread in the values in Figs. 11 and 13 is fictitious. The 
curve is drawn to fit the points in the first place, and in the second place, 
extrapolation of some of the points to the curve proper shows a rather wide 
divergence where the curve is very flat. 

Any application of the relationships shown here must take into account 
section size and shape. This is a good field for additional research but could 
be done better by others who have larger test facilities. 

We are indeed grateful to Mr. Simmons and his colleagues at Battelle 
for the complete substantiation of our results in another alloy composition. 
This work which was carefully and critically done deserves much greater recog- 
nition than it is receiving in the discussion. I hope it will be published. 

Concerning Mr. Badger’s discussion, we hope that further work will take 
out the guesswork in the use of cast alloy buckets and blades. Examination of 
our paper on low-carbon vitallium’ will show that the results are very greatly 
changed by a 2000 F (1095C) mold. Mr. Simmons’ discussion concerning a 
lower-carbon alloy also indicates a very large change in strength with changes 
in casting conditions. 
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THE EFFECT OF COMPOSITION AND STRUCTURAL 
CHANGES ON THE RUPTURE PROPERTIES OF 
CERTAIN HEAT RESISTANT ALLOYS AT 1500 F 


By NicnHoras J. GRANT 


Abstract 


Two low carbon high temperature, high strength 
alloys, vitallium and 6059, were prepared for rupture test- 
ing at 1500 F by the precision hot investment casting 
technique. First the mold preheat temperature and then 
the metal pouring temperature were varied in the ranges 
1500 to 2000 F and 2600 to 2820 F respectively. Correla- 
tions are shown to exist between the casting variables and 
the alloy structures, namely the grain size and carbide 
spacing. These structural variations in turn control the 
strength and ductility of the alloys whether the materials 
are tested as-cast or as-cast and aged; however, the 
optimum grain size and carbide spacing are different for 
different aging treatments. Coarse-grained castings are 
stronger in the as-cast unaged state up to the point where 
extreme coarseness brings into effect the orientation of 
grains and grain boundaries. Aged castings may be best 
in the coarse or fine-grained condition. 

Up to 1% manganese is shown to make the alloys 
stronger while improving the ductility by a factor of one to 
three times. Solution treatments in the Co-Cr-Mo system 
are not beneficial generally whereas aging at 1350 to 
1500 F is highly beneficial. 

Room temperature tensile tests show values from 
85,000 to 134,000 psi with ductilities of from 2 to 12%. 


INTRODUCTION 


ONTINUING with research on the roles played by structural 
and composition changes, two low carbon alloys, low carbon 
vitallium and alloy 6059, were selected. It had been shown in an 
earlier report (1)? that the structure of an alloy, specifically grain 
1The figures appearing in parentheses pertain to the references appended to this paper. 


The author, Nicholas J. Grant, is assistant ee of metallurgy at 
the Massachusetts Institute of Technology, Cambridge, Mass. Manuscript 
received July 22, 1946. 
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size and carbide spacing, was directly related to the rupture strength 
and ductility. Since this original work was done with a high carbon 
modified vitallium alloy it was decided to recheck these results with 
a low and a medium carbon alloy where the carbides were not so 
pronounced and where the effects of pre-aging were highly important. 
It was known beforehand that these two alloys appeared to be re- 
producible only with very great difficulty; however, since such an 
extremely large amount of work had been done with these two alloys 
in the supercharger field and in the dental and surgical fields with 
vitallium, it appeared advisable to work with them. 

There was a reasonable possibility that something might be 
learned of a very basic nature on the mode of behavior of the low 
carbon alloys in what amounts to very simple alloy compositions 
compared to what is generally available in the high temperature gas 
turbine field. 

The compositions of vitallium and alloy 6059 used in this study 
are listed in Table I. 

On the basis of very interesting data obtained early in the pro- 
gram with these alloys, further variations were made in composition 
along indicated lines but with closely controlled metal and mold 
casting temperatures. 














Table I 
Composition of the Vitallium and 6059 Alloys* 
Series 

Name Designation Cc Mn Cr Co Mo Ni Ww 
Vitallium V-2 0.20—0.28 a 23 69 6 
Vitallium V-0 0.24—0.35 1 23 68 6 et —— 

6059 M-6 0.41—0.46 se 27 34 2.7 32 4.3 

6059 R-6 0.41—0.49 1 26 32 6 32 

*The only analyzed values are the carbon contents reported. All other values are 


“added” values. The figure preceding the series designation is the carbon content in 
hundredths of a percent. 








EXPERIMENTAL WorK 
A. Mold and Metal Casting Temperature Variations 


Using the same general techniques that were discussed in an 
earlier paper (1), the four series of alloys listed in Table I were 
prepared by precision investment casting methods as 0.25-inch 
diameter, l-inch gage length test bars. The metal temperature was 
read by means of a platinum thermocouple while mold preheat tem- 
peratures were closely controlled in a Hoskins electric furnace. 





~~ 
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The mold preheat temperature was varied in the range 1500 to 
2000 F (815 to 1090 C) while holding the metal pouring. temperature 
fairly constant near 2680 F (1470C). In the second series the metal 
temperature was varied in the range 2600 to 2820 F (1425 to 1550 C) 
at a constant mold temperature of 1850 F (1010 C). 

As usual to gain test time the great bulk of the tests were run at 
one stress in each system, 20,000 psi at 1500F for vitallium and 
25,000 psi at 1500 F for alloy 6059. Other stresses were used to note 
if there was any measurable effect of the casting variations on the 
slope of the log stress-log rupture time curves. 

Originally it had been intended to send duplicate test samples 
to another laboratory to get a performance check on the stress rupture 
equipment ; however, the large differences in test results from test bars 
from the same casting made it unwise to obtain such a cross-check. 
Actually the results reported here blanket the results obtained with 
these alloys at other laboratories. The stress rupture stands were 
checked against those at the Naval Engineering Experiment Station 
at Annapolis using cast test bars of known performance (with very 
good check results). 

The manganese content was not intended for study originally but 
did prove to be of such consequence that a complete story of its 
effect up to the present is included in this paper. 

Table II lists all. the rupture test results at 1500 F which were 
made on the four series of alloys listed in Table I. The metal and 
mold preheat temperatures are also listed in this group. It is to be 
noted that in all cases where the expression “No Aging” appears there 
was an actual time at temperature (1500 F) of 1 hour prior to the 
application of load. All other aging times were 48 hours at the 
designated temperature. 


B. Discussion of the Data for Vitallium 


1. V-2 Alloys (No Manganese Added). (Variable metal tem- 
perature, constant mold temperature.) With the high carbon vital- 
lium-type alloys there had appeared to be no real reason for adding 
manganese; accordingly none was added in the first series of low 
carbon vitallium alloys. Such large discrepancies in rupture times 
occurred between these alloys and those reported from other labora- 
tories that a second series was made using 1% manganese (the 
V-O series). 








1947 HEAT RESISTANT ALLOYS 371 


Table Il 
Rupture Test Results at 1500 F for Vitallium and Alloy 6059 


V-2 Series (No Mn Added) 


Hrs. to % % /Hr. 
Mold Metal Heat Aging Rup- % R. Creep Rate 
Alloy F F Treatment F Stress ture Elong. of A. Total in. 
23V-2 1850 2620 As-cast None 30,000 55 4.0 Rae rae owe 
As-cast None 20,000 38.0 2.0 3.2 0.053 0.040 
As-cast 48 hrs.—-1500 20,000 41.2 7.6 0.8 0.184 0.069 
20V-2 1850 2668 As-cast None 30,000 2.3 8.9 6.5 3.86 Satin 
As-cast None 20,000 32.6 4.8 24 0.147 0.093 
As-cast None 20,000 36.4 4.2 £2 - Geee (isvec 
As-cast 48 hrs.-1350 20,000 34.0 2.5 bap SE swe 
As-cast 48 hrs.-1500 20,000 27.9 1.6 1.2 0.057 0.020 
22V-2 1850 2735 As-cast None 30,000 5.7 7.3 2.4 1.28 eyes 
As-cast None 30,000 4.6 4.1 32 GB ..%. 
As-cast None 25,000 9.2 6.5 3.2 0.710 
As-cast None 20,000 444 3.9 2.8 0.088 
21V-2 1850 2820 As-cast None 30,000 2.8 4.8 4.0 1.71 
As-cast None 30,000 2.9 10.2? 4.9 3.52 
As-cast None 20,000 14.3 6.5 2.8 0.454 
As-cast None 20,000 31.2 4.0 a& Gia ade. 
As-cast 48 hrs.-1350 20,000 $62: -42 1.2 0.117 0.048 
As-cast 48 hrs.—1500 20,000 Zou Be 0.8 O.320 * 2k. 
28V-0 1600 2663 As-cast None 20,000 34.9 8.3 4.5 0.238 0.107 
As-cast None 20,000 30.8 6.9 3.3 0.224 0.117 
1900—-4%-—-FC None 20,000 25.3 8.9 435. Gis: ws: 
2100-4%4-FC None 20,000 >24.0 10.8 S32 Gee in 
2200-%4-FC None 20,000 41.8 4.5 2.5 0.108 0.076 
2300-4%4-FC None 20,000 90.0 1.6 2.1 0.018 0.009 
2300-14-FC None 20,000 110.8 2.5 0.8 0.023 0O 
2300—4-Air None 20,000 ee 0 sees 
V-0 Series (With 1% Mn Added) 
28V-0 1850 2600 As-cast None 20,000 117.9 20.6 16.4 0.175 0.045 
As-cast None 20,000 68.5 25.6 15.1 0.375 0.095 
As-cast None 20,000 59.2 19.0 14.6. Gee - <0 
As-cast 48 hrs.—1350 20,000 STR hes Sah oe ees 
As-cast 48 hrs.-1350 20,000 182.7 13.5 10.6 0.074 ©C€.018 
As-cast 48 hrs.—1500 20,000 81.0 10.8 13.1 0.133 0.037 
As-cast 48 hrs.-1500 20,000 115.3 12.5 6.6 0.108 0.034 
2300—14-Air None 20,000 ~230.0 7.9 4:3" Giles vas 
24V-0 1850 2655 As-cast None 20,000 53.6 13.8 9.9 90.258 0.100 
As-cast None 20,000 88.9 6.5 8.1 0.073 0.060 
As-cast None 20,000 73.8 7.9 8.2 9.107 0.048 
As-cast 48 hrs.-1350 20,000 55.3 7.1 8.1 0.129 0.061 
As-cast 48 hrs.-1350 20,000 64.4 6.2 45 0.096 0.033 
As-cast 48 hrs.—1350 20,000 <75.0 6.5 43 -QRe. iebs 
As-cast 48 hrs.-1500 20,000 140.9 6.4 7.4 0.045 0.033 
2300-4-FC None 20,000 eee. 2.4 5.3 0.054 0.017 
31V-0 1850 2738 As-cast None 20,000 60.2 11.1 18.3 0.184 0.056 
As-cast None 20,000 153.0 7.9 8.6 0.051 0.024 
As-cast None 20,000 70.9 15.4 9.2 0.218 ‘%.037 
As-cast None 20,000 88.3 11.8 9.4 0.134 0.038 
As-cast 48 hrs.-1350 20,000 95.3 6.2 8.5 0.065 0.028 
As-cast 48 hrs.-1500 20,000 494 54 5.3 0.109 0.043 
As-cast 48 hrs.-1500 20,000 90.5 7.1 5.7 0.078 0.029 
2300-—4-Air None 20,000 SS | 0 py Sp pee 
24V-0 1850 2820 As-cast None 20,000 56.0 9.5 08 GAT ..cs 
As-cast None 20,000 46.3 11.1 7.0 0.240 0.100 
As-cast 48 hrs.—1350 20,000 70.1 9.6 6.5 0.137 0.031 
As-cast 48 hrs.-1350 20,000 51.8 6.9 BS: Gaee Sis 
As-cast 48 hrs.-1500 20,000 61.8 7.7 7.2 0.125 0.054 
As-cast 48 hrs.—1500 20,000 52.1 6.4 ee 2: ee 
2300-44-FC None 20,000 71.4 64 6.8 0.089 .... 
2300—14-Air None 20,000 106.0 3.9 5.6 0.037 0.013 
29V-0 1500 2682 As-cast None 20,000 80.0 7.8 iat: ee eae 
As-cast None 20,000 ee Sis es ai 
As-cast 48 hrs.—1350 20,000 108.4 10.9 10.9 0.100 0.025 
As-cast 48 hrs.-1350 20,000 135.2 15.5 11.0 0.115 0.023 
As-cast 48 hrs.-1500 20,000 167.7 10.2 7.3 0.061 0.029 
As-cast 48 hrs.-1500 20,000 95.0 10.3 11.4 0.108 0.037 
35V-0 2000 2773 As-cast None 20,000 424.7 4.7 2.8 0.011 0.028 
As-cast None 20,000 420.0 3.9 3.6 0.009 0.0020 
As-cast 48 hrs.—1350 20,000 453.3... 3.1 4.1 0.007 0.0014 
As-cast 48 hrs.-1500 20,000 326.1 5.4 45. OB1T ss 
As-cast 48 hrs.—1350 20,000 >200.0 In progress 
As-cast 48 hrs.-1500 20,000 >200.0 In progress 
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Table tI1—(Continued) 
Rupture Test Results at 1500 F for Vitallium and Alloy 6059 
Modified 6059 Alloy (With No Mn) 
Hrs. to rg % /Hr 
Mold Metal Heat Aging Rup- % 4 Creep Rate 
Alloy F F Treatment F ture Elong. of A. Total Min. 
46M-6 1850 2591 As-cast None 25,000 15.4 ces Rs. sonal avae 
As-cast None 25,000 14.8 6.9 i SR: “e's ace 
As-cast 48 hrs.-1350 25,000 43.6 5.0 3.2 0.115 0.051 
As-cast 48 hrs.-1500 25,000 91.7 11.7 10.1 0.127 0.064 
As-cast 48 hrs.-1500 25,000 92.7 8.4 9.4 0.091 0.058 
As-cast 24 hrs.—1600 25,000 87.1 11.7 11.0 0.134 0.062 
45M-6 1850 2655 As-cast None 25,000 18.3 a Se Se owen 
As-cast None 25,000 218 -é65 2.4 0.302 wai 
s-cast 48 hrs.-1500 25,000 >59.7 7.3 4.9 0.120 0.056 
1900-44-FC None 25,000 93 11.4 13.4 1.22 a aid 
2100- FC None 25,000 20.4 11.2 7.8 0.550 aa a 
2300-44-FC None 25,000 11.4 3.2 1.2 0.280 Failed 
44M-6 1850 2745 As-cast None 25,000 18.2 9.7 OD Qe ese 
As-cast None 25,000 27.1 8.3 6.9 0.306 0.195 
As-cast None 25,000 28.7 10.0 5.4 0.398 0.191 
As-cast 48 hrs.-1350 25,000 57.4 6.7 45 0.117 0.049 
44M-6 1850 2745 As-cast 48 hrs.-1500 25,000 51.7 9.8 0.2 0.190 0.158 
2100-%-WOQ 48 hrs.-1500 25,000 32.4 1.6 1.2 0.049 oe 
2200-4%-WQ 48 hrs.-1500 25,000 45 08 0.8 0.055 ware 
41M-6 1850 2820 As-cast None 25,000 21.8 13.0 7.3 0.596 ‘ae 
As-cast None 25,000 19.4 6.7 Be Gee ewe 
As-cast 48hrs-1350 25,000 27.7 4.2 0.4 0.111 0.105 
As-cast 48hrs.-1350 25,000 35.3 6.1 0.4 0.173 0.097 
As-cast 48 hrs-1500 25,000 >54.0 6.6 44 O.11S .... 
As-cast  48hrs-1500 25,000 720 11.3 138 0.157 .... 
Ascast  48hrs.-1S800 25,000 624 89 10.9 0.142 0.067 
Regular 6059 (With 1% Mn) 
41R-6 1850 2620 As-cast None 25,000 24.4 14.1 aE gece 
As-cast None 25,000 23.6 16.9 a aE on o\e 
As-cast 48 hrs.-1350 25,000 88.5 13.3 18.0 0.150 0.091 
As-cast 48 hrs.-1350 25,000 71.6 16.5 15.5 0.230 0.085 
As-cast 48 hre.—1500 25,000 71.6 21.3 244 0.297 0.110 
As-cast 48 hrs.-1500 25,000 30.5 22.6 24.5 0.741 goa 
45R-6 1850 2663 As-cast None 25,000 50.7 24.4 14.8 0.481 
As-cast 48 hrs.-1350 25,000 40.2 214 18.7 0.532 
As-cast 48 hrs.-1350 25,000 80.7 16.5 14.4 0.204 
As-cast 48 hrs.-1500 25,000 33.3 25.4 18.4 0.763 
As-cast 48 hrs.—1500 25,000 75.8 21.3 31.7 0.281 
As-cast 48 hrs.-1500 25,000 31.3 24.0 14.8 0.767 
41R-6 1850 2735 As-cast None 25,000 53.4 16.4 15.5 0.308 
As-cast 48 hrs.-1350 25,000 41.9 21.1 17.6 0.504 
As-cast 48 hrs.-1350 25,000 46.0 25.8 S3:3. G@aee os... 
As-cast 48 hrs.-1350 25,000 198.9 12.7 164 0.129 0.042 
As-cast 48 hrs.-1500 25,000 37.2 23.1 ee EE Soa 
As-cast 48 hrs.-1500 25,000 59.5 20.3 Bae. Se wees 
44R-6 1850 2820 As-cast None 25,000 33.0 18.7 a ee. wee 
As-cast 48 hrs.-1350 25,000 73.8 10.2 11.7 0.138 0.063 
As-cast 48 hrs.-1350 25,000 74.1 16.3 16.1 0.220 0.091 
44R-6 1850 2820 As-cast 48 hrs.-1500 25,000 25.2 15.6 See > GIGS feuds 
As-cast 48 hrs.-1500 25,000 145.0 16.9 18.0 0.117 
As-cast 48 hrs.-1500 25,000 13.2 34.4 33.7 2.60 
48R-6 1500 2700 As-cast None 25,000 43.6 19.5 26.5 0.446 
As-cast None 25,000 38.3 25.0 23.0 0.651 
As-cast 48 hrs.-1350 25,000 47.0 18.0 25.1 0.391 
As-cast 48 hrs.-1350 25,000 45.2 14.6 19.1 0.323 
As-cast 48 hrs.-1500 25,000 470 23.8 26.9 0.506 
As-cast 48 hrs.-1500 25,000 32.6 25.6 19.1 0.785 
49R-6 2000 2682 As-cast None 25,000 17.0 22.5 22.3 1.32 
As-cast None 25,000 54.5 16.3 19.3 0.300 
As-cast 48 hrs.-1350 25,000 59.1 10.6 tet) eee 
As-cast 48 hrs.-1350 25,000 814 14.8 11.4 0.182 0.080 
As-cast 48 hrs-—1500 25,000 35.1 16.3 ae See eis 
As-cast 48 hrs.-1500 25,000 54.2 17.6 15.4 0.325 
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Table Ill 
Rupture Properties Versus Metal Pouring Temperature and Aging Treatment (V-2 Series) 


As Cast—No Aging—30,000 psi 


Alloy Metal Temp., F Rupture Time Corrected to 0.22% C % Elong. 

21V-2 2820 2.8 3.0 4.8 
2.9 3.0 10.2? 
22V-2 2735 5.7 5.7 7.3 
4.6 4.6 4.1 
20V-2 2668 2.3 2.4 8.9 
23V-2 2620 5.5 5.4 4.0 
As-Cast—No Aging—20,000 psi 
21V-2 2820 31.2 32.0 4.0 
14.3 15.0 6.5 
22V-2 2735 44.4 44.4 3.9 
20V-2 2668 32.6 35.0 4.8 
36.4 38.5 4.2 
23V-2 2620 38.0 37.0 2.0 
As-Cast—Aged 48 Hours—1350 F—20,000 psi 
21V-2 2820 36.2 37.0 4.2 
20V-2 2668 34.0 36.0 2.5 
As-Cast—Aged 48 Hours—1500 F—20,000 psi 

21V-2 2820 25.4 26.0 3.3 
20V-2 2668 27.9 29.0 1.6 
23V-2 2620 41.2 40.0 7.6 





Table III shows the results of rupture tests at 1500 F and 
20,000 psi on V-2-type alloys. A correction is made in each individual 
heat for the carbon content according to the method described in a 
previous paper (1). This correction is made only for rupture life 
but not ductility. 

Fig. 1 shows the results graphically. The curves which are 
drawn in these succeeding figures are there only to show the spread 
and the general trend of the test values. Since the test results vary 
so very much even for test bars from the same heat, it is highly 
important to realize that single line curves cannot be used and that 
the shaded bands show the spread for a given number of tests. 
Additional tests might cause even a greater spread of the shaded area, 
although probably not much greater than is already shown. 

Fig. 1 indicates from a limited number of tests that the maximum 
rupture life occurs in the heat cast at 2735 F—without aging. Aging 
in the V-2 series appears to have been of little or no benefit. This is 
not true of the V-O or the 6059 series. Apparently the absence of the 
manganese plays some role here. Note that one bar of the heat cast 
at 2820 F failed with a single grain failure, yielding a very low rupture 
time. The ductility of these alloys varied over such a wide range 
that no attempt was made to plot the points. 

The most important information to be gathered from Fig. 1 is 
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that manganese is an absolute necessity for both the ductility and 
strength of low carbon vitallium. 


Fig. 2 shows the grain size and carbide spacing as a function of 
the metal pouring temperature for V-2 alloys. As usual the grain 


AS-CAST 


HOURS TO RUPTURE 





2600 2800 
METAL POURING TEMP- F 


Fig. 1—The 5 of Metal Pouring Tem- 
perature on the Rupture Life of V-2 Alloys 
(0.22% C Base) at 20,000 Psi and 1500 F. 


size is defined as the number of grains per 0.250-inch test specimen 
séction, while the carbide spacing is listed as the number of carbide 
intersections per unit of length taken as an average in several sections 
of the cross section (usually counted at 400 magnifications). 

In spite of the very erratic behavior of these alloys in the rupture 
test the structural composition shows complete response to the casting 
variables. The number of grains per section decreases with increas- 
ing metal temperature while the carbide spacing remains quite 
constant. This is the same behavior that was noted with the high 
carbon vitallium alloys (1). 

Thus our conclusion must be that in spite of correct structures, 
cast low carbon V-2 alloys are extremely erratic in behavior and are 
therefore unstable from other viewpoints. 

2. V-0 Alloys (With 1% Manganese Added). (Variable metal 
temperature, constant mold temperature.) It was noted almost from 
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the first that the maximum attainable rupture life and ductility through 
an addition of 1% of manganese was very great. Table IV lists the 
results of rupture tests at 20,000 psi and 1500 F. As usual a cor- 
rection for the carbon content was made from the straight-line plot 


CONSTANT MOLD 
50 





NO. OF GRAINS OR MESHES 








2500 26 2700 28 2900 30 
METAL POURING TEMP.-°F 
Fig. 2—The Effect of Metal Pouring Tem- 


perature on the Number of Grains and the Carbide 
Spacing of V-2 Alloys. 





Rupture Properties Versus Metal Pouring Temperature and Aging Treatment 





20,000 psi and 1500 F 
(Corrected to 0.28% Carbon) 


As-Cast—No Aging As-Cast—Aged 1350 F As-Cast—Aged 1500 F 
Metal Rup- Rup- Rup- 
Temp. ture Cor- % ture Cor- % ture Cor- % 
Alloy Time rected Elong. Time rected Elong. Time rected Elong. 
24V-0 1550 46.3 a: \ aio 51.8 60.0 6.9 §2.1 59.0 6.4 
56.0 63.0 9.5 70.1 80.0 9.6 61.8 70.0 7.7 
31V-0 1502 70.9 65.0 15.4 95.3 87.0 6.2 90.5 83.0 7.1 
153.0 137.0 7.9 ae sia i. 49.4 46.0 5.4 
60.2 56.0 11.1 eee si ar an 
88.3 81.0 11.8 i ee ; sre od Es 
24V-0 1455 53.6 60.0 13.2 64.4 73.0 6.2 140.9 157.0 6.4 
88.9 102.0 6.5 55.3 62.0 7.1 vate ke He 
73.8 84.0 7.9 < 75.0 73.0 6.5 $e aa 
28V-0 1425 68.5 68.5 25.6 182.7. 182.7 13.5 ba oi an 
117.9 117.9 20.6 170.0 170.0 o% 81.0 81.0 10.8 
59.6 59.6 19.0 ‘ae sas oe 415.3 115.3 12.5 
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Fig. 3—The Effect of Metal Pouring Temperature on the Rupture Life and 
Ductility of V-0 Alloys (0.28% C Base) at 20,000 Psi and 1500 F. 


of log rupture life against per cent carbon, using 0.28% as the 
standard. 


Fig. 3 shows the results graphically based on the various aging 
treatments used. 

In the as-cast condition the rupture life peak again appears to 
come at 2735 F as it did in Fig. 1 for the V-2 alloys. Note, however, 
that without manganese the peak was only about 45 hours with a 


1947 HEAT RESISTANT ALLOYS 377 


ductility of about 3.9%, whereas with 1% manganese the peak for 
the same casting conditions is almost 140 hours with a corresponding 
ductility of 8%. 

Other points of interest in Fig. 3 are these: 

(a) The rupture life peak in the as-cast unaged state falls at 
2735 F with 137 hours; as-cast and aged at 1350 F the peak falls 


NO. OF GRAINS OR CARBIDE MESHES 





2550 2650 2750 2850 2950 
METAL POURING TEMP-F 


Fig. 4—The Effect of Metal Pouring 
Temperature on the Number of Grains and 
Carbide Spacing of V-0 Alloys. 


at 2600 F or less with a rupture life of 170 to 180 hours; and as-cast 
and aged at 1500 F the peak falls at 2655 F with a rupture life value 
of 150 to 160 hours. 

(b) In all cases maximum ductility occurs in the finest grained 
alloys by a large margin, regardless of the aging treatment. The 
maximum ductility, however, occurs in the unaged, fine-grained 
materials. d 

(c) The spread of values is still most severe in the as-cast 
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Fig. 5—The Effect of Mold Preheat Temperature on the Rupture Life and 
Ductility of V-0 Alloys (0.31% C Base) at 20,000 Psi and 1500 F. 


unaged state. Aging definitely imparts some measurable degree of 
stability. 

Fig. 4 like Fig. 2 shows very much the same behavior of the 
structure of these alloys with increasing metal temperature—thafiis, a 
coarser grain and unaltered carbide spacing. 

3. V-0 Alloys (With 1% Manganese Added). (Variable mold 
temperature, constant metal temperature.) Table V lists the results 
of tests made on three heats with variable mold temperatures at 
constant metal temperature. The rupture values are corrected for 


| a) 
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6—The Effect of Mold Preheat Temperature on 
the Neeaber of Grains and Carbide Spacing of V-0 Alloys. 


the carbon content in the usual way, using 0.31% carbon as the 
standard. The tests again were at 20,000 psi and 1500 F. It was 
expected that a change from 1500 to 2000 F in the mold temperature 
would bring about a greater change in rupture properties than did the 
change in metal pouring temperature for reasons discussed in a 
previous paper (1). This expectation was fulfilled. 

Fig. 5 showS that a mold temperature in excess of 1850F is 
highly beneficial to the strength of vitallium but is correspondingly as 
damaging to its ductility. In all cases whether as-cast or as-cast and 


Table V 
Rupture Properties Versus Mold Preheat Temperature and Aging Treatment 


20,000 psi and 1500 F 
(Corrected to 0.31% Carbon) 


As-Cast—No Aging As-Cast—Aged 1350 F As-Cast—Aged 1500 F 
Mold Rup- Rup- Rup- 
Temp. ture Cor- % ture Cor- % ture Cor- % 
Alloy F Time rected Elong. Time rected Elong. Time _ rected Elong. 
29V-0 1500 80.0 86.0 7.8 108.4 116.0 10.9 167.7 178.0 10.2 
70.0 75.0 ~e 135.2 145.0 15.2 95.0 100.0 10.3 
31V-0 1850 70.9 70.9 15. 95.3 95.3 6.2 90.5 90.5 y 
153.0 153.0 ead ows 49.4 = 5.4 


452.3 400.0 ~ 3.1 >326.1 290.0 5.4 
>200.0 In progress >200.0 In progress 


35V-0 2000 424.7 360.0 
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28V-0 2600F 





Fig. 7—Lilustrating the Lack of Effect of Variations in the Metal Temperature in 
the carbide Spac of V-0 Alloys (after Rupture Testing at 20,000 Psi at 1500 F). 
xa . 
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Fig &8—The Coarsenine Effect of Increasing Mold Preheat Temperature on the 


Carbide Spacing of V-0 Alloys (After 


Rupture Testing at 20,000 Psi and 1500 F). Note 
* 


slip lines in 35V-0. Oxalic acid. X 250. 
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aged the strongest alloy is the coarse-grained one cast into a 2000 F 


\mold. In all cases this coarse-grained, coarse carbide spaced alloy is 
also the least ductile by a correspondingly large margin. There is the - 
usual large spread of values in the as-cast condition which is ironed 
out to some extent by the aging treatments which both strengthen 
and stabilize the alloy. As usual, aging at 1350 F for 48 hours yields 
the strongest alloy with a rupture life of 400 hours. 

Fig. 6 shows that an increase in mold temperature affects both 
the grain size and carbide spacing; this was equally true with high 
carbon modified vitallium (1). 

Fig. 7 shows structures of four of the alloys taken from heats 
in which the metal pouring temperature was varied. Note that there 
is very little difference in carbide spacing on the average. 

On the other hand Fig. 8 shows photomicrographs of three heats 
in which the mold temperature was varied. There is a distinct 
change in the carbide spacing of these alloys in going from 1500 to 
2000 F. 

Thus we see that the same structural changes have occurred in 
the low carbon vitallium alloys as in high carbon modified vitallium 
(1). 

The structures shown in Figs. 7 and 8 at 250 are typical of 
aged low carbon vitallium. In the unaged condition, as-cast, the 
microstructures would show what appears to be a two-phase but 
may be a three-phase structure, a carbide or carbides of unknown 
composition in an austenitic matrix. These carbides have been iden- 
tified tentatively as Cr,C and Cr,C,, but the evidence is not at all 
complete (2). 

The precipitate is even less familiar insofar as s composition and 
behavior are concerned. On the basis of the rupture test results in 
relation to the structure it was noted that the as-cast structures re- 
sponded more in line on the average. When pre-aging is used the 
rupture test results are greatly influenced by the aging temperature 
and the time too, no doubt. The effect is great enough to obscure, 
apparently, the controlling action of the grain size. Since the maxi- 
mum value in rupture-strength changes with aging at 1350 or 1500 F 
(see Fig. 3), it is apparent that the original grain size and carbide 
spacing must influence the precipitate either by affecting the particle 
size or by its distribution. In this way an alloy which shows its best 
properties in the as-cast state as a coarse-grained material can be- 
come stronger after aging in the fine-grained condition. ; 
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Fig. 9—Illustration of Slip Lines in 24V-0, After Testing to 
Rupture at 20,000 Psi and 1500 F, Delineated by Aging Precipi- 
tate. Oxalic acid. X 750. 


It is interesting to note that Fig. 9 and the lower portion of 
Fig. 8 show slip lines along which the excess phase has precipitated. 
Apparently these alloys cannot be far from their equi-cohesive tem- 
peratures at 1500 F, at the strain rates applied. If the alloys exceeded 
the equicohesive temperature by a large amount it is not conceivable 
that vast numbers of slip lines would be formed. There is, there- 
fore, great need for investigation of the equi-cohesive and recrystal- 
lization temperatures of these alloys in order to understand their 
behavior better. Knowing the equi-cohesive temperatures would per- 
mit a better application of these alloys and would further our under- 
standing of their behavior at various strain rates and test times. 

Actually the most important information presented in this por- 
tion of the paper is this: whereas the maximum rupture life for a 
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0.25% carbon vitallium alloy was shown to be about 100 hours at 
20,000 psi and 1500 F (3), it has been shown that if manganese is 
omitted the best rupture life is only about 40 hours; if the metal 
temperature is properly controlled at an 1850 F mold temperature, 
aging at 1350 F can produce a rupture life of about 180 hours; and 
if the mold preheat temperature is raised to 2000 F, the rupture life 
may be raised to over 400 hours. Therefore, the metal and mold 
casting temperatures are all important in order to select the best 
properties of the alloy, regardless of the subsequent heat treatments 
and aging treatments. 

Very much of the original work done with vitallium is conse- 
quently of little value from the viewpoint of engineering test data. 
This is also true of a great many other alloys tested prior to the pres- 
entation of data in 1945 that rupture life values vary over wide lim- 
its depending on the mold and metal casting temperatures. Because 
the test data were obtained on alloys of unknown structure due to 
unknown casting conditions, it is impossible to compare various al- 
loys unless we know that each is in its optimum condition for strength 
or ductility. Actually the Statistical Research Group at Columbia 
University under an NDRC contract, after attempting to find cor- 
relations in vitallium among composition, heat treatment, rupture life, 
ductility, etc., gave up because the data were so unrelated, having 
come from several alloy producers with different heat and aging 
treatments, etc., after having been cast over a wide range of mold and 
metal temperatures. 

4. Solution Treatments of Vitallium Alloys. It had been shown 
in the previous report (1) that heat treatments could improve the 
ductility of high carbon (1%) vitallium but that generally the 
strength was inferior to the as-cast strength. At solution tempera- 
tures in excess of 2000 F the ductility fell rapidly to essentially zero. 
Air cooling and water quenching were much more damaging than 
very slow furnace cooling. 

Since low carbon vitallium alloys are often welded in super- 
charger and jet engine applications, it appeared to be of interest to 
note the behavior after exposure to high temperatures. Table VI 
shows the results of heat treatments of both V-O and V-2 alloys, 
while Fig. 10 is a plot of the values obtained with alloy 28V-2. 

Fig. 10 indicates that the strength and ductility can be varied 
over an appreciable range of values by heat treatment based on the 
ofiginal as-cast, unaged values of 28V-2. Generally, however, an 
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increase in strength is accompanied by a decrease in ductility. This 
has been noted almost without exception, regardless of the type of 
alloy or the type of treatment employed. As was true in the high 
carbon vitallium-type alloys, air cooling can and often does knock 
both the strength and ductility to very low values as compared to 
furnace cooling. The effect in these low carbon vitallium alloys is, 


PERCENT ELONGATION 
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Fig. 10—Effect of Solution Treatments on the Rup- 
ture Properties of Alloy 28V-0, % Hour at Temperature 
Followed by Furnace Cooling, No Aging. (20,000 psi 
and 1500 F.) 


however, not as damaging to the rupture strength as it was in the 
high carbon vitallium alloys. 

Fig. 11 shows the changes in structure of alloy 28V-2 with solu- 
tion temperature. The structures shown are those of the test bars 
after failure had occurred so that the aging constituent is present 
in all the structures. At 1900 F there has been little change, except 
for a coarser precipitate, compared to the structure of a 1500 F test 
bar (see Fig. 7). Only a small change has occurred in going from 
1900 to 2100 F, but at 2200 F, at which point the strength begins to 
increase and the ductility decreases markedly, it is noted that the 
carbides have been taken into solution partially and the aging con- 
stituent is distributed more uniformly throughout the matrix. At 
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Fig. 11—Effect of Solution Treatments (% Hour at Temperature, Furnace or Air- 
cooled) on the Resultant Microstructure of Alloy 28V-2 (After Rupture at 20,000 Psi 
and 1500 F). Oxalic acid. X 250. 
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Table VI 
Rupture Properties of Heat Treated Vitallium 


20,000 psi and i F 


Ages Rupture Time Elong. R. of A. 
Alloy, Heat Treatment ours % To 
28V-2 As-Cast None 34.9 8.3 4.5 
As- — None 30.8 6.9 3.3 
1900 F—% Hr.—Furnace Cool None 25.3 8.9 4.5 
2100 F—% Hr.—Furnace Cool None > 24.0 10.8 5.3 
2200 F—'% Hr.—Furnace Cool None 41.8 4.5 2.5 
2300 F—'% Hr.—Furnace Cool None 90.0 1.6 2.1 
2300 F—% Hr.—Furnace Cool None 110.8 2.5 0.8 
2300 F—% Hr.—Air Cool None 1.7 0.0 0.0 
24V-0 As-Cast None 46.3 11.1 oi 
As-Cast None 56.0 9.5 Si 
2300 F—% Hr.—Furnace Cool None 71.4 6.4 6.8 
2300 F—'% Hr.—Furnace Cool None 130.6 7.1 5.3 
2300 F—™% Hr.—Air Cool None 106.0 3.9 5.6 
31V-0 2300 F—™% Hr.—Air Cool None 3.6 0.0 0.0 
28V-0 As-Cast None 117.9 20.6 si 
2300 F—% Hr.—Air Cool None ~230.0 7.9 4.5 
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Fig. 12—The Effect of Metal Pouring es on the Rupture Properties of M-6 
Alloys “Co. 45% C Base) at 25,000 Psi and 1500 


2300 F with furnace cooling all the massive carbides are dissolved 
and, while the aging constituent is very uniformly scattered through- 
out the grain, there is a noncontinuous agglomeration of a phase at 
the grain boundaries causing the vastly decreased ductility. Air cool- 
ing from 2300 F causes an extremely heavy grain boundary precipi- 
tate which apparently accounts for the zero ductility often noted. The 
structures resulting from the 2300F treatment ought to give fair 
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warning that care must be taken in any welding procedure not to 
cause damage to the structure and properties of these alloys. 


C. Discussion of the Data for Alloy 6059 


1. M-6 Alloys (Modified 6059 With No Manganese). (Vari- 
able metal temperature, constant mold temperature.) Test results 
indicated that there was not much difference in the rupture proper- 
ties of cast 6059 alloy and the modified version which substituted 
4% tungsten for an equal amount of molybdenum. Since there was 
much melting stock available of this modified 6059 which had no 
manganese, it was used to determine if there was a similar effect on 
the physical properties here as was shown in the vitallium alloy. 

Table VII lists the rupture test results for the M-6 alloys. Cor- 


Table VII 
Rupture Properties Versus Metal Pouring Temperature and Aging Treatment 


25,000 psi and 1500 F 
(Corrected to 0.45% Carbon) 


M-6 Series 
As-Cast—No Aging As-Cast—Aged 1350 F As-Cast—Aged 1500 F 
Metal Rup- Rup- Rup- 
Temp. ture Cor- % ture Cor- % ture Cor- % 
Alloy F Time’ rected Elong. Time _ rected Elong. Time’ rected Elong. 
41M-6 2820 21.8 24.5 13.0 37.7 42.0 4.2 62.4 71.0 8.9 
19.5 23.0 6.7 35.3 39.5 6.1 72.0 82.0 11.3 
> 54.0 70.0 i 
44M-6 2745 18.2 19.0 9.7 57.4 59.0 6.7 51.7 53.0 9.8 
27.1 28.0 8.3 ‘on ia’ ta wilt pike a 
28.7 29.0 10.0 sti enki 5 
45M-6 2655 18.3 18.3 ied >537 > Rez 7.3 
21.5 21.5 6.5 fea a ia aid x Saha ale 
46M-6 2591 15.4 15.0 ‘ 43.6 43.0 5.0 91.7 90.0 11.7 
14.8 14.5 6. sca Sat a 92.7 91.0 8.4 
46M-6 (Aged 24 hours at 1000 F) gave 87.1 hours with 11.7% elongation. 


rection for carbon was again made in the usual way but was very 
small due to the small carbon spread among heats. Fig. 12 shows the 
results graphically. The following items are to be noted from these 
data : 

(a) Aging both at 1350 and 1500F improves the rupture 
strength of 6059 over the as-cast strength. Aging at 1500 F brings 
about little change in the ductility on the average whereas aging at 
1350 F causes a general decrease in ductility. 

(b) As in the as-cast vitallium alloys the 2735 F castings show 
the maximum strength. Aging at 1350F improves the alloys but 
maintains the same shape of curve, whereas aging at 1500 F causes 
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a reversal of the curve so that the finest grained material is both 
strongest and most ductile. 

(c) The modified 6059 alloy at its maximum shows about the 
same rupture life as the best values in the literature for standard 
6059, namely, 90 to 100 hours life at 25,000 psi and 1500F (2). 

Fig. 13 illustrates the change in grain size and carbide spacing 
of the M-6 alloys with increasing metal temperature, and again as 





20;}CONSTANT MOLD-—(|850 F 


NO. OF GRAINS OR CARBIDE MESHES 


O | 
2550 2650 2750 2850 2950 
METAL POURING TEMP-— F 


Fig. 13—The Effect of Metal Pouring 
Temperature on the Number of Grains and 
Carbide Meshes in M-6 Alloys. 


in the low and high carbon vitallium alloys the grain coarsens while 
the carbide spacing remains the same. 

2. R-6 Alloys (Standard 6059). (Variable metal temperature, 
constant mold temperature.) The results of tests on standard 6059 
with 1% manganese are shown in Table VIII and the results are 
plotted in Fig. 14 on the basis of aging treatments. The following 
points are almost immediately noted. 

(a) In the as-cast condition the strongest alloy is the 2735 F 
casting. Aging improves the maximum attainable rupture strengths 
at both 1350 and 1500 F, but the maximum at 1500F is about 140 
hours at 25,000 psi and 1500 F as compared to only 100 hours due to 
1350 F aging. This latter value, however, is probably much more 
reproducible than the 140-hour value which was obtained on a single 
or two-grained cross section specimen. The general shape of the 
curves for the R-6 and M-6 series is the same with each treatment. 
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4—The Effect of Metal Pouring Temperature on the Rupture Properties 
of nee Sdee (0.449% C Base) at 25,000 Psi and 1500 F. 


(b) There is a great deal of spread in both the rupture times 
and ductilities of these alloys. 

(c) The addition of 1% manganese has apparently caused a 
great improvement in the ductility of the R-6 alloys over the M-6 
alloys. 

(d) An examination of Fig. 15, which shows the grain size and 
carbide spacing of these alloys, tells us that the 6059 system is a 
very coarse-grained one for casting temperatures comparable to those 
used in the other alloy series tested. The structures are not as precise 
either and large variations are noted from specimen to specimen. As 
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Table VIII 
Rupture Properties Versus Metal Pouring Temperature and Aging Treatment 


25,000 psi and 1500 F 


As-Cast—No Aging 


(Corrected to 0.44% Carbon) 
R-6 Series 


As-Cast—Aged 1350 F 


391 


As-Cast—Aged 1500 F 


Rup- Rup- Rup- 

Temp. ture Cor- %o ture Cor- % ture Cor- %o 
Alloy F Time _ rected Elong. Time rected Elong. Time rected Elong. 
44R-6 2820 33.0 33.0 18.7 73.8 73.8 10.2 25.2" 25.2 15.6 
74.1 74.1 16.3 13.2° 13.2 34.4 

145.0 145.0 16.9 

41R-6 2735 53.4 58.0 16.4 41.9 46.0 21.1 a7.BY. 438 - 33.1 
98.9 103.0 12.7 59.5° 650: ..203 

46.0 50.0 25.8 ose seis aie 

45R-6 2663 50.7 49.0 24.4 40.2 39.0 21.4 33.5 32.0 25.4 
80.7 79.0 16.5 31.3 30.0 24.0 

75.8 74.5 21.3 

41R-6 2620 24.4 27.0 14.1 71.6 78.0 16.5 71.6 78.0 21.3 
23.6 26.0 16.9 88.5 95.0 13.3 30.5 37.0 22.6 

_*Denotes failures which were definitely single grain specimens across a given cross 
section. 
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Fig. 15—The Effect of 
Temperature on the Number 
Carbide Meshes in R-6 Alloys. 


Metal Pouring 
of Grains and 


a result many very coarse single-grained failures occurred. This 
extreme coarseness, which brings about the erratic behavior in rup- 
ture peformance due to grain orientation, is well illustrated in the 
upper left-hand block of Fig. 14 where the 2820 F heat shows three 
rupture times and three elongation values of 13.2, 25.2 and 145.0 
hours and 15.6, 16.9 and 34.4% elongation respectively. On the 
basis of the structures, therefore, one would not expect alloy 6059 
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Fig. 16—The Effect of Mold Preheat Temperature on the Rupture Prop- 
erties of R-6 Alloys (0.48% C Base) at 25,000 Psi and 1500 F. 


to behave with any amount of uniformity. Where the V-0 alloys 
change from 30 to 4 grains per cross section, the R-6 alloys changed 
from about 8 to 2 grains for the same change in the metal pouring 
temperature range. 

3. R-6 Alloys (Regular 6059 With 1% Manganese). (Variable 
mold temperature, constant metal temperature.) Using a constant 
metal temperature of about 2680 F, three heats were made with 1500, 
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Fig. 17—Effect of Mold Preheat Temperature on the 
Number of Grains and Carbide Meshes in R-6 Alloys. 


1850 and 2000 F mold temperatures. Table IX lists the results of 
these tests and Fig. 16 shows them graphically. 

Again the coarser grained materials are stronger except where 
such coarseness is attained that effects of grain orientation obscure 
the results. There is no question, however, that the test bars made 
in an 1850 F mold are all vastly stronger than those made at 1500 F. 
In all cases aging at 1350 or 1500 F improves the maximum attain- 
able values. Ductilities are still very high. As it now appears aging 


Table IX 
Rupture Properties Versus Mold Preheat Temperature and Aging Treatment 


25,000 psi and 1590 F 
(Corrected to 0.48% Carbon) 


R-6Series 
As-Cast—No Aging As-Cast—Aged 1350 F As-Cast—Aged 1500 F 
Mold Rup- Rup- Rup- 
Temp. ture Cor- Fo ture Cor- % ture Cor- % 
Alloy F Time rected Elong. Time rected Elong. Time _ rected Elong. 
48R-6 1500 43.6 43.6 19.5 46.0 46.0 18.0 47.0 47.0 23.8 
38.3 38.3 25.0 45.2 45.2 14.6 32.6 32.6 25.6 
45R-6 1850 50.7 56.0 24.4 40.2 46.0 21.4 33.3 39.0 25.4 
80.7 87.0 16.5 31.3 37.0 24.0 
75.8 81.0 21.3 
49R-6 2000 17.0* 17.0 22.5 59.1 59.0 10.6 35.1 35.0 16.3 
54.5 54.0 16.3 81.4 81.0 14.8 54.2 54.0 17.6 


*Single-grained cross section. 
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Fig. 18—Illustrating the Lack of Effect of Variations in Metal a 
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Fig. 19—Illustrating the Coarsening of the Carbide Spacing (Small) With In- 
creasing Mold Preheat Temperature of R-6 Alloys (After Rupture Testing at 25,000 Psi 
and 1500 F). Oxalic acid. x 250. 


does not decrease the ductility of the 6059 alloys but does that of the 
vitallium alloys. Fig. 17 shows once more that changes in mold pre- 
heat temperature cause changes in both the carbide spacing and grain 
size. This has been true in all cases thus far. As usual, the grain 
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size is very coarse and the tendency for single-grained structures is 
very great. 

Fig. 18 illustrates a series of four M-6 alloys bearing out the 
curves of Fig. 15 that a change in metal pouring temperature has no 
appreciable effect on the carbide spacing. 

Fig. 19, on the other hand, shows that there is a small but defi- 
nite coarsening of the carbide spacing with increasing mold preheat 
temperature. 

While some rupture tests were made at a series of stresses for 
both the vitallium and 6059 alloys, no effort was made to show the 
effect of casting temperatures on the slopes of these curves because 
it would involve an extremely large amount of additional long-time 


a Table X 
Effect of Heat Treatment on M-6 Alloys at 25,000 Psi and 1500 F 
‘ Hours to % Jo 
Alloy Heat Treatment Aging Rupture Elong. R. of A. 
44M-6 2100 F—% Hr.—Water Quench 48 Hrs.—1500 F 32.4 1.6 1.2 
45M-6 1900 F—% Hr.—Furnace Cool None 9.3 11.4 13.4 
2100 F—% Hr.—Furnace Cool None 20.4 11.2 7.8 
2300 F—'™% Hr.—Furnace Cool None 11.4 3.2 1.2 


testing to obtain sufficient points to establish good curves due to the 
erratic behavior of these cast alloys. 

4. Solution Treatment of Alloy 6059. Table X shows the re- 
sults of some tests on the effect of solution treatments on alloy 6059. 
Water quenching from 2100 or 2200F decreases the strength, but 
especially the ductility. Even the slower furnace cooling is detri- 
mental to the strength but not to the ductility until about 2300 F is 
attained. Thus heat treatments of this nature only go to prove that 
the cobalt base alloys are at their best in the as-cast state attained 
by the slow cool associated with hot investment casting followed by 
the proper aging treatment required of the cast structure. 


D. The Effect of Manganese on the Rupture Properties of 
Low Carbon Vitallium 


As was mentioned earlier in the report, manganese to the extent 
of only 1% appeared to have beneficial effects on both the rupture 
life and elongation of vitallium and 6059. Accordingly several addi- 
tional vitallium alloys were cast with both 2 and 4% manganese. 
The results of these tests are tabulated in Table XI along with the 
alloy compositions and are plotted in Fig. 20. 
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Fig. 21—Comparison of Several Cast High Temperature Alloys of the Vitallium and 
Modified Vitallium Types Over a Series of Stresses at 1500 F. 
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Table XI 


Rupture Properties of Vitalllum with Increasing Manganese Content 
and Aging Treatment 


Tests at 20,000 psi and 1500 F 
(0.27% Ca Base) 


As-Cast—No Aging As-Cast—Aged 1350 F As-Cast—Aged 1500 F 
Mn Rup- Rup- Rup- 
Con- _—ture Cor- % ture Cor- % ture Cor- % 
Alloy tent Time rected Elong. Time rected Elong. Time _ reeted Elong. 
31V-4 4 407.2 360.0 4.7 835.7 740.0 3.2 >470.0 >420.0 3.9 
27V-3 2 90.0 90.0 6.3 285.5 285.5 4.7 245.5 245.5 4.7 
24V-0 1 53.6 59.5 13.2 64.4 70.0 6.2 140.9 155.0 6.4 
88.9 98.0 6.5 55.3 61.0 7.1 eens nw ‘s 
73.8 81.0 7.9 75.0 82.0 6.5 he 
20V-2 0 32.6 40.0 4.8 34.0 42.0 2.5 27.9 35.0 1.6 
36.4 45.0 4.2 aon we pk Sten’ 
Metal Temperature Mold Temperature Cc Mn Cr Co lo 
Alloy Cc F © F % To %o %o % 
31V-4 1470 2681 1009 1850 0.31 4 24 65 6 
27V-3 1460 2664 1009 1850 0.27 2 24 67 6 
24V-0 1455 2655 1009 1850 0.24 1 24 68 6 
6 


20V-2 1462 2670 1009 1850 0.20 0 24 69 











Fig. 20 shows that the rupture strength increases progressively 
with increasing manganese up to 4%. The best results are achieved 
by aging at 1350 F and next best at 1500 F. The value given for the 
4% manganese alloy aged at 1500 F is low due to an inclusion found 
present in the fracture which occurred in the fillet. The ductility, 
however, does not make as good a story. The ductility reaches a 
maximum at approximately 1% manganese, then falls off almost as 
rapidly as 4% manganese is approached. An additional alloy was 
made containing 6% manganese but could not be tested due to the 
extremely poor surface of the test bars caused by a surface reaction 
between the SiO, mold and the manganese of the alloy. 

It should be mentioned at this point that 1% manganese was 
also added to a high carbon vitallium alloy. The results of this addi- 
tion are shown in Table XII which compares the rupture strengths 
and ductilities of our two best high carbon vitallium grades, 
111VT2-2 and 108VTN2-2 against alloy 111VT2-0 which contains 
1% manganese (the first two are free of manganese). All three 
heats were cast at very much the same temperatures. Note that here 
too manganese has had a very appreciable effect on the ductility, 
doubling it at least at all stresses. The strength fell off somewhat, 
however, but not severely. 

Finally in Fig. 21 are plotted the log stress versus log rupture 
time curves giving a comparison of the strengths of the best low 
carbon vitallium alloys with the high manganese vitallium and with 
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Table XII 
Effect of 1% Manganese on High Carbon Vitallium 


Ail Tests at 1500 F 


35,000 psi 30,000 psi 28,000 psi 25,000 psi 
Rupture upture Rupture Rupture 
ime Elong. Time Elong. Time Elong. Time  Elong. 
Alloy Hours % Hours % Hours % Hours % 
111VT2-0 Oe Mn)* S78 262. 197.5 - 17.3 .2748 —168 902.3 13.7 
111VT2-2 0% Mn) 91.3 10.3 321.0 7.1 one eae 1093.4 6.5 
1O8VTN2-2 (0% Mn) “e's ahs 330.0 6.4 604.7 6.3 1554.0 3.9 
L10OVA2-2 (2% Ti) sae gals ase )|6cle osiea dis ws 


196.7. 18.5 
*See reference (1) for the compositions of these alloys. 

















the high carbon modified vitallium alloys with and without manga- 
nese. Included are curves for the following low carbon alloys: 

(a) Best vitallium data to date, from available literature, using 
the top values—carbon content unknown but is approximately 0.25%. 

(b) A 0.35% carbon vitallium grade plotted from results sub- 
mitted by one of the co-operating laboratories. 

(c) The line resulting from tests on alloy 31V-4, the 4%-man- 
ganese vitallium. 

Fig. 20 shows that 31V-4 is considerably stronger and of bet- 
ter slope than any of the plain vitallium alloys, but much more im- 
portant the results show that the manganese has imparted a large 
degree of stability in the alloy, making the behavior of the alloy much 
more definite and predictable. 

Alloy 108VTN2-2 (containing 2% tantalum plus 2% nickel) 
is by some odds the best alloy we have tested to date from the 
strength point, whereas alloy 111VT2-0 has the best combination of 
hot ductility and strength in the Co-Cr-Mo system. Two per cent 
titanium in high carbon vitallium instead of 2% tantalum has much 
the same effect that manganese shows. At 30,000 psi the rupture 
comparisons for the titanium and manganese modifications are very 
much alike (see Table XII). 


E. Cold Tensile Tests 


A large group of cold tensile tests were run to determine so- 
called handling properties and general strength and ductility char- 
acteristics at room temperature. These values are listed in full in 
Table XIII including the mold and metal casting temperatures. The 
significance of such data for high temperature applications is highly 
questionable but is included for those who can use it. 








400 TRANSACTIONS OF THE A. S. M. Vol. 39 


Table XIII 
Room Temperature Tensile Data 


(All Tests As-Cast) 


Metal Mold 
Temp. Temp. Nom. ae mn a 
Alloy F F Aging Strength, psi ng. R. of A. Remarks 
ata None 124,000 wry 
10SVN4-2 2735 1850 None 99,090 2.9 3 2 
95VN8-2 oie cad None 115,200 3.9 lage Thread failure 
99VT2-2 1500 None 122,700 4.1 1.4 
99VT2-2 2550 1700 None 125,900 4.0 1.4 o 
2550 1700 None 117,100 4.3 04 
102VT2- 2605 1850 None 120,000 3.2 0.8 
120V T2-2 2640 1850 None 108,400 3.9 1.0 
99VT2-2 2825 1850 None 113,100 3.6 0.9 “rae gage 
106V T2-2 2820 1850 None 105 5.1 1.2 mar 
87VT2-2 2625 2000 No 9 5.9 1.2 
680 1850 §648 hrs.-1350 F 121 5.1 6.6 
29V-0 2 1500 48 hrs.-1350 F 113,100 2.6 2.5 
35V-0 2770 2000 48 hrs.-1350 F 127 10.4 4.0 45° shear 
41R-6 2735 1850 None 76,000 10.2 20.0 Small inclusion 
R 2695 1500 No 89,600 6.5 6.4 
2695 1500 48 hrs. 1350 F 91,400 44 5.5 
49R-6 2680 1850 No 85 9.2 10.4 
2680 1850 48 hrs.-1350 F 103,800 4.1 5.6 
27V-3 2660 1850 None 109,200 7.2 10.2 
2660 1850 48 hrs.-1350 F 130,800 2.5 5.0 
1850 48 hrs.-1350 F 136,300 3.3 6.0 
37VT-3 2695 1850 None 102,800 5.9 10.7 
695 1850 48 hre.-1350 F 115,500 2.6 7.0 


Generally speaking, aging at 1350 F cuts down the room tem- 
perature ductility as much as 50% but increases the strength slightly. 
Naturally longer exposure of these materials to temperature, time 
and stress will progressively decrease the ductility more and more 
so that initial cold strengths and ductilities lose their meaning. 

Alloy 6059 is considerably more ductile than either the high or 
low carbon vitallium, but is also much weaker, being the weakest 
low temperature alloy of all those tested. 

The strongest alloy at room temperature is 31V-4 with 4% 
manganese. 

The data further show that there is sufficient strength and duc- 
tility in all these alloys including the high carbon modified vitallium 
alloys to permit the normal handling of these materials without the 
remotest danger of breakage due to banging or dropping of castings. 
They are strong low temperature alloys. 


CONCLUSIONS 


Extensive tests were made on the effect of changes in metal 
pouring and mold preheat casting temperatures on the stress rupture 
properties of low carbon vitallium and alloy 6059. It was found 
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again, as had been shown previously with high carbon vitallium-type 
alloys (1), that an increase in metal pouring temperature causes a 
coarser grain but no change in the carbide spacing. An increase in 
the mold preheat temperature causes both a coarser grain size and a 
coarser carbide spacing. These changes in structure in turn bring 
about alterations in the rupture and creep strengths and ductilities 
of the alloys. In the as-cast state the alloys are stronger at high tem- 
peratures (1500 F) the coarser the grain size, until the point is 
reached where one to three or four grains occupy the whole cross 
section of the bar. At that point the orientation of the grain, but 
especially the grain boundary, determines to a very great extent the 
performance of the alloy. 

Aging alters the pattern of the behavior in rupture in such a way 
that aging at 1350 F may cause one grain size to be strongest, whereas 
aging at 1500 F may influence another grain size to show the opti- 
mum strength. 

A change in the carbide spacing, which is brought about by a 
change in the mold preheat temperature, causes a very large altera- 
tion in the ductility of the alloy whereas a variation in the metal tem- 
perature which affects no change in the carbide spacing brings about 
a much smaller and unrelated alteration in ductility. These behaviors 
strongly back the conviction that the grain size controls the strength 
primarily, whereas the carbide spacing controls the ductility to a great 
measure. Aging, of course, colors these effects in various ways. 

The casting conditions in hot investment casting must be thor- 
oughly known in order to produce an alloy in its optimum condition 
and to reproduce it in subsequent production schedules. 

Both vitallium and 6059 are comparatively unstable with com- 
positions which, while they are not difficult to reproduce, are highly 
erratic in rupture test behavior from specimen to specimen. Aging 
imparts some degree of stability. 

The addition of 1% of manganese to vitallium imparts much 
greater strength and ductility and vastly improves the ductility of 
6059 with a smaller increase in strength. 

Manganese to the extent of 2 and 4% in vitallium improves the 
strength at 20,000 psi and 1500 F from a maximum of 40 hours 
for zero manganese to 300 and then to 700-odd hours by aging at 
1350 F. At the same time a distinct increase in stability and repro- 
ducibility is noted. 

Solution treatments for vitallium and 6059 can be extremely 
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harmful to either the strength or ductility. The more drastic the 
quench the greater the loss of ductility and often of the strength. 

Room temperature tensile tests indicate strengths on the order 
of 100,000 to 130,000 psi with elongation in 1 inch on the order of 
2 to 12% depending on the alloy and its treatment. 
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DISCUSSION 


Written Discussion: By William C. Stewart, U. S. Naval Engineering 
Experiment Station, Annapolis, Md. 

Dr. Grant is to be congratulated on the very fine paper setting forth mold 
and casting temperatures necessary to obtain heat resisting materials having 
optimum rupture life and ductility. The data presented should be valuable in 
the preparation of castings for use in gas turbines and other high temperature 
applications. 

It is noted that for both the vitallium and 6059 alloys, the grain size of the 
castings increases rapidly as the pouring temperature or mold preheat tempera- 
ture increases. This is due to the fact that the cooling rate decreases with 
increase in pouring and mold preheat temperatures. This phenomenon has been 
observed in casting most alloys. As in the case of most wrought heat resist- 
ing alloys, the vitallium and 6059 alloy castings are stronger at high tempera- 
ture (1500 F) the coarser the grain size, within certain limits. In the case of 
the materials covered by this paper the limiting grain size is where 1 to 3 or 4 
grains occupy the whole cross section of the 0.250-inch diameter test bar. 
Conversely, the ductility is best for the finest-grained samples. 

The fact that the addition of 1% manganese improves the strength and 
ductility of vitallium is not surprising. In the case of most wrought heat re- 
sisting alloys the addition of 1 to 2% manganese is practiced to enhance forge- 
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ability. It is of interest to learn that the optimum 1500F (815 C) rupture 
life is obtained for the alloy having 4% manganese content. 

It is to be remembered that the stress rupture test results for the mate- 
rials were obtained at 1500 F (815 C) temperature. The conclusions drawn 
from the test results may or may not be applicable to other temperatures, es- 
pecially to lower temperatures. 

The facts brought out in this paper show the importance of controlling 
metal pouring temperature and mold preheat temperature. However, it might 
be pointed out that the tests described were made using small samples pre- 
pared by the precision hot investment casting method. The casting conditions 
would have to be altered to compensate for any change in the investment ma- 
terial, volume of the casting, the area exposed to cooling and heat conductivity 
of the metal since the various cooling rates encountered would influence the 
microstructures and consequently the elevated temperature properties. It is 
possible that some of the erratic stress rupture test results reported for vital- 
lium alloy may have been due to variations in metal pouring and mold pre- 
heat temperatures. 


Author’s Reply 


I want to thank Mr. Stewart for his remarks and to add my own remarks 
to his that a great many of the very erratic rupture and creep results published 
in the reports on high temperature alloys during the past five years are due 
to a very great extent to the utter lack of close control of casting variables. 








CHANGES IN AUSTENITIC CHROMIUM-NICKEL STEELS 
DURING EXPOSURES AT 1100 TO 1700 F 


By Peter Payson and Cartes H. SAvaGe 


Abstract 


A hitherto incompletely identified constituent has 
been encountered from time to time in austenitic chro- 
mium-nickel steels which were exposed for lo eriods 
at temperatures between 1100 and 1700 F (595 and 925 
C). This phase which has been proved to be sigma occurs 
along with precipitated carbides and appears to be a trans- 
formation product of austenite. This study of steels of 
the 302, 311, 309, and 310 types, with variable silicon, and 
with additions of nitrogen, columbium, titanium, and zir- 
conium, shows that the formation of sigma from austenite 
is promoted by the presence in the steel of high percent- 
ages of chromium, silicon, and nitrogen, as well as by the 
additions of columbium, titanium, and zirconium. Gen- 
erally, long holding periods are required for the formation 
of sigma. Room temperature tensile and notch impact 
data are given for these steels after long exposures at 1400 
and 1600 F and a few results of high temperature tests. 

A metallographic scheme for identifying sigma in 
these steels is given. 

Finally, data are given which show that over 2.0% 
silicon in Type 310 markedly improves the resistance of 
the steel to carburization at 1650 F (900 C). 


T is just about 25 years since Dr. Charles Morris Johnson (1), 

(2)* introduced Rezistals to American industry. The steels were 

referred to as being “nomagnetic, flame, acids, and rust resisting,” 
and the analyses of some of them are given below: 


Grade Carbon Manganese Silicon Nickel Chromium 
No. 2 0.25to0.40 0.50t00.70 25to3.5 9 to 10 15to17 *° °° 
No. 3 0.25t00.40 0.50t00.70 25to3.5 15tol7 15to17_ 
No.4 0.25to0.40 0.50t00.70 25to35  24to26 15 to 17 

No. 5 0.25to0.40 0.50t00.70 25to35 34to36 10 to 14 

No. 6 0.25to0.40 0.50t0o0.70 1.0tol5  24to26 16.5 to 17.5 
No.7 0.25to0.40 0.50t00.70 25to35 20to23 24to26 ° 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Twenty-eighth Annual Convention of the 
Society held in Atlantic City, November 18 to 22, 1946. Both authors are as- 
sociated with the ern Research Laboratory, Crucible Steel Company of 
America, Harrison, N. J. Manuscript received June 22, 1946. 
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Two of these, No. 3 and No. 6, never became important. All the 
others have continued in use up to this time with some modifications 
in composition, notably a marked reduction in carbon content, and 
increases in manganese and chromium. Grade No. 2 has become 
Type 302B; No. 4 is now Type 311; No. 5 with lower silicon is 
Type 330; and No. 7 is Type 310B. 

A very important member of this Rezistal family is No. 7, or 
Type 310B, of which hundreds of tons have been used for carburiz- 
ing boxes alone, in addition to the large quantities used for rider 
sheets, furnace conveyors, retorts, tubes, and other high temperature 
equipment. Occasionally, parts which had been in service for long 
periods at elevated temperatures have been made available for exam- 
ination for one reason or another, and from these it has become evi- 
dent that metallurgical changes take place in the steel during the 
exposures at these temperatures. Some very interesting facts have 
been disclosed in the study of these changes and these are discussed 
in this paper. Although some of these facts may appear to condemn 
the use of this steel, it is hoped that this paper will serve rather to 
point out merely some of its limitations. Nothing that is stated here 
can gainsay the fact that this steel has been used very successfully for 
a quarter of a century, and that it is a highly desirable material for 
present and future high temperature applications. 

Back in 1930 when failure of stainless steels by intergranular 
corrosion was being discussed widely for the first time, one of the 
large manufacturers of chemicals submitted for examination at the 
authors’ laboratory a part made from Rezistal 2 which had been 
in service for about 18 months at temperatures between about 1100 
and 1650 F (595 and 900C). The part had not failed, nor shown 
any sign of failure, but because of the fear that intergranular corro- 
sion may have occurred, a thorough examination was made to be 
sure that the part had not become dangerously weak. The analysis 
of the steel was 0.18% carbon, 2.85% silicon, 10.52% nickel, 
19.40% chromium. No intergranular corrosion was found but the 
elongation value was down to 12.5% in 2 inches; the reduction of 
area was 12.8%; and the V-notch Charpy value was only 5.5 foot- 
pounds. The microstructure, which is shown in Fig. 1, was quite un- 
usual and no satisfactory explanation could be given for it at that 
time. It is known now that the large light etching particles in a grain 
boundary pattern, and some elongated particles within the grains, are 
sigma particles. So far as the authors know, this was the first time 
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EARLY SAMPLES OF STEELS IN WHICH SIGMA 
WAS DEVELOPED IN SERVICE 


Fig. 1—Composition: 0.18 C, 2.9 Si, 10.5 Ni, 19.4 Cr. 
a service at approximately 1300 to 1600 F from March 1929 to September 1930. 
x 5 


Fig. 2—Composition: 0.19 C, 1.2 Si, 20.3 Ni, 24.6 Cr. 
Rider sheet after 4700 “‘trins’’ through 130-foot normalizing furnace’ with tem- 
perature range 1750 to 900 F. Examined in December 1932. X 1000. 


Fig. 3—Composition: 0.14 C, 2.2 Si, 20.4 Ni, 25.7 Cr. 
Tube in service at about 1500 F almost continuously between July 1935 and August 
1936. > 150. All samples etched in Marble’s reagent. 


this structure was encountered. (Incidentally, it was concluded that 
parts similar to this one could be continued in service, and some were 
in use for 12 years before they were discarded to make room for new 
equipment. ) 

Reports available in the authors’ laboratory show that the same 
constituent was found in 1932 in Type 310 rider sheets which had 
been exposed for a considerable time to temperatures between about 
1750 and 900 F (955 and 485C). When these sheets were first 
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ORIGINAL DIFFERENTIATION IN 1936 BETWEEN CARBIDE AND 
SIGMA BY WALTER HODAPP 


Fig. 4—Composition: 0.07 C, 1.0 Si, 20.2 Ni, 25.2 Cr. 
: Furnace burner shell carburized during service. Temperature and duration of serv- 
ice not known. XX 250. (a) Modified Marble’s etch. (b) Murakami’s etch. 


> 


examined it was assumed that the large particles shown in Fig. 2 
were merely carbides which had grown appreciably during the high 
temperature service. 

In 1936, the structure shown in Fig. 3 was found in a tube of 
Type 310B which had been exposed for about 13 months at tempera- 
tures between about 1350 and 1500 F (730 and 815C). The steel 
had become brittle, although the brittleness was not the reason for the 
removal of the tube from service. Again it was assumed that this 
structure was peculiar to this particular service and that Type 310B 
did not ordinarily develop such a microstructure. 

Shortly after this, a tube of Type 310 in an entirely different 
application was found to have the structure shown in Fig. 4. The 
tube had failed under severe service because of excessive carburiza- 
tion, as may be seen in the dense dark-etching structure at the top 
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of the photomicrographs. However, the structure below the case, 
although resembling carbide in appearance, had a rather unusual 
configuration, and Mr. Walter Hodapp,” by etching the section with 
Murakami’s reagent, found that the structure was not carbide, and 
it was tentatively concluded at that time that it was a new phase. 
Occasionally in the following years variations of these structures 
were found in parts made from Types 310 or 310B which had been 
exposed to temperatures between 1300 and 1700 F (705 and 925 C). 
In 1940, in a paper (3) by one of the authors, the statement was 
made, “Several different samples of Type 310 steel which had been 
in service for very long periods between 1400 and 1600 F (760 and 
870 C) were found to contain a constituent which apparently was 
not austenite, ferrite, carbide, or sigma.” An “unknown” phase in 
Type 310 has been referred to in other recent publications (4), (5). 
When it was decided to commemorate by a technical publica- 
tion the twenty-fifth anniversary of the introduction of the Rezistals, 
it seemed quite appropriate to select this “unknown’”’ constituent as the 
subject matter, the discussion to cover where and how it is formed; 


what it is; and the effects it may have on the mechanical properties 
of the steel. 


EXPERIMENTAL PROCEDURE 


It was known that samples containing this constituent are much 
less ductile than samples of the same steel in the annealed condition. 
It was concluded, therefore, that a simple bend test on sheet speci- 
mens would serve at least for a preliminary survey of the factors— 
composition, temperature, and time—involved in the development of 
the microstructure. 

The composition variables first selected were silicon, nickel, and 
chromium, over the range usually found in commercial steels. Since 
Gow and Harder (6) had pointed out that the loss of ductility in the 
heat resistant chromium-nickel steels was attributable to (a) the 
precipitation of carbides, and (b) the formation of sigma, and that 
the latter was not involved in wholly austenitic alloys, the carbon 
content in these steels was kept high and the manganese at about 
1.5% so that the steels as annealed would all be completely austenitic. 
Furthermore, since Gow and Harder had indicated that the nitrogen 
content of the steel was a factor in limiting sigma formation, a record 
was made of the nitrogen in all the steels studied. 

*Now at Halcomb Steel Division. 
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Series of 15-pound induction heats of the 302, 311, 309, and 
310 types with varying silicon were made up, and the ingots were 
worked down to strips about % inch thick. Specimens about 2 by 
34 by % inches were cut from each steel and all were annealed by 
a heating at 2100 F (1150C) for 10 minutes followed by a water 
quench. Individual pieces were then reheated for 50, 100, 200, and 
400 hours at 1400, 1500, 1600, and 1700 F (760, 815, 870, and 
925 C) and some for 1000 hours at 1400 and 1600F (760 and 
870C). The changes in ductility in these specimens were deter- 
mined by a simple bend test. Some of the specimens which had 
lost a considerable amount of their ductility during the long expo- 
sures at these temperatures were reheated for short times at 1800, 
1850, and 1900 F (980, 1010, and 1040C) to establish a suitable 
treatment for restoring the ductility of the steels. 

Representative pieces from the bend test specimens were ex- 
amined for microstructure and some of these showed the constituent 
which had been found in the parts referred to above which had been 
in service for long periods at elevated temperatures. Photomicro- 
graphs of these structures are shown in Figs. 7 to 39. 

Some of these samples were also used for X-ray diffraction pat- 
terns and it was established, as will be discussed later, that this micro- 
constituent is sigma. 

Since the bend test data were considered inadequate for dis- 
cussing the effect of sigma formation on the ductility and toughness 
of the steels, additional small induction heats were made up and the 
ingots were worked down to about %-inch square bars. Pieces from 
these bars were annealed by a heating at 2100 F (1150C) for 15 
minutes followed by a water quench and then they were machined 
to 0.357-inch diameter tensile, and standard V-notch Charpy or Izod 
test pieces. The test pieces were heated for various times at 1400 
and 1600 F (760 and 870C), then cooled to room temperature and 
tested at room temperature. Some pieces which had low ductility 
and notch impact at room temperature after the long exposures at 
these temperatures were also tested at 1400 and 1600 F (760 and 
870 C). Also, a few samples were reheated at 1900 F.(1040 C) and 
tested at room temperature to establish the extent to which the duc- 
tility of the steel could be restored by such a treatment. 

The steels used for these tensile and impact tests covered ap- 
proximately the same range of analyses as those used for the bend 
tests. It became apparent from the data that the nitrogen content 
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which thus far had not been controlled was of some influence on the 
ultimate loss in ductility of the steels heated at 1400 and 1600F 
(760 and 870C). Therefore, additional steels were made up with 
a high silicon 25-20 base to which additions of nitrogen, titanium, 
columbium, and zirconium were made. These modified steels were also 
tested for tensile and impact properties after long-time heatings at 
1400 and 1600 F (760 and 870C). 

Although these heat resistant steels are not often used at tem- 
peratures under 1400 F (760C), it seemed worthwhile to establish 
the lowest temperature at which sigma is formed in these steels. 
Accordingly, tensile and impact tests were made on high and low 
silicon 25-20 steels together with a Type 302 steel after long-time 
heatings at 1100, 1200, and 1300 F (595, 650 and 705 C). 

Finally, since it had been indicated in a recent publication (4) 
that the formation of sigma was dependent to some degree on the 
temperature at which the steel was annealed prior to the exposures 
at 1300 to 1700 F (705 to 925 C), some tests were made on speci- 
mens annealed at 2000 F (1095 C) to represent the low side of the 
usual treatment, and at 2300 F (1260 C) to represent an excessively 
high annealing temperature, and then reheated at 1400 and 1600 F 
(760 and 870 C). 

All data up to this point had indicated that high silicon in Type 
310 steel was undesirable, but many years’ experience had shown 
that for very high temperature service and for carburizing boxes, 
the high silicon steel was preferable. Long-time scaling tests at 
2000 and 2100 F (1095 and 1150 C), and carburizing tests at 1650 F 
(900 C) were run, therefore, to show the effect of silicon on resist- 
ance to scaling, and to carburization. 


DISCUSSION OF RESULTS 


Data from Bend Tests—In the first series of tests it was in- 
tended to establish whether silicon had the same effect on ductility 
changes in Types 302 and 311 as it had in the higher chromium steels, 
Types 309 and 310. Accordingly, as shown in Table I, steels were 
made up with the base analyses of the four types containing approxi- 
mately 0.3, 1.0, and 2.2% silicon. A 1.7% silicon steel was included 
in the Type 310 series and the effect of variations in chromium was 
also tried in this group. 

The data of Table II show definitely that high silicon has a dele- 
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Table I 
Steels Used for Bend Tests 


wo 
5 
oO 
s 
5 
cate 
& 
O 
os 
G2 


0.18 1.62 0.31 9.55 17.93 0.074 

7920 0.17 1.53 1.18 9.50 18.24 0.064 

7921 0.16 1.63 2.20 9.36 18.28 0.080 
7925 0.19 1.49 0.33 24.95 19.28 0.080 

7926 0.20 1.53 1.14 25.08 19.83 0.060 
7927 0.20 1.57 2.16 25.11 19.63 0.123. 

7922 0.22 1.51 0.29 13.85 22.72 0.097 

7923 0.21 1.53 1.12 13.48 22.98 0.115 
7924 0.21 1.59 2.20 _ 13.65 22.80 0.109... 

8 0.17 1.31 0.29 19.60 20.96 0.070 

9 0.18 1.30 0.29 ~ 19.75 23.54 0.099. 

10 0.19 1.49 0.31 19.70 25.28 0.096 

5 0.18 1.39 1.03, 20.15 24.68 0.110 

i 0.17 1.47 1.78 19. 23. 0.098 

6 0.17 1.40 1.76 20.10 24.20 0.138 

4 0.15 1.43 1.71 20.10 26.28 0.098 

3 0.17 1.43 2.24 19.55 22.54 0.183 

2 0.17 1.47 2.33 19.80 24.30 0.079 


terious effect on the ductility of all these steels after long-time expo- 
sures at 1400 to 1/00 F (760 to 925C). This effect on Type 302 
is relatively slight; it is appreciable on Type 311; and quite marked 
on the higher chromium Types 309 and 310. When silicon is low, 
the change of chromium from 21.0 to 25.3% in the Type 310 steel 
has no effect on the ductility of the steel as measured by the bend test 
after the 1400 to 1700 F (760 to 925(C) heatings. However, when 
the silicon is 1.7% or higher, the higher chromium steel loses duc- 
tility much more rapidly than the lower chromium steel, particularly 
when the steel is heated at 1400 F (760C). Nitrogen is also shown 
to have a serious effect on the ductility in comparisons of the data 
on bars 1 and 6, and on bars 3 and 2. In the latter pair, the nitrogen 
seems to be more effective than the chromium in decreasing the duc- 
tility of the steel after heatings at 1500, 1600 and 1700 F (815, 870 
and 925 C), but chromium is more effective in lowering the ductility 
in the 1400 F (760 C) heating. 

The effects of reheating temperature and time vary from steel 
to steel. Generally the ductility decreases gradually and regularly 
with time at temperature. However, the high silicon, high nitrogen 
Type 310 steel loses ductility very rapidly during the early part of 
the heatings at 1600 and 1700 F (870 and 925) and continues to 
decrease in ductility fairly gradually thereafter. For most of these 
steels, heatings at 1700 F (925 (CC) have little effect on the ductility 
but the high silicon, high nitrogen Type 311 and Type 310 steels 
lose ductility at this temperature as well as at the lower temperatures. 

X-Ray Diffraction Data—A number of samples which had low 
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Fig. 5—X-Ray Identification of Sigma by Dr. John T. Norton in 0.17 C, 2.3 Si, 
19.8 Ni, 24.3 Cr Steel, Annealed at 2100 F and Reheated at 1400 F for 400 Hours. 
1. Austenite in Annealed Type 310 Steel. 2. Austenite, Cubic Cr Carbide, and 
Sigma in Ty 310B Reheated 400 Hours at 1400 F. 3. Standard Sigma in 45 Cr, 
3 Si Allo Heated at 1400 F for 16 Hours. 4. Austenite, Cubic Cr Carbide, and 
Sigma with Traces of Ferrite in XCR Valve Steel (5 Ni, 24 Cr, 3 Mo) Heated at 
1400 F for 16 Hours. 5. Austenite, Cubic Cr Carbide and Ferrite in XCR Valve 
Steel Annealed at 2000 F. 6. Cubic Cr Carbide Standard. 


ductility in the bend tests just discussed were examined for micro- 
structure. In some cases only relatively fine precipitated carbides 
were found in addition to austenite. In many cases, however, par- 
ticularly in the high silicon Types 309 and 310 steels, the constituent 
was found that had been encountered in the parts referred to earlier 
which had been exposed in service for long periods at 1400 to 1700 F 
(760 to 925C). Specimens containing this constituent were sub- 
mitted to Dr. John T. Norton for X-ray diffraction studies. These 
were found to contain a phase in addition to austenite and carbide. 
By means of comparison samples which were known to contain sigma, 
the peculiar microconstituent was identified as sigma. 
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The identification is recognizable in the photograph of the per- 
tinent films in Fig. 5. The uppermost film shows the prominent aus- 
tenite lines in annealed Type 310 steel. The second film, which is the 
diffraction pattern of a 2.3% silicon Type 310 reheated at 1400F 
(760 C) for 400 hours, shows a number of relatively faint lines in 
addition to the strong austenite lines. Some of these lines match 
up with the pattern of the cubic chromium carbide shown in the 
bottom film of this photograph, but the remainder could not be iden- 
tified as those of any other carbide. The possibility existed that the 
additional lines were caused by the presence of sigma in the steel. 

The literature on sigma has been well summarized recently by 
Foley (7), and a selected bibliography on this subject is also given 
by Newell (8). It has been known for some time that sigma could 
be formed at about 1300 to 1700 F (705 to 925 C) in high chromium- 
nickel alloys which contained the ferrite phase at high temperatures. 
In only a few publications was it indicated that sigma could also form 
in wholly austenitic chromium-nickel alloys if appreciable amounts 
of other elements were also present. Schafmeister and Ergang (9) 
stated that sigma may form directly from austenite in 25-20 with 
about 3.0% silicon; Franks, Binder and Bishop (10) had found that 
sigma formed directly from austenite in a 13.6% nickel, 18.2% chro- 
mium, 3.7% molybdenum steel; and Newell (8) stated that sigma 
was found in 25% nickel-20% chromium steel. 

To help identify the unknown phase in the high silicon Type 
310 sample, a specimen was obtained of a 47% chromium, 3% silicon, 
iron alloy which after being heated at 1400 F (760 C) for 16 hours 
was practically pure sigma. The film of the diffraction pattern of 
this alloy is shown in position 3 of Fig. 5. Other samples were ob- 
tained of the automotive exhaust valve steel, known as XCR, the 
approximate composition of which is 0.40% carbon, 0.8% manganese, 
0.8% silicon, 4.8% nickel, 24.0% chromium, 2.8% molybdenum. 
This steel as “annealed” consists of austenite, ferrite, and cubic car- 
bides, and its diffraction pattern for this condition is shown in posi- 
tion 5 in Fig. 5. After this steel is hardened by heating at 1400 F 
(760 C) for about 16 hours, it consists of austenite with a trace of 
ferrite, carbide, and sigma, the latter presumably being formed from 
the ferrite which was present in the annealed steel. The pattern for 
the hardened valve steel is shown in position 4 of Fig. 5. This 
matches exactly, except for ferrite traces, the pattern of the Type 
310 sample, film 2 in Fig. 5, and, therefore, it is reasonable to con- 
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Fig. 6—X-Ray Line-Intensity Chart of Films 
Shown in a 5. This is a more precise representa- 
tion of the films than the photographs. The Sigma 


and Cubic Chromium Carbide lines in films 2, 4, and 
5 are shifted slightly to the left of the positions in the 
Standards, films 3 and 6. However, the relative posi- 
tions and intensities of the lines definitely establish 
the presence of these phases. 


clude that the high silicon Type 310 after the long holding at 1400 F 
(760 C) consists of austenite, cubic carbide, and sigma. A more pre- 
cise representation of the patterns of these films is given in the line 
intensity chart, Fig. 6. 

Microstructures—For the identification of sigma in the micro- 
structures, the method originated by Walter Hodapp was used. This 
consists of examining a field of a microsection etched to develop all 
details of the structure, Vilella’s reagent serving admirably for this 
purpose, then repolishing the section, etching it in Murakami’s re- 
agent, and examining the same field again. The carbides in the struc- 
ture are definitely attacked by the latter whereas sigma is only faintly 
colored, if at all. Some slight alteration of the structure is brought 
about by the repolish after the acid etch but this is never great enough 
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Fig. 7—Effect of Peete on Appearance of Microstructure of an Identified 
Field in T 310 Steel Heated at 1600 F for 400 Hours. Etched in Vilella’s reagent. 
< 1000. (a) As first examined. (b) Same field after repolish and re-etch. 


to interfere with the recognition of the field, as shown in Fig. 7. 
Figs. 8 and 9 show that the large smooth particles are primarily 

sigma and that some of the smaller particles are also sigma although 

most of these are carbides. Figs. 10 and 11 show that when sizable 


Table Ill 
Steels Used for Tensile, Impact, Scaling, and Carburizing Tests 

Bar < Mn Si Ni Cr N Ti Zr Cb 
7968 0.16 1.31 0.25 9.70 18.28 0.111 
7969 0.16 1.29 1.20 9.70 18.64 0.108 
7970 0.15 1.39 2.18 9.86 18.62 0.123 
7971 0.15 1.32 0.25 21.60 18.40 0.072 
7972 0.15 1.27 1.26 21.40 18.74 0.076 
7973 0.15 1.37 2.19 21.50 18.62 0.120 
7974 0.15 1.30 0.22 14.42 24.28 0.118 
7975 0.15 1.38 1.22 14.62 24.76 0.106 Z 
7976 0.16 1.34 2.22 14.38 24.76 0.122 ata 
7977 0.16 1.31 0.29 21.70 24.76 0.122 ees 
8096 0.19 1.54 1.16 20.08 23.25 0.047 inee 
8095 0.17 1.54 1.10 19.85 23.78 0.128 ai 
8097 0.13 1.56 1.39 19.95 24.46 0.049 ee 
7978 0.16 1.36 1.32 21.65 24.68 0.126 ni 
8098 0.16 1.59 1.44 19.88 23.96 0.150 sé 
8132 0.14 1.52 1.74 19.85 23.90 0.066 ch 
8023 0.15 1.35 1.81 19.58 23.91 0.093 eee 
8100 0.14 1.57 1.74 19.55 23.86 0.149 Salt 
8024 0.15 1.35 1.80 19.65 23.89 0.175 ah 
8025 0.16 1.36 1.72 19.53 23.80 0.290 Re 
8018 0.14 1.36 2.21 20.63 24.51 0.035 xe 
8787 0.14 1.48 2.31 21.46 24.73 0.034 os 
7987 0.07 1.39 2.14 19.50 24.42 0.092 a» 
7989 0.07 1.40 2.15 19.65 24.30 0.051 1.22 
7979 0.15 1.35 2.10 21.60 24.90 0.108 wid ee ee 
8021 0.16 1.38 2.32 19.73 23.86 0.010 0.63 son 
oa 16 1.39 2.42 19.65 24.12 0.066 éui2 0.19 

735 18 1.52 2.29 21.62 24.96 0.134 aa 
8019 0.16 1.36 2.22 19.65 23.85 0.182 ‘ 

0.14 1.35 2.30 19.65 23.75 0.269 ‘ 











METALLOGRAPHIC IDENTIFICATION OF SIGMA 
Fig. 8—Annealed 2.3 Si Type 310 Reheated 400 Hours at 1400 F. x 1000. (a) 
Vilella yk (b) Murakami etch. 
Fig. 9—Annealed 2.3 Si Type 310 Reheated 400 Hours at 1600 F. x 1000. 
(a) Vilella etch. (b) Murakami etch. 


carbides are present, as in these carburized sections of Type 310 car- 
burizing boxes, the Murakami etch very clearly delineates them. 
These also show that some sigma particles blend with the large car- 
bide particles and appear to be continuous homogeneous particles as 
shown by the Vilella etch. Figs. 12 and 13 show that small amounts 
of sigma are formed even in the very low silicon Type 310 after 
long periods at 1400 and 1600 F (760 and 870C), although it was 
not possible to confirm this by X-ray diffraction. 
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METALLOGRAPHIC IDENTIFICATION OF SIGMA 


Fig. 10—Inside Surface of 2.4 Si Type 310 Carburizing Box Which Had Been 
in Service for About 1000 Hours. X 1000. (a) Vilella etch. (b) Murakami etch. 


Fig. 11—Inside Surface of 2.4 Si T 310 Carburizing Box Which Had Been in 
Service About 2400 Hours. X 1000. (a) Vilella etch. (b) Murakami etch. 


Figs. 14 to 20 show that sigma forms to an appreciable degree 
in the high silicon Type 310 at 1300 to 1600 F (705 to 870 C), inclu- 
sive ; that some sigma is present after 1000 hours at 1200 F: (650 C) 
and at 1700 F (925 C) ; and that practically none is present at 1100 F 
(595 C). The gradual formation of sigma in this type of steel is 
shown for periods from 50 to 1000 hours at 1400 F (760 C) in Figs. 
21, 22, 23, 8, and 17; and in Figs. 24, 25, 26, 9 and 19 for the same 
spread of time at 1600 F (870C). 
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METALLOGRAPHIC IDENTIFICATION OF SIGMA 


Fig. 12—Annealed 0.3 Si Type 310 Reheated 400 Hours at 1400 F. 1000. (a) 
Vilella etch. (b) Murakami etch. 


Fig. 13—Annealed 0.3 Si Type 310 Reheated 400 Hours at 1600 F. X 1000. (a) 
Vilella etch. (b) Murakami etch. 


Effect of Precipitated Carbides and Stigma on Mechanical 
Properties of Austenitic Steels 


In the tabulations of tensile data, only the values of elongation 
and reduction of area are given since these together with the notch 
impact values are considered to be the most sensitive indicators of 
the effects of carbide precipitation and sigma formation on mechani- 
cal properties. There are relatively minor changes in hardness ac- 
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Figs. 14-17—Effect of Reheating Temperature on the Formation of Sigma in An- 
nealed 2.3 Si Type 310. Vilella etc < 1000. Fig. 14—1000 hours at 1100 F. Fig. 
—— hours at 1200 F. Fig. 16—1000 hours at 1300 F. Fig. 17—1000 hours at 


companying the marked changes in ductility and notch impact, an 
average change from about Rockwell B-90 to B-95, but for the sake 
of simplifying the presentation of the large amount of data, the hard- 
ness, yield, and tensile values have been omitted. 

The data of Table IV show that there is an appreciable drop in 
notch impact after the first 15-hour heatings at 1400 and 1600 F (760 
and 870 C) in all steels, but particularly in those with higher silicon 
contents. The loss in elongation and reduction of area is not quite 
as marked after these short heatings, but is noticeable. As the heat- 
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Figs. 18-20—Effect of Reheating Temperature on the Formation of Sigma in An- 
nealed 2.3 Si Type 310. Vilella etch. X 1000. Fig. 18—1000 hours at 1500 F. Fig. 
19—1000 hours at 1600 F. Fig. 20—1000 hours at 1700 F. 


ing time at 1400 and 1600 F (760 and 870C) is prolonged, the 
elongation and reduction of area values are generally affected only 
slightly, but in most cases the notch impact value decreases progres- 
sively with time. 

Since neither by X-ray nor by microstructure was it possible to 
detect the presence of sigma in any of the Types 302 and 311 
steels, even after very long holding periods, it must be concluded 
that carbide precipitation alone is responsible for the decreases in 
ductility and notch impact in these steels when they are exposed for 
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Figs. 21-23—Effect of Time of Reheating at 1400 F on Formatior of Sigma in 2.3 
Si Type 310. Vilella etch. »% 1000. Fig. 21—50 hours. Fig. 22—:100 hours. Fig. 
23—200 hours. See Figs. 8a and 17 for 400 and 1000-hour specimens. 


long times at 1400 and 1600 F (760 and 870C). The greater losses 
in the higher silicon steels are believed to be attributable to the lower 
solubility for carbide of the austenites high in silicon. It will be 
shown later that high silicon in Type 310 definitely inhibits the car- 
burization of the steel. It seems reasonable to conclude, therefore, 
that the higher silicon steels, when they are heated at precipitation 
temperatures, will precipitate carbides more completely. 

The lowest silicon Types 309 and 310 steels behave very much 
like Types 302 and 311. The higher silicon modifications of the 
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Figs. 24-26—Effect of Time of Reheating at 1600 F on Formation of Sigma in 2.3 
Si Type 310. Vilella etch. X 1000, Fig. 24—50 hours. Fig. 25—100 hours. Fig. 
26—200 hours. See Figs. 9a and 19 for 400 and 1000-hour specimens. 

: 


higher chromium steels, however, have very much lower values of 

ductility and notch impact after the very long-time holdings, and 

these very low values are undoubtedly attributable to the presence 

of sigma which forms in these steels, along with precipitated carbides. 
| The data of Table V show that high nitrogen as well as high 
| silicon causes appreciable decrease in ductility and notch impact in 

Type 310 heated at 1400 and 1600 F (760 and 870C). In the high 

nitrogen steels a marked drop occurs after as little as 2 hours’ heat- 
ing at 1400 and 1600 F (760 and 870C). There is no recognizable 
| | 
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Figs. 27-29—Effect of Annealing Treatment on Subsequent Formation of Sigma 
in 2.3 Si Type 310. Vilella etch, X 1000. Fig. 27—As annealed 2000 F, 20 min- 
utes. Fig. 28—Reheated 1400 F, 1000 hours. Fig. 29—Reheated 1600 F, 1000 hours. 


amount of sigma in the structure after these short heatings and it 
becomes necessary to conclude that nitrogen either accelerates the 
precipitation of carbides or causes the formation of a nitride, the pre- 
cipitation of which itself contributes to the loss in toughness. At the 
moment there is no satisfactory explanation of the mechanism by 
which nitrogen causes embrittlement in the high silicon Type 310 
steel. It should be noted, however, that even when the nitrogen 
content of the high silicon steel is as low as 0.04%, the ductility and 
impact values become low after the long heatings at 1400 and 1600 F 
(760 and 870 C). 
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Figs. 30-32—Effect of Annealing Treatment on Subsequent Formation of Sigma 
in 2.3 Si Type 310. Vilella etch. »< 1000. Fig. 30—As annealed 2300 F. Fig. 31— 
Reheated 1400 F, 1000 hours. Fig. 32—Reheated 1600 F, 1000 hours. 


Since carbon and nitrogen as well as silicon appeared to affect 
the changes in ductility and notch impact in the Type 310 steel, it 
seemed worthwhile to study some high silicon steels in which the 
carbon was low and in which carbon and nitrogen would be “fixed” 
by addition agents, columbium and titanium for carbon, and titanium 
and zirconium for nitrogen The data on these steels, all of which 
were nonmagnetic as annealed, are shown in Table VI. The 0.07% 
carbon steel loses ductility somewhat less rapidly than the 0.15% 
carbon steel during the exposures at 1400 and 1600F (760 and 
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870 C), but eventually the lower carbon steel becomes more brittle. 
The low carbon columbium steel loses toughness quite rapidly and 
eventually becomes quite brittle. The steel containing titanium retains 
its ductility to an appreciable degree up to about 50 hours at 1400 F 
(760 C), and about 15 hours at 1600 F (870C), but becomes quite 
brittle with longer heatings at these temperatures. The zirconium 
steel is somewhat more resistant to embrittlement than the other 
special steels, but it too becomes brittle after long exposure at 1400 F 
(760 C). 

The explanations for the effects of low carbon and these addi- 
tions of carbon and nitrogen “fixers” are not altogether clear, but 
the following speculations are offered. Chromium is probably one 
of the most important elements in these steels in causing the forma- 
tion of sigma from the austenite. In the usual analysis with about 
0.10 to 0.15% carbon some chromium is combined with the carbon 
as carbide and thus the austenite is impoverished in chromium and 
consequently the sigma formation is retarded. However, the pre- 
cipitation of carbide itself causes a decrease in ductility and notch 
impact. When the effective carbon content of the steel is low either 
because the carbon itself is low, or because it is combined with ele- 
ments other than chromium, the austenite is relatively high in chro- 
mium and therefore more readily transforms to sigma. It is also 
possible that the elements, columbium and titanium, are like silicon 
in promoting the formation of sigma from this austenite. Finally, 
since both the titanium and zirconium additions, which are known to 
combine with nitrogen to form insoluble compounds, seem to retard 
the formation of sigma somewhat, it seems reasonable to conclude 
that nitrogen dissolved in this austenite also accelerates the formation 
of sigma from austenite. 

It was of interest to check the effect of prior annealing tempera- 
ture on the formation of sigma in the high silicon 25% nickel-20% 
chromium steel, since it had been stated in a recent publication (4) 
that sigma did not occur in steel that had been annealed at tempera- 
tures over 2100 F (1150C). Accordingly, tests were made on sam- 
ples of a high silicon steel which were annealed at 2000 and at 2300 F 
(1095 and 1260C). As may be seen in Figs. 27 and 30, the steel 
annealed at 2000 F (1095) has a relatively small grain size and 
many residual carbides, whereas the steel annealed at 2300F 
(1260 C) has a very coarse grain size and practically no residual car- 
bides. After 1000 hours at 1400 and 1600 F (760 and 870C), there 
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Figs. 33-35—Effect of Annealing Treatment on Subsequent Formation of Sigma 
in 2.3 Si Type 310. Vilella etch, X 250. Fig. 33—As annealed 2300 F. Fig. 34— 
Reheated 1400 F, 1000 hours. Fig. 35—Reheated 1600 F, 1000 hours. 


appears to be about as much sigma in the coarse-grained specimens 
as in the fine-grained, as may be seen in Figs. 28 and 31 and Figs. 
29 and 32. Figs. 33, 34, and 35 of the coarse-grained samples at low 
magnification are shown to indicate the relative volume of the steel 
which has transformed to sigma in the 1000-hour exposures at 1400 
and 1600 F (760 and 870C). The data in Table VII show that 
although the specimens annealed at 2300 F (1260 C) decrease in duc- 
tility somewhat less rapidly than those annealed at 2000 F (1095 C), 
eventually they become somewhat more brittle. 
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Table VII 


Effect of Prior Annealing Temperature on Ductility and Notch Impact of High Silicon 
Type 310 After Long-Time Heatings at 1400 and 1600 F (760 and 870 C) 


Specimens Annealed at 2000 and 2300 F (1095 and 1260 C), Water Quench; Machined to 0.357- 
Inch Diameter Tensile, and Standard Izod Pieces; then Reheated as Indicated and Tested at 
Room Temperature 





Bar Si Cr N 
8735 2.3 25.0 0.13 
——2000 F (1095 C)——. 2300 F (1260 C)——-— 
Treatment E R I R I 
Annealed 58 68 92 57 71 Over 110 
Reheated 1400 F— 100 hrs. 16 16 9 29 28 10 
1400 F— 250 hrs. 12 10 6 25 24 9 
1400 F— 500 hrs. 5* 2 4 18 15 6 
1400 F—1000 hrs. 3* 1 3 4 3 3 
Reheated 1600 F— 100.hrs. 17* 15 14 31 29 14 
1600 F— 250 hrs. 18* 14 8 20* 17 12 
1600 F— 500 hrs. 23 20 9 19 18 8 
1600 F—1000 hrs. 19 15 7 x 6 6 


*Broke in threaded section. 
E =Elongation in 1.4 inches, %. 
R = Reduction of Area, %. 
I = Izod, foot-pounds. 


Table VIII 


Effect of Long-Time Heating at 1100, 1200 and 1300 F (595, 650 and 705 C) on the Ductility 
and Notch Impact of Types 302, 310 and 310B 


Specimens Annealed at 2100 F, Water Quench; Machined to 0.357-Inch Diameter Tensile, and 
Standard Izod Pieces; then Reheated as Indicated and Tested at Room Temperature 


Bar 7968 Bar 7977 Bar 8735 
Type 302—0.3 Si Type 310—0.3 Si Type 310B—2.3 Si 
Treatment E R I E R I E R I 
it sh os 
Annealed o4 71 110 50 67 110 57 70 110 
Over 
1100 F— 250 hrs. 61 69 110 41 54 60 37 46 23 
1100 F—1000 hrs. 47 60 80 32 39 34 34 38 17 
1200 F— 250 hrs. 49 62 95 33 40 34 32 37 15 
1200 F—1000 hrs. 48 54 64 36 41 30 32 40 15 
1300 F— 250 hrs. 45 55 56 38 43 36 31 32 10 
1300 F—1000 hrs. 47 55 49 38 44 38 *6 7 5 


*Broke in threaded section. 
E =Elongation in 1.4 inches, %. 
R = Reduction of Area, %. 
I = Izod, foot-pounds. 





To round out the details of the formation of sigma in Type 
310B, specimens of this steel, together with specimens of Types 302 
and 310, low silicon, were heated at 1100, 1200 and 1300 F (595, 650 
and 705C) for long periods. The effects on ductility and Izod are 
shown in Table VIII. As has already been stated, sigma was found 
in Type 310B after the 1200 and 1300 F (650 and 705 C) heatings, 
but not after the 1100 F (595 C) heatings. The appreciable drop in 
Izod value of the pieces heated at 1100 F (595 C) must therefore be 
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Figs. 36- t--% of Hi we as pepestinee io he Conversion of Sigma to Aus- 
tenite in 2.3 Si Type 310. ilella 36—400 hours at 1400 F, re- 
heated 1 F, 10 minutes. Fig. 37-400 hours at 1600 F reheated 1900 F for 10 
minutes. Fig. 38—400 hours at 1600 F, reheated 1950 F, 10 minutes. Fig. 39—1000 
hours at 1400 'F, reheated 2200 F, 5 minutes. 


attributed to carbide precipitation alone. The further drop in the 
impact values of samples heated at 1200 and 1300 F (650 and 705 C) 
is evidently caused by the presence of sigma formed at these higher 
temperatures. 

There are two questions which arise naturally in connection with 
sigma in these steels: (a) does the steel containing sigma have bet- 
ter ductility and notch impact properties at high temperatures than 
it has at room temperature and (b) under what conditions can sigma 
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Table IX 


Ductility and Impact Properties at Elevated Temperatures of Steels Containing 
Precipitated Carbides and Sigma 


Test Pieces Exposed for Indicated Periods at 1400 and 1600 F (760 and 870C), then Tested at 
Room Temperature, at 1400 and at 1600 F 























A. Short-Time Tensile Data on Bar 
8787, Type 310, 2.2% Si, 0.03% N 
Heated at 1400 F tor 250 Hours. 
At 75F At1400F At 1600F 
Ultimate Tensile, psi.............. 98000 35000 18000 
Elongation in 1.4 inches, % +? 16.9 17.1 26.7 
Reduction of Area, %............. 15.5 18.1 27.4 
B. 
Charpy Impact, foot-pounds 
Bar Type Si N Exposed at At 75F At 1400 F At 1600 F 
7976 309 2.2 0.12 1400—930 hrs. 3 7 15 
1600—930 hrs. 3 10 12 
7979 310 2.1 0.11 1400—200 hrs. 11 27 $4 
1400—930 hrs. s 18 28 
1600—200 hrs. 10 39 e 
1600—930 hrs. 7 18 24 
Table X 


Bend Tests on \%-Inch Thick Specimens of Type 310B Which Had Been Heated at 1400 
and 1600 F (760 and 870 C) for Long Times and Then Reheated at High Temperatures 








Angle of Bend Before Fracture 
Reheated at —————-—-— 





Exposure After 1800 F—30 1850 F—15 1900 F—10 

Bar Si N Treatment Exposure Min. Min. Min. 
3 2.2 0.18 1400 F— 200 hrs. 135 180 180 N 
1400 F— 400 hrs. 135 160 Cc N 
1400 F—1000 hrs. 90 . Phe G 

1600 F— 200 hrs. 15 90 90 150 

1600 F— 400 hrs. 10 15 45 150 

1600 F—1000 hrs. 5 ag ‘nat 60 
2 2.3 0.08 1400 F— 200 hrs. 120 N N N 
1400 F— 400 hrs. 90 180 180 N 

1400 F—1000 hrs. 10 a ate 150 
1600 F— 200 hrs. 45 100 100 & 

1600 F— 400 hrs. 30 90 90 180 

1600 F—1000 hrs. 30 shee is 90 


N = Bent through 180° without cracking. 
C =Cracked at about 180° bend. 








Effect of Reheating at 1900 F on Ductility and Notch Impact of Steels Containing 
Precipitated Carbides and Sigma 





Specimens Annealed at 2100 F (1150 C); Machined to 0.357-fnch Diameter Tensile, and V-Notch 
Charpy Pieces; Exposed at 1600 F (870 C) for 930 Hours; Reheated at 1900 F (1040 C) for 10 
Minutes; then Tested at Room Temperature 


—— As Exposed —-— —— After 1900 F-—— 
Bar Type Si N E R Cc E R . 
7973 311 2.2 0.12 24* 22 27 42 45 59 
7976 309 2.2 0.12 4* 4 3 8 9 5 
7979 310 2.1 0.11 8* 7 7 21 21 14 


*Broke at punch mark 
E =Elongation in 1.4 inches, %. 
R = Reduction of Area, %. 
C =V-notch Charpy, foot-pounds. 
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be converted back to austenite? Some answers to the first question 
are given in Table 1X. The data show that ductility values are only 
slightly improved at 1400 F (760 C), but the notch impact values are 
appreciably better at 1400 F (760C) than at room temperature and 
both the ductility and notch impact properties are appreciably higher 
at 1600 F (870C). 

Some facts about the restoration of ductility in steels which have 
become embrittled because of carbide precipitation and sigma forma- 
tion are given in Tables X and XI and in Figs. 36 to 39. The bend 
test data in Table X show that appreciable ductility can be restored 
in the embrittled steels by a reheating at 1900 F (1040 C) for about 
10 minutes. However, the degree of restoration by such a treatment 
may be only slight if the steel was very seriously embrittled. The 
conversion of sigma to austenite is relatively sluggish and for com- 
plete elimination of sigma, temperatures as high as 2250 F (1230 C) 
may be required. 

Effect of Silicon on Resistance to Scaling and Carburization— 
It seems appropriate to include here some data on the effect of silicon 
on the resistance of the 25% nickel-20% chromium steel to scaling 
at high temperatures, and to carburization. The data on the scaling 
tests in Table XII are not very impressive although there is a definite 
indication that the highest silicon steels are more resistant to scaling 
in ordinary atmosphere at 2000 and 2100 F (1095 and 1150 C) than 
the lower silicon steels. 

The beneficial effect of silicon on the resistance of the steel to 
carburization at 1650 F (900C) is shown very definitely in Table 
XIII and in the curves of Fig. 40. The effect of silicon is progres- 
sive at least up to 2.2%. The 2.2% silicon steel is very much more 
resistant than the 1.2% silicon steel. For carburizing box service and 
for any other applications where carburization may take place, the 
high silicon steel is obviously to be preferred to the regular Type 310 
material. Carburization causes the removal of chromium from the 
austenite by formation of massive carbides, and thereby lowers the 
scaling resistance of the steel so that it fails rapidly even at tempera- 
tures as low as 1650 F (900C). 

Other Effects of Sigma in Type 310B—As has already. been 
mentioned, the formation of sigma in Type 310B steel has a rela- 
tively slight effect on the hardness of the steel at room temperature, 
the change being from Rockwell B-91 for the annealed steel to B-95 
after about 1000 hours at 1400 F (760 C) and to B-93 after a similar 
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Effect of Silicon on Scale Resistance of Type 310 at 2000 and 2100 F (1095 and 1150 C) 


Table XII 





Duplicate Samples Heated Intermittently for a Total of 870 Hours with Cooling Periods to Room 


ours. Exposed to Ordinary Atmosphere in Electric Muffie 
Furnace. Specimens Finally Cleaned by Immersion in Molten Sodium Hydroxide at Approxi- 


Temperature About Every 16 





mately 900 F (485 C) 


Loss by Scaling 


——Inches Penetration Per Month—— 


Bar Si Cr N 2000 F (1095 C) 2100 F (1150 C) 
8096 1.2 23.3 0.05 0.056—0.063 0.133—0.128 
8095 1.1 23.8 0.13 0.054—0.060 0.121—0.109 
8097 1.4 24.5 0.05 0.052—0.051 0.125—0.117 
8098 1.4 24.0 0.15 0.064—0.065 0.105—0.128 
8100 1.7 23.9 0.15 0.047—0.053 0.103—0.118 
7979 1 24.9 0.11 0.038—0.038 0.103—0.095 
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Fig. 40—Effect of Silicon on Susceptibility to 
Carburization of Type 310. Specimens pack-carburized 


at 1650 F for 500 hours. Compound renewed every 20 
hours. 


time at 1600 F (870C). This change is attributable partly to car- 
bide precipitation and partly to the formation of sigma. The sigma 
particles themselves are quite hard as is shown by the microhardness 
impressions in Fig. 41. Measurements on a number of sections of 


these indicate the hardness of sigma to range between 570 and 630 
Vickers. 
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Table XIII 
Effect of Silicon on Susceptibility of Type 310 to Carburization at 1650 F (900 C) 


Duplicate Specimens, 0.5 Inch Diameter by 6 Inches Long, Pack-Carburized in Commercial 
Carburizing Compound at 1650 F (900 C) for Total of 500 Hours. Box was Cooled to Room 
Temperature About Every 20 Hours, Spent Compound Removed, and Specimens Repacked 
in Fresh Carburizing Compound. At End of Run, 10 Successive Cuts, Each 0.003 to 0.005 Inch 
Deep, Were Machined from Specimens and the Turnings Were Analyzed for Carbon Content 


% Carbon Content at Indicated Depth—lInches 








Bar T°} Bar apse) Bar a) 

Depth—Inches 1.2 Si 1.7 Si 2.2 Si 

Surface to 0.005 2.17 1.88 0.56 
0.005 to 0.010 2.48 2.40 0.48 
0.010 to 0.015 2.73 2.35 0.42 
0.015 to 0.020 2.98 2.30 0.36 
0.020 to 0.025 3.39 2.06 0.32 
0.025 to 0.030 3.61 1.83 0.28 
0.030 to 0.035 3.31 1.60 0.26 
0.035 to 0.040 3.01 1.54 0.25 
0.040 to 0.045 2.87 1.27 - * 

1.17 


0.045 to 0.050 2.55 


| 
| 


7 
a ¥ . . 
oS =" ~ —% « 
Y Orie 4 + ERI: 
Fig. 41—Microhardness of Sigma in High Silicon Type 310 Annealed at 2300 F 
and Reheated at 1600 F for 1000 Hours. Etched in Vilella’s reagent. x 1000. 





(a) Knoop Impressions Made with (b) Vickers Impressions Made with 
Tukon Tester; Load—25 grams. Eberbach Tester; Load—4.5 grams. 
Sigma 758 Knoop Sigma 632 Vickers 
Austenite plus carbides 237 Knoop Austenite plus carbides 189 Vickers 


Sigma has a negligible effect on the specific volume of the steel. 
As annealed, Type 310B was found to have a value of 0.12897 cubic 
centimeter per gram (11). After a heating at 1600 F (870C) for 
1 hour, this value dropped to 0.12879. This change must be attrib- 
uted to carbide precipitation since no appreciable amount of sigma 











1947 AUSTENITIC CHROMIUM-NICKEL STEELS 437 


could form in so short a time. Additional measurements after suc- 
cessive periods of heating at 1600 F (870C) up to about 1000 hours 
showed no further change in volume. It is reasonable to conclude, 
therefore, that at least at room temperature sigma has practically the 
same volume as the austenite from which it formed. 

No specific data are available at the moment on the effect of 
sigma on the stress-rupture, or creep strength, of heat resistant steels 
at elevated temperatures. Since steels in which sigma is known to 
exist show no discontinuities in the stress versus temperature curves 
(12) at sigma-forming temperatures, it is reasonable to assume that 
sigma has little effect on the elevated temperature strength of these 
steels. However, more data should be available in the future which 
will show definitely whether sigma has a beneficial or a harmful effect 
on the high temperature properties of steels. 


SUMMARY 


It has been shown that high silicon Type 309 and 310 steels when 
exposed to temperatures between about 1200 and 1700 F (650 and 
925 C) undergo a transformation from austenite to sigma. This 
phase has been identified by X-ray diffraction. It is recognizable in 
the microstructure as smooth light-etching particles when the sample 
is etched with an acid reagent, for example, Vilella’s or Marble’s. It 
is distinguishable from carbide by the fact that it is only slightly, if 
at all, attacked by Murakami’s reagent which readily attacks chro- 
mium carbides. 

The formation of sigma in these steels is promoted by high chro- 
mium, high silicon, high nitrogen, low carbon, and additions of colum- 
bium, titanium, and zirconium. As yet, no addition or modification 
has been found to prevent the formation of sigma in the 23 to 25% 
chromium austenitic, stainless steels containing over about 0.5% 
silicon. However, the presence of high silicon in austenitic heat 
resistant steels containing less than about 19.0% chromium apparently 
does not cause sigma to form even after exposures of about 1000 
hours at 1400 or 1600 F (760 or 870C). 

The formation of sigma in these steels is generally quite slow. 
There is usually a precipitation of carbides which precedes and ac- 
companies this formation. The ductility and notch impact resistance 
of these steels are markedly decreased by these changes. Carbide 
precipitation alone may embrittle the steel appreciably, but when 
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sigma is present together with the precipitated carbides, the deteriora- 
tion is more serious. However, in spite of the fact that the high 
silicon steels have very low values of ductility and notch impact at 
room temperature after very long exposures at temperatures between 
1200 and 1700 F (650 and 925(C), there have been extremely few 
service failures in the last 25 years which were attributable to the 
brittleness of the steel. 

Considerable ductility can be restored in the embrittled steels by 
a heating at about 1900 to 1950 F (1040 to 1065 C) for a short time. 
The complete conversion of sigma to austenite may require heatings 
as high as 2250 F. 

Although silicon very definitely accelerates the formation of 
sigma in the austenitic Types 309 and 310 steels, it has a beneficial 
effect on the oxidation resistance of the steels at high temperatures, 
and it is particularly desirable for increasing the resistance of the 
steels to carburization. 
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DISCUSSION 


Written Discussion: By Charles Morris Johnson, chief chemist, Park 
Works, Crucible Steel Company of America, Pittsburgh. 

Mr. Payson wrote, “I think it would be fitting and proper to state some- 
thing of how the development of Rezistals started and relate a few interesting 
occurrences during the early days of this development.” This we will endeavor 
to do, briefly. 

But it would seem well to call attention to the fact that the three patents’ 
concerning the composition and the table given on the first page of the Payson- 
Savage paper reveal that the Rezistals included are definitely chromium-nickel- 
silicon steels as well as chromium-nickel steels. 

Some may wonder why the table starts with No. 2. No. 1 was melted 
for 10 to 12% chromium and 10 to 12% nickel with silicon 2 to 3% and over 
This No. 1 was very difficult to drill and otherwise machine and, of course, did 
not show the high resistances that the others have. 

The carbon ranges lower than 0.20% could not be tested at the time as 
melting had to be done in graphite crucibles (containing 50% carbon). Elec- 
tric melting was not available. Only one ingot was gotten with carbon of 
0.14%. This was a 12% chromium + 35% nickel and silicon 2.5 to 3.5%. 

The writer’s original paper was read at the August 1920 convention and 
exhibition in Philadelphia of the American Society for Steel Treating.* Bars 
and some cold-rolled pieces were exhibited. 

Therein is given an extensive list of practical appliances too numerous to 
mention here. Also photomicrographs and tensile values of all grades heat 
treated up to 2300 F (1260C) and acid-resistant tests. 

The writer’s interest became aroused on this subject in 1916, when the 


3U. S. Patents 1420707, 1420708, 1212334. 


‘Charles M. Johnson, “Properties and Microstructure of Heat Treated Nonmagnetic, 


Flame, Acids and Rust Resisting Steei,’’ Transactions, American Society for Steel Treating, 
Vol. 1, 1921, p. 554. 
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Marsh patents covering nickel-chromium wire and other heating appliances by 
electrical resistances were upheld by the Circuit Court of Appeals in an in- 
fringement suit against a prominent corporation. 

Before this, three excellent grades of nickel-chromium heating wire could 
be bought on the open market. One of these was imported from Germany 
and was very soft and easily coiled. 

With these, the chemist could build laboratory and heating furnaces such 
as carbon combustion furnaces and muffle furnaces of his own design quickly 
and for much lower cost. 

Furnace designs were also protected by the holder of the nichrome pat- 
ents. Further, there came a call to produce a steel that would resist the oxy- 
acetylene torch, to protect against nocturnal visits to bank vaults. With such 
cutting equipment then available, No. 2 was pronounced very satisfactory. 

Then bigger and better torches were developed. 

Next the bankers wanted safe door pins. And then there was a call for 
metal to repel mob attacks on vaults. Rectangular blocks were cast contain- 
ing high percentages of chromium, tungsten and nickel. These offered formi- 
dable resistance but at formidable cost. 

To start at the beginning of the experimental ingots, an old cardboard 
notebook was exhumed from the archives. Its pages are yellow and the bind- 
ing so crumbled off that it had to have cloth pasted on the back to prevent the 
leaves from getting lost. 

The title recorded on the cover, in hand writing, is “Special Alloys, Physi- 
cal & Chemical Properties, Dec. 1916, C.M.]J’s”. 

The first trial ingot recorded therein is under date of March 1917. A 
nickel-iron-titanium alloy (300-1). 

The analysis given is carbon 0.51%, manganese 3.39%, silicon 1.64%, nickel 
27.58% but the titanium is not recorded. The notebook relates that the steel 
gave very strong wire when annealed and was tested at 1830 F (1000C). It 
burned out in 2 days unprotected from circulation of air. But when a coil was 
placed in a steel cylinder and surrounded with silicon carbide it ran 7 weeks. 

The melting of different compositions continued on from April to Novem- 
ber 1917. These ingots were tested for resistance to heat at 1830 F (1000 C) 
in oxygen. One ingot of about nickel 74.00%, aluminum 7.00% and several per 
cent of tantalum was not forgeable but the drillings showed a high resistance 
to oxygen at 1830 F (1000C) due to the aluminum. This alloy did not show 
evidence that tantalum aided in heat resistance. 

When bars were not available for testing for comparative heat resistance, 
drillings were used. 

(a) The latter were first burned in oxygen and the carbon so found 
was noted. 

(b) Another lot was burned in oxygen but an equal weight of red lead 
was added, as an accelerator, and the carbon noted. 

If the approximate carbon found in (a) was much lower than (b), the 
true carbon, then the resistance to oxidation was rated high. 

For example, if carbon 0.10% was found by (a), and (b) showed carbon 
0.70%, then the resistance to oxidation at 1830 F (1000C) was rated good. 

Ingots containing titanium, tantalum and nickel were not resistant enough. 
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This knowledge was applied when the requests came for torch resistance 
and, as stated, No. 2 carbon was satisfactory, No. 4 Rezistal was used in safe 
lock door pins for its heat resistance and its beautiful permanent, polished 
appearance. 

The authors mention the large tonnages of No. 7 sold but it is to be 
noted that No. 4 is also in much demand and orders for No. 2 have been com- 
ing through the years in its field. 

Mr. Payson requested, 1n a letter, that the writer relate “A few interesting 
occurrences during the early days of this development.” 

One example is given in the original paper* on page 555 being the (a) test 
of a starting spoon in a diesel engine. 

Fig. 2, “Resistance of grade No. 2 nonmagnetic, flame, acids and rust re- 
sisting steel to products of combustion of fuel oils, etc.” Spoon No. 1 was 
used continuously for 110% hours at 1500 to 1800 F (815 to 980C) in the 
combustion chamber of diesel engine burning kerosene and distillate. Spoon 
No. 2 used at same temperature for 103 hours in engine burning fuel oil. Both 
were still perfect. This was far superior to any other nickel-chromium, high 
alloys, of that time. 

(b) One of our sales agents reported concerning a bar of Rezistal used 
as a pump rod in a mine. This mine was flooded for two years. When it 
was pumped out, the inspector said, he turned his light into a chamber and 
he was scared. There lay on the floor (all the other machinery had been dis- 
solved away) a bright object. A cautious examination showed it to be the 
aforesaid Rezistal pump rod now as good as new. It was salvaged and put 
into service again. 

The authors have accomplished interesting and useful results from their 
investigations. The research is exhaustive in its treatment. 

The following comments are offered by the writer: 

The photomicrographs of the authors are most interesting and elegant. 
The writer is particularly intrigued by Fig. 3, and what its interpretation might 
be as to the microconstituent. 

Effect of Silicon—The remarkable resistance to carburization offered by 
these high silicon-chromium-nickel steels, as shown in the paper, is indeed 
valuable. 

Sigma Phase—The authors state that they as yet have found no addition 
or modification that would prevent formation of sigma in 23.00 to 25.00% 
chromium austenitic stainless steels containing over about 0.5% silicon. This 
offers a field for further research. They show that in the presence of high 
silicon in austenitic steels, containing less than 19.00% of chromium, there is 
no sigma formation, even after 1000 hours at 1400 to 1600 F (760 to 870C). 
This is surprising. It is an example of the fact that there is much more to 
be learned about the properties of heat treated Rezistal steels. 

Congratulations are certainly due to these investigators for their highly 
informative paper. 

Written Discussion: By M. Clogg, Jr., research metallurgist, Rustless 
Iron & Steel Division, American Rolling Mill Co., Baltimore. 

The authors of the present paper should be commended on their patience 
and skill in their metallographic procedures. Although they probably are 
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Fig. A—Effect of Vilelia’s Reagent on Microstructure. x 1000. 
Fig. B—Effect of Murakami’s Reagent on Microstructure. > 1000. 
Fig. C—Effect of Sodium Cyanide on Microstructure. X 1000. 


familiar with other reagents that are suitable for the identification of sigma 
phase, the writer would like to present another metallographic scheme that 
will distinguish between carbide and sigma phase by the use of a single etchant. 
The alloy that was available for the etching experiment has the following 
chemical composition analysis : 


Cc Mn P S Si Cr Ni Al 
0.18 1.35 0.022 0.015 0.85 20.50 10.50 0.20 
Fig. A illustrates the structure as developed by Vitlella’s reagent. The 


structure reveals both carbides and sigma phase without distinction between 
the two constituents. 
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Fig. D—Radiant Tube Section Unetched. X 500. 
Fig. E—Same Field as Fig. D Etched With Vilella’s Reagent. x 500. 
Fig. F—Same Field as Fig. D Etched With Murakami’s Reagent. X 500. 


Fig. B shows the same specimen repolished and etched with Murakami’s 
reagent. In this case only the carbides were developed while the sigma phase 
was unattacked. 

Fig. C shows the structure of the same specimen after repolishing and 
etching, electrolytically, in sodium cyanide. With this reagent both the car- 
bides and the sigma phase were revealed. However, the sigma phase was 
stained a light pastel color, while the largest carbides remained white. The 
color of sigma phase depends upon its composition and also the etching time. 

The advantage of the sodium cyanide etch with respect to Vilella’s and 
Murakami’s reagent is that sodium cyanide reveals the carbides in the usual 
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manner while the sigma phase is selectively stained. The Murakami reagent 
only attacks the carbides and Vilella’s reagent attacks both the carbides and 
sigma phase without any distinction between the two constituents. 

Written Discussion: By Robert A. Huseby, research metallurgist, A. O. 
Smith Corp., Milwaukee. 

We wish to congratulate the authors for a comprehensive piece of work 
in a field which requires considerable exploration. 

As a matter of interest and in order to bring together available informa- 
tion on the subject we would like to present results of an investigation con- 
ducted on a Type 309, 25-12, gas-fired radiant furnace tube. The wrought 
alloy tube studied was part of an enameling furnace, operating temperature 
1600 F (870 C), maximum tube temperature 1700 F (925), and had been in 
use for approximately 5 years. Chemical analysis after removal was: 


G Mn Si Cr Ni 

0.15 0.96 0.48 23.73 12.95 
Fig. D is a typical section polished and unetched. Figs. E and F are the 
same field etched first with Vilella’s reagent, repolished and etched with 
Murakami’s reagent, as suggested by the authors. Fig. G is a photograph at 
high magnification very lightly etched to more clearly bring out the dark etch- 





Fig. G—Aqua Regia—Cupric Chloride. X 2000. 


ing phase. Fig. H is included to show that the hardness of this constituent 
is no greater than that of the austenite. 

From these photomicrographs it would appear that the dark-etching phase 
in Figs. E, G and H is a transformation product not identical with that 
shown by the authors. Furthermore, in reannealing at temperatures from 
1950 to 2350 F (1065 to 1290C), with holding times up to 1% hours, it was 
not possible to redissolve the dark-etching constituent although the carbide 
phase went into solution readily. We, of course, realize that heating time was 
much longer and conditions not identical with those employed by the authors. 
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Fig. H—Eberbach Microhardness Indentations, 15-Gram Load, 
Showing Hardness of Dark-Etching Phase. x 1000. Arrows 
point to Vickers hardness indentation. Each indentation has a 
hardness of VHN 437 and Rockwell B-77. 


It must be emphasized that the failure of the tube which led to its removal 
was not due to the formation of this constituent, but rather due to inter- 
granular oxidation and cracking in that portion which was heated in the car- 
bide precipitation range. As a matter of fact in the sections we have shown 
the alloy. retained considerable ductility since 6-inch diameter tube sections 
with %-inch wall could be almost completely flattened before cracking 

Written Discussion: By Charles T. Eakin, Metallurgical Application 
Section, Materials Engineering Dept., Westinghouse Electric Corp., E. Pitts- 
burgh. 

The authors are to be commended for the very enlightening piece of work 
which they have presented to us in this paper. 

They have shown, among other things, that Types 309 and 310 steels, espe- 
cially those containing high silicon, tend to develop sigma when held in the 
temperature range 1200 to 1700 F (650 to 925 C) for extended periods of time. 
It is also shown that the formation of sigma is promoted by high chromium, 
high silicon, high nitrogen, low carbon and additions of columbium, titanium, 
and zirconium. 

I have recently had occasion to wonder whether these factors may be com- 
bined in such a way as to result in the formation of sigma in a very much 
shorter time than that dealt with by the authors in this paper. I have in mind 
recent experiences in spot welding y-inch Type 310B steel sheet. Instead of 
the temperature range of 1200 to 1700 F (650 to 925C) used by the authors 
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we have the fusion temperature of the material and instead of hundreds or 
thousands of hours at temperature we have the matter of seconds. Neverthe- 
less, there was found in the central part of the weld nugget a constituent that 
strongly resembles sigma. The chemical composition of the sheet is as follows: 


C Cr Ni Si Mn Mo Ti Cb Zr N 
0.04 243 209 212 2.04 0.05 013 0.03 #=+j‘%|Tr. (Not determined) 


A cross section of a spot weld made from the above material photographed 
at x 10 after a ferric chloride hydrochloric acid etch is illustrated in Fig. I. 





Fig. I—Nugget Formed in Spot Welding 1/16-Inch Type 310B Chromium-Nickel 
Steel. Ferric chloride-hydrochloric acid etch. X 10. 


In forming this weld two flat pieces of rs-inch sheet were spot welded to- 
gether under laboratory control. The setting of the machine was for 16 cy- 
cles, 7500 amperes and an electrode pressure of 2050 pounds. Other welds on 
the same material, made under identical conditions, had a breaking strength 
of 2800 to 3300 pounds. The constituent thought to be sigma is located in the 
central part of the nugget. This structure is illustrated at a higher magnifica- 





Fig. J—Structure From Central Area of Nugget Shown in Fig. 
I. Etchant, Vilella’s Reagent. X 500. The island did not reappear 
when etched in Murakami’s reagent after a repolish. 
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tion in Fig. J. The etchant used was Vilella’s reagent. This structure did not 
reappear when etched in Murakami’s reagent after a repolish. 

It may be well to point out that in addition to the matters of time and 
temperature the circumstances of the spot weld differ from those described by 
the authors in that during the heating-up portion of the spot welding operation 
a considerable amount of liquid pressure develops in the nugget. This stress 
quickly changes to tension as the metal cools. 

I realize that I have referred to an extreme case from the standpoint of 
the scope of the authors’ paper and that there is no reason to expect them to feel 
obligated to comment. We would be very much pleased to hear anything that 
they may choose to say regarding the angular constituents referred to above. 

Written Discussion: By M. A. Scheil, director of metallurgical research, 
A. O. Smith Corp., Milwaukee. 

The authors are to be congratulated for a very fine paper. The subject is 
of great interest and in treating it the authors have supported their views with 
a large quantity of high quality data. 

After reading this paper I recalled a fabricating experience we had in 
1939 and since it deals with three of the types of stainless steels used in this 
investigation I am presenting it as supplementary information. 

A malleable iron foundry in the Milwaukee area asked us to fabricate 
some annealing pots for their radiant tube malleableizing furnace. These pots 
were fabricated of %-inch thick sheet of Types 302B, 309 and 310 stainless steel 
with the following analysis. 


. Mn Si Cr Ni 
302B 0.10 0.64 2.10 18.25 9.52 
309 0.15 1.74 0.33 22.96 13.94 
310 0.12 1.72 0.79 25.25 20.46 


These materials were selected by the particular foundry to determine by 
actual experience the most suitable type material for their requirements. 

Thirty pots 22 inches I.D. by 13 inches high were made of each analysis. 
These were used for an annealing cycle which involved heating to 1700 F (925 
C) followed by a controlled cooling. 

After 4000 hours considerable distortion had taken place and the pots were 
sent to our shops for straightening. I cut some bend test specimens from 
each analysis and obtained good ductility from the Types 30° and 310, but an 
indication of severe embrittlement from the 302B analysis. Heating the 302B 
analysis to 1750 F (955 C) for 1% hours and bending either hot or cold im- 
proved the ductility. 


Wall Bend Test 
Thickness Bend Test Bend Test After After 1750 F 
Type Inch After 4000 Hours 1750 F—Hot 1% Hrs.—W.Q. 
302B 0.126 19° Bend 180°° 61° 
309 0.130 180° Bend O.K. — — 
310 0.130 180° Bend O.K. — -— 


‘Oxide penetrators opened surface. 


The Type 302B pots were straightened successfully after heating to 1750 F 
(955 C) and working hot. 
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Fig. K—Oxidized Condition at the Surface Resulting in About 0.010 Inch of 
Oxide Penetration. Etched with aqua regia. xX 100. 


Fig. L—lInside Surface of Same Alloy as Fig. K Which Indicates Oxidatior and an 
Apparent Increase in the Carbide Precipitate. Etched with aqua regia. Xx 100. 


Fig. M—Lack of Oxide Penetration in the Type 309 Alloy. As-polished. > 100. 
Fig. N.—Etched Microstructure of the Type 310 Alloy With Carbide Precipitate. 
Etched with aqua regia. X 100. 


The microstructure of these alloys is of interest in view of the authors’ 
comments on oxidation resistance. 
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Fig. K shows the outside surface of the pot made of Type 302B alloy after 
4000 hours of service. This material showed a decrease in thickness as com- 
pared to the 309 and 310 alloy. 

Fig. K shows the oxidized condition at the surface resulting in about 
0.010 inch of oxide penetration. The structure of the metal shows precipitated 
carbides and sigma phase at the grain boundaries. 

Fig. L shows the inside surface of the same alloy which indicates oxida- 
tion and an apparent increase in the carbide precipitate although no chemical 
analysis was made to determine the per cent carbon. 

Fig. M shows the lack of oxide penetration in the Type 309 alloy and 
my examination after etching indicated no carburization on either surface. 

Fig. N shows the etched microstructure of the Type 310 alloy with car- 
bide precipitate which is similar in appearance with the Type 309 alloy and 
furthermore showed no carburization or oxidation. 

I was interested in the performance of these alloys after further service 
and learned that the Type 302B alloy was operated an additional 1500 hours 
and started to break up. The Type 309 and 310 alloys which we had straight- 
ened cold were operated an additional 4000 hours and were satisfactory at 
that time. It was estimated that they could run an additional 1500 to 2000 
hours. 

The annealing pots were designed for a load of 300 pounds capacity, but 
generally handled between 300 to 400 pounds. This load did not seem to be 
harmful in the use of-the Types 309 and 310 alloys. 

The total operating cycle of the pots filled with white iron castings was 
36 hours. They were charged cold, brought to 1740 F and held for 8 hours and 
then the temperature was dropped to 1500, 1400 and 1300F (815, 760 and 
705 C) in successive cooling zones. The charge was discharged and air-cooled 
from 1100 F (595C). The atmosphere used in the radiant tube oven was 
combusted natural gas. It was stated that this atmosphere burned at the door 
openings. 

Written Discussion: By Howard S. Avery, research metallurgist, Ameri- 
can Brake Shoe Co., Mahwah, N. J. 

This paper is a welcome contribution to the literature clarifying the oc- 
currence and properties of the sigma phase. Because of its brittleness it is 
generally considered undesirable, but there is a possibility that it may confer 
hot strength when precipitated in finely divided particles. Evidence suggestive 
of this has been encountered in creep testing cast 26% chromium-12% nickel 
alloys. Also, the chromium-base alloys with iron and molybdenum developed 
by the Climax Molybdenum Company laboratory during the war probably con- 
tain considerable sigma. They are the strongest metallic materials at 1600 F 
(870 C) that have yet been reported, though because of room temperature brit- 
tleness they have not yet been commercially exploited. 

A patent has been granted to Armstrong (U. S. Patent No. 2225730) that 
features hardening by precipitation of the sigma phase in chromium-nickel-iron 
alloys with high silicon and columbium. In several experimental heats to check 
the statements of this patent the hardening effect was confirmed, but elevated 
temperature strengthening was not. Some of these alloys were so brittle that 
test bars broke when dropped on the floor. 
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Fig. O—Structure of Cast Alloy After Creep Testing for 1175 
Hours at 1600 F and 1500 Psi. Carbon 0.10%, manganese 0.87%, 
silicon 1.24%, nickel 18.99%, chromium 24.2%. Etchants: 1: 1 
HCl + hot alkaline 10% K;Fe(CN),s. The platelets and stringers 
simulate primary carbides in etching behavior, but are tentatively 
identified as sigma. 


Thus, while there is a possibility that sigma precipitation may be found 
useful, it is preferable to avoid its development and the use of alloys that are 
susceptible. This is not easy nor always advisable, because, as the authors 
have pointed out, silicon and chromium, which contribute strongly to sigma 
formation, may be required for resistance to carburization and oxidation. The 
effect of silicon on carbon absorption can be demonstrated on alloys other than 
the 25% chromium-20% nickel grades, and for carburizing service silicon is a 
desirable component. It does seem advisable to restrict silicon content in many 
of the heat resistant alloys intended for purely structural applications. 

If relative freedom from sigma is desired in a carburizing service alloy 
it may be attained by using the 16% chromium-35% nickel or the 12% chro- 
mium-60% nickel types. 

Metallographic identification of sigma should be approached cautiously 
by the unexperienced. The use of alkaline potassium ferricyanide solution 
(Murakami’s reagent) to selectively stain carbides is very helpful but its ef- 
fects are not always uniform. A modification of this reagent has actually been 
proposed for staining sigma. In the American Brake Shoe Company Metal- 
lurgical Laboratory, it is customary to etch heat resistant alloys first in dilute 
hydrochloric acid (1:1). This will attack ferrite and usually outlines sigma 
and carbides. Subsequent stajning of carbide with ferricyanide solution differ- 
entiates the last two. In typical fields the ferrite is heavily outlined and may 
be roughened, sigma is clear and shining, and the carbides are stained various 
colors. However, sometimes the sigma is stained brownish and may character- 
istically exhibit many fine scratches. When present in massive form, as in cast 





1947 DISCUSSION—AUSTENITIC CR-NI STEELS 451 


alloys, and in specimens that have been deformed by stress, it may show exten- 
sive cracking, evidencing its extreme brittleness. 

The possibility of confusing carbide and sigma is illustrated in Fig. O. 
This cast alloy exhibited a network of comparatively coarse masses and string- 
ers that might have been readily designated as primary carbides from their 
etching behavior. They were stained in a variety of colors by Murakami’s 
reagent. _ However, identification as carbides is inconsistent with their occur- 
rence and the 0.10% carbon of the alloy. The masses developed at 1600 F 
(870 C) and the associated platelets, which were stained in a like manner, 
appeared only after long exposure. They are believed to be sigma forming 
directly from austenite. Magnetic tests on this alloy indicated no ferrite as 
cast, after 1400 or 1600 F (760 or 870C) creep testing, or after water quench- 
ing from 24 hours at 2000 F (1095 (C), a uniform permeability of 1.003 being 
characteristic after all treatments. 

The authors indicate that no addition to the 23 to 25% chromium austenitic 
steels has been found to prevent sigma formation. In comparable cast alloys 
above 0.30% carbon, it has not been identified, and therefore higher carbon 
content is suggested as a possible remedy. This will not eliminate precipita- 
tion embrittlement, as carbides will produce the same effect. However, rela- 
tively low room temperature ductility has probably been overrated as an unde- 
sirable property of heat resistant alloys for many applications. The loss of 
weldability after service embrittlement is one obvious exception. 


Authors’ Reply 


The authors are glad to have their paper enriched by the supplementary 
data submitted by the gentlemen who discussed it. Of particular value are the 
photomicrographs which enlarge the catalog of what were hitherto regarded 
as “unusual” microstructures, encounteréd in parts which had been in elevated 
temperature service. 

The electrolytic sodium cyanide etch, suggested by M. Clogg, Jr., has been 
tried on samples of Type 310B containing sigma together with small and large 
carbides; as well as on samples of the 25 chromium-5 nickel-3 molybdenum 
valve steel in the hardened condition containing sigma and carbides; and it was 
found that both carbides and sigma were stained in the former, and only the 
carbides in the latter, the sigma remaining uncolored. Presumably the color- 
ing of sigma by this etchant depends on the composition of this phase. 

The authors agree with Mr. Avery that the hot Murakami reagent colors 
sigma appreciably, but when this etchant is used cold, its attack on sigma 
is very slight, if at all. 

The structures shown by R. A. Huseby are quite interesting but in the 
authors’ opinion they are not related to sigma. The carbide pattern shown in 
Fig. G indicates that the steel during fabrication had been exposed to very 
high temperatures followed by relatively slow cooling. The presence of the 
so-called “dark-etching” phase corroborates the suspicion that the steel had been 
exposed to temperatures somewhat above the solidus for the steel. A struc- 
ture very much like this is shown by V. N. Krivobok and associates.* Dr. 


*V. N. Krivobok, E. L. Beardman, H. J. Hand, T. O. A. Holm, A. Reggiori and R. S. 
Rose, “Further Studies on Chromium-Nickel-Iron and Related Alloys,” Transactions, 
American Society for Steel Treating, Vol. 21, 1933, p. 25, Figs. 1, 2 and 3 
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Krivobok stated that this constituent was found both in low carbon 18-8 which 
had been heated to above the peritectic temperature, and in castings; that it had 
about the same hardness as austenite; and that it was etched by Murakami’s 
reagent. 

It is probable that the structure presented by C. T. Eakin in Fig. J is also 
a result of the peritectic reaction in the fused zone of the spot weld, and has 
no relation to sigma formation. 

M. Scheil’s data corroborate the formation of sigma in Type 302B exposed 
for long times at high temperatures, with the accompanying embrittlement at 
room temperature. They further substantiate the prevailing opinion that Type 
302B is not satisfactory for long-time service at temperatures over about 
1650 F (900 C). 

The authors do not altogether agree with Mr. Avery’s statement that it is 
preferable to avoid sigma formation and the use of alloys that are susceptible 
to its formation in service. Millions of exhaust valves made from XCR valve 
steel, mentioned on pages 413 and 414 of the paper, are in use, and are giving 
excellent service in many types of automobile engines and these valves as 
placed in service have structures in which sigma is the predominant phase. 
Furthermore, stress-rupture data on Type 310B which had purposely been ex- 
posed at 1400 and 1600 F (760 and 870C) for 500 hours to form sigma in the 
steel, and then was tested at 1400 and 1600 F (760 and 870C), indicate that 
the sigmatized steel will rupture at a somewhat lower stress in a short time 
than the same steel tested in the “annealed” condition, but will have a greater 
total elongation. This better elevated temperature ductility of the steel con- 
taining sigma is considered desirable in some applications, at a sacrifice of some 
strength. As long as it is understood that steel containing appreciable amounts 
of sigma must be handled with reasonable care at room temperature, the pres- 
ence of sigma in steel should not be a deterrent to its use. 

The authors appreciate Mr. Avery’s suggestion that sigma may be pre- 
vented from forming in high silicon Type 310 by use of high carbon. But 
the use of carbon at 0.30% or higher would make the steel extremely difficult 
to fabricate both hot and cold and the formation of sigma is considered a lesser 
evil. 

In closing, the authors wish to express their gratitude to C. Morris John- 
son for his narration of entertaining incidents in the early days of the develop- 
ment of the Rezistals. Dr. Johnson started out like a metallurgical Dick Tracy 
to foil the bank robbers. It is grand that he has lived to see the very impor- 
tant role which his steels have played in industry in withstanding the ravages 
of strong acids, and high temperature oxidizing and carburizing atmospheres. 
All inventors have lurid dreams of the revolutionary effects which their inven- 
tions will have on civilization. But it is not likely that Dr. Johnson even in 
his wildest dreams 25 years ago visualized the use of his steels in jet airplanes 
zooming along at over 600 miles an hour. 

It is a great pleasure for the authors to pay tribute to Charles Morris 
Johnson and to the steels which he invented. 





A STUDY OF FURNACE BRAZING AS APPLIED 
TO 12% CHROMIUM LOW CARBON STEEL 


3y T. H. Gray 


Abstract 


This paper presents the results of tensile and rupture 
tests on copper and copper-alloy-brazed specimens of 12% 
chromium steel prepared in different manners. As a 
result of this investigation, production of strong, sound 
brazed joints between impulse blades of a steam turbine 
operating at a steam temperature of 930 F (500C) and 
pressure of 1250 pst was possible. A condition of fluc- 
tuating stresses on blades made this a particularly difficult 
ap plication. 

The effects of varying the smoothness of the adjoin- 
ing surfaces, method of feeding, spacing of the joints, 
degree of oxidation, and the composition of the brazing 
alloys were studied with the results summarized in the 
included tables. A summary of existing published data 
on strength of copper-brazed joints is included in this 
report. 

A study of the oxidation and reduction reactions 
occurring on metallic surfaces in contact with furnace at- 
mospheres reveale : that high purity gases possessing dew 
points of —35C or better were required to successfully 
braze high alii steels. The use of dissociated am- 
monia as a protective atmosphere is briefly described. 

The results of tests indicated that with proper prep- 
aration and procedure, commercially brazed joints 
stronger than heretofore possible can now be obtained. 


HE joining of metallic parts by brazing has long been a recog- 

nized and industrially acceptable process but several of the vari- 
ables which influence the strength and quality of brazed joints such 
as joint spacing, composition of brazing alloys, oxidation of the 
joint surfaces, preparation of the surfaces, etc., have not been evalu- 
ated in such ways that they can be taken account of by the designer. 
Because of the lack of such information there is often a hesitancy to 
utilize brazing when the brazed members are to be exposed to severe 


A paper presented before the Twenty-eighth Annual Convention of the 
Society held in Atlantic City, November 18 to 22, 1946. The author, T. H. 
Gray, is research engineer, Westinghouse Electric Corp., Research Labora- 
tories, E. Pittsburgh, Pa. Manuscript received July 3, 1946. 
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stresses and unusual environments. One such application, namely, 
that of joining blades of steam turbine rotors into groups in order 
to modify their mechanical behavior, promised a notable increase in 
turbine performance if it could be shown that brazed blade assem- 
blies could successfully withstand the high operating temperatures 
and the effect of high frequency alternating stresses. 

In order to discover in what ways the strength of furnace-brazed 
joints was affected by changing some of the variables, a series of 
brazing tests were made on specially prepared 12% chromium, low- 
carbon steel specimens. Results showed that, by properly controlling 
the brazing conditions, joints could be made which were 50 to 100% 
stronger than had been obtained commercially in the past. 

Pursuant to the successful conclusion of the laboratory brazing 
studies, rotor blades for two rows of blades in the first stage of a 
velocity compounded impulse wheel of a test turbine were obtained 
and brazed together to form groups of three blades each and installed 
for an operational test. After 1000 hours of operation with steam 
temperatures near 930 F and steam pressures of approximately 1250 
psi, the brazed joints were still sound and the blades had performed 
without a single failure. Similar conditions had caused frequent fail- 
ures of blades inserted individually in the conventional manner. The 
brazing construction also made unnecessary the shroud ring custom- 
arily placed around the periphery of the blade assembly in the case 
of individually inserted blades. The elimination of the shroud ring 
represented an important economy. 

Before passing on to the discussion of the problems involved in 
the production of high strength furnace-brazed joints, it will be 
helpful to understand the nature of the more important forces to 
which the moving blades in a steam turbine are subject not only with 
total admission, that is, where the steam is admitted to the whole 
periphery of the turbine wheel, but also in turbines designed for 
partial admission. In the latter case, the steam is admitted to the 
rotating blades only over portions of the periphery of the rotor. 


Forces ON TURBINE BLADES 


The major forces on turbine blades arise from the following 
causes : 

1. Radial Forces—These are due to the rotation of the turbine 
wheel and are generally steady in both partial and total admission 
turbines. 
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2. Axial Forces—These result from the action of the steam jet 
on the blades and are steady in the case of total admission and fluc- 
tuating with partial admission. 

3. Tangential Forces—Tangential forces also are due to steam 
action and are steady in total admission turbines and fluctuating in 
partial admission. 

It is the fluctuating stresses generally associated with partial 
admission that contribute most to blade failure. Steady stresses can be 


LOAD DEFLECTION —* 


PERIOD l PERIOD 2 | PERIOD 3 


~—— STEAM JET ——+ 





TIME —> | 
Ez, — | REVOLUTION +--+} 


Fig. 1—Vibratory Loading of Turbine Blade Under Partial Admission. 


calculated and safely provided for by proper design. In a partial 
admission turbine the blades pass into and out of a steam jet at 
least once in every revolution and thus are subjected to cyclic loading. 
This loading produces a cyclic varying force on each individual blade 
and tends to cause a sustained vibration similar to that suggested by 
Fig. 1. When a given blade passes over the steam jet some rotational 
effects’ are produced in addition to the tangential and axial forces 
already noted. 

The stress conditions are illustrated by Fig. 1 where “Period 1” 
represents the vibration state for a blade before entering the jet, 
“Period 2” applies to a single blade after entering the jet and “Period 
3” the condition after the blade has left the jet. If the frequency of 
the periodic change of the steami force which occurs at the beginning 
and end of “Period 2” has a proper relation to the natural period of 
vibration of the blades the amplitude of vibration tends to build up 


1A tendency toward rotation about the long axis of the blade. 
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Fig. 2—Brazed Set of Turbine Blades. 


by resonance to such a point that very high stresses may occur and 
be the cause of early failure. 

For these vibrational types of loading the stresses produced in 
the blades are practically inversely proportional to the damping 
capacity of the blade assembly. This observation has led to investiga- 
tions of several methods of increasing the strength and damping 
capacity of the blade assembly and that of brazing the blades into 
groups is here described, Fig. 2. 
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Not only the damping capacity but also the natural frequency 
of vibration are relatively high for the brazed groups of blades as 
compared with single blades. The brazed assemblies are considerably 
stiffer and stronger than assemblies produced by individually insert- 
ing the blades and applying a shroud ring around them, and the in- 
creased strength as well as the relatively great stiffness of the brazed 
groups played a part in preventing fatigue failures. 


SoME VARIABLES IN THE BRAZING PROCESS 


The effects of the following variables on joint strengths were 
studied, both at room temperature and at elevated temperatures: 


1. Furnace atmospheres. 


2. Oxidation characteristics of the blade material and brazing 
alloy. 


3. Surface preparations. 

4. Joint spacings. 

5. Method of feeding the brazing alloys. 
6. Composition of brazing alloys. 


Furnace brazing in a controlled atmosphere was necessary in 
order to eliminate the need of fluxes, provide for uniform heating 
and cooling to reduce residual stresses arising from thermal gradi- 
ents, and to supply a repeatable uniform mode of brazing procedure. 

The study was confined to a low-carbon chromium steel of the 
following, composition (in per cent by weight) : 


C Mn Pp S Si Cr Ni Mo Fe 
0.11 0.42 0.021 0.019 0.24 12.29 0.31 0.57 Balance 


The physical properties of the steel in the annealed state as well 
as in the tempered state are given in Table I. 


Physical Properties of 12% Chromium Steel 


As Hardened and 


As Annealed Tempered at 1050 F 
Ultimate Tensile Strength 112,250 psi 140,000 psi 
Yield Point 80,000 psi 135,000 psi 
Elongation in 4D 23.4% 20% 


Reduction in Area 67.1% 69% 
Brinell Hardness 229 BHN 340 BHN 





458 TRANSACTIONS OF THE A. S. M. Vol. 39 


STRENGTH OF COMMERCIAL CopPER-BRAZED JOINTS 


The strength of furnace-brazed joints, particularly of readily 
oxidizable materials such as high chromium steel, or for that matter, 
any steel, has been found to be rather variable because of differences 
of method, skill and care employed in the performance of the brazing 
operation. The variances to be expected are indicated by Table II 
which shows results of tensile tests of copper-brazed joints as re- 
ported by several authors. These results also furnish a basis for 
comparison with the joint strengths obtained by the methods to be 
described here. 





Table I 
Strengths of Copper-Brazed Joints 





Miecion Alles Ult. Ten. Str., psi o——Ult. Ten. Str., psi 





Room Temp. 900 F 930 F 
Chile Copper (1) Se aes ae ee 30,000 
Commercial Copper (1) ee Cok kn oe 30,000-38,000 
Commercial Copper (2) 38,800-119,000 ns 2: ae pase 
Commercial Copper (3) IE se ie Chea i ae Pape 6 4 
Commercial Copper (4) nee... ce eet OLE” eRe a ceSgace 
(1) Westinghouse Research Laboratory Data. 
(2) “Properties of Brazed 12% Chrome Stecis”, F. C. Kelley, Iron Age, November 2, 1939. 


(3) “Engineering Physical Metallurgy”, R. H. Heyer. D. Van Nostrand Co., Inc. 
(4) “The Effect of the Physical State of Stec] Upon the Tensile Strength of Brazed Joints”, 
F. C. Kelley, Welding Journal, February 1941. 
* Manganese Rica Brazing Alloy. 


a — - — — ae —— 





Normally the commercial furnace brazing of steel parts includes 
the following operations : 

1. The abutting surfaces are finish-machined or surface ground 
and cleaned to remove films of oil or foreign matter. 

2. The component parts are held in position by gravity, pins or 
clamps or other suitable means. 

3. Brazing metal in the form of thin foil or wire is placed 
within or around the joint so that when the metal melts it flows 
into the joint by gravity, capillary action or both. Fluxes are re- 
quired when protective atmospheres are not used. 

4. The assembled parts are placed within the brazing furnace, 
brought to temperatures 15 to 20C higher than the melting point of 
the brazing metal and held for a time sufficient to bring the assembly 
uniformly to that temperature. For copper brazing, temperatures 
near 2010 F (1100C) are used. Incidentally, such temperatures are 
near the upper limit of temperature for most commercial resistance 
furnaces. 
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Fig. 3—Brazing Furnace. 


EXPERIMENTAL PROCEDURE 


General Procedure—A Westinghouse controlled atmosphere 
electric brazing furnace was utilized for the brazing and heat treat- 
ment of the specimens. Dissociated ammonia atmosphere was circu- 
lated through the gas-tight “Inconel” muffle and protected them 
against oxidation. A furnace similar to the one in which the brazing 
here reported was done is shown in Fig. 3. 

When assembled, the specimens were mounted on a tray with 
the joint surfaces horizontal and pushed into the water-jacketed ante- 
chamber of the furnace. They remained here for 10 minutes while 
the atmosphere was purged. The specimens were then moved into 
the hot zone, heated to a temperature of 2010 F (1100C) for 20 
minutes before being returned to the cooling chamber. They were 
cooled for 30 minutes before removal from the furnace. The dew 
point of the furnace atmosphere was checked continuously during 
the brazing cycle to insure that it would not rise above —40 C. 
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(DOUBLE SCALE) 


Fig. 4—Tensile Test Specimen for Testing Brazed 
Joints (Plane Joint). 


After the specimens were brazed, their hardness was approxi- 
mately Rockwell C-58. They were tempered, therefore, in a forced- 
circulation air tempering furnace at a temperature of 1050 F (565 C) 
to reduce the hardness to Rockwell C-30 to 34 to enable the machin- 
ing of test pieces. Tensile test pieces having the dimensions shown 
in Fig. 4 were machined from the brazed blocks. 


FuRNACE ATMOSPHERES 


The function of a protective furnace atmosphere is to minimize 
the free oxygen concentration and to chemically reduce to the metal- 
lic state whatever oxide films are present, as indicated by the equa- 
tions (1): 
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FeO; + 3 Hz Fe,+ 3 Ot (1) 


<2 
Cr.O, + 3 H: 32 Cr +3H:0O 
Of the several gases which may be employed satisfactorily for 
furnace atmospheres, previous investigations have shown that dry 
hydrogen and dissociated ammonia are the two that are most con- 
ducive to the production of high strength joints. When these atmos- 
pheres are of sufficient purity, fluxes can be dispensed with entirely 
and one cause of low strength joints eliminated. 


AMMONIA VAPOR FROM LIQUID AMMONIA TANK 







_FURNACE SHELL 


THERMOCOUPLE 


~NICKEL CALALYST 


be ee 
Se Sane tae eae YS tae 2% ee * = ‘ 


RE TORT 


ALUNDUM MUFFLE 


BRICK \THERMAL INSULATION 


Fig. 5—Ammonia Dissociating Furnace (Schematic). 


Dissociated ammonia was preferred to hydrogen for use as 
furnace atmosphere because it was easily controlled, is very dry 
and pure and presents a somewhat lesser explosion hazard. It is a 
mixture of 75% hydrogen, 25% nitrogen and is prepared by thermal 
dissociation of pure anhydrous liquid ammonia. The ammonia is 
purchased in steel cylinders containing 50, 100 or 150 pounds of 
liquid. (Approximate price today is 1624 cents per pound.) Liquid 
ammonia is a most convenient source of the gas because it requires 
no further purification, is widely available, and requires a minimum 
amount of equipment for processing. 

The dissociation of the ammonia into its components is accom- 
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plished by passing it in the state of vapor through a chamber con- 
taining a nickel catalyst heated to approximately 1800 F (980 C) in 
a small auxiliary furnace, Fig. 5. The dissociation or “cracking” 
of ammonia, an endothermic reaction, produces two volumes of dis- 
sociated ammonia for each volume of ammonia vapor as shown by 
the following reaction (2): 


2 (NHs) ii N; 4 3H: 
1 1 { (2) 
2 Vol. 1 Vol. 3 Vol. 


One pound of liquid ammonia will yield 45 cubic feet of dissociated 
ammonia gas. 

The dissociated ammonia had a dew point of —60 to —70C 
when dissociated. Within the furnace this increased to —40 to 
—45C due to influx of moisture from the door and adsorbed gases 
on the work and tray. The dew point serves as a reliable measure of 
its oxide-forming tendency since practically all of the oxygen present 
is in combination as water vapor. At the brazing temperature of 
2010 F (1100 C) the per cent dissociation of water vapor to hydrogen 
and oxygen is less than 0.25%. Fig. 6 shows the relation between 
the dew point and water vapor concentration in per cent by volume. 

To successfully furnace braze chromium steel it was found nec- 
essary to hold the dew point within the heating chamber to —40 C or 
lower. With higher dew points oxidation occurred. For steels of 
lower chromium contents (0 to 1.5% Cr) the permissible maximum 
dew points are somewhat higher, —30 to —35 C. 


OXIDATION AND REDUCTION IN THE BRAZING PROCESS 


When a metal is heated in a protective furnace atmosphere of 
hydrogen and nitrogen, the temperature to which the metal is 
heated, the oxygen or moisture concentration of the gas, and the 
metal itself will determine whether an oxide film will form on the 
metal surface. These oxide films inhibit the necessary wetting of 
the joint surfaces by the molten brazing alloy and prevent the sub- 
sequent interalloying and diffusion required for the production of 
strong, sound joints. 

Metals differ very greatly as to the dissociation pressures of 
their oxides. For example, silver oxide will dissociate at relatively 
low temperatures as compared with chromium oxide. Iron oxide 
will dissociate at a temperature between that of silver oxide and 
chromium oxide. This is, of course, assuming a constant oxygen 
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Fig. 6—Relation Between Per Cent by Volume of Water Vapor in 
Atmosphere and Dew Point. 


concentration in the surrounding atmosphere. Chromium oxides 
have lower dissociation pressures than iron oxides, so oxide films 
of chromium are more difficult to reduce than those of iron, and 
furnace atmospheres of lower oxygen or moisture concentration are 
required for their reduction. 

The chemical reaction between a metal and oxygen when heated 
in an atmosphere of limited oxygen concentration is a reversible one 
as indicated by the equations (3) : 

4Cr + 30.2 Cr:0;) 

4 Fe + 3 O,=2 2 Fe.0s5 (3) 
These reactions can be brought into equilibrium or be forced to react 
in either direction by manipulation of temperature or by variation in 
water vapor (i.e., oxygen) concentration. 





OE HY 
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Fig. 7—Equilibrium Pressure Ratio HzgO/H, Over Fe,O3-Fe and Cr.O3-Cr Systems. 


If the water vapor concentration in the furnace atmosphere can 
be lowered sufficiently when the metal is heated to a temperature at 
which reaction rates are high enough to be useful, the reactions can 
be made to move to the left and reduction of oxides, if present, will 
occur as indicated by Fig. 7.2, Also because of the increase in dis- 
sociation pressures of the oxides with temperature, increasing tem- 
peratures will result in reduction, assuming the metal-oxygen-hydro- 
gen systems to be initially in equilibrium or near equilibrium condi- 
tion, Fig. 7. With decrease in temperature below that at which equi- 
librium is obtained, oxidation will occur. Thus, it is possible for 
chromium steel to become oxidized at low temperatures and reduced 
at higher temperatures in an unchanged furnace atmosphere possess- 
ing a dew point of, say, —35 C. 

The maintenance of an actively reducing atmosphere in a braz- 
ing furnace dealing with high chromium steel is a matter of some 
difficulty. In practice it is found that the dew point of a dissociated 
ammonia atmosphere, for example, should be below —40 C to prevent 
oxidation of 12% chromium steel at temperature suitable for copper 
brazing, approximately 2010 F (1100C). Maintenance of these 
low dew points requires careful furnace operation and well de- 
signed furnaces. Some metals, aluminum or silicon for example, 


have even lower oxide dissociation pressures than chromium, and 


2E. A. Gulbransen, Westinghouse Research Laboratory Data. 
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their oxides cannot be reduced by hydrogen of any degree of purity 
that is practically obtainable. This consideration limits the alloying of 
brazing metals to those constituents which can be reduced at the 
brazing temperatures and furnace atmospheres employed. 

In furnace brazing practice we deal not with oxidation as such, 
but with oxide films, usually very thin, in contact with the metal being 
brazed. Under such conditions the underlying metal may act as a 
supplementary reducing agent and materially assist the process. In 
many cases the metal of the parts being brazed may permit the use 
of atmospheres containing somewhat more than the theoretical per- 
missible oxygen concentration as calculated for the most difficult re- 
ducible oxide that could be present. 

The presence of oxide films on the metals being joined while the 
brazing metal is molten will greatly reduce the strength of the brazed 
joints. Results of bend tests on oxidized and unoxidized chromium 
steel specimens, given in Table III, and tensile tests in Table IV, 
clearly reveal the weakness resulting from attempts to braze oxidized 
surfaces. These specimens were selectively oxidized by heating one 
end to 1830 F (1000 C) in air for % hour in a preliminary oxidizing 
heat treatment. 


Table Ill 
Bend Strength of Copper-Brazed Oxidized Joints 


Load Required for Fracture in Bending, Lbs. 





—— a 
Specimen Unoxidized Thin Oxide Film Heavy Oxide Film 
U 25,600 16,500 11,200 
F 23,600 18,600 12,900 
R 27,000 17,000 12,100 
Avg. 25,400 17,400 12,000 
Table IV 
Tensile Strength of Copper-Alloy-Brazed Oxidized Joints 
. : Temp. of Test Type of Ult. Tensile Strength 
No. of Specimen ’ F Surface Test, psi 
1F2 Room Temp. Unoxidized 116,000 
N4 Room Temp. Oxidized 87,000 
1F3 930 F Unoxidized 53,700 


N3 930 F Oxidized 37,800 


The failure of brazed joints made with oxidized surfaces occurs 
through the oxide film due to the inherently low strength of metallic 
oxides. A microsection through a brazed oxidized joint is shown 
in Fig. 8. Wetting of the oxidized specimens by the brazing alloy 
probably resulted from the reduction of a thin surface layer of oxide 
during the brazing treatment. 
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Fig. 8—Microsection of Copper-Brazed Oxidized Joint, Brazed at 2010 F (1100C), x 500. 


SURFACE PREPARATION 


During the course of the investigation the question of surface 
preparation presented itself. Would lapped surfaces produce stronger 
brazed joints than machined surfaces or would surfaces roughed by 
grinding provide stronger joints than either? Tensile tests on brazed 
joints initially prepared with lapped, fine ground, rough ground, and 
sand blasted surfaces disclosed two facts: 

1. The first was that the degree of smoothness of the surfaces 
had no significant effect on the strength of brazed joints as long as 
the effective spacings of the joints did not become excessive (greater 
than 0.002 inch). The results of tensile tests, given in Table V, 
revealed that surfaces prepared by lapping and fine and rough grind- 
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ing and subsequently brazed yielded joints of substantially equal 
strength both at room temperature and at elevated temperatures. 


Table V 
Strength of Brazed Joints as Function of Surface Preparation 











--Ultimate Tensile Strength,psi—, 
930 F 


Surface Brazing Alloy Room Temp. 
Lapped “‘Cupaloy’’* 113,000 51,000 
Fine Ground **Cupaloy’’* De eS See ° 
Rough Ground “‘Cupaloy’’* 110,000 50,000 
Sand Blasted ““Cupaloy’’* eds ie 


"0. 4% Cr Cu proprieté ary alloy. 





2. The second fact disclosed was that joints between sand 


blasted surfaces had approximately half the strength of those between 
fine ground surfaces, for example. This decrease in strength was the 
greatest for joints of capillary spacing.’ 

The appearance of the fractured joint surface of a brazed sand 
blasted specimen, when viewed microscopically, provided a clue to 
the detrimental effect of sand blasting. The fractured surface -pre- 
sented a mottled appearance with myriads of small light areas inter- 
mingled with areas of normal appearance. These light colored areas 
represented oxidized regions surrounding particles of sand that had 
become embedded in the surface of the steel during the sand blasting. 


EFFECT OF JOINT SPACING 


A survey of the slight amount of information available on 
strength of brazed joints offered somewhat confusing testimony on 
the spacing at which maximum joint strength would be obtained. 
Some of the data were contradictory in that with similar brazing 
alloys, brazing procedures, and metals brazed, one set of data indi- 
cated that maximum strength was obtained at a spacing of 0.0045 
inch, whereas a second set revealed that maximum strength was 
obtained at the minimum possible spacing. Published data on silver- 
alloy-brazed joints* indicated that maximum strength was obtained 
at a spacing of approximately 0.0015 inch. No logical explanation 
has been advanced as to why maximum joint strength would occur 
at a particular spacing. 





*“Capillary spacing” means the spacing given by simply placing the joint surfaces in 
— with no special means for spacing. 
Leach and F. T. Van Syckel, “For Best Results With Silver Brazing Alloys”, 
Electrical Manufacturing, August 1939. 
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Fig. 9—Influence of Spacings on Strength of Brazed 


Joints, Room Temperature. 
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To clear away some of the confusion surrounding the effect of 
spacing, a series of tensile tests were made on brazed specimens 


having joint spacings of from 0.0005 to 0.008 inch. 


given in Table VI and F 


ee ee 6 ee ee ae 


Brazing Alloy 
“Cupaloy” 


“Cuferco” 


Cu-Ni-Si 


Cu-Fe-Mn 


“Cupaloy 
(Pretiied 
Joints) 


ig. 9. 


Table VI 


Seales 
Inches At 
0.0005 
0.0010 
0.0020 


0.0005 
0.0040 


0.0005 
0.0025 
0.0036 


0.0005 
0.0030 


ani 


129,400 
110,300 
98,000 


126,400 
108,000 


125,500 
109,500 
93,000 


125,750 
115,000 


124,000 
110,500 
71,800 


84,000 
56,000 


oie Tensile Strength, 
Room Temp. At bp 


47,500 





The results are 





1947 BRAZING CHROMIUM STEELS 469 


The data indicated that the closer the spacing, the greater the 
joint strength, and in every case, the closest spaced joint possessed 
the highest strength. Two explanations are given for this trend. 
The first is that with the wider spacings there is a relatively great 
opportunity for lateral flow of.the brazing alloy during the process 
of rupture and consequently a shear type of failure is more closely 
approached. With very close spacings the opportunity for lateral 
flow is negligible and a strictly cohesive rupture type of failure 
occurs. ; 

A second factor advanced is the alloying of the brazing alloy 
by the joined metals. With close spacings the amount of alloying 
of a small volume of brazing metal is proportionately much greater 
than it is for a larger volume of brazing metal in wide spacings. 
As spacings increase, the degree of alloying decreases and the 
composition and strength of the joint material approach those of the 
brazing metal in its initial condition. 

An argument advanced against the use of very close spacings 
has been the desirability of allowing room for the brazing metal. It 
has been the experience of the writer and of others that under the 
proper conditions it is impossible to produce by mechanical means a 
joint between steel parts sufficiently tight to prevent copper, as a 
brazing metal, from entering and filling it by capillary action. 

Close joint spacings were found to be disturbed by warpage if 
the metals being brazed contained residual stresses remaining from 
previous heat treatments and cold workings. Incomplete annealing 
after rolling and forging operations and cold working resulting from 
machining operations may be the two principal sources of these re- 
sidual stresses. The disturbance to the spacing, occasioned by the 
plastic flow associated with stress relievement at the high brazing 
temperatures, was found to be such that increases in spacings of as 
much as 0.004 inch between brazed turbine blades occurred. Residual 
stresses were eliminated by preliminary stress-relieving treatments on 
the specimens after the heavy machining had been completed so that 
only final machining operations were required. This insured close- 
fitting joints. 


METHOD OF FEEDING BRAZING ALLOYS 


Two procedures for supplying brazing alloys to the desired loca- 
tion within a joint were studied. In the first procedure, for con- 
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venience called prefilling, the brazing alloy in the form of 0.010-inch 
thick foil was placed within the joint before brazing, (A), Fig. 10. 
The second procedure, called capillary feeding, consisted of placing 
the brazing alloy in the form of rods in feed holes where it had 
access to the joint when molten as shown in (B), Fig. 10. The molten 
alloy spread throughout the joint by capillary action. The preferred 
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Fig. 10—Methods of Applying Brazing Alloy to Turbine Blade Joints. 


location of the brazing alloy in the latter procedure was at the 
thermal center of the mass in order to minimize the formation of 
shrinkage cavities. 

To determine the relative merits of the two methods, tensile 
tests were performed on specimens joined by each method and tested 
at room temperature and the results given in Table VII. 


Table Vil 
Comparison of Capillary and Prefilled Brazed Joints 


Ultimate Tensile Strength, psi* 
Type Room Temp. 930 F 
Prefilled 117,000 37,000 


Capillary 121 ‘000 49,500 


“Average of several tests. 





The room temperature tests indicated that there was little to be 
gained in joint strength at ordinary temperatures by resofting to 
capillary feeding. On the other hand capillary fed joints were 
markedly stronger than prefilled joints when tested at 930 F (500C). 
An increase in strength was obtained, from 37,000 to 49,500 psi, 
which amounted to a 34% increase. 
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The increase in strength was attributed to an improvement in 
brazing action which may be explained as follows: With a prefilled 
joint, the brazing alloy melts initially at the outside edges due to the 
temperature gradient and tends to seal those gases or solid for- 
eign materials contained within the joint. In joints fed by capillarity 
from the thermal center of the mass all portions of the mass reach 
brazing temperature before the brazing alloy becomes molten. The 
flow of molten metal is, therefore, radially outward from the feed 
point and the tendency is for the molten alloy to carry ahead of it 
any gases, impurities or inclusions that may be present. 

An advantage of capillary feeding aside from any physical effect 
it may have on joint strength is that, very often, it is the most con- 
venient method of supplying the alloy to the joint. Additional ad- 
vantages of capillary feeding over prefilling lay in the ease of ar- 
ranging and aligning the parts to be brazed and better control of 
spacing. 


[INCREASING JOINT STRENGTH By USE OF CopPpER ALLOYS 


Although many compositions of brazing alloys, mostly in the 
copper or silver alloy groups, could have been tried, only the effect 
of alloying copper was studied here since copper produced a stronger 
brazed joint at lower cost when subjected to elevated temperatures 
than did silver. The superiority of copper over silver results from 
its higher melting temperature as it has been found that the strengths 
of metals at elevated temperatures vary roughly with their melting 
temperatures. 

Alloying copper to increase joint strength is restricted by the 
oxidation tendencies of the alloying elements that might be chosen 
from consideration of strength alone. Additions of aluminum, mag- 
nesium, beryllium and any large percentages of silicon or manganese 
cannot be tolerated because of the highly oxidizable nature of these 
elements. On the other hand, iron, nickel, cobalt, chromium, small 
perce:.tages of manganese and silicon may be safely added because 
they are not so readily oxidized. 

Copper alloys containing the latter metals were melted and 
worked to produce brazing alloys for tests. The percentages added 
were small enough to prevent an appreciable rise in the brazing tem- 
peratures above 2010 F (1100C). This restriction was necessary 
to keep the brazing temperature within the range of the commercial 
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furnace used and to prevent detrimental effects on the material. 
Where higher temperatures can be employed, stronger brazed joints 
than here reported can be obtained. 

Tensile tests were performed on chromium steel specimens 
brazed with a variety of these copper alloys and with the preferred 
methods of preparation described in the preceding sections. The 
data, Table VIII, indicate that consistently high joint strengths can 
be obtained even with unalloyed copper. However, it appears that this 
result can be obtained only with copper that is purer than ordinary 
commercial copper as the high joint strengths here reported were 
obtained with the use of oxygen-free copper. There is a question as 
to whether the high strength obtained with oxygen-free copper is the 
result of the use of improved procedures or whether it is due to the 
lower oxygen content of the copper. The presence of oxygen in 
copper might cause localized oxide film formation by its reaction with 
chromium steel. 


Table VIII 
Tensile Strengths of Brazed Joints as Effected by Composition of Brazing Alloys 


ate Ult. Ten. Str., psi—, 

Type of Alloy Composition Type of Test {com Temp. 930 F 
Oxygen-Free peer 100% Cu Room Temp. 124,000 45,000 
“Cupaloy” (Cu-Cr)* 0.47% Cr, Bal. Cu Room Temp. 121,000 49,000 
“Cuferco” (Cu-Co-Fe)* 2% Co, 2% Fe, Bal. Cu Room Temp. 126,000 $7,000 
Cu-Ni-Si* 2%% Si, 8% Ni, Bal. Cu Room Temp. 125,000 63,000 
Cu-Fe-Mn* 1% Fe, 1% Mn, Bal. Cu Room Temp. 126,000 59,000 


*Westinghouse alloys in use for a number of years. 


Study of the data revealed two significant facts. First, that 
alloying copper with up to 10% of other alloying elements where no 
appreciable increase in melting temperature occurred resulted in neg- 
ligible increase in the room temperature strength of the joints brazed. 
Thus where brazed parts are not subjected to unusual temperature 
conditions no advantage is gained by substituting more expensive 
copper alloys for oxygen-free copper. 

Secondly, when tested at 930 F (500C), similar joints brazed 
with alloyed copper possessed a strength 40% greater than was 
obtained with oxygen-free copper. This is a very significant increase 
particularly for turbine blade application where even a small increase 
in strength may greatly increase the operating life of a joint for given 
stress conditions. 

This fact is more graphically shown in Table IX and by Fig. 11 
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Fig: 11—Rupture Tests on Brazed Joints at 930 F. 


where the results of rupture tests are shown. The tests were con- 
ducted at 930 F (500 C), a temperature corresponding to the operat- 
ing temperature of the steam turbine. They were tested by applying 
a predetermined load on the specimens until rupture occurred. The 
elapsed time before rupture occurs is then taken as a measure of 
quality. The “constant stress-rate” curve in Fig. 11 is obtained from 
short-time constant stress-rate tensile tests performed on a constant 
load-rate machine. In the tests the specimens were loaded at a con- 
stant stress-rate of 2000 Ib/in?/min. until failure occurred. 

The increase in the operating life of a brazed joint obtained as 
a result of alloying copper can be compared by extrapolating the 
curves in Fig. 11 and measuring the time required to rupture. For 
example, when loaded to 10,000 psi, the copper-brazed joint ruptured 
after 500 hours whereas one brazed with Cu-Ni-Si alloy ruptured 
only after 1400 hours, a striking increase in joint performance. 

The degree of interalloying between the brazing alloy and the 
joined metal is influenced by the composition of the brazing alloy 
and this, possibly, is the explanation for the differences in the joint 
strength obtained with different alloys at elevated temperatures. Fig. 
12 is a photomicrograph of an oxygen-free copper-brazed joint and 
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Table IX 


Rupture Strength of Copper and Copper-Alloy-Brazed Joints at 930 F 


Brazing Alloy 


Copper 


“Cupaloy” 


“Cuferco”’ 


Cu-Ni-Si 





Test Load 


psi 
13,500 
10,250 

000 


— 
3338 
uw 
o 


= 8S 
S233 


te 


Duration 


rs. 


Fig. 12—Copper-Brazed Joint, Brazed at 2010 F (1100C), Chromium Steel Speci- 


mens, X 500. 
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Fig. 13—“‘Cupaloy”-Brazed Joint, Brazed at 2010 F (1100C), x 500. 


shows interpenetration of copper into the grain boundaries of the 
chromium steel surfaces with only slight evidence of diffusion of 
copper into the metal. Copper appears to have dissolved chromium 
and iron without preference. 

Fig. 13 shows the microstructure of a joint brazed with “Cup- 
aloy”’, an age hardening copper alloy containing 0.4% chromium. <A 
start of an intermediate alloy layer between the “Cupaloy” and the 
chromium steel can be distinguished with but slight penetration into 
the grain boundaries. This intermediate alloy layer is much more 
pronounced in the joint brazed with high chromium “Cupaloy”, 
containing 0.8% chromium, Fig. 14. 

The microstructure of a joint brazed with a copper alloy contain- 
ing 2% Fe and 2% Co is shown in Fig. 15. There is slight penetra- 





476 TRANSACTIONS OF THE A. S. M. Vol. 39 





Fig. 14—High Chromium “Cupaloy”-Brazed Joint, Brazed at 2010 F (1100C), x 500. 


tion of the grain boundaries by the brazing alloy and more evidence 
of a gradual diffusion into the chromium steel than with the other 
joints examined. The intermediate layer so prominent in the “Cup- 
aloy”-brazed joints was not found. 


SUMMARY 


1. The results obtained from physical tests of brazed joints and 
reported here are indicative of the strength possible in commercially 
brazed steel joints by observance of good brazing practice, the more 
important elements of which are: 

a. Minimum spacing 
b. Capillary feeding 
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Fig. 15—“‘Cuferco”-Brazed Joint, Brazed at 2010 F (1100C), x 500. 


c. Brazing metals consisting of oxygen-free copper or 
copper-base alloys 
d. Avoidance of sand blasted or other types of contami- 
nated surfaces 
e. Furnace atmospheres of high purity 
Observance of these practices provided brazed joints more than 50% 
stronger than those hitherto reported in commercial practice as sum- 
marized in Table X. 

2. A test turbine containing brazed sets of blades has been 
operated for 1000 hours at approximately 930 F (500 C) and 1250 
psi steam pressure without failure. This testifies to the ability of 
well-brazed joints to withstand difficult operating conditions. 

3. The procedures developed here by no means exhaust the 
possibility of further increasing the strength of brazed joints. Higher 
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Table X 
Improvement in Joint Strength 
Pp Sas Bae rant. Test ae Psi cet” name 
Previous (A) Copper _ 1100 Room Temp. 75,000 os 
Present (B) O.F 1100 Room Temp. 125,000 66 
Previous (A) Copper and 1100 482 34,000 me 
Present (B) Copper Alloys 1100 500 63, 000 85 





A—Commercial practice. 
B—lImproved procedure described in this report. 


brazing temperatures, diffusion treatments, application of pressures 
with brazing, and combinations of these procedures hold a very defi- 
nite promise of further increasing the strength of brazed joints. 
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DISCUSSION 


Written Discussion: By Robert H. Leach, vice-president, Handy & 
Harman, Bridgeport, Conn. 

This paper is a most valuable contribution to the art of high temperature 
brazing, and I congratulate the author and his associates. 

The successful results obtained in the service tests substantiate the experi- 
mental work and preclude any criticism of the procedure followed in solving 
this particular brazing problem. It is of interest, however, to analyze the 
different steps with the view of determining how they may apply to erazing 
problems in general. 

My experience has shown that the surfaces of the joint must be clean and 
free from any oxide film if the strongest joints are to be obtained. The molten 
brazing metal or alloy should also be free from any oxide film. 

These conditions must be present at the time the brazing metal flows over 
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the surfaces of the joint, thus assuring clean metal-to-metal contact. There 
are two methods of accomplishing this: first, the use of a flux which is fluid and 
active at the brazing temperature so that all oxide films will be dissolved, and 
second, by use of a controlled atmosphere which will reduce any oxide film. 
If controlled atmospheres are to be used, | agree with the author’s statement 
that the oxide-forming characteristics of the metal or metals to be joined and 
the brazing alloy must be given the most careful study. When a flux is used, it 
is also important to know these oxide-forming characteristics, but the problem 
is much simpler because there are suitable fluxes, if they are properly applied, 
to dissolve the oxides of any metals likely to be formed in any brazing operations. 
In the case of atmosphere protection, there cannot be too much emphasis placed 
upon the necessity of selecting the proper atmosphere, and, quite as important, 
the furnace should be designed to prevent the introduction of air into the 
heating chamber. 

The selection of dissociated ammonia by Mr. Gray seems to be justified, 
but for other turnace brazing, sufficiently good atmospheric control may be 
obtained with combusted gases of various compositions. It is my opinion, 
however, that many of the unsatisfactory results from atmosphere furnace 
brazing are due to the lack of realization of the degree to which a thin film of 
oxide will affect the strength of the bond. 

It is probable that the question of joint spacing wiil be a never-ending 
source of argument. Looking back over more than 30 years of experience in 
brazing, can find no evidence to dispute the theory that if the brazing alloy is 
in sufficient amount to completely wet the surfaces of the joint, the smallest 
spacing should give the strongest joints. However, as Mr. Gray says, there is 
considerable published data that is in some degree in conflict with this theory. 
As a defense measure, I have adopted the general statement that the clearance 
should never exceed a few thousandths of an inch, and with possibly a few 
exceptions I have not been forced to give ground in an argument. Capillary 
action is a powerful force, and gravity is a force which we have to consider in 
some brazing operations. Expansion is a most important factor, and residual 
stresses, as cited by the author, are often the cause of poor joint spacing when 
the brazing temperature is reached. All these factors are interrelated with 
joint spacing and must be considered if the best results are to be obtained. 

The author mentions the resuits of some experimental work which was 
done under my direction several years ago on some butt joints with stainless 
steel sheet 0.065 inch thick and a silver brazing alloy which flowed freely at 
1175 F (635C). The results of that work did show a maximum strength at 
0.0015 inch, and the graph of that work has been used by my associates and me 
as an argument for close spacing. The heating was done with a torch, the 
joints and brazing alloy were protected with flux and the alloy flowed into the 
joint by capillarity. I believed that the work justified the recommendation 
of close spacing and careful fitting for good brazing practice with no thought 
that undue emphasis should be placed upon 0.0015 inch as an exact spacing 
which should be accepted as the ideal one for all brazing. It is with considerable 
satisfaction that I find the author has been able to demonstrate the advantage 
of a clearance of 0.0005 inch in his particular problem. 
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The preparation of the surface undoubtedly deserves careful consideration. 
From my own experience I have felt that a highly polished surface was not as 
“satisfactory as one which had not been polished. Badly scored surfaces are not 
good. The sheared edge of sheet metal in the thinner gages provides a good 
surface for making butt seam joints, if the shears are sharp and properly set 
and there is no burring along the edge. Sandblasting may not be serious if 
flux is used, but for atmosphere brazing I agree with the author that it should 
not be used. Careful grinding in the case of steel should be satisfactory, but 
with softer metals I have questioned whether the difficulty sometimes found in 
making butt seams, which have ground surfaces, may not be due to the embedding 
of grinding dust in the surface. The use of a coarse file for preparing the 
surface should be avoided. 

I assume that all of the specimens for comparative tests and microsections 
were prepared as illustrated in Fig. 4. If my assumption is correct, it would be 
interesting to know the thickness of the copper foil which was inserted and how 
the spacing was controlled. In the description of the larger assemblies, as 
illustrated in Fig. 10, the thickness of the copper insert is given as 0.010 inch. 

The higher strengths obtained with capillary feeding over preplacement of 
the brazing alloy, as illustrated in Fig. 10, is also of much interest. The 
author’s suggestion, that the flowing of the alloy from the inside, after the parts 
are at the brazing temperature, acts as a cleansing process, appears logical to 
me. Is it beyond all reason to imagine that absorbed gas films on the surfaces 
of the joint are an important factor in atmosphere brazing? If it is a factor, 
can we go a step further and assume that the capillary force in closely spaced 
joints is more effective in removing these films and thereby insuring metal-to- 
metal contact? 

Years ago I had the temerity to subject myself to possible ridicule in using 
the term “nascent surfaces” in connection with brazing. Regardless of how 
absurd that term may appear to the scientific mind, the passing years have 
confirmed my belief that the nearer we can approach that condition, when the 
molten brazing alloy flows over the surfaces of the joint, the stronger the 
bond will be. 

The effect of diffusion on the strength of brazed joints is always a subject 
for discussion. If all other factors are the same, we may consider that time and 
temperature will control the degree of diffusion. The microsections illustrated 
in the paper show the effects of varying the composition of the brazing alloy, 
and it would be interesting to know how long the alloy was molten in relation 
to the total time in the furnace. In discussing these microsections, the author 
quite correctly differentiates between the formation of an intermediate alloy 
area and penetration of the alloy into the grain boundaries and diffusion. The 
relation of the strength of joint with the depth and type of diffusion deserves 
careful study. The microstructure shown in Fig. 15 and the high strength of 
the joint given in Table IX might justify the conclusion that gradual diffusion 
without penetration of the alloy into the grain boundaries and the production 
of an intermediate alloy layer should give the strongest joints. If this reasoning 
is correct, the ultimate strength might be obtained when the original brazing 
alloy was completely diffused into the members of the joint. On the other hand, 
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joints of high tensile strength at room temperatures can be obtained with low 
temperature brazing alloys on steel where the diffusion is so slight that it is 
difficult to identify at high magnification. 

The paper not only gives us a detailed description of the procedure followed 
in solving a difficult brazing problem but also clearly defines various factors 
that affect good brazing. We should all be stimulated to continue the study of 
these different factors, and, as the author concludes, there is every reason to 
believe that such studies will result in the production of stronger brazed joints. 

Written Discussion: By Floyd C. Kelley, Research Laboratory, General 
Electric Co., Schenectady, N. Y. 

The author of this paper is to be congratulated on the nice presentation of 
the essential requirements for furnace brazing. 

The art is over 35 years old and many of the points brought out in the 
paper are common knowledge. 

The art of furnace brazing such materials as the stainless steels, nichrome, 
stellite and high manganese alloys, however, is not so old but for which there 
is a vast field of application. The surface has scarcely been scratched. 

The main contribution of this paper is the revelation of the high strength 
obtained with oxygen-free copper and copper alloys at 930 F (500 C). Strengths 
at room temperature higher than any revealed by the author can be found in 
the paper referred to in footnote 2; therefore, the broad claim by the author, 
“Results showed that joints could be made which were 60 to 100% stronger 
than had been obtained in the past,” is certainly misleading. 

There are too few data in this paper to warraiit any broad claims. 

There are very few assemblies used in commercial production that will 
allow the drilling of holes at the center for the purpose of feeding copper to the 
joint upon brazing. Most assemblies used in commercial brazing are such that 
the joints are open at both ends and the copper is placed at one end or the 
other so that upon melting the copper is pulled into the joint by capillarity, as 
the author has already shown, thus avoiding the trapping of any of the gas of 
the furnace atmosphere. - The very fact that copper and copper alloys absorb 
large quantities of hydrogen upon heating and give up this gas upon solidification 
makes a very poor case for perfectly sound brazed joints whether the copper be 
commercial or oxygen-free, and regardless of how the copper may be fed to 
the joints. The most important factors in brazing chromium steels are the 
gas atmosphere, tightly fitted joints, as the author has shown, the temperature 
and time of brazing, and the brazing material. 

Another broad statement by the author, “Some metals, aluminum or silicon, 
for example, have even lower oxide dissociation pressures than chromium and 
the oxides of these metals cannot be reduced by hydrogen of any degree of purity 
that is practically obtainable”, bears consideration. This is not true in general, 
since if pure iron is heated for a long time at 2550 to 2640 F (1400 to 1450 C), say 
48 hours, in an alundum tube furnace in hydrogen, the silicon content of the iron 
will increase as much as 0.25%. The only source of silicon is the alumina insula- 
tion and the silica binder in the alundum tube. High silicon steel sheets can also 
be bright annealed in pure dry hydrogen. It may be that silicon alone in the 
absence of iron cannot be reduced in pure dry hydrogen at the temperature of 
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2010 F (1100C), but certainly, in the nee of iron, SiO, is reduced at 
temperatures indicated above. 

Another statement, “Additions of aluminum, magnesium, beryllium and any 
large percentages of silicon or manganese cannot be tolerated because of the 
highly oxidizable nature of these elements”, as applied to the brazing alloy is 
certainly contrary to the facts. 20% manganese-nickel alloy has been used in 
pure dry hydrogen without flux to braze stainless steel and gives beautifully 
bright clean joints. Oxygen-free copper has also been brazed with 10% 
manganese-copper in pure dry hydrogen. The preparation of these alloys, 
however, is just as important as the atmosphere in which they are used. 

In regard to the temperature of brazing, I should like to ask the author 
which of the following set of conditions would give the stronger joint using 
chromium bucket stock and copper as the brazing material. 

1. Introduction of the assembly into the furnace at 2010 F (1100C) and 
holding it for 20 minutes at 2010 F (1100C). 

2. Introduction of the assembly into the furnace at 2280 F (1250C) and 
heating it for 20 minutes, the last 34% minutes of the heating cycle being required 
to raise the temperature from 1985 to 2190 F (1085 to 1200 C). 

Concerning the atmosphere of the retort, I should like to ask the author 
which of the two atmospheres, hydrogen or dissociated ammonia, having the 
same partial pressure of water vapor is the more active in the reduction of 
chromic oxides over the temperature range 1470F (800C) to the melting 
point of the steel. 

Finally, does the nitrogen in the dissociated ammonia have any noticeable 
effect upon the physical properties of the steel which might account for the 
higher strengths of the joints at 930 F (500 C)? 

Written Discussion: By Ira T. Hook, research engineer, The American 
Brass Co., Ansonia, Conn. 

This paper gives some very valuable information and goes a long way 
toward answering questions as to the brazing conditions and the brazing metals 
with the strengths resulting therefrom. 

The industry is indebted to Mr. Gray and his sponsors for the carefully 
conducted research, the results of which they have reported. 

I have no significant comment to make, but suggest that in any further 
extension of the work, the following questions should be answered : 

1. Does phosphorus-deoxidized copper (P = 0.04% max., Cu = balance) 
make a more satisfactory preplaced brazing joint than oxygen-bearing tough 
pitch copper ? 

2. Will a cupro-nickel, such as The American Brass Company’s Cupro- 
Nickel 20%—712, or their Super-Nickel—701, preplaced or with capillary 
brazing, show a higher strength at the temperature of 930 F (500C) than the 
other alloys which Mr. Gray reported? 

(It may be necessary to await the development of a higher temperature 
electric furnace before these metals can be used for brazing purposes since they 
melt at 2190 and 2235 F respectively.) 

Written Discussion: By S. H. Graf, director, Engineering Experiment 
Station, Oregon State College, Corvallis. Oregon. 
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Mr. Gray is to be congratulated on a very fine paper. His work on furnace 
brazing and his discoveries therefrom should be of great help to those having 
problems concerned with brazed joints and to those contemplating the use of 
the furnace brazing process in manufacture. 

We were especially interested in the influence of spacing and smoothness of 
the surfaces to be brazed. At least some slight spacing has always been con- 
sidered essential to a good brazed joint as it was deemed necessary to allow 
space for the brazing material to flow between the metals being joined. Mr. 
Gray points out that copper and copper brazing alloys will flow into a joint by 
capillary action. By this we suppose he means that spacings of molecular thick- 
ness only are required, even though such small spacings may be impossible to 
accomplish by ordinary mechanical means. 

Roughness of surfaces to be joined also has been thought essential for good 
joints because of the keying action of rough surfaces. Mr. Gray points out that 
roughness is not essential. In fact, if the surfaces are too rough the spacing 
may become so great as to make a weaker joint. As in all coating operations, 
best results are again shown to be obtained on clean surfaces. 

While this method seems to work well on low carbon-chromium steels, 
we wonder if it can be applied successfully to steels in the higher carbon ranges. 
Hydrogen is not only a reducing gas but is also one of the most potent decarbu- 
rizers. If this method were to be applied to higher carbon steels, some method 
probably would need to be employed to prevent decarburization, possibly by 
addition of carbon monoxide. The addition of carbon monoxide may not be 
desirable with chromium steels. 

Also we wonder about the effect of the atmospheres here used, containing 
high percentages of hydrogen, on the hydrogen embrittlement of the steels. 
Apparently, judging from the results obtained, hydrogen embrittlement was not 
encountered in this work. It seems that a 30-minute period in the antechamber 
of the furnace might be insufficient to allow hydrogen to diffuse out of the metal, 
so that atmospheres containing high percentages of hydrogen might still be a 
possible source of embrittlement. 

The author’s comments on this phase of the problem would be enlightening 
and appreciated. 


Author’s Reply 


Mr. Leach’s comments on the paper are appreciated. The author would be 
interested in learning if Mr. Leach has had successful experience with the 
removal of highly refractory oxides, such as titanium or beryllium oxides, by 
means of fluxes or by reducing gases. His comments on furnace design and 
operation are much in order. Combusted gas atmospheres have been employed 
successfully for brazing atmospheres, but they have also been the source of 
much difficulty. 

The author is gratified to know that he is in agreement with Mr. Leach on 
the matter of joint spacings. 

The brazing alloy was supplied to the specimens shown in Fig. 4 by two 
methods, one by drilling a hole through the center of the upper block and 
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inserting a rod of the brazing alloy, and the second by inserting a 0.010-inch strip 
in the joint between the upper and lower blocks. The spacing was controlled by 
making prick punch marks at the four corners of the joint surface and grinding 
down the metal ridges formed to the required height with a surface grinder. 
Dowel pins were inserted at either end to hold the blocks in alignment. 

It is possible that adsorbed gas films would be a factor in very short brazing 
cycles and low brazing temperatures but in the opinion of the author, tempera- 
tures on the order of 2010 F (1100C) and brazing cycles of 20 minutes or longer 
would tend to destroy the stability of the adsorbed gas films and render them 
easily removable. At least the author has not found any evidence tending to 
indicate that they are a factor. The author is also unacquainted with the term 
“nascent surfaces” in connection with brazing and would welcome the opportunity 
of learning more of the evidence or theory in regard to this subject. Mr. 
Leach’s comments on the microstructure should be provocative of some thought. 
In the matter of strengthening the cohesion between the jointing material and 
that joined, it is felt that when effective “wetting” occurs the bond produced 
in brazing generally has greater strength than that portion of the jointing 
material most distant from the bonding surface. The problem appears to be 
that of strengthening the brazing alloy itself. With respect to the question on 
the length of time the brazing alloy was molten in relation to the total time in 
the furnace, this time was approximately 5 minutes. 

The author wishes to thank Mr. Kelley for his contribution and in reply 
wishes to emphasize what perhaps should have been more clearly stated in his 
paper and which is stated in his summary, that the work reported was confined 
to commercial practice in commercial furnaces with brazing temperatures in 
the neighborhood of 2010F (1100C), the upper limit of most commercial 
brazing furnaces. In the laboratory, joints possessing strengths equal to that 
of the metals being joined have been obtained, but only under laboratory con- 
ditions. Mr. Kelley achieved some very high joint strengths as well,’ but it 
should be pointed out that these were also obtained with the use of laboratory 
equipment and a brazing temperature of 2280 F (1250C), a temperature in 
excess of that obtainable in most commercial furnaces and one which would 
cause considerable coarsening of the grain and impairment of the physical 
properties of many steels. The values of strength reported in the presented 
paper were obtained from specimens brazed in a Westinghouse “Ammogas” 
furnace of commercial design. 

In the matter of obtaining sound joints the author agrees with Mr. Kelley 
that perfectly sound joints are very difficult to obtain. One explanation of the 
cavities found in unsound joints has been the shrinkage of the molten brazing 
metal upon solidification. To check this supposition the author has brazed two 
chromium steel specimens, each 2 inches wide, 1 inch thick and 8 inches long, 
fastened together and upended in a pan to form a vertical joint 8 inches high by 
2 inches wide. Copper was placed in the pan so that when molten it would feed 
the joint by capillary action from the bottom. After brazing, the specimen was 
progressively cooled from the top down so that as shrinkage occurred it would 
be fed from the molten metal below the solidification zone. After cooling, the 


‘SF. C. Kelley, “Properties of Brazed 12% Chrome-Steels,” Iron Age, Nov. 2, 1939. 
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specimen was slit open at the joint and examined. The 32 square inches of 
brazed surface were flawless with none of the cavities normally associated with 
a brazed surface. Although a single test is not conclusive, the results obtained 
do suggest that perfectly sound joints are possible of attainment. It also indi- 
cates that feeding can be done satisfactorily without the use of center holes 
provided the proper procedures are employed. 

The exception that Mr. Kelley has taken to the statement of the author 
concerning the difficulty of reducing silicon oxides with hydrogen is well taken 
and the statement should be qualified to include “at temperatures at or near 
2010 F (1100C) and with furnace atmospheres now commercially available”. 
Although silicon may be an unfortunate example as it is not too inferior to 
chromium in the ability of its oxide to be reduced, data by Dr. B. Lustman’® 
indicate that its oxide is substantially more difficult to reduce than is chromium 
oxide. At 2550 to 2730 F (1400 to 1500 C) he suggests that hydrogen of —50C 
dew point has the ability to reduce free SiO» In the presence of another metal 
such as iron the change in partial pressure of the oxide may be sufficient to 
cause reduction at 2010 F (1100 C). However, examination of fractured joints 
brazed at 2010 F (1100C) with 2.5% silicon-copper alloy revealed small areas 
of white fluffy oxide that appeared to. be SiO: This was the basis of the 
author’s conclusion. 

The opinion of Mr. Kelley “that the statement ‘additions of aluminum, 
magnesium, beryllium and any large percentages of silicon or manganese cannot 
be tolerated because of the highly oxidizable nature of these elements as applied 
to the brazing alloy’ is certainly contrary to the facts” has some basis of truth 
if “pure” hydrogen is employed and if his statement is restricted to manganese 
and perhaps silicon. However, with dissociated ammonia atmospheres having 
dew points between —40 and —50C, and brazing temperatures of 2010 F 
(1100 C), the author was unable to cause copper alloyed with 0.5% beryllium to 
wet 12% chromium steel. Such steel brazed with copper alloyed with more 
than 2.5% of silicon showed areas of what appeared to be white fluffy silicon 
oxides. Similarly, small dark purple areas appeared within a joint brazed with 
a copper-manganese alloy of 10% manganese. The author would be interested in 
knowing the purity of hydrogen atmospheres mentioned by Mr. Kelley. 

Calculated values of the dissociation pressure of various metal oxides, given 
by Dr. B. Lustman, places the metals in the order of their partial oxygen 
pressures at 2010 F (1100C). 


Table A 
Partial Oxygen Pressure in 
Metals mm of Hg at 2010 F (1100 C) 
H. or Dissociated Ammonia 

—50 C Dew Point 10-18.6 

Cr 10-38.4 

Si 10-204 

Ti 10-23-4 

Al 10-27.6 

Mg io 

Be 10-33 


*B. Lustman, “The Resistance of Metals to Scaling,’’ Mertat Procress, American 
Society for Metals, Vol. 50, 1946, p. 850. 
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As indicated in Table A reduction of SiO; requires a partial pressure of oxygen 
in the furnace atmosphere 100 times lower than is required for reduction of 
chromium oxide. Manganese, though not given in Dr. Lustman’s data, is similar 
to chromium in the ability of its oxides to be reduced and should, therefore, be 
useful as a component of brazing alloys. 

With respect to the question asked by Mr. Kelley as to which of two sets 
of conditions, brazing at 2010 F (1100C) for 20 minutes or brazing at 2280 F 
(1250 C) for 20 minutes, would give the stronger brazed joints using chromium 
bucket stock and copper as the brazing alloy, the author feels that brazing at 
2280 F (1250 C) should produce a stronger joint due to increased alloying of 
the brazing alloy. However, other metallurgical factors might intervene and the 
writer has no desire to be dogmatic. Some experiments have tended to indicate 
a gain in strength with increasing brazing temperature but the results have not 
been sufficiently concordant to warrant definite conclusions. However, since it 
was desired that commercial practice be followed and commercial equipment 
be used, the brazing studies here reported were restricted to 2010 F (1100C). 

With regard to Mr. Kelley’s question as to which atmosphere, hydrogen or 
dissociated ammonia, each possessing the same partial pressure of water vapor, 
would be the more active in the reduction of chromic oxides over the tempera- 
ture range 1470 F (800C) to the melting point of steel, in the opinion of the 
author there would be little if any difference between the two. Since dissociated 
ammonia contains only 75% of hydrogen it might be the less active of the two 
so far as removal of oxygen is concerned. However, reaction between the N: 
and the Cr might lower the Cr partial pressure and so facilitate removal of -O; 
by the Hs. 

No data are available which would indicate that the nitrogen in the dissociated 
ammonia has any noticeable effect upon the physical properties of the chromium 
steel which might account for the relatively high strength at 930 F (500C) of 
the joints here reported and resulting from the brazing cycle described when 
compared to those reported by Kelley for test temperatures of 900 F (480(C). 

As Mr. Hook indicates, for commercial practice, higher temperature electric 
furnaces are necessary before brazing alloys such as the cupro-nickel or super- 
nickel which he mentions having melting temperatures above 2010 F (1100C) 
can be used. If other conditions such as well-filled, well-wetted, and porosity- 
free joints are met, the author feels that with the use of the alloys mentioned, 
joints possessing strengths at least equal if not superior to those reported for 
930 F (500 C) can be obtained. Here again the grain-growth property of the 
metal joined must be considered as this may prove to be the limiting factor in 
the choice of brazing temperatures. 

The author is inclined to the belief that phosphorus-deoxidized copper would 
not make a more satisfactory brazing alloy than oxygen-bearing tough pitch 
copper due to the possibility of producing cavities resulting from the volatilization 
of oxides of phosphorus. 

The comments of Professor Graf are appreciated. Under the conditions of 
reasonably pure reducing atmospheres and clean surfaces the fluidity of molten 
copper is very high, and it flows very readily into capillary spaced joints. The 
author has seen joints riveted shut through which molten copper had penetrated 
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with ease. Examination of the microstructure of the copper-brazed joint 
(Fig. 12) indicates that solution of the intergranular constituent of the chromium 
steel and the penetration of the copper into the grain boundaries provide a keying 
action that is probably much more effective in promoting a strong braze than a 
surface roughened by an external means. A roughened surface, however, is 
superior to a smooth surface in promoting the flowing of the molten copper 
over the heated metallic surfaces. 

Furnace brazing high carbon-high chromium die steels in protective atmos- 
pheres composed mostly of dry hydrogen has been advantageously employed in 
industrial practice for some time. These die steels usually contain 1.5% carbon 
and 12% chromium. Dry hydrogen has a real but limited decarburizing power 
as has been indicated by C. R. Austin." He shows that no noticeable decarburiza- 
tion occurred in heating SAE 52100 steel for 55 hours at 800 C in dry hydrogen. 
He also indicated that it was the moisture contained in insufficiently purified 
hydrogen that was the cause of rapid decarburization of steel heated in hydrogen 
atmosphere. Gier and Scott*® have also shown that a 1.5% carbon-12% chromium 
steel heated to 1850 F (1010C) for 1 hour did not have a soft skin. What 
occurs in a high carbon steel is that the slowness of the hydrogen-carbon reaction 
enables the diffusion of carbon from below the surface to the surface layers to 
replace the lost carbon. A small amount of methane can be added to hydrogen 
or dissociated ammonia to render the gas carburizing rather than decarburizing. 

No indication of any effect by hydrogen or nitrogen on the strength of the 
brazed joints was found: It is very probable that there is a great amount of 
hydrogen diffusion into the chromium steel when in the austenitic state but 
Robertson’ has shown that diffusion of hydrogen out of the steel occurs just as 
readily. It is our opinion that the tempering treatment given to the brazed 
specimens after the brazing operation probably effectively removed the diffused 
hydrogen. This treatment consisted of placing the brazed specimens within an 
air circulating tempering furnace held initially at room temperature and then 
bringing the temperature of the specimens and furnace slowly to the tempering 
temperature of 1050 F (565C) for an hour and then cooling back to room 
temperature, the entire treatment consuming approximately 6 hours. 


_ 3C. R. Austin, “A Study of the Effects of Water Vapor on the Surface Decarburization 
of Steel by Hydrogen With Certain Developments in Gas Purification,’’ Transactions, 
American Society for Metals, Vol. 22, 1934, p. 31. 


sj. R. Gier and H. Scott, “Bright Hardening of Tool Steels Without Decarburization 
or Distortion,”” Transactions, American Society for Metals, Vol. 28, 1940, p. 671. 


. *Carpenter and Robertson, ““Metals,’’ Oxford University Press, London, New York and 
oronto. 








BAINITIC HARDENING OF HIGH SPEED STEEL 
By C. K. Baer anp P. Payson 


Abstract 


An appreciable amount of bainite can be formed in 
high speed steels by direct isothermal transformation at 
temperatures between about 450 and 600 F (235- and 
315C). However, these steels cannot be made completely 
bainitic by such treatments because the austenite tends to 
become stable, that is, it resists further decomposition dur- 
ing prolonged holding periods after a certain amount of 
transformation product has formed. If the partially trans- 
formed steel is heated for several hours at 1050 F (565 C), 
the residual austenite is conditioned so that when it is 
again cooled to the temperatures beween 450 and 600 F 
(235 and 315 C) and held for some time, additional bainite 
can form. Thus, by judicious combinations of transfor- 
mation and tempering periods, it is possible to heat treat 
high speed steel to a structure consisting almost entirely 
of tempered bainite. Steels with such a structure have 
satisfactory hardness for cutting tools. It has been found 
by cutting tests, both in the laboratory and in production, 
that bainitic high speed tools outperform tools of the same 
steels heat treated by conventional methods. 


INTRODUCTION 


HE publication of the now-classic work of Davenport and Bain 

(1)* prompted research on the isothermal decomposition of 
austenite in a variety of ferrous materials. In these investigations 
the product into which austenite transforms just above the marten- 
site range, that is between about 500 and 700 F (260 and 370C), 
has usually been termed bainite. In a plain carbon steel it is difficult 
to form bainite because the reactions at temperatures between ap- 
proximately 900 and 1100 F (480 and 595(C) are rapid and hence 
not easily avoided in cooling the steel down to the lower temperatures 
at which bainite would form. On the other hand, in a high speed 


The figures appearing in parentheses pertain to the references appended to this paper. 





A paper presented before the Twenty-eighth Annual Convention of the 
Society held in Atlantic City, November 18 to 22, 1946. Of the authors, C. K. 
Baer is associated with the Sanderson Works, Crucible Steel Company of 
America, Syracuse, N. Y., and Peter Payson is associated with the Eastern 
Research Laboratory, Crucible Steel Company of America, Harrison, N. J. 
Manuscript received June 29, 1946. 
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steel there is no rapid reaction at temperatures above those at which 
bainite forms. Therefore, in this steel the formation of bainite is 
quite simple. Figs. la and 1b, showing the form of the TTT-curves 
for a straight carbon tool steel and an 18-4-1 high speed steel, illus- 
trate these principles. 

Recently, several investigators (2), (3), (4), (5), exploring 
the decomposition of austenite in high speed steels, have established 
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Fig. la—TTT-Curve for Carbon Tool Steel. 


that bainite can readily be formed in such steels by various hot 
quenching procedures. A normally austenitized high speed steel forms 
bainite, it has been demonstrated, as a product of isothermal de- 
composition between about 400 and 650 F (205 and 345C). This 
region of transformation is clearly indicated in Fig. 1b for 18-4-1 
high speed steel. 

Since bainite and martensite form from austenite at about the 
same temperatures (although by different mechanisms), these in- 
vestigations provoked considerable interest in the properties of bainitic 
high speed steel (6), (7). Scant information, however, has been 
available. It was the purpose of this investigation to supply addi- 
tional data on the bainite reactions in high speed steel and to aug- 
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Fig. 1b—TTT-Curve for 18-4-1 High Speed Steel. 


ment these data with an appraisal of bainitic high speed steel used 
as actual cutting tools. 


STEELS INVESTIGATED 


Table I gives the compositions of the steels used in conducting 
the several tests. All analyses are representative of commercial types 
of high speed steel. Samples and tools used were cut from hot-rolled, 
annealed bars processed from ingots of arc-melted heats. 


Table I 
Analyses of Steels Investigated 
Type Tests Cc Mn Si Cr V Ww Mo Co 
18-4-1 Tables II, V GO7e -G2> O25 4256: 21.53. 106.36 ...; 
18-4-1 Table VI 75, eee | ae ee Be Sb cae 
18-4-1 Table IX Seek Gan. G20 25m LGR Bae ve dc 
6%4-5-2 Tables III, V 0.82 0.23 0.22 4.14 1.95 6.40 4.88 .... 
18-4-1 + 5% Co Tables IV, V 0.71 0.25 0.26 3.87 1.12 17.86 0.81 ‘4.73 
18-4-1 + 5% Co Pe a vr 0.73 0.30 0.38 4.04 1.15 18.38 0.77 4.69 
18-4-1 + 5% Co Table VII 0.73 0.27 0.33 4.27 1.02 18.21 0.58 4.56 
18-4-1 + 5% Co Tables VIII, IX 0.72 0.32 0.36 4.27 1.14 17.97 0.72 4.72 
54%4-1% Table VI 0.81 0.24 0.30 4.01 1.41 5.40 4.17 
5SY4-1% Table IX 0.81 0.18 0.23 3.91 1.49 5.54 4.21 
54-41% Table XI 0.83 0.27 0.29 3.84 1.59 Bien: Gee ‘eens 
5%-4-1% + 5% Co Table VI 0.84 0.27 0.35 4.20 1.44 5.59 4.27 5.24 
5%4-4-1% + 5% Co Table IX 0.85 0.30 0.35 4.23 1.48 5.45 3.93 5.45 
5%4-4-1% + 5% Co Table XI 0.82 0.21 0.31 3.90 1.42 5.56 4.14 4. 90 
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PRIMARY BAINITE 


As a basis for subsequent experiments, it appeared necessary 
to establish the general pattern of the isothermal decomposition in 
_the bainite range. The familiar quench-temper technique of Gren- 
inger and Troiano (8) was adopted for this purpose. Although the 
metallographic examinations that are associated with this method 
yield reasonable approximations only, the procedure was considered 
sufficiently accurate for the object of this work. The characteristics 
of the decomposition have been analyzed by more elaborate means 
in the investigations previously cited. 

Tests were made on three popular types of high speed steel: the 
18-4-1, the 61%4-5-2, and the 18-4-1 + 5% Co. Small specimens of 
each steel were heated from the annealed state to the usual austenitiz- 
ing temperature and held there for 1% minutes. After a pre-cool at 
1100 F (595C) for 10 seconds the samples were immersed in a 
molten salt bath operating in the range 450 to 600 F (235 to 315C). 
After a predetermined time at the holding temperature the samples 
were tempered immediately at 1100 F for 10 minutes. This temper 
assured that the product of transformation at the holding temperature 
would be dark etching upon metallographic examination, although it 
was realized that even untempered, this product would probably be 
etched dark by nital. The microstructures of the specimens were 
then examined. Estimates were made of the amount of dark-etching 
bainite. 

Two additional sets of samples were similarly reacted at the 
holding temperatures, but for reasons that will be explained later one 
set was tempered immediately at 1050 F (565C) for 2 hours; the 
other set was cooled in air from the reaction temperature. Since one 
of the aims of this investigation was to explore the possibilities of 
bainitic tools for commercial use, hardness was an important consid- 
eration. Accordingly, all of the samples in the last two sets were 
tempered at 1050 F (565C) for 2 hours and tested for hardness, 
retempered at 1050 F for 2 hours, and tested again for hardness. 

Control specimens were quenched in oil to room temperature 
from the austenitizing temperature, and tempered with the bainitic 
specimens. 

The results of the above tests are given in Tables II, III, and 
IV. The progress of the bainite reaction in 18-4-1 at 500 F (260 C) 
is illustrated by the photomicrographs in Figs. 2a, 2b, 2c, and 2d. 
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Fig. 2—Progress of Bainite Formation at 500 F in 18-4-1 High Speed 
Steel. Austenitized at 2350 F. Transformed at 500 F. Etched in Vilella’s 
reagent for 30 seconds. 1000. 2a—™% hour at 500 F. About 10% 
bainite. 2b—1 hour at 500 F. About 25% bainite. 2c—4 hours at 500 F. 
About 50% bainite. 2d—i12 hours at 500 F. About 75% bainite. 


It might first be assumed from an inspection of these data that 
bainite is a considerably softer constituent than martensite. As more 
and more bainite is formed at 500 F (260 C), for example, the hard- 
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Table Il 


The Effect of Bainite Transformation Temperature and Time on the Hardness 
of 18-4-1 High Speed Steel Austenitized at 2350 F 


Rockwell “‘C’’ After 
Transformation Holding Approximate % — -~Additional samen at 1050 F- 


Temperature Time Bainite For 2 Hours or 2 + 2 Hours 
450 F 10 Mins 0 66.0* 65.1 64.8 
(235 C) 65.8 65.3 65.0 
450 F 30 Mins. 5 66.1* 64.5 64.7 
(235 C) 65.9 65.0 64.8 
450 F 1 Hr. 10 65.9* 64.8 64.6 
(235 C) 65.9 64.8 64.9 
450 F 4 Hrs. 30 63.5* 64.7 64.5 
(235 C) 64.9 64.6 64.4 
450 F 8 Hrs. 60 62.4* 64.5 64.4 
(235 C) 65.0 64.4 64.2 
450 F 12 Hrs. 80 58.8* 64.4 64.1 
(235 C) . 64.6 64.2 64.2 
500 F 10 Mins. 5 66.1* 64.9 64.5 
(260 C) 66.0 65.0 64.6 
500 F 30 Mins. 10 65.7* 64.6 64.0 
(260 C) 65.6 64.7 64.3 
500 F 1 Hr. 25 65.5* 64.5 64.1 
(260 C) 65.5 64.6 64.5 
500 F 4 Hrs. 50 57.8* 64.8 64.5 
(260 C) 64.6 64.6 64.3 
500 F 8 Hrs. 70 57.4* 64.5 64.2 
(260 C) 64.4 64.4 64.2 
500 F 12 Hrs. 80 S72" 64.4 64.1 
(260 C) 64.4 64.4 64.0 
550 F 10 Mins. 0 7 65.4 64.7 
(290 C) 66.2 65.6 65.1 
550 F 30 Mins. 5 65.3* 65.2 64.8 
(290 C) 65.7 65.2 64.9 
550 F 1 Hr. 30 62.5* 65.0 64.7 
(290 C) 64.8 64.8 64.7 
550 F 4 Hrs. 50 5$5.5° 64.5 64.5 
(290 C) 64.6 64.6 64.3 
550 F 8 Hrs. 60 $5.5° 64.0 64.1 
(290 C) 63.7 64.4 64.1 
550 F 12 Hrs. 60 54.8* 64.0 64.1 
(290 C) 63.4 64.3 64.2 
600 F 10 Mins. 0 66.1* 65.7 65.0 
(315 C) 66.2 65.8 65.1 
600 F 30 Mins. 10 66.0* 65.6 64.9 
(315 C) 66.2 65.6 65.1 
600 F 1 Hr. 25 65.9* 65.1 64.8 
(315C 66.0 65.3 64.9 
600 F 4 Hrs. 40 56.1* 64.6 64.6 
(315 C) 64.5 64.9 64.5 
600 F 8 Hrs. 50 55.6* 64.5 64.7 
(315 C) 64.0 64.7 64.4 
600 F 12 Hrs. 70 55.0* 64.5 64.8 
(315 C) 64.1 64.8 64.6 
(Quenched in ‘oil from 2350 F) 65.6 65.1 64.8 





"Value in first line refers to hardness of sample as cooled in air from transformation 
temperature. Value in line directly below refers to hardness of sample tempered immedi- 
ately at 1050 F (565 C) for 2 hours and cooled in air to room temperature. 


ness decreases from about Rockwell C-65 (about 5% bainite) to 
Rockwell C-57 (about 70% bainite). When the partly reacted steel 
has been tempered for a total of 4 hours at 1050 F (565(C), how- 
ever, its hardness is practically the same as that of the conventionally 
oil-quenched and tempered steel. 

The explanation lies in the phenomenon of austenite “stabiliza- 
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Table Ill 


The Effect of Bainite Transformation Temperature and Time on the Hardness of 
6-5-2 High Speed Steel Austenitized at 2250 F 


Rockwell “C”’ After 
Transformation Holding Approximate % Rockwell -~Additional ioe at 1050 F~ 


Temperature Time Bainite whe’. For 2 Hours or 2 + 2 Hours 
450 F 10 Mins. 0 65.8* 65.3 64.9 
(235 io) 65.8 65.2 64.8 
450 F 30 Mins. 5 65.7* 65.0 64.5 
(235 C) 65.9 65.1 64.9 
450 F 1 Hr. 20 65.6* 64.6 64.5 
(235 C) 65.5 64.8 64.4 
450 F 4 Hrs. 50 57.9” 64.7 64.8 
(235 C) 65.2 64.7 64.2 
450 F 8 Hrs. 60 57.7* 64.1 64.2 
(235 C) 65.0 64.4 64.2 
450 F 12 Hrs. 60 57.8* 64.1 64.3 
(235 C) 65.0 64.4 64.0 
500 F 10 Mins. 5 65.5* 65.3 64.9 
(260 C) 65.9 65.2 64.8 
500 F 30 Mins. 20 65.8* 64.6 64.1 
(260 C) 65.8 64.8 64.1 
500 F 1 Hr. 30 64.9* 64.5 64.0 
(260 C) 65.1 64.6 64.2 
500 F 4 Hrs. 60 57.2* 64.4 64.2 
(260 C) 64.6 64.3 63.8 
500 F 8 Hrs. 7 Seca 64.3 64.0 
(260 C) 64.5 64.4 63.9 
500 F 12 Hrs. 70 57.1* 64.5 64.2 
(260 C) 64.6 64.4 63.8 
550 F 10 Mins. 0 65.7* 65.5 64.8 
(290 C) 65.9 65.1 64.5 
550 F 30 Mins. 10 63.9* 65.0 64.5 
(290 C) 65.0 64.9 64.3 
550 F 1 Hr. 25 60.6* 64.9 64.4 
(290 C) 63.9 65.2 64.5 
550 F 4 Hrs. 40 54.8* 64.5 64.6 
(290 C) 64.2 64.7 64.2 

F 8 Hrs. 50 54.7* 64.3 64.5 
(290 C) 63.9 64.4 64.1 
F 12 Hrs. 60 54.7* 64.3 64.4 
(290 C) 64.1 64.5 64.2 
F 10 Mins. 5 65.9* 64.8 64.2 
(315 C) 65.8 65.1 64.4 
F 30 Mins. 20 60.8* 64.5 63.9 
(315 C) 64.8 64.9 64.5 
F 1 Hr. 30 59.0* 64.4 64.0 
(315 C) 64.8 64.8 64.4 
F 4 Hrs. 40 54.6* 64.3 64.1 
(315 C) 64.2 64.6 64.1 
00 F 8 Hrs. 50 54.0* 64.1 64.3 
(315 C) 64.0 64.5 64.1 
600 F 12 Hrs. 50 53,9" 64.2 64.0 
(315 C) 64.1 64.5 64.2 
(Quenched in oil from 2250 F) 65.8 65.0 64.7 


*Value in first line refers to hardness of sample as cooled in air from transformation 
temperature. Value in line directly below refers to hardness of sample tempered immedi- 
ately at 1050 F (565 C) for 2 hours and cooled in air to room temperature. 








tion”, which has been noted before by other investigators and. in 
other steels. 

If high speed steel is quenched as in a conventional heat treat- 
ment, the austenite remains undecomposed until the steel reaches the 
Ms temperature, which is approximately 400 F. At this temperature 
the austenite-to-martensite reaction sets in, and it continues as 
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Table IV 


The Effect of Bainite Transformation Temperature and Time on the Hardness of 
18-4-1 +- 5% Cobalt High Speed Steel Austenitized at 2350 F 











Rockwell ““C”’ After 


Transformation Holding Approximate % Rockwell -—Additional Tempering at 1050 F-, 
Temperature Time Bainite “<< For 2 Hours Ser 2 + 2 Hours 

450 F 10 Mins. 0 65.3* 65.2 65.0 
(235 C) 65.8 65.3 65.2 
450 F 30 Mins. 5 65.3* 64.8 65.1 
(235 C) 65.8 64.9 65.0 
450 F 1 Hr. 20 65.1* 65.3 65.0 
(235 C) 65.6 64.9 64.8 
450 F 4 Hrs. 40 62.6* 64.8 64.7 
(235 C) 65.6 64.7 64.6 
450 F 8 Hrs. 50 61.2* 64.9 64.6 
(235 C) 65.8 64.6 64.4 
450 F 12 Hrs 60 59.1* 64.9 64.4 
(235 C) 65.5 64.5 64.3 
500 F 10 Mins 5 66.0* 65.5 65.2 
(260 C) 66.1 65.6 65.1 
500 F 30 Mins 20 65.5* 65.2 65.0 
(260 C) 65.9 65.1 65.0 
500 F 1 Hr. 30 64.2* 65.2 64.9 
(260 C) 65.2 65.3 64.9 
500 F 4 Hrs. 40 57.9* 64.9 64.9 
(260 C) 65.5 64.9 64.6 
500 F 8 Hrs. 50 57.4* 64.9 64.8 
(260 C) 65.3 64.7 64.2 
500 F 12 Hrs 70 57.0* 64.8 64.5 
(260 C) 65.4 64.9 64.7 
550 F 10 Mins. 5 66.0* 65.8 65.5 
(290 C) 66.0 65.8 65.5 

50 F 30 Mins 10 65.4* 65.6 65.1 
(290 C) 65.6 65.7 65.3 
SSO F 1 Hr. 20 62.1* 65.1 64.9 
(290 C) 65.2 65.3 65.1 
550 F 4 Hrs 40 56.7* 64.8 64.9 
(290 C) 64.9 65.1 65.0 
550 F 8 Hrs 50 55.4* 65.0 64.9 
(290 C) 65.0 65.0 64.9 
550 F 12 Hrs 60 55.5” 65.0 64.6 
(290 C) 64.9 64.9 64.7 
600 F 10 Mins. 0 66.0* 65.9 65.2 
(315 C) 66.1 65.8 65.1 
600 F 30 Mins. 0 65.8* 65.8 64.9 
(315 C) 66.0 65.7 65.2 
600 F 1 Hr. 10 65.9* 65.5 65.0 
(315 C) 66.0 65.6 65.1 
600 F 4 Hrs. 50 58.0* 65.1 64.7 
(315 C) 65.4 65.3 64.8 
600 F 8 Hrs. 60 57.0* 65.2 64.7 
(315 C) 65.1 64.9 64.5 
600 F 12 Hrs. 60 56.8* 65.0 64.4 
(315 C) 65.2 64.9 64.7 
(Quenched in oil from 2350 F) 64.9 65.4 65.0 





*Value in first line refers to hardness of sample as cooled in air from transformation 
temperature. Value in line directly below refers to hardness of sample tempered immedi- 
— at 1050 F (565 C) for 2 hours and cooled it in air to room temperature. 





long as the temperature decreases. Room temperature intrudes on 
the progress of this reaction, however, so that about 15 to 20% 
austenite is still untransformed when the steel reaches room tem- 
perature. If, however, the quenching of the steel is arrested for 
some time above the Ms point, the austenite available for martensite 
formation when the cooling is resumed may not undergo transforma- 
tion. This austenite is said to have been stabilized by the sojourn 
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Heat Treatment 


4 Hrs. at 450 F 
8 Hrs. at 450 F 
12 Hrs. at 450 F 


4 Hrs. at 500 F 
8 Hrs. at 500 F 
12 Hrs. at 500 F 
4 Hrs. at 550 F 
8 Hrs. at 550 F 
12 Hrs. at 550 F 
4 Hrs. at 600 F 
8 Hrs. at 600 F 
12 Hrs. at 600 F 


Oil-Quenched to 


Room Temperature 


4 Hrs. at 450 F 
8 Hrs. at 450 F 
12 Hrs. at 450 F 


4 Hrs. at 500 F 
8 Hrs. at 500 F 
12 Hrs. at 500 F 
4 Hrs. at 550 F 
8 Hrs. at 550 F 
12 Hrs. at 550 F 
4 Hrs. at 600 F 
8 Hrs. at 600 F 
12 Hrs. at 600 F 


Oil-Quenched to 


Room Temperature 


4 Hrs. at 450 F 
8 Hrs. at 450 F 
12 Hrs. at 450 F 


4 Hrs. at 500 F 
8 Hrs. at 500 F 
12 Hrs. at 500 F 
4 Hrs. at 550 F 
8 Hrs. at 550 F 
12 Hrs. at 550 F 
4 Hrs. at 600 F 
8 Hrs. at 600 F 
12 Hrs. at 600 F 


Oil-Quenched to 


Room Temperature 


*The same samples multiple tempered at the same tempering temperature. 


Table V 
Resistance of Bainite and Martensite to Softening upon Repeated Tempering 


18-4-1 Type Quenched From 2350 F 
ockwell “‘C’’ Hardness After 


samples multiple tempered at a different tempering temperature. 


--Rockwell “C” Ha 7-~Additional Tomes 
compares Tem 1050 F— 107 -- 
at 1050 F at 1050 F 2+2+2 1+1+1 

2 Hrs. 2+ 2Hrs. Hrs. Hrs. 
64.7 64.5 63.9 area 
64.5 64.4 Sars 63.9 
64.4 64.1 » dnt Sind 
64.8 64.5 64.0 oe 
64.5 64.2 hook 63.4 
64.4 64.1 aba abe 
64.5 64.5 63.8 aoe 
64.0 64.1 bons 63.7 
64.0 64.1 owes ses 
64.6 64.6 63.9 ainthe 
64.5 64.7 ase 63.7 
64.5 64.8 cos 
65.1 64.9 63.8 63.9 

6%4-5-2 Type Quenched From 2250 F 

64.7 64.8 63.9 ate 
64.1 64.2 oases 63.6 
64.1 64.3 jaa - 
64.4 64.2 63.0 Suiee 
64.3 64.0 Se 63.4 
64.5 64.2 ian “oe 
64.5 64.6 63.5 hai 
64.3 64.5 cae 63.5 
64.3 64.4 ow a ae we 
64.3 64.1 63.1 ana 
64.1 64.3 tat 63.3 
64.2 64.0 a Saed 
65.1 64.7 63.6 63.6 
18-4-1 + 5% Cobalt Type Quenched From 2350 F 
64.8 64.7 64.1 shied 
64.9 64.6 obese 64.3 
64.9 64.4 ou ha oftitae 
64.9 64.9 64.0 iia 
64.9 64.8 ** 64.0 
64.8 64.5 doles seen 
64.8 64.9 64.1 “een 
65.0 64.9 okie 64.2 
65.0 64.6 came pane 
65.1 64.7 63.9 meen 
65.2 64.7 Sen 63.7 
65.0 64.6 koe 
65.0 64.9 64.2 64.2 


rs as Indicated*—, 


1100 F— 


62.6 
62.8 


62.7 
63.2 


63.2 


62.6 


62.4 


63.1 
ei 
ei 
6a 
63.5 


New 


above the Ms temperature. Thus, Gulyaev (4) noted this stabiliza- 
tion after 18-4-1 high speed steel had been held at temperatures 
from 750 to 390F (400 to 200C). Cohen and his coworkers (2) 
have reported that the austenite need not undergo any isothermal 
decomposition to become sluggish with respect to transformation 
upon subsequent cooling. Holding high speed steel at room tempera- 
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ture can suppress the martensite reaction upon resumption of cooling 
to lower temperatures (9), (10). In his comments on the former 
paper (9), Troiano mentioned the potent austenite-stabilization effect 
of an isothermal holding above the Ms point for high chromium 
steels. 

Since the data shown in Tables IJ, III, and IV revealed that 
bainite was just as resistant to softening as martensite—after expo- 
sure to a temperature of 1050 F (565 (C) for a total of 4 hours— 
additional temper-hardness studies were carried out. The samples 
reacted at 500F (260C) for 4, 8, and 12 hours (and tempered at 
1050 F (565 C) for 2+ 2 hours) were given additional tempers of 
2+2+2 hours at 1050F (565C), 1+1-+1 hours at 1075F 
565 C), and 1+ 1-+1 hours at 1100 F (595C), respectively. The 
specimens were cooled in air to room temperature after each temper. 
For comparison, a conventionally heat treated specimen was tempered 
along with the 500 F (260°C) specimens. The results given in Table 
V show that a high speed steel composed of approximately 50% 
bainite and 50% martensite has a resistance to softening equal to 
that of the same steel composed entirely of martensite. 


SECONDARY BAINITE 


The results of these tests demonstrated that in high speed steel 
the isothermal decomposition of austenite in the bainite region does 
not go to completion, and that the amount of bainite which can be 
so formed does not adversely affect the steel’s hardness after adequate 
tempering, or its resistance to softening. These facts immediately 
posed the questions of whether additional quantities of bainite could 
be introduced by some means, and, if so, whether a property such as 
hardness would be affected thereby. 

In this connection, it has been established that austenite retained 
at room temperature, as in conventionally quenched high speed steel, 
can be impoverished by a precipitation of alloy carbides at the tem- 
pering temperature (11), (12). This process has been called “con- 
ditioning”’ the austenite. It seemed reasonable to assume, therefore, 
that bainite in excess of the amount formed by isothermal trans- 
formation of the primary austenite could be developed by first tem- 
pering the partly reacted steel to condition the stabilized austenite, 
and then transforming again at the holding temperature. In this 
connection, Cohen has demonstrated that the austenite retained in 
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Pig. 3—Schematic Diagram of Martensite-Bainite Reactions in 5.5% Tungsten-4% 
Molybdenum-4% Chromium-1.5% Vanadium Steel Quenched to 500 F. 


18-4-1 high speed steel as the result of conventional hardening can 
be transformed isothermally after suitable conditioning, i.e., temper- 
ing (13). For a tempering schedule of 1050 F (565C) for 2% 
hours the optimum transformation temperature was reported to be 
around 500F (260C). The time of holding was not critical, the 
bulk of the isothermal decomposition taking place during the first 
few hours. These findings were generally confirmed by the present 
authors by means of several dilatometric and metallographic studies, 
the details of which are not sufficiently important to the present 
purpose to warrant their description. 

The 5% W-4 Mo-1% V and the 5% W-4 Mo-1% V + 5% Co 
types of high speed steel were used in the transform-temper-trans- 


] = Stee! completely 
dark etching 


ig Hours) [| 2hHours Le Hours) 





Fig. 4—Schematic Diagram of Martensite-Bainite Reactions in 5.5% Tungsten-4% 
Molybdenum-4% Chromium-1.5% Vanadium-5% Cobalt Steel Cussehed to 500 F. 
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form experiments. Specimens % by % by % inch were austenitized 
at 2225 F (1220C) for 2 minutes, quenched into a bath at 500 F 
(260 C), held there for 6 hours, and then tempered immediately 
at 1050 F (565C) for 4 hours. From the tempering temperature 
one set of samples was again transformed at 500 F (260C) for 4 
hours, another set transformed at 500 F (260C) for 16 hours, and 
a third set cooled in air to room temperature. All the samples were 
subsequently tempered at least once at 1050 F (565C). Hardness 
tests were made on the samples cooled to room temperature after each 
transformation or temper. Control specimens were carried along 
throughout the cycles for metallographic determinations of the prog- 
ress of the transformations. 

Figs. 3 and 4 show diagrammatically the results of these tests. 
The significant points are that (a) some 10 to 20% bainite, in addi- 
tion to the primary bainite formed by the isothermal transformation 
of primary austenite, can be formed by tempering the bainitic- 
austenitic steel and then transforming again at 500 F (260(C), and 
(b) by one or more subsequent tempers the bainitic steel can be left 
with a satisfactory hardness yet free of retained austenite and un- 
tempered martensite. The bainite which forms as a result of con- 
ditioning and subsequently transforming residual austenite isother- 
mally can be defined as secondary bainite, as distinguished from the 
primary bainite which forms from the isothermal decomposition 
of the original austenite. 

A few other cycles similar to those in Figs. 3 and 4 were in- 
vestigated.. The results are shown in Table VI. 











Table VI 
Multiple Treatments to Form Bainite in High Speed Steel 
—_—_——_———Heat Treatment Rockwell 
Type of Steel “Designation oe - Details*® —_——_, “C’” Hardness 
18-4-1 A Sesteetiaet — 460 F, 6 hrs., > 1050 F, 64.5 
4 2 hrs. 
18-4-1 B Austenitized — 460 F, 6 hrs., ~ 1050 F, 64.0 
6 hrs. > 460 F, 6 hrs. ~ 1050 F, 2 hrs. 
— 460 F, 4 hrs. 
18-4-1 +- 5% cobalt ae boseae = +. a Set ha ed 64.5 
18-4-1 + 5% cobalt BBP ae cu PS ees 64.5 
5Y%-4-1% Beate ee ag tS ee CO ease 65.5 
5%4-4-1% ee ieee 28 ae ee 65.0 
5%-4-1% + 5% cobalt Bort. ks oe Seed eae 66.0 
51%4-4-1% + 5% cobalt B ———<— 65.0 
5%4-4-1% Cc Austenitized — 500 F,6 hrs., - 1050 F, 65.0 
2 hrs. —- room temperature — 1050 F, 
2+ 2 hrs 
5%4-4-1% D Austenitised — 500 F,6 hrs., > 1100 F, 64.5 
2 hrs. - room temperature ‘> 1050 F, 
2 + 2 hrs. 


or 2 minutes. 


*The 18-4-1 and 18-4-1 + 5% cobalt steels were austenitized at 2350 F f 
5 F for 2 minutes. 


5 235 
The 5%-4-1% and 5%4-4-1% + 5% cobalt steels were austenitized at 222 
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MARTENSITE-BAINITE REACTIONS 


In all the foregoing experiments except one, the first bainite 
was allowed to form before the steel had cooled to the Ms tempera- 
ture. The exception was the case in which a quench to room tem- 
perature yielded only retained austenite for subsequent bainite (sec- 
ondary) formation. Forming bainite in a steel containing no mar- 
tensite as in the primary transformation, and forming bainite in a 
steel containing the maximum amount of martensite as in the trans- 
formations after a conventional quench and temper (13), represent 
two extremes. If the steel were quenched to a temperature between 
the Ms point and 80F before being transformed isothermally, the 
resulting structure would consist of a mixture of primary martensite 
and bainite. This structure, it was presumed, might have an advan- 
tage over that in which the bainite is formed entirely from condi- 
tioned austenite, or that in which most of the bainite is formed di- 
rectly on the quench. 

To investigate some of these reactions, experiments were carried 
out in the manner of those diagrammed in Figs. 3 and 4. Instead 
of being quenched from the austenitizing temperature directly to the 
reaction temperature or to room temperature, however, the new 
samples were quenched to 300 F (150C) and 200F (95C), held 
momentarily, tempered immediately, and reacted to bainite. As 
before, hardness tests, and metallographic examinations following 
the quench-temper procedure, were made. 

The results, given in Table VII and schematically in Figs. 5 to 
7 for the 5% W-4 Mo-4 Cr-1¥% V steel, follow the same general 
pattern of the steel that is reacted to bainite from the austenitic or the 
predominantly martensitic states. Diagrams and data in the table 
are also given for samples quenched to room temperature before 
being transformed. 

Both bainite and tempered martensite might be called acicular 
in appearance, yet can be distinguished readily after a conventional 
etch in nital or Vilella’s reagent provided the structure is largely 
light-etching. The coexistent structures are illustrated in Fig. 8. 
The two constituents are difficult to separate, however, when all 
the austenite has been transformed and the transformation product 
has been tempered, leaving the steel completely dark-etching. 

Obviously, possible combinations of bainite and martensite are 
legion. They can be roughly classified into the following groups, 
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Fig. 5—Schematic Diagram of Martensite-Bainite Reactions in 5.5% Tungsten-4% 
Molybdenum-4% Chromium-1.5% Vanadium Steel Quenched to 300 F. 


(2Mngres) | 


dark etching 


oe 
| 





——————— apn 


| Serre 


| [eos Tong rea | 


| | Sata 
ae Se * = 
jes my (en) Reo 





— 4 





elated hasan tieieentehnbaeinenateemenesicsienierenesiniiat wimatatiaininanntcasitingelitainigniaseisee 


Fig. 6—Schematic Diagram of Martensite-Bainite Reactions in 5.5% Tungsten-4% 
Molybdenum-4% Chromium-1.5% Vanadium Steel Quenched to 200 F. 
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Fig. 7—Schematic Diagram of Martensite-Bainite Reactions in 5.5% Tungsten-4% 
Molybdenum-4% Chromium-1.5% Vanadium Steel Quenched to Room Temperature. 
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Fig. 8—-Tempered Martensite and Bainite in 18-4-1 High Speed Steel. Austenitized 
at 2350 F, quenched to 300 F, held 1 minute, raised to 500 F, and held for 1 hour, then 
tempered immediately at 1100 F for 10 minutes. Etched in Vilella’s reagent for 30 
seconds. X 1000. 


although even these categories do not preclude variations. Subzero 
cooling, for example, might be employed to bring about the cooling 
transformation of stabilized austenite, the transformation point of 
which lies below room temperature. 
I—Primary Martensite Plus Primary Bainite 
Example: 1. Quench to within martensite range. 
2. Raise immediately to holding temperature and 
transform. 
II—Primary Martensite Plus Secondary Bainite 
Example: 1. Quench to within martensite range. 
Temper immediately. 
Cool from tempering temperature to reaction 
temperature and transform. 
4. Repeat 2 and 3, as necessary. 
IiI—Primary Martensite Plus Primary Bainite Plus Secondary 
Bainite 
Example: 1. Quench to within martensite range. 
2. Raise immediately to holding temperature and 
transform. 
3. Temper immediately. 


iS 


Ww 
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4. Cool from tempering temperature to reaction 
temperature and transform. 

5. Repeat 3 and 4, as necessary. 

IV—Primary Martensite Plus Secondary Martensite Plus Primary 
Bainite 
Example: 1. Quench to within martensite range. 

2. Raise immediately to holding temperature and 
transform. 

3. Multiple temper with intermittent coolings to 
room temperature. 

V—Primary Martensite Plus Secondary Martensite Plus Second- 
ary Bainite 
Example: 1. Quench to within martensite range. 

2. Temper immediately. 

3. Cool from tempering temperature to consider- 
ably below secondary Ms point and transform 
isothermally. 

4. Repeat 2 and 3, as necessary. 

VI—Primary Martensite Plus Secondary Martensite Plus Primary 
Bainite Plus Secondary Bainite 
Example: 1. Quench to within martensite range. 

2. Raise immediately to holding temperature and 
transform. 

3. Temper immediately. 

4. Cool from tempering temperature to consider- 
ably below the secondary Ms point of the re- 
maining austenite and transform isothermally. 

5. Repeat 3 and 4, as necessary. 

VII—Secondary Martensite Plus Primary Bainite 
Example: 1. Quench directly to holding temperature and 
transform. 

2. Multiple temper with intermittent coolings to 
room temperature. 

VIII—Secondary Martensite Plus Primary Bainite Plus Secondary 
Bainite 
Example: 1. Quench directly to holding temperature and 
transform. 

2. Temper immediately. 

3. Cool from tempering temperature to consider- 
ably below the secondary Ms point of the re- 
maining austenite and transform isothermally. 

4. Repeat 2 and 3, as necessary. 
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CuTTING TESTS 


Since the results of the foregoing tests disclosed that considerable 
quantities of bainite in high speed steel do not adversely affect the 
steel’s hardness or its resistance to softening, and in light of the 
improved, properties reported for other ferrous materials containing 
bainite (14), (15), (16), it seemed logical and important to investi- 
gate the cutting efficiency of bainitic tools of high speed steel. For 
this purpose a test similar to that employed by the United States 
Navy Department (17) was adopted. The procedure for making this 
test, which has been used for many years by the Navy to evaluate the 
cutting performance of high speed steels, is outlined in the Appendix. 

It has been generally agreed that this type of breakdown -test 
does not point up any measure of the “toughness” of a high speed 
steel, but rather demonstrates only the performance of the steel in 
continuous cutting, in which a long tool life is predicated chiefly upon 
high “red hardness”. For example, a tool that ha§ been quenched 
from an excessively high austenitizing temperature, thus rendering it 
relatively brittle, would nevertheless have high “red hardness’’, and 
earn a good rating in the continuous cutting test. 

In an attempt to cortnpensate for this inadequacy, the continuous 
cutting test was supplemented by an interrupted cutting test. The 
procedure used for both tests was the same, with two exceptions: 
(a) in the interrupted cutting test the test log carried a slot 1 inch 
wide and about 4 inches deep along its entire length, and (b) the 
cutting conditions were slightly altered because of the repeated shock 


imparted to the edge of the tool by the interrupted cut. The test 
conditions were: 


58 feet per minute—Surface speed 
0.055 inch per revolution—Feed 
ts inch—Depth of cut 


A test similar in principle was devised by Houdremont and Schrader 
(18). 

The first set of tests for cutting efficiency was made with tool 
bits of 18-4-1-+5% cobalt high speed steel. As this was a pre- 
liminary test, the usual tool size (1 by % by 8 inches) was altered 
to ;; inch square; conventionally heat treated tools of the same size 
served in place of the “Standards”. 

In order to isolate the influence on cutting efficiency of primary 
bainite from that of secondary bainite, if any such difference existed, 
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the transformation treatments for this first test were confined to two 
—a direct decomposition of the primary austenite and a transforma- 
tion of the conditioned austenite remaining after conventional hard- 
ening. The details of the heat treatments were as shown below. 
After being hardened, the bits were ground and tested under the 
Navy conditions just outlined. Four grinds were made on each tool. 


Tools Heat Treatment 


Ba, Conventional : Austenitized at 2350 F (1290C) for 1% 
minutes. Quenched in oil to room tem- 
perature. Tempered at 1050 F (565 C) 
for 2 plus 2 hours. 

3,4,8 Primary Bainite : Austenitized at 2350 F (1290C) for 1% 
minutes. Quenched into a bath at 500 F 
(260 C) and held for 8 hours. Tem- 
pered immediately at 1050 F (565 C) for 
2 hours. Air-cooled to room tempera- 
ture. Retempered at 1050 F (565 C) for 
2 hours. 

5, 6,9 Secondary Bainite : Austenitized at 2350 F (1290C) for 1% 
minutes. Quenched in oil to room tem- 
perature. Tempered at 1050F (565C) 
for 2% hours. Cooling interrupted from 
tempering temperature at 500 F (260 C) 
and held for 20 hours. Air-cooled to 
room temperature. 


Table VIII 
Fhe Beet at Svanere and Secondary Bainite on the Cutting Efficiency of 
5/16-Inch Square Tool Bits of 18-41 + 5% Cobalt High Speed Steel 


Continuous Cutting 
Average Tool Life 


Tool Heat Treatment* in Minutes 
1 Conventional 13.84 
2 Conventiene 1.3 13.94 = 100% 
3 rimary Bainite 18.71 as 
4 Primary Bainite 17.60§ 18.16 = 130% 
5 Secondary Bainite 13.87 90 = 99 
6 Secondary Bainite 13.935 13.90 = 99% 
Interrupted Cutting 
Conventional _ 11.34 = 100% 
8g Primary Bainite 12.59 = 111% 
9 Secondary Bainite 14.81 = 131% 





*Conventional—2350 F; oil to room temperature; 1050 F—2 + 2 hours. 

Primary Bainite—2350 F; transform at 500 F for 8 hours; 1050 F—2 + 2 hours. 

Secondary Bainite—2350 F; oil to room temperature; 1050 F—2 Y% hours; transform at 
500 F for 20 hours. 





Table VIII summarizes the results of this initial test. These 
indicated that primary bainite and secondary bainite exerted aiternate 
effects on the cutting efficiency of 18-4-1 + Co high speed steel. 
Primary bainite significantly improves the efficiency in continuous 
cutting, but scarcely affects the interrupted cutting efficiency ; second- 
ary bainite formed by isothermal decomposition at 500 F (260C) 
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of conditioned retained austenite, on the other hand, does not affect 
the continuous cutting efficiency, but markedly improves the ability 
of the steel to perform in interrupted cutting. 

To confirm this indication, these treatments were re-tested by 
the regular Navy procedure. The required 1 by % by 8-inch tools 
were run for six grinds, along with two “Standards”, under both 
continuous and interrupted cutting conditions. The data in Table 
IX, giving the results of this test, verified the original findings. Pri- 
marily on account of the variation in tool size, the results of the 


Table IX 


The Effect of Primary and Secondary Bainite on the Cutting Efficiency of 
1 by %-Inch Tools of 18-4-1 + 5% Cobalt High Speed Steel 





Continuous Cutting 


Average Tool Life Cutting 
Tool Heat Treatment* in Minutes Efficiency 
1 Conventional 11.13 139% 
2 Secondary Bainite 11.57 145% 
3 Primary Bainite 13.49 169% 
Interrupted Cutting 
4 Conventional 7.19 57% 
5 Primary Bainite 9.81 77% 
6 Secondary Bainite 16.48 130% 


*Conventional—2350 F; oil to room temperature; 1050 F—2 + 2 hours. 

Primary Bainite—2350 F; transform at 500 F for 8 hours; 1050 F—2 + 2 hours. 

a Bainite—2350 F; oil to room temperature; 1050 F—2% hours; transform at 
0 


two tests do not evaluate the bainitic treatments to the same numerical 
degree. However, the direction of the differences is quite definite: 
primary and secondary bainite respectively increase the efficiency 
in continuous and interrupted cutting. 

These facts at once suggested the desirability of combining the 
effects of primary and secondary bainite—namely, that a steel con- 
taining bainite formed from both the primary and the retained aus- 
tenite might have improved efficiency in smooth and in interrupted 
cuts. Accordingly Navy cutting tests were made on tools given 
some of the treatments previously outlined in Figs. 3 and 4, as 
applied to the 18-4-1 and the 5%-4-1% types of high speed steel, 
with and without 5% cobalt. Regular 1 by %4-inch tools and “Stand- 
ards” were run for six grinds each. The heat treatments given the 
tools along with the results of the tests are given in Table X. Since 
it had been indicated that the isothermal transformations proceeded 
very slowly after several hours’ time, the holding times were some- 
what shortened from the optima to those which might be considered 
practical limits. 
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From the data in Table X it may be definitely concluded that, 
under the test conditions employed, primary bainite raises the con- 
tinuous cutting efficiency, and secondary bainite the interrupted cut- 
ting efficiency, of 18-4-1 + 5% cobalt high speed steel. The latter 
constituent does not affect the continuous cutting efficiency; the 
former constituent somewhat raises the interrupted cutting efficiency. 
The two constituents have identical effects on 18-4-1, but only with 
respect to continuous cutting efficiency. (None of the treatments 





Table X 
The Effect of Primary and Secondary Bainite Se Cling pay of Tungeten, 
Tungsten-Cobalt and olybdenum- Cobalt 


Continuous Interrupted Continuous Interrupted 
yo——— 


Heat Treatment* or — 
Conventional 119 76 192 4 
Primary Bainite 165 87 262 65 


qomuees Bainite : : 89 213 126 
oe Took Secondary Bai 86 217 70 
i x %-Inch Tools, Seve: Tepes Test Cutting Condition 


%-4-1% 5%-4-1 5% Cobalt 
ylnterruptel —SU%41K% + ~ 


einen Int Continuous Interrupted 


Heat Treatment* oF — 
Conventional 119 138 240 25 
Primary Bainite 213 83 , 354 20 
posentecy = Bainite a. 105 288 45 
Secondary Bainite 127 356 33 
i x vin Tock Tools, Navy-Type Test Cutting . 
*For all treatments, the 18-4-1 and the 18-4-1 +5 steels were austenitized at 


aS for 1% minutes; the 5%4-4-1% and the SMA ios 1% + 5% cobalt types at 2225 F 
for 1% minutes. The treatments following the saeners were 

Conroe quench to room temperature. Temper at 1050 F for 2 + 2 hours. 

—s eee — finan into bath at 460 F and hold for 7 hours. Temper at 1050 F for 
ours. 

Secondary Bainite—Oil quench to room temperature. Temper at 1050 F for 4 hours. Cool 
to 460 F and hold for 7 hours. Cool in air to room temperature. 

Primary and Secondary Bainite—For tungsten steels: Quench into bath at 460 F and hold 
for 7 anee. eee at 1050 F for 6 hours. Cool to 460 F and hold for 6 hours. Cool 
in air temperature. For tungsten-molybdenum steels: Quench into bath at 
460 F A" hold. for 7 hours. Temper at 1050 F for 6 hours. Cool to 460 F and hold 
for 6 hours. Retemper at 1050 F for 2 hours. Cool to 460 F and hold for 4 hours. 
Cool in air to room temperature. 


appeared to raise materially the interrupted cutting efficiency of 
18-4-1.) It is interesting to note that the tungsten-molybdenum and 
the tungsten-molybdenum-cobalt steels respond to improvements in 
continuous cutting efficiency, through heat treatment, to a greater 
degree than do the tungsten steels. The continuous cutting efficiency 
of the molybdenum steels is raised by the introduction of either 
primary or secondary bainite, but the former constituent is about 
twice as effective in this respect. 

The combination of primary and secondary bainite in the same 
steel is at least as effective in imparting increased efficiency in con- 
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tinuous cutting as is either constituent separately, except in the case 
of the 18-4-1 + 5% cobalt steel. 

In general, it may be concluded that no one bainitic treatment 
can be applied to all the tested steels to give the maximum attainable 
increase in both the continuous and the interrupted cutting efficiencies 
measured by the Navy-type test. The closest approach to an all- 
purpose treatment is probably that which introduces both primary and 
secondary bainite. As indicated by the results of the tests just de- 
scribed, such a treatment imparts additional “toughness” to the 
18-4-1 + 5% Co type, and does for the other types at least as well 
in this respect as either of the single-transformation treatments. 
Although the “combination” treatment does not improve the con- 
tinuous cutting efficiency of the tungsten steels as much as the 
primary bainite treatment, it markedly increases the continuous cut- 
ting efficiency of the tungsten-molybdenum and the tungsten-molyb- 
denum-cobalt steels. 

As a rule, laboratory cutting tests should be viewed with reserva- 
tion because, being closely controlled for the sake of reproducibility, 
they are restricted in scope. Consequently, the cutting tests just de- 
scribed were supplemented by service tests. Every effort was made 
to keep these tests objective. It was not intended to select applica- 
tions with machining conditions favorable to improvement ; they were 
ordinary, commercial jobs. The operators were unaware that the tools 
being run were different in any way from their regular tools. Ac- 
curate tool-life records were kept. The tools were identified with a 
code-mark only. 

Detailed accounts of these tests need not be set forth here. The 
essential data under which they were conducted and the results ob- 
tained are listed in Table XI. Although two of the jobs involved a 
variable other than heat treatment—namely, composition—these data 
seem to indicate that commercial cutting conditions emphasize the 
superiority of bainitic tools to an even greater degree than the severe 
conditions of the Navy-type test, in which normal tool life is quite 
short. 

It is evident, then, that high speed steel tools with tempered 
bainitic structures show distinct promise for commercial use. Many 
combinations of tempered bainite and martensite are possible, as has 
been pointed out previously, but it seems reasonable to assume that 
the effectiveness of the bainitic structure will be independent of the 
method used for its formation. For example, if bainite were to form 
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upon the continuous cooling of a primary austenite which has been 
suitably conditioned but which has undergone no isothermal decom- 
position (2), properties similar to those for primary bainite formed 
directly from an isothermal reaction should result. It is sincerely 
hoped, nevertheless, that the data reported herein will initiate addi- 
tional studies by other investigators of the various bainite-martensite 
mixtures and the methods of forming them. 
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Appendix 


Procedure for Making Navy-Type Cutting Test 


1. Tools are prepared from an annealed 1 by %-inch bar of 
the high speed steel to be tested. 
2. The bars are cut into 8-inch lengths and hardened. 
3. The tools are ground according to the following specifica- 
tions : 
Rough grinding on an abrasive wheel, 30 grit, Grade J, 
Bond 31. Finish grinding on an abrasive wheel, 50 grit, 
Grade K, Bond 30. Finish angles fixed by gages and tem- 
plates are 6-degree side and end clearance, 14-degree side 
rake, 8-degree back rake. The nose radius is %4 inch, blend- 
ing into % inch on the left side. 











512 TRANSACTIONS OF THE A. S. M. Vol. 39 


4. The material which the tools are required to cut is an 
SAE 2340 cylindrical forging, heat treated to 200/230 Brinell, and 
rough turned. The log measures 15% inches O.D. and 8 to 8% feet 
in length. 

5. Circumferential spaces are marked with chalk about every 
8 inches along the length of the log. 

6. The tool to be tested is set slightly above center. 

7. Cutting is started without coolant at 63 feet per minute sur- 
face speed, 0.045 inch per revolution feed, and ;’; inch depth of 
cut. 

8. Cutting is continued until the tool fails, the breakdown 
point being unmistakably shown by a burnished streak on the test 
bar. The cutting life is timed to the nearest 0.05 of a minute with 
a stop watch. 

9. After a tool has been run, its nose is cut off, the tool re- 
ground and re-run at a different space on the log. 

10. One-half of a group of tools to be tested is run consecutively 
down the log, starting anywhere. Then a “Standard” tool is run, 
followed by the other half of the tools and a second, similar “Stand- 
ard”. This locates the position on the test log of the first run of a 
tool. Subsequent runs are scattered so that each tool cuts at all posi- 
tions along the log. 

11. Six runs are usually made for each tool and each “Stand- 
ard”. 

12. The purpose of the “Standard” tools is to provide a basis 
for comparing the cutting efficiency of any tool in any test with that 
of other tools. 

13. “Standard” tools are of an 18-4-1 analysis, heat treated very 
carefully as follows: , 

Preheat : 1500 F (815 C) 

High heat: 2360 F (1295 C)—No soak 
Quench : Oil and air 

Temper : 1050 F (565 C)—2 hours 

14. In order that the “Standards” shall be a reliable yardstick, 
they are themselves checked for cutting efficiency before they are 
accepted for use in a test. This is done by running them three or 
four times against approved “Standards” to establish their cutting 
efficiency. The average tool life of the proposed “Standards” must 
not vary more than +5% from the mean of the approved “Stand- 
ards”, 
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15. When all runs have been made, the average cutting time for 
each tool and each “Standard” is computed separately. 

16. The ratio of the average cutting time for a tool to the 
average for the two “Standards”, expressed as a percentage, is the 
cutting efficiency of the tool. Thus, if “Standard” No. 1 averaged 
11 minutes and “Standard” No. 2 averaged 9 minutes, a 10-minute 
tool life would earn a rating of 100%. If a tool averaged 15 min- 
utes, its cutting efficiency would be 150%. 
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DISCUSSION 


Written Discussion: By R. G. Kennedy, research metallurgist, The 
Cleveland Twist Drill Co., Cleveland. 

The authors are to be congratulated on bringing to the general attention 
of all those concerned with high speed steels, hot quenching practices which 
have been used to improve the. toughness of certain types of cutting tools. 
Their work points the way for further investigations of the underlying reasons 
for improvement in tool toughness resulting from hot quenching in the bainitic 
region of 400 to 600 F (205 to 315(C). 

Since definite percentages of bainite are mentioned throughout the paper, 
it might be well to inquire more thoroughly into the metallographic determina- 
tion of this constituent. For instance, in Fig. 2, microstructures said to repre- 
sent 10, 25, 50 and 75% bainite are shown. In the 10% bainite structure in 
particular there appear to be primary tempered martensite needles. At least, 
they are not the fine needles one would expect to form in % hour at 500 F 
(260 C). Professor Hultgren’ in his latest paper mentions that bainite formed 
in a 0.52% carbon, 3.23% manganese steel at 480 F (250C) cannot easily be 
distinguished from tempered martensite. It will be appreciated if the authors 
will tell us how they estimate the 10% bainite shown in Fig. 2A. Also in 
Figs. 2C and 2D there appears to be considerable banding due to carbon segre- 
gation. It would be interesting to know how the 50% and 75% bainite esti- 
mates were made from these micrographs. 

It is of interest to consider the lack of correlation between the amount 
of bainite formed after various lengths of time at a constant temperature, and 
the resulting hardness of the untempered specimen. 

From the data of Table II, for example, it is stated that about 25% bainite 
forms in 1 hour at 500F (260C) with a change in hardness from Rock- 
well C-66.1 to 65.5 or 0.6 of a point. Another 25% bainite forms as the 
holding time at 500 F (260 C) is extended from 1 hour to 4 hours. However, 
in this particular interval, almost the entire decrease in hardness takes place, 
that is, from Rockwell C-65.7 to 57.8 or 7.9 points. Finally, as the holding 
time entends from 4 hours to 12 hours, 30% more bainite forms, but with only 
a 0.6 point hardness change. It thus appears that there is no proportionality 
between the formation of bainite and the loss of hardness. 

Possibly there are other factors, such as austenite stabilization, which can 
account for this behavior. If so, should not the room temperature hardness 
after 1 hour’s holding in the bainite temperature range of 450 to 600 F (230 to 
315C) show more softening due to this stabilizing than is shown by the data 
for 18-4-1, for example? 

In the bainitic treatments applied to cutting tools shown in Tables VIII, 
IX, and X, it is noted that primary bainite is transformed at 500 F (260C) 
while secondary bainite is transformed at an optimum temperature of 460 to 
500 F (240 to 260 C) after tempering. Apparently, primary bainite forms most 
rapidly in the region 500 to 550F (260 to 290C), which is at least 100 F 
above the M, temperature, while secondary bainite forms best somewhat below 
the secondary M, temperature. This optimum temperature range for the forma- 





Axel Hultgren, “Isothermal Transformation of Austenite,”” Transactions, American 
Society for Metals, Vol. 39, 1947, p. 915. 








te wens 
A FSi. - in 





——— 
Aas 1° 


1947 DISCUSSION—HARDENING HIGH SPEED STEEL 515 


tion of secondary bainite is also mentioned in Cohen’s U. S. Patent 2,265,973. 
It is hoped that some explanation will be forthcoming in subsequent researches 
of the reason for primary bainite forming most readily about the primary Ms ; 
temperature while secondary bainite forms most readily slightly below the sec- : 
ondary M, temperature. 

Tables .VIII and IX when averaged together show a 114% performance 
average for both primary and secondary bainite heat treatments on continuous 
cutting and 156% performance average for interrupted cutting. Thus the bain- 
ite constituent, which is said to be tougher than martensite, has improved tool | 
performance most where shock resistance is needed. However, in Table X 
(omitting 18-4-1 + 5 Co where results of interrupted cutting tests were too 
erratic) the average performance for the three bainitic treatments is 152% for 
continuous cutting, but only 112% for interrupted cutting. This is not in 
agreement with results of Tables VIII and IX nor with the fact that the prin- 
cipal physical property change of bainitic structures is said to be their extra 
toughness. Have the authors an explanation for this apparent discrepancy? 

The results of commercial machining tests listed in Table XI are confus- 
ing as far as showing the performance improvement resulting from bainitic 
treatments. Jobs No. 1 and No. 3 of this table should have been omitted as 


they confuse the bainite issue by introducing different high speed steels in the 
same test. 


ASR kc CN i 


The above comments are offered merely to increase the interest in bainitic 
structures in high speed steels and are not meant to detract from the value of 
the present paper. It is hoped that further data which the authors may collect 
on bainitic hardening of high speed steels will also contain some type of 
toughness tests. Such data will be of benefit to those interested in high speed 
steels whether any improvement in toughness is attributed to inherently greater 
toughness of the bainite itself or whether it may be associated with the reliev- 
ing of internal stresses during isothermal transformation of austenite to bainite. 

Written Discussion: By W. R. Frazer, chief metallurgist, Union Twist 
Drill Co., Athol, Mass. 

The authors of this interesting paper have added another important chap- 
ter to our knowledge regarding the transformation of austenite in high speed 
steel and should be congratulated for attempting to evaluate the cutting ability | 
of the structures produced. | 

The data presented are the result of a tremendous amount of detailed work 
and demonstrate that the reaction of several heats of steel in the various 
types investigated all react in a similar manner. No doubt the authors have 
planned to continue their studies to determine the effect of varying the aus- 
tenitizing treatment and to establish the relation of grain size, carbide solution, 
hardenability, etc., on the resulting martensitic and bainitic structures and 
cutting ability. It would be interesting to know the heating medium for their 
austenitizing treatment as experience has demonstrated that this will affect the 
above-mentioned proportions at a fixed hardening temperature and soaking 
time. Also, should not the cobalt tools be hardened at a higher temperature 
than the tools without cobalt? 

Referring to Tables VIII and IX, due to lack of previous data, Table VIII 
has been computed on the values obtained in this test, whereas Table IX 
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has been computed for cutting efficiency on values established by comparing the 
current results with so-called “standard” tools in accordance with the Navy 
method of evaluation. If we base our calculations on the data presented ior 
average tool life, we obtain the following cutting efficiencies for the two sizes 
of tungsten-cobalt tools: 











1x % In. 
fs In. Square 
Structure Continuous Interrupted Continuous Interrupted 
Martensite 100% 100% 100% 100% 
Primary Bainite 130% 111% 121% 136% 
Secondary Bainite 99% 131% 104% 229% 


From this data, it would appear that primary bainite is 20 to 30% more 
efficient than martensite for continuous cutting whereas in interrupted cutting, 
primary bainite is 11 to 36% better, and secondary bainite is 31 to 129% bet- 
ter. How do the authors account for the wide variation in these results, par- 
ticularly the effect of secondary bainite on interrupted cutting? Also, were 
the conventional tools (martensitic) hardened simultaneously with the bainitic 
tools ? 

The data presented are extremely interesting and it is hoped the authors 
will continue their study to determine the effect of some of the factors raised 
in this discussion. 

Written Discussion: By W. E. Bancroft, chief metallurgist, Pratt & 
Whitney Division of Niles-Bement-Pond Co., West Hartford, Conn. 

In this paper the authors have presented a very valuable and comprehen- 
sive outline of the many ways in which high speed steel can be heat treated 
so as to produce structures containing some percentage of bainite. The infor- 
mation relative to hardness resulting from these treatments is important and 
valuable. The demonstration of improved cutting efficiency in laboratory and 
service cutting tests is also very interesting, although, due to the long times 
involved and consequently greater costs, there is some doubt as to just how 
much commercial use will be made of some of these treatments. There are 
undoubtedly many special cases where some increased cutting efficiency will 
warrant the extra effort and there are some cases where the heat treater can 
minimize the danger of cracking during the hardening of hazardous tools by 
interrupted quenching and tempering as outlined in this paper. 

The question of additional toughness in tools containing bainite requires 
some analysis. Is the improved performance in interrupted cutting due to the 
presence of a tough and ductile constituent—bainite—or is it due to some 
factor which increases the static strength and shock resistance without lower- 
ing the ductility? (After all, we do not want much ductility in cutting tools.) 
The authors have stated that bainite has practically the same hartiness as 
martensite. Therefore, it would not be expected to have much greater ductil- 
ity. In Tables VIII and IX the tools treated for secondary bainite must have 
less bainite in them than those treated for primary bainite. Yet they are the 
ones which exhibit the greatest apparent “toughness”. So it appears that the 
mere presence of bainite is not the “toughening” factor. The measurement of 
both strength and toughness in fully hardened tool steel is complicated by the 
magnitude and direction of residual internal stresses. If stresses can be low- 
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ered without reducing the hardness, much greater measurable strength and 
shock resistance can be obtained. It seems probable that this is just about 
what the bainitic treatment does. The very manner of formation of bainite 
isothermally gives rise to less internal stress than the formation of martensite. 
Also in most of the authors’ treatments which showed superior performance 
on interrupted cutting, whatever martensite had been formed in the early 
stages received prolonged tempering during the formation of secondary bainite. 
It is suggested then that whatever benefits accrue from bainitic treatment may 
be due to the presence of less internal stress in the finished tool rather than to 
the presence of bainite per se. 

It would be interesting to see the cutting test results presented in this 
paper supplemented with some physical tests such as torsion and impact to see 
if it is not the static strength rather than ductility which is increased by the 
bainitic treatment through reduction in residual stress. Comparison should be 
made, however, not only with conventionally treated specimens, but also with 
specimens given a conventional hardening and an abnormally long multiple 
tempering. 

I would like to ask the authors the following questions: 

A. Why was the same hardening temperature used for 18-4-1 as for 
18-4-1 plus cobalt in Table X? 

B. Why was not a high temperature draw used after forming secondary 
bainite in the cutting-tool tests? 

C. Why was it considered necessary to give molybdenum steels more 
repeated treatments than tungsten steels in forming primary plus secondary 
bainite ? 

D. Did the treatments given in Table X for primary plus secondary 


bainite result in 100% bainite or might there have been some austenite or 
martensite in the final structure? 


Authors’ Reply 


The authors are grateful to the discussers for their contributions to this 
paper. In the presentation of a subject as new as this one, it is inevitable that 
some statements are made that are not clear to the reader; others that should 
have been made are left unsaid. In answering the questions raised by the dis- 
cussers, the authors have the opportunity to clarify and expand their original 
paper so all readers benefit. 

Primarily, it was the purpose of this paper to show how fairly large 
amounts of bainite could be formed in high speed steel and how in a general 
way bainite in a heat treated tool affected the cutting properties of the tool. 
Unfortunately in fulfilling this purpose quantitative data are difficult to present, 
and the authors were content to show trends rather than precise relationships. 
For example, the amounts of bainite in the photomicrographs of Fig. 2, which 
are questioned by Mr. Kennedy, were estimated visually without any meas- 
urements. The series of photomicrographs was shown merely to illustrate that 
increasing amounts of bainite do form when the 18-4-1 steel is held for increas- 
ing times at 500 F (260C). The accuracy of the estimate seems unimportant. 
In the preparation of the photographs, pieces were quenched to 500 F (260C), 
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held for different times, and then tempered immediately at 1100 F (595 (C) for 
10 minutes. The dark-etching structure, consequently, must represent only 
tempered bainite because no martensite could have been present in the steel 
until it had cooled below the M, temperature, subsequent to the tempering 
treatment. This untempered martensite is light etching, and therefore the 
bainite formed at 500 F (260C) is clearly distinguishable from the martensite 
in the steel. An examination of the segregated areas is most enlightening, the 
authors believe, if a rather small amount of light-etching constituent must be 
detected. 

The lack of correlation between hardness and amount of bainité in Table 
II, as pointed out by Mr. Kennedy, is attributable to (a) the stabilization of 
austenite, and (b) the difficulty in distinguishing between untempered mar- 
tensite and retained austenite in a microstructure. When the steel has been 
quenched to 500 F (260C), for example, and held for various periods of time, 
the structure of the steel before it is cooled to room temperature, aside from 
residual carbides, consists of bainite which has formed from the austenite, and 
untransformed austenite. On cooling the steel from 500F (260C) to room 
temperature, some of the austenite may transform to martensite but a consid- 
erable amount of the austenite remains as such at room temperature. The 
hardness of the steel cooled to room temperature depends on the relative 
amounts of bainite, martensite, and austenite. When the steel is quenched di- 
rectly in oil, the structure consists of about 75 to 80% martensite and about 
20 to 25% retained austenite, as reported elsewhere. This mixture has a hard- 
ness of about Rockwell C-65 to 66.0. Austenite is known to be softer than 
martensite, so that the hardness of a mixture would be expected to decrease 
if the amount of austenite increased. The hardness of bainite cannot be estab- 
lished directly because it is not possible to obtain a sample which consists of 
untempered bainite alone—there is always some austenite, or martensite, or 
tempered bainite, or tempered martensite, together with untempered bainite. 

On the other hand, it is possible to obtain a piece composed of a mixture 
of tempered martensite and various amounts of tempered bainite. It is the 
hardness of this mixture that has practical significance, since this is the struc- 
ture that exists after final heat treatment of a tool. As may be seen in Tables 
Il to V under the columns headed “Tempered at 1050 F for 2 plus 2 hours”, 
the hardness of steels containing various portions of tempered bainite and 
tempered martensite is practically constant and nearly equal to that of oil- 
quenched, tempered samples, which consist only of tempered martensite. 

Since the hardness of tempered bainite in these steels appears to be very 
close to that of tempered martensite, there is a temptation to assume that the 
hardness of untempered bainite is also about the same as that of untempered 
martensite. There remains, however, the task of reconciling an apparent in- 
crease in the amount of bainite with no change in hardness after the austenite 
has been stabilized, as shown for example in Table II for 18-4-1 held at 500 F 
(260 C) for 4, 8, and 12 hours. It has been established, subsequent to the 
original presentation of the paper, that the austenite which has not transformed 
after about 4 hours at 500 F (260C) does not transform to martensite during 
the cooling to room temperature. This means that if there is an increase in the 
amount of bainite after more than 4 hours’ holding there should be an increase 
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in hardness, since the hardness is a summation of the hardness of the bainite 
and that of the austenite. If the amount of bainite increases, the amount of 
austenite remaining must decrease, and there should be an increase in hardness. 
Since such an increase was not observed, there appears to be a factor which 
is as yet not accounted for. The estimation of the amount of bainite is by no 
means precise, and the error may lie in this estimate. It is hoped that X-ray 
diffraction methods, which are capable of making precise measurements of the 
amount of retained austenite, will be used to establish the relative amounts of 
bainite, martensite, and austenite in samples held for progressively longer times 
at the bainite transformation temperatures. 

Dr. Frazer very properly asks about the effects of increasing austenitizing 
time and temperature on the rate of bainite formation. The few tests made to 
date indicate that there is a retardation in the rate of bainite formation with 
increasing austenitizing time and temperature. Further work is being carried 
out, and it is expected that the data obtained will be presented in another paper 
now under preparation. For most of the work reported in the present paper, 
the austenitizing was carried out in muffle furnaces. Many tools have subse- 
quently been heated in salt before being bainitically hardened and have given 
excellent performance in service, and so it may be concluded that the medium 
in which the steel is heated for austenitizing is relatively unimportant. 

Both Mr. Bancroft and Dr. Frazer question the use of the same austenitiz- 
ing temperature for the cobalt steels as for the corresponding steels without 
cobalt. Even though it is common practice to use slightly higher heating 
temperature for the cobalt steels, the same temperature was used in these ex- 
periments merely to avoid another variable. It is doubtful whether any of the 
conclusions made from these experiments would have been altered significantly 
if higher temperatures were used for these cobalt steels. 

Both Dr. Frazer and Mr. Kennedy point out that there are apparent dis- 
crepancies in the cutting efficiencies reported in Tables VIII, IX, and X. 
Beyond pointing out that cutting tests are inclined to yield inconsistent results 
even when tools of the same size are run on the same test log, the authors 
recognize two main reasons for confusion. In the first place, the numerical 
efficiencies from the first test (Table VIII) are not comparable directly to the 
efficiencies reported for the other tests (Tables IX and X). The rating for the 
conventional treatment in Table VIII was called 100% because the Navy pro- 
cedure makes no provision for a Standard tool when a test is made with tools 
not 1 by % in. in size. In the other (Navy-type) tests, however, the 100% 
base rating is automatically assigned to the Standard tools; thus, conventionally 
treated tools earn ratings higher than 100%. Another source of confusion 
springs from the tendency to compare the ratings for continuous cutting with 
those for interrupted cutting, as Mr. Kennedy has noted. Tool life is usually 
shorter in interrupted cutting than in continuous cutting, so that ratings are 
generally low. A treatment which yields a rating of, say, 150% in continuous 
cutting and 125% in interrupted cutting may really have improved interrupted 
cutting efficiency to a remarkable degree, if the ratings in continuous and in- 
terrupted cutting were respectively 125 and 30% for conventionally treated 
tools. In short, a given rating should be compared to the performance of a 
conventionally treated tool within the same type of test. Thus, while inter- 
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pretation of the laboratory cutting tests can be misleading, it seems fairly 
well established now, both by laboratory and service tests, that the treatment 
which produces a combination of primary and secondary bainite gives a tool 
better cutting efficiency both in continuous and in interrupted cutting than the 
conventional quench and double temper. 

The answers to the specific questions asked by Mr. Bancroft, and not al- 
ready answered, are as follows: 

The treatment for secondary bainite in the tools of the cutting tests did 
not include a final temper because it was the intent to check the other treat- 
ments against the one described in U. S. Patent 2,265,973, which does not 
involve a reheating after the bainite formation. 

The additional treatments for the molybdenum steel tools used for the 
cutting tests covered by Table X were considered desirable because these steels 
transformed to bainite more sluggishly than did the 18-4-1 types. 

It is unlikely that the tools treated for primary plus secondary bainite con- 
sisted of 100% tempered bainite plus untempered bainite. On the basis of 
metallographic examination alone, it appeared that the structure was all bain- 
ite after the final holding at the low temperature, but recent specific volume 
measurements have indicated some austenite was present in the final structure. 

Finally, the authors are inclined to respect the opinions of Mr. Bancroft 
and Mr. Kennedy to the effect that the improvement in the cutting efficiencies 
of the bainitically treated tools is attributable, at least in part, to a greater 
freedom from internal stresses which these tools have in comparison with 
conventionally treated tools. “Toughness” data are now being collected on 
pieces treated bainitically and conventionally, and it appears, although the test- 
ing is not yet completed, that the bainitically treated pieces are not noticeably 
“tougher” in the impact test being used, than the conventionally treated pieces. 
Since the cutting efficiencies of the bainitically treated tools have in all com- 
mercial applications been superior to those of the conventionally treated tools, 
it seems reasonable to accept, at least tentatively, the explanation that relatively 
stress-free hardening which averts the formation of much martensite enhances 
cutting efficiency. Here again the application of X-ray technique, in this 
case for determination of the relative degrees of internal stress, may provide 
the most satisfactory answer. 








THE TEMPERING OF HIGH ALLOY TOOL STEELS 


By Georce A. Roperts, ARTHUR H. GROBE AND 
CHRISTIAN F. Moerscu, JR. 


Abstract 


Complete tempering data are reported for eight high 
alloy tool steels (three high speed steels, three cold work 
die steels and two hot work die steels) for the range of 
200 to 1300 F (95 to 705 C) and 0.1 to 100 hours. At least 
four quenching temperatures were used for each steel. 
Also a limited amount of tempering data were obtained 
for two other hot work die steels. 

Various methods of presenting the data are used but 
Hollomon and Jaffe’s method of plotting the Rockwell 
“C” hardness versus the parameter T (c + log t) was 
considered the best to present all of the tempering data for 
one steel from one quenching temperature on a single 
curve. 


The effect of quenching temperature upon the 
quenched hardness of the eight high alloy tool steels is 
also discussed. 


INTRODUCTION 


HEORETICAL considerations concerning the tempering of tool 

and special steels have been the subject of recent extensive inves- 
tigations. _ Steels characterized in the quenched state by structures 
composed of relatively large quantities of retained austenite, in addi- 
tion to untempered martensite and, for most tool steels, excess car- 
bide, were first studied by foreign investigators who established the 
phenomenon of the decomposition of retained austenite during cool- 
ing from the tempering temperature (1).2. The work of Cohen and 
his associates (2), (3), (4) confirmed and elaborated on these find- 
ings and presented a complete picture of the structural changes taking 
place during the tempering of such steels over wide ranges of tem- 
pering times and tempering temperatures. A summary of these 
phenomena may be found in references (5) and (6). 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Twenty-eighth Annual Convention of the 
Society held in Atlantic City, November 18 to 22, 1946. Of the authors, George 
A. Roberts is chief metallurgist, Arthur H. Grobe is research metallurgist, 
and Christian F. Moersch, Jr., is associated with the Metallurgical Department, 
Vanadium-Alloys Steel Co., Latrobe, Pa. Manuscript received July 16, 1946. 
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Although the time-temperature relationships for structural trans- 
formations on tempering have been thoroughly reported, little accu- 
rate or correlated information is available pertaining to the physical 
property changes which take place concomitant with these structural 
alterations. The effects of tempering temperature upon the hardness, 
torsion and bend test properties are known for a limited number of 
tempering times or tempering cycles and for a limited number of 
the high-alloy grades of tool steel. These data compiled from cata- 
logs of the principal tool steel manufacturers and from informa- 
tion published in technical journals have been summarized in “Tool 
Steels” (5). An examination of this knowledge, however, reveals 
a need for a more fundamental and accurate evaluation of the effects 
of tempering time and tempering temperature over a wide range on 
even the hardness properties of these steels. With this in mind, 
and as a preface to an investigation now underway on the effects 
of tempering on the bend test properties of these grades, a thorough 
collection of data pertaining to hardness changes on tempering has 
been completed. This study has been conducted on three important 
high speed steels in common use, on three highly alloyed die steels 
generally applied for cold working applications, and on four alloy 
die steels of importance on hot working applications. While all of 
these grades do not show marked secondary hardening especially 
when hardened from low temperatures, they are all characterized by 
a high resistance to softening on tempering and by an ability to retain 
relatively large quantities of austenite (from 10 to 50%) when hard- 
ened from high temperatures. 

The data obtained are presented for the most part in the form 
of charts relating the hardness to a mathematical function combin- 
ing both the variables temperature and time of tempering according 
to the method described for carbon and low alloy steels by Hollomon 
and Jaffe (7). These investigators found that hardness is a func- 
tion of the parameter T (log t/t,), equivalent to T (c + log t), 
where T is the absolute temperature, t the time, and t, and c con- 
stants of the steel. This functional relationship was found to apply 
to experimental data obtained by the authors and from the literature 
covering a wide variety of steels and initial structures. Some data 
indicating the application of this functional relationship to low alloy 
steels exhibiting small secondary hardening effects have been pub- 
lished (7). An additional example of the validity of this method 
for those steels with secondary hardness was recently presented by 
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Cohen and Gordon (6) using data relating to the effect of temper- 
ing an 18-4-1 high speed steel after both normal hardening and sub- 
zero hardening (8), (9). The results of this investigation definitely 
prove the usefulness of charts of this type for the steels studied. 
Experimental Procedure—The investigation was conducted using 
ten different highly alloyed tool steels which are in relatively common 
use. The chemical composition and designation number for these 
materials are listed in Table I: 
Table I 
Analyses of Steels Employed in Experiments 


Steel 


Number Type G Mn Si P S Cr WwW Mo Vv Co 
R 18—4-1 0.74 0.26 90.28 0.018 0.010 3.96 17.58 0.40 1.03 .... 
M 6-5-2 0.82 0.28 0.28 0.021 0.008 4.15 G25 See - Sse sees 
N Hi C 6-5-4 1.26 0.30 0.33 0.025 0.011 4.42 oe 4.55 Gale sass 
A 1C,5 Cr, 1 Mo 1.01 0.70 0.32 0.014 0.015 5.36 seas. Re chien’ a 
O 1.5C, 12 Cr, 1 Mo 1.55 0.28 0.42 0.010 0.015 12.01 ---- 0.94 0.87 0.44 
Cc 2.2 C, 12 Cr 2.17 0.32 0.38 0.016 0.009 11.68 eee 
F 0.25 C,14W 0.26 0.31 0.10 0.018 0.013 3.60 14.30 0 
P 0.35 C,9W,2Cr 0.36 0.33 0.16 0.011 0.010 2.08 9.22 0.57 : 
V 0.35 C,9 W, 3.5 Cr 0.33 0.27 0.32 0.015 0.008 3.56 Toe ona Tae 
H 0.35 C,5 Cr, 1 0.32 0.36 0.81 0.016 0.015 4.70 BAe A.ae cess 


The steels in Table I fall into three groups: high speed steels, 
die steels for cold work and die steels for hot work. The high speed 
steels investigated include a standard 18-4-1 tungsten high speed 
steel (Steel R), a standard 6-5-2 tungsten-molybdenum high speed 
steel now commonly known as the M-2 type (Steel M) and a spe- 
cial high carbon-high vanadium tungsten-molybdenum high speed 
steel containing approximately 1.25% carbon, 4% vanadium (Steel 
N). Three steels have been selected from the vast number of tool 
steels used for cold working applications. These are the 5% chro- | 
mium, 1% molybdenum air hardening die steel (Steel A), and two | 
high carbon-high chromium steels. Steel O is an air hardening 1.5% 
carbon grade of this class, while Steel C is an oil hardening grade 
containing 2.2% carbon. Four die steels for hot work have been 
selected. These include the low carbon, 14% tungsten Steel F, two 
9% tungsten steels differing only in chromium content (Steels P and 
V) and the widely used 0.35% carbon, 5% chromium, 1% molyb- 
denum hot work die steel (Steel H). 

A complete study has been made of the first eight of the steels 
listed in Table I, while only a partial study was made of the hot 
work die steels, V and H. The experimental details which follow 
apply specifically to the first eight steels. A slightly different tech- 
nique was used in investigating Steels V and H and will be described. 
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The material was furnished as 44-inch round hot-rolled annealed 
bar stock which was manufactured by regular tool steel practice. 
Steels F and P were melted as 1000-pound induction furnace heats. 
Steels A and H were obtained from 7-ton electric furnace heats 
and the remainder of the grades from 4-ton electric furnace heats. 

The bar stock was cut to -inch lengths and the resulting sam- 
ples were surface ground on both ends to a constant length for each 
grade. One hundred twenty samples from each heat were selected 
for each hardening temperature employed. Each specimen was sep- 
arately identified with a letter (given in Table I) for grade designa- 
tion and the samples were consecutively numbered for each grade. 

The quenching temperatures and the quenching media used for 
each grade are listed in Table II. The samples were hardened in 
semimuffle, gas-fired hardening furnaces. For hardening tempera- 
tures under 1850 F a furnace having a maximum temperature of 
2000 F (1095C) and a hearth size of 14% by 2434 inches was 
employed. For all higher hardening temperatures a furnace hav- 
ing a maximum temperature of 2450 F (1345 C) and a hearth size 
of 18 by 24 inches was employed. The one hundred twenty samples 
for each hardening temperature and each grade were evenly spaced 
in twelve rows on a wire screen elevated 1% inch from the floor of 
the furnace with a rod tray. Preheating at an intermediate tempera- 
ture was done in a separate semimuffle furnace for all samples hard- 
ened above 1850 F (1010C). Special care was observed in insur- 
ing that all samples in each run were brought to temperature at the 
same rate and that the temperature conditions were uniform across 
the screen upon which the samples were placed. New thermocouples 
were used for each run. 

The wire screen holding all of the samples was removed from 
the furnace as soon as the samples had reached the temperature of the 
thermocouple protection tube as judged by visual means. The two 
air hardening die steels, A and O, were cooled on the screen in still 
air. The samples of the oil hardening steels were plunged from the 
wire screen into a basket in warm circulating oil, then were cooled to 
room temperature and degreased. 

The cross-sectional surface of the hardened ™%4-inch round by 
approximately 54-inch long samples which had been stamped prior 
to hardening was cleaned of scale by belt grinding. The surface op- 
posite the stamp marks was then ground with a minimum removal 
of 0.040 inch which, in all cases, proved to be well below any decar- 
burization 
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Table Il : 
Hardening Procedure, Quenched Hardness and Grain Size ; 


r—Quenched Hardness Range—, 


Steel Quenching Quenching . Rockwell C Intercept 
Number Temp. F Medium Min. Max. Av. Grain Size 

R ' 2200 Oil 64.5 65.4 64.9 13 s 
2300 = 64.5 65.3 64.9 12 
2350 oo 64.6 65.4 65.0 10 
2400 y 63.4 64.3 63.9 8 ' 

M 2100 Oil 64.5 65.5 65.1 12 
2175 ™ 64.6 65.2 64.9 11 
2225 * 64.5 65.0 64.7 10 
2275 ms 63.1 63.7 63.4 6 

N 2100 Oil 64.7 65.4 65.1 12 
2175 wd 65.2 65.6 65.4 12 
2225 8 64.6 65.4 64.9 12 : 
2275 ™ 63.6 64.3 64.1 10 

A 1675 Air 59.3 60.3 59.8 im ) 
1725 - 62.9 63.9 63.4 ~ 4 
1775 "I 64.6 65.6 65.1 17 
1850 “ 62.0 63.0 62.5 11 

O 1750 Air 57.5 58.5 58.0 18 ' 
1850 ve 62.8 63.8 63.3 13 
1950 - 62.6 63.6 63.1 12 ; 
2050 - 55.2 56.2 55.7 9 

Cc 1700 Oil 63.3 63.9 63.7 
1775 x 65.6 66.6 66.1 ci 
1825 ° 66.1 66.5 66.3 13 
1900 63.5 64.3 64.0 10 
2000 S 52.5 54.6 53.7 3 

F 1900 Oil 30.7 31.7 31.3 
2050 - 36.4 37.7 36.9 
2150 - 40.7 41.7 41.2 
2250 - 44.4 45.4 44.9 

P 1900 Oil 48.5 49.4 48.9 ae 
2050 ‘i 52.1 53.1 52.6 14 
2150 5 54.2 55.1 54.7 11 
2250 - 55.6 56.6 56.1 4 

V 2150 Oil 51.4 52.9 51.9 a ; 

H 1850 Air 52.7 53.7 53.1 ade 


Hardness readings (Rockwell “C’’) were taken on each 1 
quenched sample with all precautions being observed to insure results I 
of extreme accuracy. The testing machine was standardized with Fr 
Rockwell test blocks before starting and after each twenty samples. 
At least seven readings were taken on each sample and the last five 
recorded. The readings were all taken at half-radius. 

Of the one hundred twenty samples tested only ninety were used | 
in the tempering experiments. Thirty samples which varied greatest 
from the average quenched hardness were discarded. The maximum 
and minimum hardness values of the samples employed in the tem- 
pering experiments are listed in Table II. The range was small in 
most cases except for Steel C hardened from the highest temperature 
where large amounts of austenite were retained in the quenched struc- 
ture. This will be discussed more fully later in the paper. With but 
few exceptions the maximum spread in quenched hardness values of 
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the ninety samples in any lot was 1 Rockwell C, well within the ac- 
curacy of the hardness testing machine. 

Tempering of the samples was done in salt baths except for the 
200 and 300 F cycles which were in oil. Temperatures used were 
200, 300, 400, 500 600, 700, 800, 900, 950, 1000, 1050, 1100, 1150, 
1200 and 1300 F (95 to 705C). Tempering times were 0.1, 0.5, 2.5, 
10 and 100 hours. These times are total times in the tempering bath 
and, as will be seen later, some inconsistency in data was obtained 
from certain of the 0.l-hour runs due undoubtedly to variations in 
actual time at temperature. All samples were air-cooled from the 
tempering temperature. It should be noted that all tempering data 
reported herein are single tempering data since no samples were 
retempered. 

After tempering, all 0.1, 0.5, 1 and 2.5-hour samples were ground 
at least 0.020 inch on the cross-sectional surface used for hardness 
readings and all 10 and 100-hour samples had at least 0.040 inch 
removed. Hardness readings were taken as before. 

Microscopic examination was made on quenched samples from 
each lot for determination of grain size and the degree of carbide 
solution. Grain size measurements obtained by the use of the inter- 
cept method are recorded in Table II. No results are listed for Steels 
C and P at the lowest quenching temperature and for Steel F at any 
quenching temperature. Steel F has large quantities of ferrite exist- 
ing in the hardened structure from all hardening temperatures mak- 
ing any austenite grain size rating meaningless. 


EXPERIMENTAL RESULTS 


Quenched Hardness—The effect of quenching temperature upon 
the quenched hardness for the eight grades of tool steel studied in 
detail may be examined by a study of the data presented in Table II 
and charted in Fig. 1. A marked similarity in this behavior is to be 
observed among the steels within each group. 

The three high speed steels exhibit flat maximum hardness peaks 
with only a slight tendency for the hardness to decrease at the maxi- 
mum hardening temperature used. It is known that the 18-4-1 high 
speed steel, R, when hardened from 2350 F (1290C), and the two 
molybdenum-tungsten types, M and N, when hardened from 2225 F 
(1220 C) have 20 to 25% and 25 to 30% retained austenite, respec- 
tively. At the higher hardening temperatures of 2400 and 2275 F 
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Fig. 1—Effect of Hardening Temperature Upon the Quenched 
Hardness of Eight High Alloy Tool Steels—Steels R Through P 
in Table I. 


(1315 and 1245 C), respectively, slightly greater amounts of retained 
austenite may be anticipated. It is obvious therefore that amounts of 
retained austenite of 30% or over must be obtained before an appre- 
ciable drop in quenched hardness will be noted in high speed steels. 
Data available from lower hardening temperatures for these steels 
show that the hardness increases almost linearly with quenching tem- 
perature to the lowest temperatures included in the experiments of 
this series. For Steel R this hardness increase starts from about 
Rockwell C-52 at 1700 F (925 C). 

The three die steels for cold work, A, O and C, all have ex- 
tremely narrow temperature ranges for maximum quenched hardness. 
The small amount of published information on the effect of harden- 
ing temperature upon the retained austenite content of Steels A and 
O (4) indicates that again over 30% austenite is necessary to cause 
the drop in hardness noted at the most elevated temperatures. 
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Fig. 3—Tempering of 6-5-2 High Speed Steel 
(Steel M) After Hardening in Oil From 2225 F. 
Effect of tempering temperature on hardness for 
six tempering times. 
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Fig. + topeering of High Carbon 6-5-4 High 
Speed Steel (Steel ) After Hardening in Oil 
From 2225 F. Effect of tempering temperature on 
hardness for six tempering times. 


The hot work die steels, F and P, do not achieve retained aus- 
tenite contents in amounts which cause a hardness drop at the highest 
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Fig. 5—Master Tempering Curves for 18-4-1 High Speed Steel (Steel R). (a 


) 
a from 2200 F, (b) Quenched from 2300 F, (c) Quenched from 2350 F, (d) 
uenched from 2400 F. 


temperatures used. It is known that carbon dissolved in austenite is 
the most potent of the stabilizing elements, viz., its marked effect in 
lowering the M-point of steels, and these steels, F and P, are incapa- 
ble of dissolving large quantities because of their low carbon con- 
tents. Actually, considerably less carbon than the 0.26 and 0.36% 
in these steels is available for austenite solution since excess alloy 
carbides are present at all hardening temperatures. The hardness of 
the 9% tungsten steel, P, is considerably greater than the 14% tung- 
sten steel, F. Microscopic examination and equilibrium considera- 
tions readily reveal the reason for this behavior which is not solely 
caused by the lower carbon content of Steel F. 14% tungsten will 
not permit pure austenite formation at any temperature with only 
0.26% carbon and therefore even at 2250 F approximately 30% fer- 
rite appears to exist. 

Because of the difference in furnace behavior and the uncer- 
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Fig. 6—Master Tempering Curves for 6-5-2 High Speed Steel (Steel M). (a) 


Quenched from 2100 F, (b) Quenched from 2175 F, (c) Quenched from 2225 F, (d) 
Quenched from 2275 F. 


tainties of temperature measurement and holding times in commer- 
cial practice, it is felt that the quenched hardness is a better criterion 
of the hardening conditions than is a nominal statement of the hard- 
ening temperature. Especially is this true for those steels which 
show large variations of quenched hardness with hardening tempera- 
ture. From Fig. 1 it is apparent that this criterion cannot be applied 
to high speed steels but that it is satisfactory for other grades. With 
this in mind the quenched hardness as well as the nominal hardening 
temperature of each lot is recorded on the tempering charts presented 
herein. 

Tempering Data for High Speed Steel—The voluminous data? 
obtained can be plotted in at least four ways. Examples of all of 
these are contained in the paper. These are hardness versus temper- 


“Actual tabular data for each grade are available for study from the Metallurgical De- 
partment, Vanadium-Alloys Steel Company, Latrobe, Penna. 
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ing temperature for various times (Fig. 2a), hardness versus tem- 
pering time for various temperatures (Fig. 18), tempering time- 
temperature relationships to produce equal hardnesses (Fig. 2b), and 
“master tempering curves” in which the data are plotted on a temper- 
ature versus tempering parameter [T (c + log t)] chart as devised 
by Hollomon and Jaffe (Fig. 5). Because of the ability to combine 
all data pertaining to one steel hardened from one temperature into a 
single curve by the use of the last method, it has been selected as the 
major method of presentation. For aid in practical heat treatment, 
however, the “master tempering curves” are augmented by the graphs 
relating hardness to tempering temperature for six different temper- 
ing times. One such graph is presented for each steel hardened from 
its normal quenching temperature. 

The data for the 18-4-1 high speed steel, R, are presented in three 
different ways in Figs. 2a, 2b and 5. Fig. 2a clearly illustrates the 
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shift of the maximum secondary hardness peak to lower temperature 
as the tempering time is increased. The time-temperature conditions 
to produce this maximum hardness may be read from the zone 
marked “65-66” in Fig. 2b. The lines in Fig. 2b represent equiva- 
lent tempering cycles required to produce the indicated Rockwell “C” 
hardnesses. These iso-hardness curves closely approach straight lines 


Hardness - Rockwell C 
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Fig. 8—Tempering of 1% Carbon, 5% 
Chromium, 1% Molybdenum Air Hardening Die 
Steel (Steel A) After Hardening in Air From 
1775 F. Effect of tempering temperature on 
hardness for six tempering times. 


for the cycles studied and are remarkably parallel. The wide range 
of tempering conditions over which the hardness minimum associated 
with intermediate temperature tempering can be produced is depicted 
by the zone marked “60.5-61” in Fig. 2b. 

Tempering data for high speed steels, M and N, quenched from 
2225 F (1220C) are shown in Figs. 3 and 4 for six different tem- 
pering times. These curves are similar to those of Fig. 2a for Steel 
R. At this point it is well to note that the data obtained for a nomi- 
nal tempering time of 6 minutes do not always fall on smooth curves 
because any variation in time at temperature promotes a large varia- 
tion in hardness with this short tempering time. Invariably the 6- 








534 TRANSACTIONS OF THE A. S. M. Vol. 39 
70 
65 
60 


55 


+ ur 
ul oO 


Hardness- Rockwell C 
. 
oO 





20 


300 500 700 9300 1100 1300 
Tempering Ternperoture -F 


Fig. ee ee of 1.5% Carbon, 12% 
Chromium rd enum Air Hardening 
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minute tempering data are responsible for the few deviations to be 
noted in the “master tempering curves” to follow. 

The “master tempering curves” for the three high speed steels 
are presented in Figs. 5,6 and 7. On these curves are listed the steel, 
the quenching temperature, the quenched hardness and the calculated 
“c” value. There is no consistent trend of the “c” values with 
wcdiadtian temperature but they appear to be slightly higher for Steel 
R than for Steels M and N. The “c” values of 19-20 for Steel R 
quenched from 2350 F have been vuabeiied by Cohen and Gordon (6). 

As the hardening temperature increases there are three indica- 
tions of more retained austenite: a drop in quenched hardness, a 
drop in the minimum hardness at intermediate tempering tempera- 
tures and an increase in the maximum secondary hardness. 

Tempering Data for Cold Work Die Steels—The hardness-tem- 
perature curves for various times for Steels A, O and C are shown 
in Figs. 8, 9 and 10 respectively. Data for the 5% chromium, 1% 
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molybdenum air hardening die steel, A, apply to a hardening temper- 
ature of 1775 F (970C) ; data for the 1.5% carbon, 12% chromium, 
1% molybdenum high carbon-high chromium steel, O, to a tempera- 
ture of 1850 F (1010 C) ; and data for the 2.2% carbon, 12% chro- 
mium high carbon-high chromium steel, C, to a temperature of 1825 
F (995 C). These steels all have essentially the same resistance to 
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Fig. 10—Tempering of 2.2% Carbon, 12% 
Chromium Oil Hardening High Carbon-High 
Chromium Steel (Steel C) After Hardening in 
Oil From 1825 F. Effect of tempering tempera- 
ture upon hardness for six tempering times. 


tempering. Secondary hardness peaks are more prominent in Steel O 
when compared for these quenching temperatures. However, the 
“master tempering curves” (Figs. 11, 12 and 13) show that all 
grades exhibit secondary hardening phenomena to an increasing de- 
gree as the hardening temperature is advanced. This is especially 
pronounced in the high carbon-high chromium steels, O and C. Had 
hardening temperatures in excess of 1850 F (1010 C) been used for 
Steel A, it too would show a marked effect in this connection. Here 
again definite indications of retained austenite are shown by the drop 
in the hardness minimum at intermediate tempering temperatures 
with increasing hardening temperature. 
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Fig. 11—Master Tempering Curves for 1% Carbon, 5% Chromium, 1% Molybde- 
num Air H ing Die Steel (Steel A). (a) Quenched from 1650 F, (b) Quenched 
from 1725 F, (c) enched from 1775 1850 F. 


» (d) Quenched from 1 
Tempering Data for Hot Work Die Steels—The hardress- 
temperature curves for various times for the two hot work die steels, 
F and P, studied in detail show a peculiar behavior of little or no 
change in hardness with tempering time or temperature up to about 
1000 F (540 C) (Figs. 14 and 15). Above this temperature the be- 
havior appears normal in that the hardness drops with increasing 
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temperature and increasing times. The shift of the secondary hard- 
ness peak with tempering time not apparent for the 14% tungsten 
steel, F, which has little retained austenite is slightly in evidence for 
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Fig. 13—Master Tempering Curves for 2.2% Carbon, 12% Chromium Oil Harden- 
ing Hich Carbon-High Chromium Steel (Steel C). (a) Quenched from 1700 F, (b) 
Quenched from 1775 F, (c) Quenched from 1825 F, (d) Quenched from 1900 F. 


the 9% tungsten steel, P. The “master tempering curves” also show 
these facts in Figs. 16 and 17. 


The two additional hot working die steels, V and H, listed in 
Table II were tested by a procedure slightly different from that given 
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Fig. 13e—Master Tempering Curves for 
Steel C Quenched From 2000 F. 
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Fig. 14—Tempering of 0.25% Carbon, 14% 
Tungsten Hot Work Die Steel (Steel F) After 
Hardening in Oil From 2150 F. Effect of temper- 
ing temperature upon hardness for six tempering 
times. 
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on pages 523 to 526. Bar stock 34-inch square was cut to ¥%-inch 
lengths and the cross-sectional surfaces were ground to equal lengths. 
Hardening was conducted from only one temperature [1850 F 
(1010 C) for Steel H and 2150 F (1175 C) for Steel V] using a salt 
bath as the heating medium. A more limited range of tempering tem- 
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peratures was employed (800, 900, 1050, 1100 and 1150 F) in con- 
junction with a wider range of tempering times (from 0.02 to 100 
hours). 

The second method of presenting the data mentioned on page 531 
has been employed in Figs. 18 and 19 because of its convenience for 
the limited amount of tempering temperatures employed. Hardness 
is plotted against tempering time for each tempering temperature. 
The superior resistance to tempering of the 9% tungsten steel, V, to 
the 5% chromium steel, H, is evident when comparing these charts. 
The quenched hardness of Steel V is lower than that of Steel P 
when both are compared from a nominal hardening temperature of 
2150 F (1175C). Because of the different method of heating for 
hardening, however, these should not be directly compared. Very 
little difference in the hardening characteristics of these steels is ex- 
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Fig. 16—Master Tempering Curves for 0.25% Carbon, 14% Tungsten Hot Work 
Die Steel (Steel F). (a) Quenched from 1900 F, (b) Quenched from 2050 F, (c) 
Quenched from 2150 F, (d) Quenched from 2250 F. 


perienced commercially because of the similarity in composition. 
“Master tempering curves” for Steels H and V were calculated and 
are plotted in Fig. 20 from the data of Figs. 18 and 19. 


SUMMARY 


1. As a preface to a complete study of the effect of tempering 
on the physical properties of high alloy tool steels and in order to 
augment present knowledge on the theoretical aspects of the struc- 
tural changes which occur during tempering of these steels, a need 
was felt for complete tempering data relating to hardness changes. 

2. Complete tempering data have been obtained for ten high 
alloy tool steels. With but two exceptions four or more hardening 
temperatures were employed with six tempering times and fifteen 
tempering temperatures for each. Every effort was made throughout 
the investigation to collect data which would be extremely accurate. 
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ais 17—Master Tempering Curves for 0.35% Carbon, 9% Tungsten, 2% Chromium 
Hot ork Die Steel (Steel P). (a) Quenched from 1900 F, (b) Quenched from 
2050 F, (c) Quenched from 2150 F, (d) Quenched from 2250 F. 


3. It has been shown that the parameter for expressing the re- 
lationship between tempering temperature and tempering time and 
its effect on hardness as suggested by Hollomon and Jaffe (7) is 
applicable to all of the steels investigated. This permits assemblage 
of all data for one steel and one quenching temperature into a single 
“master tempering curve”. 


4. These “master tempering curves” can be employed as a guide 
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Fig. 18—-Tempering of 0.35% Carbon, 9% Tung- 
sten, 3.5% Chromium Hot Work Die Steel (Steel V) 
After Hardening From 2150 F. Effect of tempering times 
on the hardness for several tempering temperatures. 
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Fig. 19—Tempering of 0.35% Carbon, 5% Chro- 
mium, 1% Molybdenum Hot Work Die Steel (Steel H) 
After Hardening in Air From 1850 F. Effect of temper- 
ing time on the hardness for several tempering tem- 
peratures. 
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Fig. 20—Master Tempering Curves for Steels 
V and H. (a) 0.35% carbon, 9% tungsten, 3.5% 
chromium hot work die steel (Steel V). (b) 0.35% 
carbon, 5% chromium, 1% molybdenum hot work 
die steel (Steel H). 
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to practical heat treatment. It is suggested that use of such curves 
start wherever possible with the determination of the quenched hard- 
ness rather than with a nominal statement of the quenching tempera- 
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ture. Naturally, since in all of these steels it is possible to have the 
same quenched hardness from two different quenching temperatures 
(one on the low side of the maximum hardness peak and one on the 
high side of the maximum hardness peak), it is necessary that judi- 
cious use be made of the knowledge of the approximate quenching 
temperature used. Generally it can be determined from this knowl- 
edge whether the quenched hardness in question was obtained from 
the low or the high side of this peak. 

The “c” value and the value of the tempering parameter 
T (c+ log t) may be determined from the “master tempering 
curves” and they will permit the selection of a variety of combina- 
tions of tempering temperature and tempering time to give any de- 
sired final hardness. For example, selecting Steel R (18-4-1 high 
speed steel) quenched to Rockwell C-65.0 from a temperature near 
2350 F (1290 C) and desiring to temper to Rockwell C-62.5, a value 
of the tempering parameter of 33,000 is read from Fig. 5. A lower 
value of the tempering parameter could have been selected if it 
were desired to temper below the maximum secondary hardness peak. 
For this example we will assume, however, that it is desired to tem- 
per on the high side of the maximum secondary hardness peak so that 
little or no retained austenite will remain in the steel. Any combina- 
tion of tempering temperatures and tempering times which will make 
the tempering parameter equal to 33,000 with a “c” value of 20 will 
produce this hardness. As an aid in use of the curves presented and 
as an example of the effect of tempering time and “c” value on the 
tempering parameter, Fig. 21 has been prepared. On this figure one 
may read up to the three lines representing “c” values of 20 from a 
parameter value of 33,000. The three lines relating to three differ- 
ent tempering times then permit the statement that 1 hour at 1190 F, 
2.5 hours at 1160 F (625C) or 5 hours at 1135 F (615C) will give 
a tempered hardness of Rockwell C-62.5 in this case. Comparing 
these tempering cycles with the tempering data of Fig. 2a it is seen 
that the cycles are accurate within commercial limits and will pro- 
duce the desired hardness. Except for very short tempering times 
it is known that the hardness values achieved by double tempering 
approximate those achieved by single tempering for an equivalent 
time. It is felt therefore that these data may be applied for the 
multiple tempering cycles to produce a desired final hardness. In 
the case described above, a tempering cycles of 2.5 hours at 1135 F 
plus 2.5 hours at 1135 F (615 C) may have been selected. 
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DISCUSSION 


Written Discussion: By W. E. Bancroft, chief metallurgist, Pratt & 
Whitney Division, Niles-Bement-Pond Co., West Harford, Conn. 

The authors of this paper have done a painstaking and important piece of 
work in compiling very accurate data on the effect of three variables—harden- 
ing temperature, tempering temperature, and tempering time—on the final hard- 
ness of the steels investigated. As the authors state, commercial practice in the 
heat treatment of these steels has been confined to the use of comparatively 
narrow bands of temperatures and times which were known to give reasonably 
good structures and physical properties at various hardness levels. This paper 
shows what hardness can be developed when combinations of temperatures ‘and 
times outside of the common range are employed. The importance of this 
information will probably not be fully realized commercially unless further 
investigation (which is said to be in progress) shows that better physical prop- 
erties can be obtained at a given hardness by using some treatment now con- 
sidered strictly unorthodox. 





1947 DISCUSSION—TEMPERING TOOL STEELS 547 


The presentation of such voluminous data as was developed in this report 
in a simple manner is no easy task. The authors have done a fine piece of 
work in plotting and drawing the master tempering curves and the master 
chart shown in Fig. 21, although I personally feel that the type of curves shown 
in Fig. 2 will find more favorable acceptance throughout industry. 

Written Discussion: By L. D. Jaffe, metallurgist, Watertown Arsenal, 
Watertown, Mass. 

It is interesting to see that the authors of this excellent paper have been 
able to extend the use of the tempering parameter, T(c + logt), to a variety 
of high alloy tool steels. I should like to ask whether the “c” values given 
were calculated for times in hours. 

One caution to the hasty reader might be in order: since different “c” 
values have been used in the different master tempering curves, the abscissae 
of these curves are not directly comparable. For this reason it is sometimes 
desirable to use a single “c” value for a number of tempering curves, even at 
the expense of some increase in scatter. New work on this problem will be 
published soon. 

Written Discussion: By Morris Cohen, professor of physical metallurgy, 
Massachusetts Institute of Technology, Cambridge, Mass. 

I should like to ask the authors’ opinion as to the significance of the “c” 
constant in the tempering parameter. We have not been able to find a con- 
sistent variation in “c” with systematic changes in steel chemistry, at least not 
in simple steels containing 0.75 to 1.3% carbon and 0.0 to 5.0% nickel. This 
anomaly is confirmed in the present paper, since the progressive raising of the 
austenitizing temperature frequently produces erratic changes in “c”’. 

Accordingly, in order to show a self-consistent series of hardness versus 
parameter curves, we usually average the “c” values for the entire series, and 
base the parameter calculations on this average. This practice seems justified 
in that “c” can be allowed to vary through wide limits and still fit the ex- 
perimental data. By selecting a single value of “c’”, ie, the average, the 
tempering curves become directly comparable, and the effect of the systematic 
variable, whether chemistry or austenitizing temperature, stands out more 
clearly. 


Authors’ Reply 


We wish to thank the discussers of this paper for their comments and sug- 
gestions. We agree entirely with the comment of Mr. Bancroft that curves 
of the type shown in Fig. 2 will find more favorable acceptance throughout 
industry than will the master charts such as those shown in Fig. 5, for exam- 
ple. The master tempering curves were used because by this method the larg- 
est amount of data could be presented in a single curve. For each of the steels 
studied curves such as Fig. 2 are presented showing the effect of tempering 
temperature upon the hardness for six different tempering times, but because 
of the lack of space, curves of this nature were presented for the normal com- 
mercial hardening temperatures only. Through these curves, data for each 
of the steels are readily available for use in practical heat treatment. 

Both Messrs. Cohen and Jaffe have commented upon the “c” values. In 
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reply to Mr. Jaffe’s specific inquiry, the “c” values given in the paper were 
calculated for time in hours. During development of the data we felt that it 
would be possible to average the “c” values for each steel and base all curves 
upon this average as is suggested by both Cohen and Jaffe. However, since 
the calculated “c” values for steel “F” varied over too wide a range with 
change in austenitizing temperature and since only a limited amount of knowl- 
edge is available concerning the variation of “c” value with austenitizing tem- 
perature, we felt it best to plot each set of data using the calculated “c” value 
for that data. 

Certain of the data have been used to evaluate the probable limits over 
which “c” can be allowed to vary without influencing the “fit” of the curves. 
This leads us to believe that a variation of about plus or minus 10 to 15% is 
permissible. Extreme values of “c” give curves which are discontinuous and 
not smooth. 





CHANGES IN SIZE AND TOUGHNESS OF 
HIGH CARBON-HIGH CHROMIUM STEELS DUE TO 
SUBZERO TREATMENTS 


By L. E. Grppert anp G. M. Butter, Jr. 


Abstract 


Three types of high carbon-high chromium die steels 
are shown to expand considerably when given a subzero 
treatment after hardening before tempering. Hardnesses 
of Rockwell C-67 to 68 are developed. Holding at room 
temperature for 24 hours before cold treatment caused 
somewhat lessened expansion, but tempering at 300F 
(150 C) almost entirely nullified the effect of subsequent 
cold treatment. Izod impact tests revealed no excessive 
brittleness when allowance was made for the increased 
hardness. 


LTHOUGH no general agreement exists as to the merit of sub- 
zero treatment of tool steels, yet there is one class of tool steels 
that appears to undergo rather pronounced changes during such treat- 
ment and which develops properties of possible commercial impor- 
tance. High carbon-high chromium types of tool steels are prone 
to retain large amounts of untransformed austenite during the hard- 
ening operation, and the decomposition of this by subzero treatment 
gives hardnesses which are unattainable by orthodox heat treatment 
methods (1), (2). Such unusual hardness seems to be accompanied 
by at least enough toughness to warrant the suggestion that punches, 
blanking dies, forming rolls and other applications of these steels 
might show longer life if given this treatment. 

Subzero treatment of these steels during the hardening opera- 
tion causes considerable expansion within the metal. This phase of 
the process forms the principal subject of this article, since little 
information on this has been published. Some data are also given 
on impact tests. 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Twenty-eighth Annual Convention of the 
Society held in Atlantic City, November 18 to 22, 1946. Of the authors, L. E. 
Gippert is associated with the metallurgical department and G. M. Butler, Jr., is 
associate director of research, Allegheny Ludlum Steel Corporation, Dunkirk, 
N. Y. Manuscript received July 25, 1946. 
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Steels Studied 


Three common types of high carbon-high chromium die steel 
were used in this study. Typical analyses are shown in Table I. 


Table I 
Typical Analyses of Steels 
Type Name Cc Cr Mo Vv 
5% Chromium Air Hardening Sagamore 1.0 5.0 10 0.2 
12% Chromium Air Hardening Ontario Ly ny 0.8 = 


12% Chromium Oil Hardening Huron 


Test Pieces 


Dimensional change measurements were made on two sizes of 
round blocks and also on short pieces of small diameter rods. Izod 
impact tests were made on standard unnotched Izod test pieces. All 
samples were prepared from annealed bar stock. 


Tests on Solid Blocks 


One set of samples of each grade of steel was turned to 2 inches 
round and cut 2 inches long. The other set was turned to 4 inches 
round and cut 4 inches long. The ends were ground flat and parallel, 
and narrow flats were ground on opposite sides, 90 degrees apart 
along the outside surfaces. The dimensions of the pieces were then 
accurately measured at a number of positions. 

Each position was outlined by light punch marks to insure that 
successive measurements would always be in the same spots. Diam- 
eter measurements were made in three places along each pair of paral- 
lel flats, and length measurements were made at the center and four 
places near the circumference. 


Treatment Cycles 


It is now well recognized that uninterrupted cooling from the 
hardening temperature clear down to the subzero treating tempera- 
ture is desirable if the cold treatment is to be most effective. Any 
delay between quenching and cold treating reduces the latter’s effec- 
tiveness. Tempering before cold treating is especially to be avoided 
if maximum hardness is desired. Yet continuous cooling also means 
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greatest internal stresses and most risk of cracking, so some would 
hesitate to go to this extreme. 

Therefore, one block of each size and grade was tempered lightly 
by heating for 1 hour at 300F after hardening and then put into 
the chamber of an industrial subzero machine maintained at —120 F, 
while the other piece was immediately placed in the cold chamber 
while still warm from hardening. In this way the relative effects of 
the two methods of treating are easily compared. The block to be 
tempered was measured as quenched and again after tempering before 
chilling, so that the effect of each operation could be determined. 

All blocks were packed in spent carburizing compound and heated 
in an accurately controlled electric furnace. Treatment temperatures 
and quenching media were as follows: 

5% chromium: heated to 1750 F, cooled in dry air blast 


12% chromium: heated to 1800 F, cooled in dry air blast 
12% chromium: heated to 1800 F, oil-quenched 


Results on Blocks 


Table II shows the size and hardness changes resulting from 
each phase of the two treatments. The blocks all expanded or shrank 
symmetrically and uniformly across the various diameter and length 
positions, so that all the diameter measurements could be conven- 
iently averaged to give one value. This was also done for all the 
length measurements except the measurement along the central axis. 
This latter. value is reported separately, as Center Length, because 
some bulging of the ends was apparent in a number of the samples. 
All values in the table are in terms of change with respect to the 
original length in every case and are in inches just as measured, with- 
out conversion to inches per inch. Those which are preceded by a 
minus (—) sign denote shrinkage below the original length; all other 
denote expansion. 

The behaviors of these blocks during the normal hardening and 
tempering cycle are shown in the left-hand portions of the table 
under the headings “As Hardened” and “After 300 F Draw.” It is 
evident that these steels differ somewhat in their dimensional changes 
during this conventional treatment. The 5% chromium air hardening 
type expands considerably and quite uniformly. The 12% chromium 
air hardening steel expands much less; in fact, the 4-inch sample 
actually shrank across its diameters, although it expanded along the 
bar axis, especially at the center. The 12% chromium oil hardening 
steel also showed this tendency to shrink in diameter and elongate, 
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to a somewhat greater degree than its air hardening counterpart. All 
pieces showed quite normal hardnesses after hardening and drawing, 
not exceeding Rockwell C-63 to 64%. 

The chilling treatment after hardening and drawing has evi- 
dently had very little effect on dimensions and hardness. In no case 
has it caused more than 0.0004-inch change in dimensions. The 5% 
chromium air hardening samples increased most in hardness up to 
Rockwell C-64¥% to 65%. 

Much greater changes have occurred in the pieces of all three 
steels which were cooled without interruption from the hardening 
temperature down to 120 F below zero. All have expanded in every 
direction and hardened up to Rockwell C-67% to 68%. The short 
draw at 300 F only slightly lowered these hardnesses, down to Rock- 
well C-65%4 to 67. Such high hardness is most uncommon in these 
steels. 

The 5% chromium steel has expanded the most, from 2 to 3 
times as much as it expanded in the ordinary hardening and drawing 
cycle. This expansion is quite consistent in all dimensions. 

The 12% chromium air hardening steel likewise expanded in the 
same ratio but considerably less in total amount than the other two 
steels. This growth was very uniform in the 2-inch sample but 
greatest along the central axis of the 4-inch piece. 

The 12% chromium oil hardening samples generally expanded 
considerably more along the axis than across the diameter. The in- 
crease at the center of the 4-inch round was 0.0155 inch after hard- 
ening before drawing, which is the highest value found on any of 
the pieces. 

None of these blocks cracked. This is rather remarkable when 
such considerable growth has taken place at very low temperatures. 
Perhaps the symmetry and lack of stress raisers in these samples 
were favorable to successful hardening. Certainly the direct cooling 
down to subzero temperatures must be regarded as a rather hazard- 
ous operation for intricate sections. 


Changes in Short Rods 


In another set of experiments, samples 2 inches long by % inch 
in diameter were put through a somewhat more extensive series of 
treatments. Here two hardening temperatures were used, and one 
extra modification of the procedure for subzero treating was added. 
This consisted in holding at room temperature for 24 hours after 
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hardening and before chilling, without any tempering operation prior 
to chilling. This has been found to decrease the amount of trans- 
formation (3). The two previously described cycles were also used; 
direct cooling from hardening temperature to subzero and hardening 
followed ‘by a short tempering before chilling. In this case, the 
samples went immediately into the draw furnace without waiting to 
measure. The method of hardening has been previously described 
(4). The rate of cooling of the air hardening steels during harden- 
ing approximated that of a 34-inch round cooling in still air. 

Two hardening temperatures were used for each steel, one of 
which was above the customary range to emphasize the effect of 
having higher than normal concentrations of retained austenite in 
the samples. Time of soaking after reaching the hardening temper- 
ature was only 5 minutes. 

Table III summarizes the results. Here all length changes are 
increases in inches over the original annealed length. 

Study of this table reveals certain significant points. In all 
cases, the samples which were cooled directly to —120 F expanded the 
most. Those samples which stood at room temperature for 24 hours 
before chilling elongated somewhat less but still very considerably ; 
while those tempered before chilling showed much less expansion. 

The effect of the higher hardening temperature varied slightly 
with the type of steel. The 12% chromium air hardening type 
showed least response, because it normally has the highest hardening 
temperature of the three. Even in this steel, however, the subzero 
treatment had a much more pronounced effect on the samples treated 
from the higher temperature. In this steel, the short hardening time 
caused the 1800 F samples to be somewhat underheated, so that hard- 
nesses were low and the effect of the cold treatment was least. 

The 5% chromium air hardening steel increased in length the 
most of the three steels studied. The subzero treatments had a 
strong effect, especially after the higher hardening temperature. 
Here the interrupted cooling was practically as effective as direct 
cooling. 

The 12% chromium oil hardening samples expanded slightly 
less than the 5% chromium steel but otherwise acted similarly. In- 
terrupting the cooling had somewhat more influence on the subzero 
change in this steel than in the 12% chromium oil hardening, both in 
lessened expansion and slightly lower hardness. 

The hardnesses developed on these small rods due to cold treat- 
ment were lower than found on the blocks previously discussed. This 
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size effect seems to be rather general: larger sections appear to 


harden more in cold treatment than small sections. 


Unnotched Izod Impact Tests 


In an effort to evaluate the effect of subzero treatment on the 
resistance of these steels to shock, two sets of tests were made. In 
the first set, samples were hardened and drawn in the usual manner 
and compared with samples which had been continuously cooled to 
—120F and then drawn at the same temperature as the ones given 
the normal treatment. In this case the cold treated samples were 
considerably harder than the samples given the usual treatment. 

Hardening temperatures were as follows: 


5% chromium air hardening.................+-- 1750 F 
12% chromium air hardening...................-. 1850 F 
12% chromium oil hardening ..................+. 1800 F 


All samples were tempered at 300 F for 1 hour, whether chilled 
or not. They were all machined from 14-inch square bars, then 
treated at 0.405-inch square, then ground to 0.394-inch square after 
treating. All tests were in quadruplicate. Table IV shows the results. 

The chilled samples absorbed 40% less energy in breaking than 
the normally treated samples but were 21%4 Rockwell C points harder. 

It was felt that this was not a fair comparison, so another set 
was made and heat treated similarly, except that those samples which 
were continuously cooled to —120 F were then tempered at 400 F to 
bring their hardness down to that of the normally treated pieces, 
which were drawn as before at 300 F. Table V shows the results. 

It appears that there is no significant difference in energy ab- 
sorption between chilled and normally treated samples when both 
are tempered to the same hardness, at least as measured on these 
small sections. 


Table IV 
Unnotched Izod Impact Tests on Samples Drawn at 300 F 


Samples 3 inches long x 0.394 inch square, ground from 0.404-inch square after hardening. 
Each value is average of four tests. 


Costes Directly to 


-—Hardened and Drawn—, —120 F, Then Drawn-—, 
mae Absorbed, Energy Abs Absorbe bed, 
Steel 't-Lb. Re Re 
5% Cr Air evdenins 55 62% 32 65 


12% Cr Air Hardening 31 63 18 65% 
12% Cr Oil ffecdeainn 15% 64 9 66% 
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Table V 
Unnotched Izod Impact Tests on Samples Drawn to Same Hardness 
Hardened and Cooled Direetly to —120 F 
c———Drawn at 300 F—__, -——and Drawn at 400 F——, 
Energy Absorbed, Energy Absorbed, 
Steel F t-Lb. Rc 't-Lb. Re 
5% Cr Air Hardening 61% 63 62% 63% 
12% Cr Air Hardening 27 63% 23 63i4 
64 


12% Cr Oil Hardening 11ly% 64% 13 


General Discussion 


It is probable that the wear resistance of high carbon-high chro- 
mium die steels can be improved by suitable subzero treatment, since 
the Rockwell hardness is materially increased. This cold treatment 
is most effective if no tempering operation precedes it, although 
standing at room temperature for as long as 24 hours will only mod- 
erately reduce the eftect of the cold treatment. The dimensional 
change which accompanies cold treatment is appreciable, amounting 
in some cases to as much as 0.004 inch per inch expansion. This 
growth must be included in die layout, and its effect on cracking must 
be further studied. Its magnitude is such as to offer possibilities 
of salvage when a die is found to be undersize after hardening, at 
least if this is discovered before tempering. If tempering has already 
been carried out, the benefits of a cold treatment are much less, al- 
though a die which has shrunk due to overheating will still undergo 
a useful degree of dimensional recovery. 

Limited experience indicates that the added hardness imparted 
by cold treatment can generally be used profitably without tempering 
back to customary hardnesses. The decrease in toughness at this 
higher hardness is not great enough to cause trouble in most cases. 
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DISCUSSION 


Written Discussion: By Stewart M. DePoy, production manager, The 
Dayton Forging and Heat Treating Co., Dayton, Ohio. 

It is indeed an honor to be invited to discuss this excellent paper and it is 
a pleasure to do so. Since Dr. Butler and the writer were fellow students at 
the University of Arizona in the 30’s, it seems it was necessary for us to travel 
a long way on separate routes to at last have another metallurgical discussion. 

The work reported in this paper was well done and sorely needed. As stated 
by the authors, the subatmospheric treatment has been controversial among 
contemporary metallurgists, but this- treatment applied to the high carbon- 
high chromium tool steels seems fairly well agreed upon. 

Prior to August 1946 the writer had been working on a project quite similar 
to Mr. Gippert’s and Dr. Butler’s. Due to a change in employment it became 
necessary to stop the project while still unfinished. However, it is believed 
that the results obtained have quite a bearing on the paper being discussed, and 
the writer would like the privilege of reporting these results. 

The samples used in this work were the same type of steel as used by 
Gippert and Butler. However, the treatment temperatures varied from theirs, 
and all samples were tempered at 350 F before and after subzero cooling at 
120 F. The samples were made from round bars 5% inches in diameter. They 
were machined and subsequently ground accurately to 5-inch outside diameter 
by 41-inch inside diameter. All heat treatment was done in barium chloride 
salt baths, using a preliminary preheat at 1450 F (790C). The air hardening 
samples were quenched in salt at 1050 F (565(C) for 2 minutes and allowed to 
cool in still air to approximately 150 F before tempering. The oil hardening 
samples were quenched at 400 F for 3 minutes and allowed to cool in still air 
before tempering. 

The results are reported in Table A. It is quite evident that overheating 
has a marked effect on these steels, especially the 5% chromium air hardening 
type. When overheated to 1900 F (1040C), this material was only slightly 
magnetic and would not adhere to the magnetic chuck of a surface grinder. 
It is the writer’s opinion that overheating these materials, and subsequently 
causing them to undergo subzero treatment, has an important significance. It 
seems reasonable to believe that overheating will cause further carbide solution, 
which, of course, will cause an increase in retained austenite. However, when 
this austenite is transformed, more finely divided carbides or “wearing diamonds” 
are presented to the working surfaces of the steel. It follows that wear resistance 
should be increased. 

All samples were tempered in this project because subzero cooling before 
tempering is suicide for commercial tool hardeners. When working with 
expensive tools and dies it is necessary to reduce hazards to a minimum. 

Mr. Gippert and Dr. Butler are to be congratulated for this splendid and 
informative paper. I am sure it will be very useful to the tool and die industry 
as well as to the commercial heat treater. It is suggested that the authors 
extend their work to include higher overheating temperatures, and determine the 
microstructural changes that may be brought about. 
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Table A 


Hardened & Tempered 
Hardening Hardened & Tempered Cooled & Tempered 


Steel Type Source Temp., F Expansion Hardness Expansion Hardness 
Sparta 5% Cr  Universal-Cyclops 1750 —0.0002 62.0 0.005 63.5 

‘ 1900 —0.007 42.0 0.009 64.0 
G.S.N. 12% Cr Latrobe 1825 —0.0005 61.5 0.0035 62.0 
Spec. 2000 —0.003 54.0 0.007 63.0 
Neor 12% Cr Darwin-Milner 1825 —0.001 61.0 0.004 62.5 


Oil Hard 2000 — 0.006 50.0 0.008 63.0 


Written Discussion: By P. J. Krebs, superintendent, Michigan Heat 
Treating Co., Kalamazoo, Mich. 

It is with great interest that I read your paper, inasmuch as I handle quite 
a lot of high carbon-high chromium steels of the same analysis every day, which 
of course is necessary in a commercial heat treating plant specializing in the 
heat treatment of tools and dies. 

For the last 4 years, I have been cold treating all sorts of tools, dies, cutters, 
etc. My object has been to eliminate shrinkage which is caused by retained 
austenite during conventional heat treatment. By eliminating the austenite by 
subzero treatment, I find the parts grow instead, very uniformly, so much so 
tliat the necessary allowance can be made in the machining operation prior to 
heat treatment, if very close tolerance must be held. 

I noticed you mentioned there being quite a risk in continuous cooling from 
the hardening heat to subzero temperatures. Every day for the last 4 years, I 
have done this very thing with some very intricate blanking and piercing dies 
and to date I have not lost one die due to cracking by continuous cooling. On 
air cooling or oil quenching, the parts are not put into the freezer until they 
have reached a temperature of 150 F (holding at room temperature is avoided) 
and then placed on a stand of wire and put immediately into the cooling chamber. 
My freezing unit is operated dry, because I am looking for a uniform rate of 
cooling, and I believe in this way many dangerous strains are eliminated. When 
the parts are below minus 100F, they are removed from the freezer, and 
allowed to warm up at room temperature until the frost which formed turns to 
water. It is then immediately placed into an air draw at 400 F (again holding 
at room temperature is avoided). 

In checking my records of the last 4 years, I find that I am in close agree- 
ment with your figures on the rate of expansion on all three analyses. Reports 
from the field also indicate less breakage of dies since we began cold treating 
in this manner. 

To me this has been a very interesting and timely paper. Now I would like 
to see some work done along these same lines of cold treating using the so-called 
nondeforming oil hardening steels of the 1.60% manganese and also the 1.20% 
manganese, 0.50% tungsten, 0.50% chromium type using both the oil quenching 
method and the hot salt method or martempering at 400 to 450 F. 

I believe your findings will be interesting. 

Written Discussion: By W. E. Bancroft, chief metallurgist, Pratt & 
Whitney Division, Niles-Bement-Pond Co., West Hartford, Conn. 
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In this paper the authors have clearly shown that important changes in 
dimensions and hardness occur when high carbon-high chromium tool steels 
are cooled to subzero temperatures as part of their heat treatment. They state 
that this is due to the transformation of large or small amounts of retained 
austenite, depending on when the chilling is performed. It might be of interest 
to know just how much austenite is involved in these various transformations. 
From a similar investigation of the 1.0% carbon-5.0% chromium steel, we have 
some data showing the amount of austenite present after quenching and after 
various tempering and chilling treatments. With the kind permission of 
Morris Cohen and R. D. Potter who made the austenite measurements, we 
present those values which are pertinent to the present paper in the fol- 
lowing tabulation : 


Test pieces: %-inch diameter by 4-inch long, 1.0% carbon-5.0% 
chromium die steel, quenched in air from the indicated temperature. 


Austenite Content, % 
Quenched Quenched 
Treatment from 1775 F from 1800 F 
1. As quenched 30 to 35 30 to 35 
2. Drawn at 340 F 30 to 35 30 to 35 
3. Drawn at 340 F and cooled to —120 F 28 34 
4. Cooled continuously to —120 F 4to8 7 to9 
5. Cooled to —120 F and drawn at 340 F 4to8 7 to9 
6. Drawn at 200 F, then cooled to —120 F 15 17 


Although these quenching and tempering temperatures differ slightly from 
those used by the authors, it is felt that the proportional amounts of residual 
austenite after various treatments would be about the same in either case. Both 
their experiments and ours substantiate the fundamental concept that since 
martensite is the most voluminous constituent, the more martensite there is 
formed, the more expansion will occur, and when martensite is tempered even 
at low temperatures, contraction can be expected. Note that in Table II a 
slight contraction occurred when any of the steels were tempered at 300 F 
(150 C) due to tempering of the primary martensite; but when the steels had 
been first chilled and then tempered at 300F (150C) a greater contraction 
occurred during the tempering because there was then a greater amount of 
martensite present to be tempered. 

Tempering at 200 F (95(C) before chilling was investigated as a possible 
expedient to minimize cracking during chilling but, as our table shows, even 
this low draw stabilizes nearly 50% of the austenite which could be transformed 
by continuous cooling. Actually, in our experience, the danger of cracking 
during continuous cooling seems more theoretical than real although we have 
found that if the extremely high hardnesses which can be developed are not 
reduced by adequate tempering after chilling, the parts are quite susceptible to 
cracking in subsequent grinding. 

Regarding impact strength, Tables IV and V are very interesting. It 
appears to be clearly indicated that a subzero treatment has neither a good nor a 
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bad influence on impact strength at a hardness level of Rockwell C-63 to 64 
provided the same final hardness is attained. However, since these steels are 
frequently tempered at temperatures of 800 to 900F (425 to 480C) when 
toughness is an important factor, it would be interesting to see some data on 
the effect of subzero treatment prior to tempering at approximately 900 F 
(480 C) on the impact strength. 

All in all, we agree with the authors that a subzero treatment can be of 
practical value in obtaining higher hardness and consequently greater wear 
resistance than can be obtained by conventional heat treatment provided that 
proper allowance is made for dimensional changes and loss in toughness. This 
paper is of considerable value in showing the nature and amount of dimensional 
changes which will occur when subzero treatment is utilized. 

Written Discussion: By H. C. Amtsberg, manager, Metallurgical Engi- 
neering, Materials Engineering Department, Westinghouse Electric Corp., 
E. Pittsburgh. 

In the past several years, we have accumulated a considerable amount of 
data on the effect of subzero treatments on various tool steels, the bulk of which 
has remained unpublished because insufficient experimental work has been done 
to clear up minor discrepancies and inconsistencies. Some of our experiments 
were conducted while the stabilizing effect of interrupted cooling was largely in 
the nebulous state. In general, the authors’ findings are corroborated by 


this work. 
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Fig. A—Subzero Treatments Applied to Nos. 15 and 21 
Tool Steels. Note: Specimens held at subzero temperature only 
long enough to establish equilibrium. Other times are 1 hour 
except as otherwise noted. 
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Fig. B (Left)—Effect of Tempering Temperature on Volume Change (Parallel to 


Rolling Direction) of No. 15 Tool Steel. (15% carbon, 12% chromium, 1% molybdenum) 
hardened with various subzero treatments. 


Fig. C (Right)—Effect of Tempering Temperature on Volume Change (Parallel to 
| Rolling Direction) of No. 21 Tool Steel. (1% carbon, 5% chromium, 1% molybdenum) 
| hardened with various subzero treatments. 


| The bulk of our test work has been conducted on 4% by % by 3-inch 
F bend test specimens. Only those steels covered by the authors will be discussed 
| here. Heating and cooling for hardening were conducted entirely in “Ammo- 
. gas” (dry dissociated ammonia). Cooling rate approximated that of still air 
and the specimens were removed from the furnace cooling chamber at a 
| temperature of approximately 210F (100C). Hardness, transverse breaking 
strength, and volume change determinations were made on all specimens. 
. Fig. A shows the variety of subzero treatments tried and it is seen that 
virtually all combinations with aging and tempering treatments have been 
exploited. The data from all treatments were not plotted since some did not 
yield significantly different results. Particular attention is called to treatments 
I, II and V, where the subzero treatment has been continuous; and to treat- 
ments IV, VII, VIII and IX, where stabilization was involved to a greater or 
lesser degree. Figs. B and C show that, while some slight contradiction is 
evident, the general trend is obvious. The continuous treatments caused greatest 
volume increase and naturally had the highest hardness gain. Holding the 
specimens at room temperature before refrigeration, even for 24 hours, had only 








. 


1947 DISCUSSION—SUBZERO TREATMENTS 563 


a slight stabilizing effect, but tempering at 210 F (100C) prior to subzero 
cooling gave nearly complete stabilization. Consistent with the authors’ 
results, the 12% chromium type expands less than the 5% chromium steel. 
These data may be of very practical significance for die size correction. 
Since it is shown that some time at room temperature may not appreciably 
alter results, measurements could be made after hardening and a combination of 
a refrigeration cycle and tempering treatment employed to correct an off-size 
die. As the authors have indicated, variation in steel composition or austenitiz- 
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Fig. D—Dimensional Changes Observed in No. 15 Tool Steel. 


ing temperature may affect the volume change, but the slope of the tempering 
temperature/volume change curve should not be seriously altered. The 
relationships of the various curves to normal hardening are comparable since 
all specimens were hardened simultaneously. The effect of variation in austen- 
itizing temperature may be shown by comparing Fig. B with Fig. D. There is a 
20 C difference in austenitizing temperature which has increased the as-hardened 
length change from 0.0004 inch per inch to 0.001 inch per inch. It is also 
interesting to note the confirmation of the directional effect in the high carbon- 
high chromium type. 

Complete hardness-tempering temperature data are given in Figs. E and F 
which show that higher hardness may be retained out to the tempering tempera- 
ture yielding maximum secondary hardness. Beyond that point, as might be 
expected, the refrigerated steels are less temperature resistant. 
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Fig. E—Tempering Curve for No. 15 Tool Steel 5098. 
Hardened in Ammogas furnace, cooled in cooling chamber. 


In an effort to evaluate the effect of the various cold treatments on 
mechanical properties, the static transverse bend test was employed. In general, 
we have felt that this test is simpler and more sensitive to slight variations in 
properties of brittle materials than the Izod test employed by the authors. 
Since there is considerable scatter in the data, which are plotted in Figs. G and 
H, a band is shown for all the points. However, some slight improvement is 
generally indicated and the continuous treatments appear to have most favorably 
affected this property. 

The improvement in bend strength has been noted in certain cold-forming 
tools, and the high hardness attainable has been used to advantage in punching 
silicon sheet steel where increases of 10 to 20% in die life have been obtained. 

The work that has been indicated here today has helped substantially in 
bringing the subzero treatment of these steels out of the mysterious state It is 
believed, however, that further work is desirable, particularly in its relationship 
to time-temperature-transformation data. 

Certainly the authors’ contention that direct cooling to subzero temperatures 
offers considerable danger of cracking is sound, and application of such treat- 
ments must be considered in the light of this hazard. 
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ig. F—Tempering Curve for No. 21 Tool Steel 7900. 
Hardened in Ammogas furnace, cooled in cooling chamber. 


Authors’ Reply 


The discussion contributed by Mr. DePoy is a valuable addition to this 
paper. His data certainly substantiate our belief that size recovery in dies that 
have shrunk excessively due to overheating can be recovered by use of the 
subzero treatment. The expansion he obtained upon subzero cooling after 
tempering was considerably greater than ours, especially in the case of the 
two 12% carbon steels; however, Mr. DePoy used a normal hardening 
temperature 25 F higher than the one used in the work of this paper. This 
would account for at least part of the difference of magnitude between the two 
reports. Furthermore, dimensional changes in ring samples are greatly 
influenced by its proportions. 

Mr. DePoy’s theory concerning the increased wear resistance obtainable by 
overheating and subsequent transformation of excessive retained austenite by 
subzero treatment is indeed worthy of further consideration and investigation. 
We would, however, want to investigate thoroughly the effect of overheating 
on the impact resistance of these steels. At least when using normal heat 
treating practices, overheating causes a considerable decrease in the impact 
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G—Bend Strength of No. 15 Tool Steel. 
(1. 5% aie 12% chromium, 1% molybdenum) 
hardened with various subzero treatments. 


resistance, together with more hazard of cracking in treating and greater 
susceptibility to grinding checks. 

We are especially grateful to Mr. Krebs for giving us his experience to 
demonstrate that direct cooling to the subzero temperature is not the risky 
procedure we had feared. His record of success will open up new possibilities 
to many of us. Certainly, our statement concerning the hazards of direct cooling 
to the subzero temperature was based more on theory than practical application. 
We have never personally cracked a die or test piece or heard of anyone who 
has done so. We have found, however, that in some cases it is even impossible 
to take a Rockwell reading on simple sections that have been cooled directly 
from the hardening temperature to the subzero without the impression causing 
a crack. This indicates how highly stressed the metal can be prior to tempering. 

We hope that Mr. Kreb’s heartening words will inspire many others to try 
this means of improving the performance of high carbon-high chromium 
die steels. 

Mr. Bancroft is in agreement with Mr. Krebs in his statement that the 
danger of cracking is more theoretical than real when cooling directly to the 
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Fig. H—-Bend Strength of No. 21 Tool Steel. 
(1% carbon, 5% chromium, 1% molybdenum) 
hardened with various subzero treatments. 


subzero temperature. Mr. Bancroft also presents data concerning the amount of 
retained austenite present in the 1% carbon-5% chromium steel after various 
treatments. These data are based on an austenitizing temperature of 1775 and 
1800 F (970 and 980 C). For our work a 1750 F (955 C) austenitizing tempera- 
ture was used. In the as-quenched condition our sample showed 30% retained 
austenite (Mr. Bancroft’s data 30 to 35%); after tempering at 340 F ours has 
28% austenite (Mr. Bancroft’s 30 to 35%). Drawn at 340 F and cooled to 
—120F we are at perfect agreement at 28%. Upon continuous cooling to 
—120F ours retained 10% austenite. Mr. Bancroft’s data show 4 to 8%. 
This is quite close agreement. We shall follow out the suggestion of getting 
data on the effect of impact strength of subzero treatment prior to a 900F 
(480 C) draw. 

Mr. Amtsberg has supplied a generous amount of data for his discussion of 
this paper and we are very happy to see that for the most part his data agree 
with ours. The difference in the case of size changes seems to be only that of 
magnitude. Several factors can influence this. For the 12% chromium air 
hardening steel Mr. Amtsberg used a hardening temperature 50 F higher than 
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that used in our work. There is also some effect of size and shape of sample 
on the resultant size change. 

Two curves are included showing that certain subzero treatments increase 
the bend strength of both air hardening steels over that obtained by conventional 
heat treatment. While our data show no significant difference between con- 
ventionally heat treated and subzero treated Izod impact samples, it is possible 
that transverse bend tests measure a somewhat different characteristic of steel 
than the Izod test. Mr. Amtsberg’s data plus his statement showing. increased 
service life by use of subzero treatments are certainly valuable. 

We want to express our appreciation of the data and information presented 
in the discussions of this paper. 
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KINETICS OF SOLIDIFICATION OF KILLED 
STEEL INGOTS 


By J. W. SpRETNAK 


Abstract 


The solidification of killed steel ingots was studied by 
means of the electrical analogy method and by actual 
bleeding tests on 6 by 6-inch and 20 by 23-inch ingots. 
The work on the 6 by 6-tnch ingots demonstrates that the 
transverse solidification curve consists of two parabolas, the 


first with a constant K value (K in D=K \/t expres- 
sion) representing columnar crystallization and the second 
representing equiaxed crystallization with a K value de- 
pending on the degree of superheat. When the primary 
structure contains a columnar and an equiaxed zone, the 
solidification time is substantially independent of the su- 
perheat. 

The vertical freezing can be expressed as D =a t®*® 
as compared with D.= K t'/* for transverse solidification. 
The effect of msulating the bottom of the mold on the 
cone of solidification was examined. A major increase in 
solidification time results when the structure of the ingot 
changes from columnar plus equiaxed zones to one which 
is entirely columnar. Limited data indicate that a basic 
open-hearth steel ingot will solidify to twice the depth as 
columnar crystals as will a comparable basic electric steel 
ingot. 


N another paper (1)? of this series (1), (2) relating to the ingot 
factors in the production of gun tubes by the seamless tube meth- 

od, the high frequency of losses from bore defects and from quench 
cracking in tubes processed from the bottom thirds of ingots was 
demonstrated. It was found that the position of maximum frequency 
of occurrence both of bore defects and of quench cracks in the tubes 


processed from the bottom thirds of ingots was at a position 25 to 36 


1The figures appearing in parentheses pertain to the references appended to this paper. 





_ Contribution from the Metals Research Laboratory, Carnegie Institute of Technology, 
Pittsburgh. The work presented is a portion of the work carried on by NDRC Research 
Project NRC-39 under Contract No. OEMsr-755. 





A paper presented before the Twenty-eighth Annual Convention of the 
Society, held in Atlantic City, November 18 to 22, 1946. The author, J. W. 
Spretnak, is associated with the Metals Research Laboratory, Carnegie Institute 
of Technology, Pittsburgh. Manuscript received July 30, 1946. 
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inches from the muzzle end of these tubes. This position referred to 
the original ingot was found to be close to the. expected position of: 
the apex of the “cone of solidification” formed by the intersection of 
directional solidification from the bottom and from the sides of the 
ingot mold. 

This evidence, and other observations, indicated that the prob- 
lem of losses from both sources in tubes made from bottom thirds 
of ingots was closely associated with the primary ingot structure.’ 
These observations suggested that an attempt should be made to de- 
termine the kinetics of solidification of this class of ingots and to 
correlate these with the primary ingot structure, and also to determine 
how the primary structure in the bottom portion of the ingot can be 
altered by a decrease in the rate of heat abstraction, particularly in 
the heat flow into the bottom of the mold. The results of such studies 
are described in the present paper. Most of the data presented in the 
paper may be found in a previous NDRC report (3). 


EARLIER WorK—KINETICS OF SOLIDIFICATION 


Feild (4) first derived the general expression for the rate of 
transverse solidification of a steel ingot, of the form: 


D=Kvt (Equation 1) 


where D is thickness (in inches) of metal solidified in time t (in 
minutes), and K is a constant varying from 0.9 to 1.22 depending 
upon the size and shape of the mold. The following assumptions 
were made in the treatment : 

1. The mold is composed of steel at a temperature equal to the 
temperature of solidification. 

2. The liquid steel is at the melting point and contains no super- 
heat.® 

3. The mold and ingot are in contact throughout the time of 
solidification (no air gap formed). 

4. The mold wall is of infinite thickness. 

The expression in Equation 1 has been subsequently experi- 
mentally substantiated as correct in form. Various values for the 
constant K have been obtained. 





*The term “primary ingot structure” is used to designate the solid structure resultin 
from the precipitation from the melt of dendritic crystals, which may occur either as equiax 
crystals of varying size, or columnar crystals which are elongated and possess preferred 
orientation in one direction. 

**Superheat” is defined as the positive difference between the temperature of the 
molten steel at the time of casting and the liquidus temperature of the steel. 
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In the same paper, Feild also presented a treatment of the effect 
of superheat on the rate of solidification. He considered an element 
in the ingot perpendicular to the wall, of unit cross section, and of 
length equal to half the cross sectional dimension of the ingot, and 
then considered what distance along that element would have been 
frozen had the heat content of the element due to superheat alone 
been abstracted as latent heat of fusion. The heat content of the 
element due to superheat is calculated as follows: 


Heat content of (Length of element) (Density of 
element due to = liquid steel) (Degrees superheat) (Equation 2) 


superheat (Specific Heat) 
This heat content is then divided by the latent heat of fusion to ob- 
tain the weight of steel that would have been frozen. This weight 
of steel is then divided by the density of the solid steel to obtain 
the distance directly, since the element is assigned a unit cross sec- 
tional area. This value of D is then substituted in Equation 1 and 
the corresponding value of time, t,’/*, is obtained. 


to"? = kK (Equation 3) 


This value of t,'/* can be considered as a delay in the start of 


solidification. Equation 1 can now be modified to include the effect 
of superheat : 


D = K(t’” —t.”’) ( Equation 4) 


The effect of superheat on the progress of solidification is de- 
picted schematically in Fig. 1. The fundamental parabola on this \/t 
plot occurs as a straight line with a slope equal to K. With no super- 
heat in the liquid steel, i.e., the steel is at the liquidus temperature as 
the mold is filled, the parabola goes through the origin. With a finite 
amount of superheat the straight line is displaced to the right indi- 
cating a delay in the start of solidification. The curves are parallel 
since it was assumed that the value of K does not change. This delay 
in the start of solidification becomes larger as the degree of super- 
heat increases. 

Chipman and Fondersmith (5) reported on the rate of solidifi- 
cation of ingot iron and rimming steel ingots containing less than 
0.10% carbon, using the technique of dumping butt ingots at various 
time intervals after casting and measuring the depth frozen. They 
obtained a parabola of the following form: 
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D = —0.12 + 0.9Vt (Equation 5) 


where D is the depth frozen in inches and t is the time in minutes 
elapsed after casting. The mold size selected in this work was an 
18 by 39-inch straight sided mold and the steel was cast at 70 to 120 F 
superheat. Equation 5 is a single parabola with a K value of 0.9 and 
an intercept of about 2 seconds on the time axis indicating a delay 
in the start of solidification of about 2 seconds. 

Nelson (6) determined the rate of solidification of a 1% carbon 
killed alloy steel made in the basic electric furnace and cast at 50 to 
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Fig. 1—Schematic Representation of the Effect of Superheat on 
Solidification of Steel in Ingot Molds as Predicted by Feild’s Treatment. 


100 F superheat into 13 by 13-inch, 17 by 17-inch, 20-inch fluted round 
short-length, and 20-inch fluted round long-length ingots. His tech- 
nique also consisted of dumping ingot butts at various times after 
casting. The K values obtained were 1.19, 1.12, 1.16, and 1.39 re- 
spectively, with none of the parabolas going to the origin of the 
D vs \/t plot. Nelson interestingly points out that the data do not fit 
the parabola for about the first 10 minutes of solidification. He lists 
the important factors affecting solidification as (a) type, shape, and 
size of mold, (b) superheat, (c) analysis of steel, and (d) temperature 
of mold. 

Matuschka (7), in a study of solidification in open-topped and 
closed-topped ingot molds, indicates that freezing is very rapid at 
first, then becomes slower, and quite near the end of the freezing 
process becomes rapid again. This applies to both transverse and 
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vertical freezing. He states that cooling and freezing processes are 
controlled by (a) casting temperature, (b) rate of pouring, (c) tem- 
perature of mold, (d) composition and tendency of steel to under- 
cooling, and (e) contraction and heat conductivity. Matuschka (8) 
also gives some data on the effect of superheat on the solidification 
rates of 250-millimeter round ingots with a mold wall thickness of 
80 millimeters. Two casting temperatures were studied, namely 
1420 and 1370 C (2590 and 2500 F), and the depth solidified was 
measured after 3 minutes and after 7 minutes for both temperatures. 
After 3 minutes the depth frozen for the two casting temperatures 
differed by 4 millimeters. After 7 minutes, the depths frozen also 
differed by 4 millimeters, indicating that the solidification curves for 
the two temperatures were parallel, at least over this particular time 
period of the solidification. 

The effects of mold wall thickness and the mold temperature on 
the rate of solidification are discussed by Russell, and by Genders and 
Bailey. Russell (9) studied the effect of the mold ratio on the rate of 
solidification of ingots, in which the mold ratio is defined as the cross 
sectional area of the mold per unit area of the ingot. Thus, for a 
cylindrical ingot-mold combination with ingot radius of b and mold 
radius of B, the mold ratio would be expressed by the following 
relationship : 


; B* —b’* ' 
Mold Ratio ts lel (Equation 6) 


Russell indicates that an ingot with a mold ratio of 0.3 and one with 
0.9 would have appreciably different rates of cooling and solidification. 
Variations of the mold ratio when the ratio is greater than 0.8 are not 
reflected by wide differences in rates of solidification. Since most 
commercial ingots have mold ratios over 0.8, it can be inferred that 
variations of mold wall thickness in commercial ingots have a rela- 
tively minor effect on solidification rates. Genders and Bailey (10) 
studied the effect of mold temperature on the time for complete 
solidification of 70-30 brass ingots, 1.5 inches in diameter, cast into 
mild steel molds. The curve plotting mold temperature against time of 
solidification is presented in Fig. 2. An appreciable increase in the 
solidification period began with a mold temperature of 600C 
(1110 F). Since this composition of brass melts at 905 C (1660 F), 
the mold temperature had an effect only after it had attained a tem- 
perature corresponding to 70% of the melting temperature of the 
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brass! Thus, at least in this example, variations of mold temperature 
at the lower temperatures would have practically no effect on the 
time of solidification. 

There have been several contributions to our knowledge on the 
kinetics of solidification of steel cast into sand molds. Briggs and 
Gezelius (11) studied the rate of solidification of various sized spheres 


§ 





Solidificat 


Mold Temperature in °C 


Fig. 2—Effect of Mold Temperature on the Solidification Period of 70-30 
Brass Ingots Cast at a Constant Temperature of 1100 C (2010 F) (Genders 
and Bailey). 
cast in sand molds. They noted three periods of solidification in 
sequence: (a) almost instantaneous, (b) very rapid, and (c) com- 
paratively slow. The expression for the thickness frozen as a function 
of time that best fit the data was of the form: 


D=K;, t** + Ket ( Equation 7) 


The values of K, and K, changed for the various sized spheres and 
the results for the 3, 6, and 9-inch spheres were expressed in the 
following forms: 


(3-inch sphere) D = 0.309 t** + 0.428 t (Equation 8) 
(6-inch sphere) D = 0.346 t°* + 0.172 t (Equation 9) 
(9-inch sphere) D = 0.342 t** + 0.125t (Equation 10) 


They observed that the velocity of solidification is constant, i.e., at 
any definite time after pouring, the weight of steel solidified per square 
inch of mold surface is the same. Schwartz (12), in a re-evaluation 
of the data of Briggs and Gezelius, suggested that these data could be 
better expressed as a parabola and a straight line, instead of a 
single parabola. 

At the 1939 International Foundry Convention in London, 
Chvorinov presented an expression for the time of solidification of 
steel in a sand mold of the form: 
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V 2 
== 125(--) (Equation 11) 
where: V = volume of casting in inches’® 
A = superficial area in inches* 
t= time in minutes 
Paschkis (13), employing the electrical analogy method for 
studying heat flow problems, determined the solidification curves for 
2, 4, and 6-inch thick steel slabs cast into sand and also against chills. 
The curves were checked by experimental methods in the foundry, 
and satisfactory agreement was obtained. In this work, Paschkis 
studied the effect of the time of formation of the air gap on the rate 
of solidification. It resulted that this time of formation is of major 
influence in the case of the chilled castings but of small influence in 
the case of the sand castings. 


EARLIER WorK — PRIMARY CAST STRUCTURE 


An extensive survey of the structures formed on the solidification 
of metals has been made by Hensel (14). In ingots there are generally 
three zones of crystallization: (a) the chill zone consisting of a sur- 
face layer of very small, randomly oriented equiaxed crystals, (b) the 
columnar zone consisting of crystals preferentially oriented with 
respect to one axis, i.e., they are free to rotate, about one axis, and 
(c) an interior zone of randomly oriented equiaxed crystals. Several 
explanations have been advanced to explain the change from the 
oriented to the random structures. The degree of undercooling has 
been assumed responsible for this change. Desch postulates a region 
of metastability in which spontaneous crystallization cannot occur, 
which is separated from the labile regions. This theory holds that the 
equiaxed structure is formed in the labile region, while the columnar 
grains form in the metastable region. (Since lability and metastability 
are now recognized merely as differences in rates of nucleation, this 
needs restatement.) Tammann introduced two factors which can 
explain almost any primary structure: (a) the number of nuclei per 
unit weight and time at a definite temperature, and (b) the velocity 
of crystallization. The linear velocity of crystallization of metals can 
be roughly expressed by the relationship : 


Heat conductivity in kilocalories 
____Per unit of area and time (Equation 12) 
(Constant) (Heat of crystallization) 


Linear velocity of 
crystallization 


The velocity of crystallization is governed by the rate of heat dissipa- 
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tion; the direction of crystal growth is of course opposite that of the 
heat flow. Random crystallization of a metal having a cubic or 
tetragonal structure is caused by either a very quick or an extremely 
slow heat dissipation. The structure changes from columnar to equi- 
axed at such a rate of heat dissipation that the tendency to form 
nuclei is as large as the tendency for the columnar crystal to grow. 

According to Hensel, the following factors have been suggested 
as influencing the primary structure: 

1. Alloy composition (solidus and liquidus ranges). 

2. As affecting the equiaxed zone: (a) turbulence in pour- 
ing, (b) metal cold-shuts formed in pouring, (c) mechanical 
influences, (d) formation of air gap, (e) steel deoxidation, and 
(f) general shape of solidification diagram. 

3. As affecting the columnar zone: (a) casting temperature, 
(b) rate of cooling, (c) speed of pouring, and (d) temperature 
gradients in the melt. 

4. As affecting the chill layer. This layer disappears with 
(a) very hot material and (b) very thin molds. 

5. As affecting the formation of a cone-shaped zone on the 
bottom of the steel ingot: (a) precipitation of crystals of higher 
specific gravity, and (b) type of deoxidation. 

Hensel then demonstrates that the liquid metal drops rapidly to the 
melting temperature, and no gradients exist in the liquid because of 
convection currents. Also, the depth of columnar crystallization does 
not correspond to the time of reaching the maximum temperature 
attained by the mold as proposed by some investigators, or to the 
time of formation of the air gap between ingot and mold. The 
columnar zone can be widened by increasing the rate of heat abstrac- 
tion and by increasing the casting temperature. 

Northcott (15), (16) reported on the factors influencing the 
formation of columnar crystals in copper and copper alloys in two 
papers, one relating to the effect of small initial additions of alloying 
elements, and the other on large additions and the part played by 
constitution. The mold employed in this work was designed for uni- 
directional solidification and consisted of a water-cooled copper 
block for the bottom and refractory sides; solidification was thus 
essentially vertical. Small initial additions of alloying elements were 
found to have a restricting effect on columnar crystallization. This 
effect was ascribed to adsorption of a layer of foreign atoms on the 
advancing columnar crystal, restricting further growth, and was 
found to be independent of concentration in very small additions. The 
restricting effect of 35 elements was determined. In the study of 
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larger additions of alloying elements, at least three factors were found 
to influence the length of the columnar crystallization : 

1. An effect assigned to adsorption —the length rapidly 
decreased with the first small addition and then increased slowly 
with increasing concentration of the alloying element. 

2. Freezing range—an increase in the interval between 
the liquidus and solidus tends to decrease the length. 

3. Second phase —the presence of a second phase may 
either increase or decrease the length of .the columnar crystals, 
depending upon the characteristics and mode of formation of the 
second phase. If the composition of the second phase is con- 
siderably different (eutectic) from the first, columnar crystalliza- 
tion will be restricted. If it is similar or richer, columnar growth 
will be increased (peritectic). 

The curves of columnar crystal length plotted against concentration in 
the alloy system should be considered the resultant of the three effects. 
Increasing amounts of superheat in casting was found to increase 
columnar crystallization. 

Matuschka (8) states that columnar crystallization is a function 
of the temperature gradient in the liquid steel. When the gradient is 
leveled out, both columnar and equiaxed crystallization proceed. The 
lower the superheat, the sooner must the gradients disappear and the 
narrower the columnar zone. Genders (17) concludes that the depth 
of columnar crystallization depends on the superheat in the liquid 
(steep gradients), and differentiates between metals with relatively 
low thermal conductivities and those with high conductivities. In 
steel ingots the macrostructure appears to be due to relatively low 
conductivity of metal, resulting in low rates of solidification. Tem- 
perature variations are ironed out and the ingot may be considered 
as having solidified from a volume of metal at a uniform temperature. 
In metals with high thermal conductivity, solidification is so rapid 
that the effects of the path of the stream of liquid metal and of 
turbulence are directly reflected in the macrostructure. Pure metals 
and alloys having no freezing range should be entirely columnar. 

Northcott (18) in a study of steel ingots considered the process 
of solidification in terms of concentration gradients and the distribu- 
tion of temperature in the liquid steel. Columnar crystallization is be- 
lieved to cease when the gradients have been levelled out. He also 
demonstrated that the ferrite-pearlite structure resulting from the 
decomposition of austenite reflects in its mode of formation the 
primary cast structure of the steel. Norbury (19), in a study on the 
primary structure of cast iron, reported an increase in the length of 
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columnar zone with increasing casting temperatures. In a study of the 
effect of mold coatings on the solidification of 70-30 brass, Genders 
(20) noted that the turbulence due to the volatilization of the coating 
acted to narrow the columnar zone in the ingot. 

There is, then, too little information on the practically very 
important point of the effect of superheat upon the rate of solidifica- 
tion. This question will be considered in connection with the-general 
question of solidification kinetics. 


TRANSVERSE SOLIDIFICATION IN INGOTS 


The Electrical Analogy Method — The objectives, then, of the 
present research are to determine the factors in solidification that 
govern the type of primary ingot structure obtained, and to determine 
methods of controlling the character of this structure, particularly in 
the bottom portion of the ingot. The methods of investigation include 
the following: electrical analogy studies on the freezing of the two 
ingots widely used in seamless gun tube production and actual bleed- 
ing tests on one of these ingots, and laboratory bleeding tests on 
6 by 6-inch ingots of gun steel composition. 

As the first step in the study of the kinetics of solidification of the 
two ingots used in practice, the electrical analogy method (21) of 
studying heat flow problems was adopted. This method does not re- 
quire actual experimentation with the heat transfer system under 
consideration, but depends upon building up an electrical circuit which 
represents the geometry and imitates electrically the thermal proper- 
ties and behavior of the bodies involved. This study was conducted by 
Dr. Victor Paschkis in the Heat Transfer Laboratory at Columbia 
University (3), and will be described in a separate paper by Dr. 
Paschkis. Data on transverse and vertical solidification from this work 
are reproduced in this section for the purpose of discussion. 

The two ingots studied by Dr. Paschkis were of SAE 4340 com- 
position and cast into close-bottomed cast iron molds. The pertinent 
dimensions of these two ingot-mold combinations are the following: 


20 x 23-Inch Rectangular Ingot 21-Inch Fluted Round Ingot 
Ingot Dimensions Ingot Dimensions 
Length 631% inches Length 67% inches 


Cross Section 20 x 23 inches at top 


Diameter 21 inches at top 
17 x 20 inches at bottom 


18 inches at bottom 


Outside Mold Dimensions Outside Mold Dimensions 
Length 71% inches Length 73% inches 


Cross Section 29 x 32 inches at top Diameter 30% inches at top 
30%4 x 33% inches at bottom 31% inches at bottom 
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The 20 by 23-inch ingot-mold combination has an average “mold 
ratio” of 1.44 and the 21-inch fluted round ingot-mold combination 
has an average “mold ratio” of 1.54. The solidification of the ingots 
was studied in electrical analogy both in standard molds and in molds 
with a 3-inch thick carbon insert at the bottom, in order to discover the 
effect of insulating the bottom of the mold on the rate of solidification. 

The curves for transverse solidification at the mid-height of the 
ingot based on the electrical analogy data are presented in Fig. 3 
for the 20 by 23-inch and in Fig. 4 for the 21-inch fluted round ingots. 
The broken line portions of these curves were added by the author, 
based on the assumption that solidification continues according to 
the parabola represented by the straight-line portions of the curves 
determined by Paschkis. It will be noted that two sets of curves 
are presented in the figures, one based on the liquidus temperature 
and the other based on the solidus temperature. In plotting the elec- 
trical analogy data, a point at a particular distance from the mold 
wall is considered to be frozen when the steel at this point reaches 
a particular temperature. Originally, there was some doubt as to 
whether to consider the depth frozen to be determined by the time 
required for a particular point in the ingot to reach the liquidus or 
to reach the solidus temperature. The solidus concept was first 
adopted and curves with the solid circles were obtained. For the 
purpose of this study, a pouring temperature of 2845 F (1565C), a 
liquidus temperature of 2700 F (1480 (C), and a solidus temperature 
of 2600 F '(1425C) were assigned. Since no actual data on the 
liquidus and solidus temperatures for SAE 4340 steel could be found, 
these temperatures were approximated from the Fe-Fe,C diagram. 

An actual 20 by 23-inch ingot of the SAE 4340 composition, 
poured at 2845 F (1565 C), was bled 18 minutes after pouring. The 
ingot was sectioned and the transverse depth frozen was found to be 
4.14 inches. The solidus curve in Fig. 3 predicts a depth frozen of 
1.85 inches for this time interval, or less than one-half the experi- 
mental value. The magnitude of the error was such as to indicate an 
error in fundamentals rather than in experiment. 

Experience gained at a later time in electrical analogy studies of 
the solidification of castings (22) yielded a clue. When these data 
were plotted on the basis of the solidus temperature, the times cal- 
culated were considerably longer than those obtained by bleeding 
tests. When the same data were plotted on the basis of the liquidus 
temperature, a satisfactory agreement was obtained. Accordingly the 
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© Based on Liquidus Temperature 
@ Based on Solidus Temperature 
X Experimental Points by Bleeding ingots 


‘ Depth Frozen in inches. 





Squore Root of Time in Minutes 


Fig. 3—Transverse Solidification Curves for the 20 by 23-Inch Rectangular ingot 
as Determined by the Electrical Ana Studies, Plotted on the Basis of the 
Liquidus Temperature and on the Basis of the Solidus Temperature. 


thermal data obtained were plotted again on the basis of the liquidus 
temperature (the open circle curves in Figs. 3 and 4) and a satisfac- 
tory agreement was obtained with experiment. 

To test the calculated curve for the 20 by 23-inch ingot, obtained 
by the electrical analogy method, three 20 by 23-inch ingots from a 
basic electric heat of SAE 4340 steel were bled at 6.25, 20, and 49 
minutes, respectively, after pouring. The pouring temperature was 
reported as 2830 F (1555 C), which was not sufficiently different 
from the assumed value of 2845 F (1565 (C) to invalidate the com- 
parison of depths frozen at these time intervals. These three experi- 
mental points are plotted as crosses in Fig. 3, using as the time values 
the holding time plus one-half of the pouring time of 2 minutes, 
namely, 7.25, 21, and 50 minutes, since the depths frozen were 
measured at the mid-height of the ingots. The agreement was quite 
good for the first two points but poor for the 50-minute point because 
of the peculiar and rapid inflection of the electrical analogy curves 
for the last portion of solidification. It appears likely from the experi- 
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Depth Frozen in inches 


© Based on Liquidus Temperature 
@ Based on Solidus Temperature 


Squore Root of Time in Minutes 


Fig. 4—Transverse Solidification Curves for the 21-Inch Fluted Round Ingot as De- 
termined by the Electrical Analogy Studies, Plotted on the Basis of the Liquidus Tempera- 
ture and on the Basis of the Solidus Temperature. 


mental points that solidification proceeds along the parabola to its 
completion, instead of suddenly increasing in rate as indicated. The 
K values (slope of parabola on \/t plot) are 1.09 for the electrical 
analogy data and 1.16 based on the experimental points at 21 and 
50 minutes. 

The inflection to faster rates of freezing at the end of the solidi- 
fication period is evident in the four curves of Figs. 3 and 4. The 
electrical analogy data appear to agree satisfactorily with experimental 
points for about the first 5 inches frozen, or for approximately the 
first half of solidification. A discrepancy appears between the curves 
for the 20 by 23-inch ingot and the 21-inch round ingot, for the curve 
based on the solidus temperature is parallel to the curve based on the 
liquidus temperature in Fig. 3, whereas in Fig. 4, these curves are not 
parallel, with K values of 1.156 and 0.910, the solidus curve having 
the lower K value. In neither ingot did the parabolic portion extend to 
the origin of the plot; in other words, there appeared to be two 
sections of the solidification curve in the first half of the solidification 
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period, an initial section and the parabolic portion. This is of interest 
since Nelson’s experimental work (6) demonstrated that the initial 
portion of the solidification curve did not correspond to the main 
parabola up to about the first 10 minutes of solidification, indicating 
two portions of the solidification curve. The initial portions of the 
curves based on the solidus points appear to be linear in nature. The 
initial portion of the curve based on liquidus points for the 20 by 23- 
inch ingot, which corresponds to the curves found in the literature, had 
not been determined with sufficient precision to evaluate it mathemat- 
ically. The solidification curve based on the liquidus temperature in 
Fig. 4 shows no initial portion before the parabolic portion for the 
21-inch round ingot. The straight line representing the parabola 
intersects the time axis at t = 39 seconds, indicating a delay in the 
start of solidification of 39 seconds, which is extremely improbable as 
will be demonstrated in a subsequent section of this paper. 


SIGNIFICANCE OF THE LIQUIDUS AND SoLIpDUS CONCEPTS 


The demonstration that the depth of solidification as determined 
by bleeding tests is governed by the beginning rather than by the end 
of solidification range now requires consideration. At the time of 
tipping the ingot for bleeding, there is a section of the ingot shell that 
is completely frozen, extending to a depth we shall designate as D,, 
and a section which is composed of liquid plus solid. If we designate 
the total thickness of the shell as D,, then the thickness of the liquid 
plus solid structure at the instant of tipping will be D,— D,. On 
cooling to room temperature the section D, — D, is composed of two 
zones, one adjacent to the surface of maximum projection of dendrites 
in which the interstices in the dendrite arms are open enough to permit 
bleeding which is evident macroscopically, and a second zone which 
appears to be indistinguishable from that of D,, in which solidification 
had proceeded to an extent such that no bleeding of interstitial liquid 
was possible, or this bleeding was of a microscopic character and 
could not be detected by ordinary macro-examination. The structure 
at D, at the instant of tipping the ingot should be composed of a small 
percentage of solid increasing to 100% solid at D,. 

Returning to the 20 by 23-inch ingot bled 18 minutes after pouring, 
it will be recalled that D, as determined by experiment is 4.14 inches. 
The value of D, predicted from the solid circle curve in Fig. 3 is 1.85 
inches. Therefore, approximately half of the shell should have con- 
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Fig. 5—Location of Density Specimens, and the Density Values Obtained in 
the Traverse Through the Shell of the 20 by 23-Inch Ingot Bled 18 Minutes after 
Filling the Mold. 





sisted of solid plus liquid at the instant the ingot was tipped. A section 
of the shell from this ingot was obtained for study, by means of 
metallographic and density traverses through the shell perpendicular 
to the ingot face, and radiography of sections 0.125 inch thick through 
the ingot shell, in an effort to adduce evidence as to the value of D,. 

Macroscopically, it was evident that the bleeding extended inward 
to a depth of approximately 0.75 inch. The radiographs gave 1 
evidence of changes in density up to 0.75 inch from the liquid-solid 
interface. The results of the density traverse are presented in Fig. 5. 
Density values were obtained by machining cylinders 0.1875 inch in 
diameter and 1.25 inches long to within + 0.0002 inch maximum 
variation in diameter. The volume was calculated from the dimensions 
and the cylinders were weighed, the quotient of the weight over the 
volume yielding the value of the density. Again there did not appear 
to be a break in the density values until specimen No. 11 was reached, 
which was also approximately 0.75 inch from the liquid-solid inter- 
face. Thus these two studies based on density variations corroborated 
the macroscopic evidence establishing the value of D, — D, of 0.75 inch 
instead of the 2.0 inches predicted. This evidence can be interpreted 
as demonstrating that no bleeding occurred beyond 0.75 inch, or if 
microscopic bleeding occurred beyond this point, it did not manifest 
itself in density variations as determined by these two methods. 
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Fig. 6—Microstructures in the Shell of the 20 by 23-Inch Ingot Bled 18 Minutes 
after Filling the Mold (x 50, Picral Etch). The shell thickness was approximately 
4.0 inches. (a) Structure 0.70 inch from liquid-solid interface. (b) Structure 2.70 inches 
from liquid-solid interface. 


The only evidence which might be interpreted as substantiating 
the predicted value of D, — D, of 2 inches was the metallographic 
traverse through the shell. No evidence was found of porosity at high 
magnifications on the unetched surface beyond 0.75 inch from the 
liquid-solid interface. However, after rather deeply etching with 
picral, examination at < 50 revealed a peculiar cellular etching effect 
which faded out at approximately midway through the shell. This 
effect is illustrated in Fig. 6. The pattern seemed to outline interstices 
of dendrite arms, and may have been due to agitation of the pockets 
of entrapped liquid, or to the effect of a sudden change of heat abstrac- 
tion, due to the tipping of the ingot, on the solidification of the pockets 
of liquid remaining in the shell. Time did not permit further study 
on the nature of this etching effect. 

The depth to which the tipping action affected the density of the 
shell was thus demonstrated to be about 0.75 inch. This is not to say 
that a liquid plus solid structure did not exist beyond this depth at 
the time of tipping the ingot, but from a steelmaker’s viewpoint of 
preventing porosity, the value of D, — D, equal to 0.75 inch appears 
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to be a good approximation for the SAE 4340 grade of steel. A safety 
factor for safe moving time for the ingot in practice can be obtained 
on the D vs \/t plot by drawing a straight line parallel to and dis- 
placed 0.75 inch in D below the established parabola based on the 
liquidus ‘temperature. The intersection of this new straight line with 
the D value equal to the half section dimension of the ingot should be 
a good estimate of safe holding time before moving the ingot. 


EXPERIMENTAL WorK ON 6 BY 6-INCH INGOTS 


In order to establish the nature of the first portion of the trans- 
verse solidification curves and to establish the effect of various degrees 
of superheat in the liquid metal on the progress of solidification, 
bleeding tests were made on a number of laboratory 6 by 6-inch ingots 
employing 114-pound induction furnace heats of the SAE 4340 com- 
position. The ingots were 6 by 6inch at the top, tapered to 5 by 5 
inch in 9 inches of length. The over-all length of the ingot was 11.5 
inches with a 6-inch hot top. The mold was a split cast iron mold with 
a wall thickness of 2 inches at the mid-height position; the “mold 
ratio” at this position was 1.98. A pouring basin was placed on the 
hot top to aid in the pouring of the ingots. The hot top metal was 
kept molten on top to allow bleeding by playing a torch on the surface 
during solidification. 

A preliminary series of five heats was made in order to determine 
the order of magnitude of the effect of varying degrees of superheat 
on the depth frozen at a constant time interval after pouring. These 
heats were poured at 2820 F (1550C), 2870F (1575 C), 2920F 
(1605 C), 2970 F (1630C), 3020 F (1660C) and the ingots were 
all bled 3 minutes after pouring. The steel temperatures were read 
with an optical pyrometer, sighting into the furnace on a clean bath 
surface immediately before tapping. The 0.4 emissivity screen in the 
optical pyrometer was used in reading these temperatures. The pour- 
ing times averaged 30 seconds, and the molds were maintained at a 
constant temperature of 200 F. The ingot shells after cooling were 
sectioned longitudinally and the depth frozen transversely was meas- 
ured at approximately 3 inches below the junction of the ingot and 
hot top. Care was taken to measure the side that was up as the ingot 
was tipped, since there was a possibility of the shell thickness increas- 
ing on the other faces as the molten metal moved over them during 
the bleeding. The following results were obtained: 
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Fig. 7—Transverse Solidification Curve for the 6 by 6-Inch 
SAE 4320 Ingot Poured at 2850 F (1565 C), Determined Experi- 
mentally by Bleeding Ingots. 


Pouring Temperature Depth Frozen after 3 Minutes 
Heat No. F Inches 
1 2820 1.715 
2 2870 1.500 
3 2920 1.375 
4 2970 1.405 
5 3020 1.405 


The depth frozen decreased as expected for pouring temperatures 
of 2870 F (1575C) and 2920F (1605C), but unexpectedly the 
values for 2920 F (1605 C), 2970 F (1630 C), and 3020 F (1660 C) 
remained substantially constant! This behavior was not in accord 
with the conception of the effect of superheat as illustrated in Fig. 1; 
according to this, the depths frozen at a constant time would be ex- 
pected to decrease continuously with increasing pouring temperatures. 

Complete solidification curves were then obtained for the 6 by 6- 
inch ingots for two temperatures, namely 2850 F (1565C) and 
2975 F (1635 C). The molds were preheated to 200 + 15 F in every 
case; the mold temperatures were measured by means of a Pyrocon 
contact pyrometer. As in the case of the preliminary heats, the steel 
temperatures were read in the furnace with an optical pyrometer, 





1947 SOLIDIFICATION OF KILLED STEEL INGOTS 587 











Depth Frozen in Inches 








Square Root of Timein Minutes 


‘ig. 8—Transverse Solidification Curve for the 6 by 6-Inch 
SAE 4340 Ingot Poured at 2975 F (1635C), Determined Ex- 
perimentally by Bleeding Ingots. 


Table I 


Transverse Solidification of 6 by 6-Inch Ingots 
Measurements 3 Inches below Junction of Ingot and Hot Top 


Holding Pouring 
Heat Time Time Total 8 _— 
No. Minutes Seconds Time* Vv Inches 
2850 F 
186 2.00 25 2.217 1.489 1,219 
187 3.00 26 3.217 1.793 1.593 
188 1.00 25 1.217 1.103 0.922 
189 0.50 24 0.700 0.837 9.657 
19] 4.00 25 4.217 2.053 1.938 
192 0.133 24 0.333 0.577 0.422 
193 5.25 22 5.433 2.331 2.281 
2975 F 
194 0.50 22 0.683 0.823 0.594 
195 5.25 20 5.417 2.326 2.188 
196 0.133 22 0.317 0.563 0.375 
197 4.00 22 4.183 2.045 1.625 
198 1.00 21 1.183 1.088 0.828 
199 2.00 23 2.200 1.483 1.250 
200 3.00 21 3.183 1.784 1.500 
201 6.367 23 6.567 2.562 2.532 


*Total time —: holding time + one-half pouring time. 


immediately before tapping. The results obtained for the two pouring 
temperatures are listed in Table I. The total time used for plotting 
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the transverse solidification included the holding time plus one-half 
the pouring time, since the thickness of the shell was again measured 
at about one-half of the total height of the ingot plus the hot top. 

The solidification curves for the two temperatures are plotted 
on a D vs \/t basis in Fig. 7 for 2850 F (1565 C) and in Fig. 8 for 
2975 F (1635C). It will be seen immediately that the curves are 
clearly composed of two sections, both of which are parabolas, and 
that the first parabola passes through the origin of the plot, indicating 
that no delay occurs in the start of solidification. The K value for the 
first parabola remained at a constant value of 0.80 for both tempera- 
tures. The K value for the second parabola changed from 1.284 at 
2850 F (1565 C) to 1.687 at 2975 F (1635C). The position of the 
intersection of the two parabolas was displaced to longer times and 
greater D values, changing from \/t = 1.44 at 2850 F (1565) to 
\V/t = 2.04 at 2975 F (1635 C). The last and perhaps most surprising 
observation is that the time for completion of solidification for the 
two pouring temperatures differing by 125 F was identical within 
experimental accuracy! This would indicate that the length of the 
solidification period is essentially independent of the degree of super- 
heat in the liquid steel of this composition so far as these small ingots 
are concerned. 

The initial period of solidification described by the first parabola 
readily explains the constant values obtained on bleeding, after 3 
minutes, ingots poured at 2920 F (1605C), 2970 F (1630C), and 
3020 F (1660 C) as noted above. At these temperatures the intersec- 
tion of the two parabolas is beyond t = 3 or \/t — 1.732 and there- 
fore these three ingots solidified according to the first parabola up to 
the time of bleeding. Thus they should be expected to yield the same 
depth frozen after holding for 3 minutes as they do. 

The fact that the rate of freezing appears to follow two parabolas 
in sequence requires an explanation. It was thought that the inter- 
section of the two parabolas corresponded to the end of columnar 
crystallization in the ingot, since the depth of columnar crystallization 
has been reported in the literature to increase with increasing super- 
heat. Accordingly, the depths of columnar crystallization in the 
6 by 6-inch ingots poured at 2850 F (1565 C) and 2975 F (1635C) 
were measured with the following results : 


D at Intersection Measured Depth 
Pouring Temp., F °F Superheat of Parabolas of Columnar Zone 
2850 150 1.175 inches 1.25 inches 
2975 275 1.625 inches 1.50 inches 
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Fig. 9—Plot of Raté of Transverse Solidification as a Function of the Time 
Elapsed after Filling the Mold for the 6 by 6-Inch SAE 4340 Ingot Poured at 2850 F 
(1565 C) and 2978 F (1635 C). The curve for 2850 F follows the points 1-2-7-3; the 
curve for 2975 F follows the points 1-4-5-6. The rates of solidification were calculated 
from experimentally determined solidification curves. 


The demarcation between the columnar and the equiaxed zone 
in general was not sharp, and an average value was used. The corre- 
lation is sufficiently good to conclude that the intersection of the two 
parabolas does in fact correspond to the depth of columnar crystalliza- 
tion. A quite satisfactory check on this point was obtained on 
experimental data for the 20 by 23-inch ingot. That the first parabola 
represents the columnar crystallization and differs from the second 
parabola representing equiaxed crystallization has a sound physical 
basis if one recalls that columnar crystallization is a process of growth 
only after the initial nucleation of the columnar grains in the chill 
zone and that the equiaxed crystallization is a process involving both 
nucleation and growth. The K value of the second parabola increases 
with increasing amount of superheat in the liquid, indicating an 
increase in the rate of nucleation or in the rate of growth with in- 
creasing superheat. This effect is probably one on the rate of nuclea- 
tion, since it will be recalled that the K value for the first parabola, 
a process of growth alone, was unaffected by the amount of super- 
heat. The increasing rate of nucleation with increasing superheat may 
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be intimately associated with the increasing amount of undercooling. 
However, our knowledge of the effect of superheat on structure of 
liquid metals and its effect on rate of nucleation is not sufficiently 
advanced to explain the observed effect on the solidification kinetics. 

The effect of superheat on the solidification of the 6 by 6-inch 
ingots can be presented in another fashion, as in Fig. 9. The rate of 
solidification is plotted against the time elapsed after filling the mold. 
This rate is infinitely high at the outset and drops off rapidly. The 
rate curves for the ingots poured at 2850 F (1565C) and 2975F 
(1635 C) are identical up to point 1, at which time equiaxed crys- 
tallization begins in the ingot poured at 2850 F (1565(C), causing 
an increase in the solidification rate to point 2. The rate for this ingot 
for the balance of the solidification period is given by curve 2-3. The 
rate of freezing in the ingot poured at 2975 F (1635 (C) continues 
along the original rate curve to point 4, at which time equiaxed 
crystallization begins and the rate is increased to that represented by 
point 5. The rate for this ingot cast at the higher temperature for the 
balance of the solidification period is given by curve 5-6. The area 
under the.rate curve for a particular time interval is directly propor- 
tional to the distance frozen in this time interval. Area A (1-2-7-4) 
gives the distance frozen in the 2850 F (1565 C) ingot in the time 
interval t, to t, in excess of that frozen in the 2975 F (1635 C) ingot 
in this same time period. Likewise, Area B (7-5-6-3) gives the 
distance frozen in the 2975 F (1635 C) ingot in the time period t, to t, 
in excess of that frozen in the 2850 F (1565 C) ingot in this time 
period. It was demonstrated experimentally that these two ingots 
freeze the same depth in time interval t, to t,; therefore, Area A must 
equal Area B. 

It appeared desirable to obtain an expression for the intersection 
of the two parabolas as a function of the superheat. It resulted that 
the time value at the intersection of the two parabolas was a linear 
function of the degrees Fahrenheit of superheat, as given by: 


t = 0.01475 T. ( Equation 13) 
where:  t = time at intersection in minutes 
T, = degrees Fahrenheit of superheat 

To repeat, the superheat is the excess temperature above the assured 

liquidus temperature of 2700 F (1480C). 
Equation 13 permitted the construction of the probable family 
of solidification curves for the 6 by 6-inch ingots for various degrees of 
superheat, employing the concept of a constant time for end of solidifi- 
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F 300 1.78 
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Fig. 10—Probable Family of Transverse Solidification Curves 
for the 6 by 6-Inch SAE 4340 Steel Ingot for Varying Degrees of 
Superheat Constructed from the Experimentally Determined 
Curves for Pouring Temperatures of 2850 F (1565C) and 
2975 F (16355 C). 


cation. These curves are plotted in Fig. 10. It will be noted that at 
O degree superheat, the curve is a single parabola, with a K value of 
1.05, through the origin and the point representing the end of 
solidification ; this assumes that with no superheat the crystallization 
will be of the equiaxed type throughout. This assumption appears 
reasonable on the basis of the behavior of the established curves for 
increasing degrees of superheat, and on prior opinions. The K values 
for the second parabola increase with increasing superheat, reaching 
a calculated value of 2.54 with 400 degrees superheat. If the second 
parabolas for ordinary degrees of superheat of 100 to 150F are 
extended to the abscissa, they will have an intercept of somewhat 
less than 1 minute, as is observed for Nelson’s data when plotted as 
D vs \/t. There is quite likely a critical degree of superheat at which 
“transcrystallinity” or wholly columnar crystallization occurs in the 
ingot. Such behavior was noted by Hensel (14) for tin. At this 
critical degree of superheat, the solidification would proceed along the 
first parabola to the end of freezing, which would occur at a later 
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4 
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a 5 6 7 8 9 10 
Square Root of Time in Minutes 
Fig. 11—Construction of the Transverse Solidification Curve for the 20 by 23-Inch 


SAE 4340 Steel Ingot from Three Experimental Points, Assuming the First Point to be 
on the First Parabola. The pouring temperature was 2830 F (1555 C). 


time than the constant solidification time when equiaxed crystals 
are formed. 


EXTENSION TO LARGER INGOTS 


While admittedly the concept of a constant time for the end of 
solidification for larger size ingots within the commercial range with 
varying degrees of superheat has not been established, it is interesting 
to test the concept on the experimental points obtained on the 
20 by 23-inch ingot, and on other data from the literature. 

The three experimental points for the 20 by 23-inch ingot were 
plotted again on a Dvs ft basis in Fig. 11. The point at t — 6.25 
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10 
End of Freezing 


Depth Frozen in Inches 


°F Superheat K Value for 
—————————_ Second Parabola 


50 1.10 
100 1.14 
150 1.17 
200 1.20 
250 1.27 
300 1.32 





0 | 2 3 o 5 6 7 8 9 10 
Square Root of Time in Minutes 
Fig. 12—Probable Family of Transverse Solidification Curves for the 20 by 23-Inch 


SAE 4340 Steel Ingot with Varying Degrees of Superheat Constructed from the Experi- 
mentally Determined Curve for This Ingot Poured at 2830 F (1555 (C). 


was considered to be on the first parabola and the points at 20 minutes 
and 49 minutes were considered to be on the second parabola. Since 
the pouring time was 2 minutes per ingot, 1 minute was added to the 
above values of holding time. The ingot was considered to be frozen 
at D = 9.40 inches, the half section of the short transverse dimension 
at the position of measurement. The pouring temperature for this 
ingot was reported to be 2830 F (1555 C). 

The K value for the first parabola was 0.87 and for the second 
parabola was 1.16. The K value for the single parabola at 0 degree 
superheat was 1.05, which is identical with that obtained for the 
6 by 6-inch ingots. It is not known if the slight variation in the K value 
of 0.87 for the 20 by 23-inch ingot based on one point as compared to 
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0.80 for the 6 by 6-inch ingot was real. The limited amount of data is 
insufficient to determine accurately the K value for the first parabola. 

The intersection of the two parabolas came at \/t = 3.65. Using 
a linear relationship between this time and the degree of superheat, 
as obtained for the small ingot, the expression for the 20 by 23-inch 
ingot becomes: 


t = 0.1025 T. (Equation 14) 


The coefficient is greater for the larger ingot, as would be expected, 
since the amount of heat to be abstracted per unit surface of mold 
wall increases with increasing section size of the ingot. Equation 14 
permits the plotting of the probable family of solidification curves for 
the 20 by 23-inch ingot with varying degrees of superheat. These 
curves are plotted in Fig. 12. It will be noted that for comparable 
degrees of superheat the K values for the second parabolas are con- 
siderably less than those for the 6 by 6-inch ingots. It is also interest- 
ing to note that the differences in slope between the first and second 
parabolas are much less than those for the 6 by 6-inch ingots; the 
choice of the 6 by 6-inch ingot for the determination of the solidifica- 
tion curves was fortunate in the matter of the relative ease of demon- 
strating the existence of two parabolas. 

It appeared useful to derive an expression for the coefficient in 
Equations 13 and 14 in terms of the diameter or cross sectional 
dimension of the ingot. This was done by using the value of 
C =0.1025 for D, = 18.80 inches for the 20 by 23-inch ingot and 
C = 0.01475 for D, = 6 inches for the 6 by 6-inch ingot and assuming 


the constant to be zero at D,j—0O. This resulted in the following 
expression : 


C = 0.00071 D,’*™ (Equation 15) 


where C is the coefficient in the t = {(T.) equation, 
D, is the diameter or cross section of the ingot in inches. 


Equation 15 permits the writing of an expression for the K 
value of the second parabola of transverse solidification for varying 
sizes of ingots and varying degrees of superheat. This was done 
simply by deriving the D and \/t values at the end of solidification 
and at the intersection of the two parabolas. A rounded value of 
K = 0.84 was used for the first parabola of solidification. These four 
values are then used to calculate the slope of a straight line (as the 
parabola appears on the D vs \/t plot). The resulting expression is: 
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Square Root of Time in Minutes 


Fig. 13—-Transverse Solidification Curve for a 13 
by 13-Inch 1% Carbon Basic Electric Steel Ingot (Data 
by Nelson). 


0.5 D; —0.84 \/0.00071 Di™ T. 

0.476 D; —\/0.00071 D.=™ T, 

where K; is the K value for the second parabola 
D, is the diameter or cross section of ingot in inches 
T, is degrees Fahrenheit superheat 








2 


( Equation 16) 


This expression can also be used to estimate the degree of superheat 
for a K value for the second parabola which has been experimentally 
determined. It should not be inferred that Equations 15 and 16 are 
intended to be accurate statements of these relationships. Rather, they 
are tools fashioned from limited data which are employed to extend 
some of the concepts of solidification in small ingots to a greater range 
of ingot sizes in order to test the validity of these concepts in the 
solidification of larger ingots. 


The original data of Nelson (6) on the transverse solidification of 
the 13 by 13-inch, 17 by 17-inch, 20-inch fluted round short length, 
and the 20-inch fluted round long length, ingots were plotted on a 
D vs \/t plot as shown in Figs. 13, 14, 15, and 16. The curves indicate 
that none of the established parabolas goes to the origin of the plot for 
this composition of steel. Only in the plots for the 17 by 17-inch and 
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Fig. 14—Transverse Solidification Curve for a 17 by 17-Inch 
1% Emtec’ Basic Electric Steel Ingot (Data by Nelson). 


the 20-inch fluted round long length molds does it appear that the 
first points are associated with the first parabola. In the other two 
cases, points of sufficiently short time intervals so as to be on the first 
parabola of solidification were not obtained. To check the concept of a 
constant time for the completion of solidification, the K values for 
O degree superheat were determined by drawing a straight line from 
the point representing the completion of solidification to the origin of 
the plot. The values obtained in this manner were the following : 


Ingot K at &F Superheat 
13 x 13 inches 1.10 
17 x 17 inches 1.05 
20-inch fluted round—short 1.08 
20-inch fluted round—long 1.24 


With the exception of the value for the long 20-inch fluted round 
ingot, these K values represent a satisfactory check with the value 
of 1.05 obtained for the 6 by 6-inch and the 20 by 23-inch ingot. There 
appeared to be no obvious explanation for the high K value for the 
long 20-inch fluted round ingot. 

Equation 16 was used to calculate the degree of superheat in 
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Fig. 15—Transverse Solidification Curve for a Short 20-Inch Fluted 
Round 1% Carbon Basic Electric Steel Ingot (Data by Nelson). 


Nelson’s experiments on the previously cited ingots by using the 
determined K values for the second parabola. The results obtained 
are listed as follows: 


Ingot Determined K Calculated ° F Superheat 
13 x 13 inches 1.19 110 
17 x 17 inches 1.12 61 
20-inch fluted round—short 1.16 92 
20-inch fluted round—long 1.39 299 


Again except for the long 20-inch fluted round ingot, the values of 
the superheat appear reasonable, since Nelson reported that the 
ingots in his study were poured at 50 to 100 F superheat above the 
liquidus. The result for the long 20-inch fluted round ingot is 
puzzling, since if the value of K = 1.39 is correct, then a superheat 
of about 300 F would be required. This high degree of superheat is 
improbable in industrial practice. 

Thus it appears that the concept developed for the solidification 
at various degrees of superheat can be extended to killed medium 
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Fic. 16—Transverse Solidification Curve for a Long 20-Inch 
nw Round 1% Carbon Basic Electric Steel Ingot (Data by 
Ne ). 


alloy steels from 0.35 to 10% carbon, poured into standard molds up 
to about 25 inches in cross section. Nelson’s work was done on a 
steel containing 1% carbon. This concept is probably limited to molds 
with a mold ratio (ratio of cross sectional area of mold to the cross 
sectional area of the ingot) of more than 0.80, which is generally the 
case for industrially used ingot molds. 


EXPRESSIONS FOR DeptuH oF COLUMNAR CRYSTALLIZATION 


By employing Equation 13, an expression can be written for 
approximating the depth of columnar crystallization for SAE 4340 
steel in the 6 by 6-inch ingot as a function of superheat. The expres- 
sion becomes : 


D. = 0.80 \/0.01475 T. ( Equation 17 ) 


where: D. = depth of colummar zone in inches 
T. = °F superheat 
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Fig. 17—-Plot of Electrical Analogy Data (Based on the Liquidus Temperature) on 
the Solidification from the Bottom of the 20 by 23-Inch Ingot Freezing in the Standard 
Mold and in the Mold with a Carbon Insert. 


A more general expression for other sizes of SAE 4340 ingots can 
be written by using Equation 15. This expression becomes: 


D. == 0.84/0.00071 D,**™ T, ( Equation 18) 
where: D, = depth of columnar zone in inches 

D, cross sectional dimension of ingot in inches 

T, = °F superheat 
Conversely Equations 17 and 18 can be used to estimate the degree 
of superheat in pouring a given heat by measuring the depth of 
columnar crystallization. These relationships were not determined 
for grades of steel other than SAE 4340. 


VERTICAL SOLIDIFICATION IN INGOTS 


The Electrical Analogy Method—tThe freezing from the bottom 
upwards along the axis of the 20 by 23-inch ingot has been plotted in 
Fig. 17 as a function of time for both the standard mold and for the 
mold with a 3-inch thick carbon insert on the bottom from the 
electrical analogy analysis based on the liquidus temperature. As 
stated previously, the purpose of the carbon insert was to decrease 
radically the rate of heat abstraction. Carbon was the selected ma- 
terial because it minimized the possibility of being a source of 
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exogenous inclusions in the ingot in subsequent actual ingot experi- 
ments using this insert. These plots indicate a considerable effect of 
the carbon insert in decreasing the rate of solidification from the 
bottom, as expected. The crosses in the plot are estimates of the 
depth frozen from the bottom for the three actual standard 20 by 23- 
inch ingots previously discussed. The estimation from the contours 
of the ingot was necessary because a portion of the bottoms of these 
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Fig. 18—Plot of the Initial Portions of the Curves in Fig. 17 
for Vertical Solidification in the 20 by 23-Inch Ingot for the 
Standard Mold and for the Mold with a Carbon Insert. 


ingots was cut off by torching before sectioning. The entire pouring 
time of 2 minutes was included in the total time for plotting because 
in bottom freezing, the steel comes in contact with the bottom of the 
mold immediately at the start of pouring. With the exception of the 
first point at 8.25 minutes, the observed values of D are considerably 
lower for a given elapsed time than those predicted by the electrical 
analogy method. 


The data in Fig. 17 were replotted on a D vs \/t basis, but it 
was quite evident that they did not follow this type of relationship. 
The possibility of the initial portions of the curves based on the 
electrical analogue being linear was examined by replotting the data 
on an enlarged linear scale as in Fig. 18. There seemed to be a fairly 
good initial straight-line portion for about the first 5 inches frozen 
for the standard ingot, following the equation: 
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D = 0.525t (Equation 19) 


and for the first 3 inches frozen for the ingot freezing in the mold 
with a carbon insert with the equation: 


D = 0.157 t (Equation 20) 


For use in a later section, relating to the cone of solidification, it 
was necessary to obtain an expression for the solidification from the 
bottom over a much longer time interval. From the electrical analogy 
data, the expression for the standard mold was: 


D = 0.764 t?*” (Equation 21) 


and for the mold with a carbon insert was: 


D = 0.1084 t*’" ( Equation 22) 


As stated, Equations 21 and 22 are considerably in error in the later 
stages of freezing, as indicated by the experimental points. This is 
probably due to the fact that in the electrical analogy model, the 
contour of the mold bottom was built up of blocks which were of the 
correct volume, but of considerably increased surface as compared to 
the actual ingot mold. 

Assuming a power expression for the solidification from the 
bottom as obtained for vertical freezing in the 6 by 6-inch ingots, an 
expression was obtained based on the experimental values at 22 and 
51 minutes of elapsed time after pouring. The estimated value for 
the 8.25 minutes did not appear to be consistent with the other two 
points. The resulting expression was: 


D = 0.586 t’™ ( Equation 23) 


EFFECT OF CARBON INSERT ON COLUMNAR CRYSTALLIZATION 


The initial rates of solidification from the bottom as expressed 
in Equations 19 and 20 were used to predict the effect of the carbon 
insert on columnar crystallization from the bottom of the ingot. The 
concept tentatively used as the controlling factor for columnar crys- 
tallization was the critical rate of crystallization below which it can- 
not proceed and equiaxed crystallization begins. 

For the single 20 by 23-inch ingot poured at 2845 F (1565 C) 
and bled after 18 minutes, the depth of columnar crystallization in 
transverse solidification was found to be 3.00 inches. In Fig. 3, at 
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Fig. 19—Sketch of the Structure 
of an Actual 20 by 23-Inch SAE 4340 
Basic Electric Ingot Frozen in a Mold 
with a 3-Inch Thick Carbon Insert 
at the Bottom. 
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Fig. 20—Vertical Solidificaticn Curves for the 6 by 6-Inch SAE 4340 
Ingot Poured at 2850 F (1565C) and at 2975 F (1635C), Based on 
Experimental Data Obtained by ‘Bleeding Ingots. 
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D — 3.00 inches, \/t is equal to 3.55. The expression for the parabola 

is D=1.09\/t + C. The first derivative becomes: 

dD 0.545 , 

—_— se ( Equation 24) 
dt Vt 

At Vt = 3.55, the rate is equal to 0.154 inch per minute. This 

rate can then be considered to be the critical rate of solidification, 

below which equiaxed crystallization begins. 





The initial rate as predicted by the electrical analogy data for 
the standard was 0.525 inch per minute and for the ingot freezing 
from the carbon insert was 0.157 inch per minute. The rate for the 
standard ingot is well above the critical rate and columnar crystalliza- 
tion should proceed. The rate for the special ingot is just at the 
critical rate and columnar crystallization should, on this theory, 
be suppressed. 

Using the first derivatives of Equations 21 and 22, which cover 
a much longer period of time, and applying the critical rate of 
solidification, the electrical analogy data would predict that in the 
standard mold, the solidification from the bottom should be of 
the columnar type until it is pinched off by lateral solidification 
from the mold walls. In the mold with a carbon insert, these data 
would predict that columnar crystallization should be almost com- 
pletely suppressed. 

This latter condition was realized in practice in an actual 20 by 23- 
inch ingot of SAE 4340 steel, using a 3-inch thick carbon insert, 
as illustrated in Fig. 19. The use of the carbon insert brought about 
an almost complete suppression of columnar crystallization from the 
bottom of the mold. 

However, from the experimental data on the 6 by 6-inch ingots 
presented in Figs. 7 and 8, and recalling that the intersection of the 
parabolas corresponds to the depth of columnar crystallization, it is 
quite evident that there can be no single value for this critical rate of 
solidification for a given grade of steel. This value is different for 
each degree of superheat as is seen by differentiating the first para- 
bola in Figs. 7 and 8, yielding: 


dD 0.40 


cageipenat = (‘Te C 25 
t= Vi (Equation 25) 


The value of \/t at the critical rate changes for each degree of 
superheat. Thus a single value for the critical rate of solidification 
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cannot be universally used, but is characteristic of the degree of 
superheat in the liquid steel. | 


VERTICAL SOLIDIFICATION IN 6 BY 6-INCH INGOTS 


The freezing from the bottom along the vertical axis of the ingot 
in the 6 by 6-inch ingots was studied in order to derive expressions 
for the progress of solidification in this direction. The actual data 
obtained are listed in Table II. Again the total pouring time plus the 
holding time for the ingot was used in the plotting. The curves for 
2850 F (1565C) and 2975F (1635C) pouring temperatures are 
plotted in Fig. 20. The portions of the curves beyond the arrows 
have no significance with regard to bottom freezing since they are 
the result of the junction of transverse solidification. The positions of 
the arrows in Fig. 20 were established by calculating the time for 
completion of transverse solidification at this position in the ingot. 
The mathematical nature of these curves changed at about the 
positions indicated by the arrows. 

These points appeared to fit a power law relationship rather well: 


D = 0.9271 t”™ (2850 F) (Equation 26) 
and D = 0.7949 t*’* (2975 F) (Equation 27) 


It will be noted that for the first 5 minutes the freezing for the 


Table Il 
Vertical Solidification of 6 by 6-Inch Ingot 
Measurements from Bottom of ingot 


Pouring Holding 


Time Time Total a 
Heat Seconds Minutes Time* vt D 
2850 F 
186 25 2. 2.417 1.554 1.813 
187 26 3.000 3.433 1.853 2.266 
188 25 1.000 1.417 1.190 1.094 
189 24 0.500 0.900 0.949 0.844 
191 25 4.000 4.417 2.101 2.875 
192 24 0.133 0.533 0.730 0.563 
193 22 5.250 5.617 2.370 3.907 
2975 F 

194 22 0.500 0.86 0.931 0.657 
195 20 5.250 5.583 2.363 3.406 
196 22 0.133 0.500 0.707 0.375 
197 22 4.000 4.367 2.137 2.437 
198 21 1.000 1.350 1.162 1.000 
199 23 2.000 2.383 1.543 1.532 
200 21 3.000 3.350 1.830 2.031 
201 23 6.367 6.750 2.598 5.468 





*Pouring time plus holding time 


TD 
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2850 F (1565 C). The exponent remains the same, but the coefficients 
change with changes in superheat. Beyond about 5.5 minutes, the 
two curves are apparently merging to yield a common curve, which 
appears to be a manifestation of the previously observed fact that the 
time for completion of transverse solidification is independent of the 
degree of superheat. 

It will be recalled that the equation for freezing from the bottom 
in the 20 by 23-inch ingot based on a very few experimental points was: 


D = 0.586 t°™ (Equation 23) 


Thus it is indicated that the general equation for bottom freezing for 
the range of ingots considered can be adequately expressed as: 


D=at’”™ (Equation 28) 


with the proper coefficient for the ingot size and degree of superheat. 
The observation that the parabola for vertical freezing is of a different 
order than that for transverse solidification is believed to be a mani- 
festation of the fact that the ingot “sits” on the bottom of the mold 
and therefore the air gap does not function at this position of the 
ingot during solidification. The nature of the freezing from the 
bottom as disclosed by these studies is such as to make unnecessary, 
at least in the 6 by 6-inch ingots, the sedimentation theory* as 
postulated by some as the explanation of freezing in this portion of 
killed steel ingots. 


THE CONE OF SOLIDIFICATION 


From the previously established relationships for transverse and 
longitudinal solidification in the various molds, the height of the 
cone of solidification was determined by solving for the intersection 
point of the solidification from these two directions. It should be 
noted that these calculations do not necessarily imply that the vertical 
solidification is of the columnar type up to the point of intersection, 
which is the apex of the cone of solidification. 

In the 20 by 23-inch ingot, the transverse dimension at the bot- 
tom position is 17 inches. For D = 8.50 inches, the extended parabola 
in Fig. 3 indicates a value of \/t = 8.63 or t = 74.47 minutes for the 
completion of transverse solidification. Substituting this value of 


‘This theory proposes that nonmetallic inclusions nucleate equiaxed crystals in the central 
portion of the ingot which gravitate to the bottom positions. 
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Fig. 21—Sketch of the Effect of a 
Carbon Insert in the Mold on the Height 
of the Cone of Solidification in the 20 by 23- 
inch Ingot, Based on Electrical Analogy 
Data and Also on Experimental Data. 


time in Equation 21, a value of D was obtained for the extent of 
vertical freezing of 24.44 inches, representing the height of the cone. 
Substituting t — 74.47 minutes in Equation 22, a value of D equal to 
14.82 inches was obtained for the carbon insert mold. Thus the 
electrical analogy data predicts a reduction of about 39% in the height 
of the cone by the use of the carbon insert. 

As was previously indicated, Equations 21 and 22, based on 
the analogy data, are in error after the first part of freezing in such 
a way that the height of the cone of solidification as derived above is 
too high. Equation 23 based on limited experimental data was then 
employed. Substituting t — 74.47 minutes, a value of D— 17.71 
inches was obtained for freezing without a carbon insert. The height 
of the cone in the ingot with a carbon insert was estimated from an 
etched section of the ingot to be 6.62 inches. Thus based on various 
experimental data, the carbon insert is expected to cause a reduction 
of the height of the cone of about 62% as compared to 39% based 
on the electrical analogy studies. 
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These values are illustrated graphically in Fig. 21; this plot 
should be regarded as semiquantitative because of the paucity of ex- 
perimental data on vertical freezing in the 20 by 23-inch ingot. For 
the case of the carbon insert molds, the mold contours are assumed to 
remain constant, but with the bottom of the mold having the thermal 
properties of carbon. The values of the height of the cone based on 
experimental data appear to be more in line with the appearance of 
etched sections of ingots previously examined. The increased height 
of the cones based on electrical analogy data resulted from the sharp 
increase in solidification rates in the second half of freezing as pre- 
viously noted. It is of interest to note that in the case of the insert 
mold, based on experimental data, the cone of solidification would 
probably be almost completely cropped off in the bottom discard. 

Data obtained experimentally on the transverse and vertical 
solidification of the 6 by 6-inch ingots permits the consideration of the 
expected effect of a change of superheat on the height of the cone of 
solidification. Since the transverse solidification at the bottom portion 
of the ingot is of interest here, a value of 5 inches (the actual bottom 
dimension of the ingot) was used for the cross sectional dimension. 
In Figs. 7 and 8, the values of t at D = 2.50 inches are 6.05 and 
6.53 minutes respectively. Substituting these values of time in Equa- 
tions 26 and 27, the height of the cone becomes 3.64 inches and 3.37 
inches respectively. 

Thus the change in pouring temperature from 2850 F (1565 C) 
to 2975 F (1635 C) would be expected to reduce the height of the 
cone of solidification by about 7% in the case of the 6 by 6-inch ingot. 
This is an insignificant change as compared to that expected from 
the use of a carbon insert in the mold. Another ramification of 
increasing the superheat would be the increased columnar crystalliza- 
tion in the transverse and vertical direction in the ingot. This in- 
creased directionality in the bottom portion of the ingot would be 
reflected in a greater degree of the “bottom effect” in subsequent 
processing. 


EFrrect oF STEEL COMPOSITION ON RATE OF SOLIDIFICATION 


The effect of the range between the liquidus and solidus and 
the effect of varying types of primary crystal structures on the 
kinetics of transverse solidification were studied by selecting several 
steel compositions and obtaining these data on 6 by 6-inch ingots. 
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The compositions selected were the following: (a) 18-8 stain- 
less steel, (b) Armco iron, and (c) an Fe-0.93% carbon alloy made 
by adding carbon to molten Armco iron. Previous experience with 
18-8 stainless steel demonstrates it has a very strong tendency toward 
columnar crystallization and it was thus expected to solidify entirely 
as columnar crystals in the 6 by 6-inch ingots; solidification would 
therefore be expected to proceed along the first parabola throughout 
the period of solidification. The stainless composition probably has a 
small range between the liquidus and solidus. Armco iron has prac- 
tically no temperature range of solidification and was also expected to 
solidify entirely as columnar crystals, since pure metals exhibit a 
strong tendency to columnar crystallization. The Fe-0.93% carbon 
alloy would be expected to have a solidification range of about 150 F, 
thus having a decreased tendency toward columnar crystallization as 
compared with SAE 4340. Accordingly, the Armco iron and the 
Fe-0.93% carbon alloy were the extremes with respect to the solidi- 
fication range. 

The 6 by 6-inch laboratory ingot was used, employing the tech- 
niques previously described. Additional temperature measurements 
of the molten steel were obtained in some cases by the use of an 
immersion Pt-Pt, 10% Rh thermocouple. Four 18-8 stainless steel 
ingots were cast and bled after holding for 1, 3, 5, and 6 minutes. 
Again half the pouring time was added to the holding time to obtain 
the time value used in plotting the depth solidified at mid-height in 
the ingot. The temperature of the steel was maintained at 2980 to 
3000 F (1640 to 1650 C) immediately before pouring the heat. The 
average analysis for the stainless steel was the following : 


C—0.07, Mn—1.20, Si—0.48, Ni—9.90, and Cr—18.24. 


The data for the stainless steel are plotted on a D vs \/t basis in 
Fig. 22. This composition was expected to solidify entirely as 
columnar crystals and therefore to solidify along the first parabola 
only. From the plot it is evident that the stainless steel began to 
solidify along a second parabola after about 2.25 minutes. This indi- 
cates that the type of primary crystallization changed at this point and 
that further rates of solidification were governed by the nucleation and 
growth of randomly oriented equiaxed crystals, rather than by the 
growth of the existing columnar crystals. This was a departure from 
the expected behavior. 

Casual examination of the etched sections of the stainless steel 
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18-8 Stainless Steel 


Pouring Temperature 
Approx. 2975 F 
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Fig. 22—Transverse Solidification Curve for the 6 by 6-Inch 18-8 Stain- 
less Steel Ingot, Based on Experimental Data Obtained by Bleeding Ingots. 


ingot shells would lead to the conclusion that the structure was entirely 
columnar. However, closer examination of the sections revealed that 
although the columnar crystals apparently extend to the middle of the 
ingot, equiaxed dendrites were clearly visible in the interior of the 
ingot starting from 1 to 1.5 inches from the edge of the ingot. Thus 
the columnar structure may more accurately be termed “pseudo- 
columnar” beyond 1 to 1.5 inches. The presence of the equiaxed 
crystals would explain the unexpected break in the solidification 
curve in Fig. 22 and the existence of the second parabola, instead of a 
single parabola as would result if the primary structure were truly 
columnar throughout. This “pseudo-columnar”’ structure is not easily 
understood, but it possibly may be a result of the equiaxed dendrites 
recrystallizing in the solid state after the original columnar orienta- 
tions in the ingot. The kinetics indicate that the original crystalliza- 
tion from the melt was the equiaxed type beyond 1 to 1.5 inches from 
the mold wall. It will also be noted that the K value of the first 
parabola was 0.725 for the stainless steel as compared with 0.80 for 
the SAE 4340 steel. 

Fig. 23 is a plot of the solidification curve for the SAE 4340 
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Fig. 23—Plot of Experimenta! Point in the Transverse Solidi- 
fication of the 6 by 6-Inch Iron-0.93% Carbon Alloy Ingot and 
Comparison of this Point with Previously Determined Solidification 
Curve for the 6 by 6-Inch SAE 4340 Ingot Poured at 2975 F 
(1635 C). 


steel cast at 2975 F (1635 C) which had previously been determined 
experimentally. The point plotted as a cross is a single experimental 
value for the solidification of the Fe-0.93% carbon alloy, obtained by 
bleeding the ingot after a 6-minute holding time. The value agrees 
very closely with the second parabola for the SAE 4340 steel. The 
pouring temperature for the high carbon alloy was such as to yield a 
degree of superheat similar to that for the SAE 4340 steel cast at 
2975 F (1635 C), although no accurate temperature reading was 
obtained on this heat. Thus it appears that increasing the solidification 
range by increasing the carbon content from 0.40 to 0.93% carbon had 
no great effect on the progress of solidification; this can be merely 
a very tentative conclusion, for only a single determination for the 
high carbon alloy was made. The Fe-0.93% carbon alloy gives a very 
distinct etching pattern and the demarcation between the columnar 
and equiaxed zones is very sharp. 

Fig. 24 is a plot of the depth solidified 1.5 and 6 minutes after 
pouring for the Armco iron ingots. The pouring times for the two 
ingots were 60 and 30 seconds, yielding time values for plotting of 
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Fig. 24—Plot of the Transverse Solidification Curve for the 6 by 6-Inch 
Armco Iron Ingot, Based on Two Experimental Points and the Assumption 
that the Type of Primary Crystallization Does Not Change after the 
Second Experimental Point. 


2.00 and 6.25 minutes respectively. The iron was poured at 2990 to 
3000 F (1645 to 1650 C) with approximately 200 F superheat above 
the liquidus. 

It appears that the second point, with a time well beyond that for 
the break to the second parabola for the SAE 4340 steel, is associated 
with the first parabola of solidification. The K value for this parabola 
is 0.828 which is comparable to 0.80 for the first parabola for the 
SAE 4340 steel. The lack of a break in the curve indicates that the 
Armco iron solidified as columnar crystals up to 6 minutes and 
probably to the end of solidification as would be expected for a pure 
metal, and the progress of solidification is tentatively represented by 
a single parabola from the origin to the end of solidification. This type 
of behavior for Armco iron is the same as found by Chipman and 
Fondersmith (5) for the solidification of rimming steel and ingot iron, 
which yielded a single parabola with K = 0.90. The etched sections 
showed little detail of crystal structure because the low metalloid 
content prevented preferential etching characteristics of the structure 
resulting from segregation. The etched sections did not indicate any 
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change in the primary structure of the ingot as freezing progressed ; 
it was not possible to demonstrate with the 50% HCl etch that the 
primary structure of the Armco iron was columnar as tentatively 
assumed above because of the nature of its response to etching. Per- 
haps additional information on the cast structure of Armco iron 
could be obtained by using the heat treatment and etching technique 
described by Hultgren and Phragmen (23) for developing primary 
structures of the rim zone in rimming steel ingots. 

It is of interest to compare the indicated times for completion of 
solidification in the 6 by 6-inch ingots for the three compositions of 
steel studied. The SAE 4340 ingot would solidify in 8.13 minutes, and 
the stainless steel ingot in 9.55 minutes, or an increase of 17%. This 
is a minor difference which might be attributed to changes in thermal 
properties due to the high alloy content in the stainless steel. The 
Armco iron ingot, however, would solidify in 13.10 minutes or an 
increase of 61% over the SAE 4340. This is a major effect on the time 
for solidification and results from the fact that Armco iron apparently 
solidifies entirely as columnar crystals and along the first parabola 
only. Similarly, if the SAE 4340 steel had solidified entirely along the 
first parabola, an increase of 73% in the time for completion of solidi- 
fication would have resulted. 

Interesting corroboration of this principle may be found in work 
on solidification of high purity tin reported by Hensel (14). In this 
work, tin was cast into a mold at approximately its melting point of 
232 C (450F). The structure obtained consisted of the usual chill 
zone, a columnar zone, and an equiaxed zone, and the time for 
solidification was found to be 140 seconds. Another cast of tin was 
made at 340C (645 F) (i.e., with over 100C superheat), and the 
structure obtained beyond the chill zone was entirely columnar. The 
time for solidification at the higher casting temperature was reported 
as 230 seconds, or a 64.3% increase, which is comparable to the in- 
crease in the two cases cited above. 

These data demonstrate an important principle regarding the 
effect of superheat on the total time for solidification. If the primary 
structure of the ingot beyond the chill zone has both a columnar zone 
and an equiaxed zone, increasing the amount of superheat will have 
little, if any, effect on the solidification period, so long as these two 
zones continue to appear in the ingot. If, at some higher degree of 
superheat, the structure beyond the chill zone becomes entirely 


columnar, then a major increase in the time required for complete 
solidification will result. 
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Fig. 25—Transverse Solidification Curve for a 32 by 32-Inch 
Basic -Hearth Alloy Steel Ingot Constructed from Experi- 
mental Data Obtained by Bleeding Ingots. 


EFFECT OF THE STEELMAKING PROCESS ON COLUMNAR 
CRYSTALLIZATION 


Data were obtained from a producer of open-hearth steel on the 
solidification of a 32 by 32-inch ingot of the following composition: 


C—0.83, Mn—0.77, P—0.014, S—0.024, Si—0.18, Ni—2.08, Cr—0.15. 


The steel was melted in a basic open-hearth furnace, and the pouring 
temperatures for the heat were reported as 2730 to 2680 F (1500 to 
1470 C). Six such ingots from the heat were bled after holding for 
various lengths of time after pouring. The curve obtained on a 
D vs \/t basis is plotted in Fig. 25. The expected two parabolas of 
solidification were obtained with K values of 1.06 and 1.45; the K 
value at OF superheat would be 1.175. The K value for the first 
parabola of 1.06 compared with 0.80 for the 6 by 6-inch ingots and 


0.84 for the 20 by 23-inch ingots indicates a dependency of this value 
on ingot size. 
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The position of the intersection of the two parabolas showed that 
the depth of the columnar zone was about 10 inches in this 32-inch 
square ingot. It will be recalled that all the previous relationships for 
the depth of columnar crystallization were developed on data of 
solidification of SAE 4340 steel melted either in an induction furnace 
or in the basic electric furnace and cast into 6 by 6-inch and 20 by 23- 
inch ingots. Using Equation 18, the general expression for the depth of 
columnar crystallization, the expected depth of the columnar zone in 
the 32-inch square ingot with basic electric steel was calculated as 
5.00 inches. Thus it appears that basic open-hearth steel would be 
expected to solidify as columnar crystals to twice the depth as would 
basic electric steel under similar conditions ! 

No direct corroboration of this observation was available, and it 
should be regarded with reservation. However, the depth of columnar 
crystallization in a 22 by 25-inch ingot of SAE 4340 melted in the 
basic open-hearth furnace was estimated from a photograph of an 
etched section of the ingot to be 6.00 inches. The depth of the colum- 
nar zone in a 20 by 23-inch ingot of SAE 4340 steel melted in the 
basic electric furnace poured at a comparable pouring temperature 
was 3 to 3.25 inches, or about half the depth for the basic open- 
hearth steel. | | 

These two bits of evidence cannot be considered as positive proof 
that basic open-hearth steel has a much stronger tendency toward 
columnar crystallization than has the basic electric steel, and con- 
versely, that the tendency to nucleate the equiaxed crystals in the 
basic electric steel is considerably stronger than it is in the basic open- 
hearth steel. However, if confirmation of this behavior is obtained, 
it would conceivably be an important factor in the improved behavior 
of basic electric steel over basic open-hearth steel in the seamless 
gun tube production aside from the general over-all increased clean- 
liness of the steel. The cone of solidification is the result of the inter- 
section of directional solidification from the walls and from the bottom 
of the ingot. The directionality is imperfect when the crystals are of 
the equiaxed type but is pronounced when the crystallization is of the 
columnar type. The basic open-hearth steel would solidify to twice 
the depth as columnar crystals and would accentuate the effect of the 
intersection of these directionalities. | 

The change to the second parabola in Fig. 25 late in the course of 
solidification has another interesting ramification. It may explain the 
sudden increase in the rate of solidification near the end of solidifica- 
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Fig. 26—~Plot of the Rate of Solidification as a Function of the Distance Frozen for the 
20 by 23-Inch SAE 4340 Basic Electric Ingot and for the 32 by 32-Inch Basic Open-Hearth 


Alloy Steel Ingot. The rates of solidification were calculated from the experimentally 
determined solidification curves. 


tion noted by Matuschka (7), working with basic open-hearth steel. 
The change to the second parabola in basic electric steel ingots occurs 
at a much earlier time in solidification and the sudden increase near 
the end is not noted. This is illustrated by the rate of freezing vs depth 
frozen curves for the basic open-hearth 32 by 32-inch ingot and for the 
basic electric SAE 4340 20 by 23-inch ingot in Fig. 26. It is also of 
interest to note that Nelson (6) probably would have discovered the 
existence of the two parabolas expressing the solidification of killed 
steel ingots had he worked with basic open-hearth rather than basic 
electric steel, since the intersection of the parabolas comes well beyond 
the shortest holding times attainable in plant experimentation in the 
case of ingots of basic open-hearth steel. 


Our present knowledge of the solidification of metals is inade- 
quate to explain this apparent difference in the nature of the primary 
crystallization in ingots of basic open-hearth steel as compared with 
such crystallization in ingots of basic electric steel of equivalent 
compositions and teemed at comparable temperatures. If one assumes 
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that indigenous nonmetallic inclusions such as are observed in making 
inclusion ratings act as nucleating agents in the liquid steel, then the 
electric steel should have the lesser tendency to nucleate equiaxed 
crystals, since it is generally assumed to be the cleaner steel. This is 
opposite to the effect observed; the tendency to nucleate equiaxed 
crystals is apparently greater in the electric steel. Although no attempt 
will be made here to explain this effect of the steelmaking process on 
subsequent behavior in solidification, such a study would be an in- 
teresting one to explore in the realm of the physical chemistry of 
steelmaking. 


SUMMARY 


1. The kinetics of solidification of killed steel ingots was studied 
by means of electrical analogue studies on 20 by 23-inch rectangular 
and 21-inch fluted round ingots, and by actual bleeding tests on a 
20 by 23-inch ingot, and on 6 by 6-inch laboratory ingots of SAE 4340 
steel. 

2. In transverse solidification, the electrical analogy data checked 
well with experimental data for the first half of freezing. In the second 
half of freezing, the analogy method predicted rates of freezing con- 
siderably faster than obtained by experiment. 

3. An attempt was made to deduce the thickness of the layer 
consisting of liquid plus solid in the shell of an ingot at the instant of 
tipping for bleeding. 

4. Bleeding tests on 6 by 6-inch ingots of SAE 4340 steel indi- 
cated that the solidification curve consists of two intersecting parab- 
olas. The intersection of these parabolas corresponds to the end of 
columnar crystallization and the beginning of equiaxed crystallization. 

5. As the degree of superheat was increased in the study of the 
6 by 6-inch ingots, (a) the K value of the first parabola remained con- 
stant, (b) the solidification proceeded for a longer time along the 
first parabola, (c) the K value of the second parabola increased in 
such a way as to keep the time for complete solidification substan- 
tially constant. 

6. The concept of the independence of the length of the solrdifi- 
cation period on degree of superheat appeared to fit rather well the 
data on the freezing of larger ingots. 

7. In vertical solidification upward from the bottom, the electrical 
analogy method again checked well for the first portion of solidifica- 
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tion but predicted too high solidification rates for the last half of 
freezing. 

8. The expression for vertical freezing was found to be D =a t°"* 
as compared with D =a t®®° for transverse solidification (D is depth 
frozen in inches and time is in minutes). 

9. It was demonstrated that a considerable reduction in the 
height of the ‘“‘cone of solidification’ in the ingot can be effected by 
insulating the bottom of the mold. 

10. The effect of composition on the rate of freezing in the 
6 by 6-inch ingots was studied. It was concluded that variations in de- 
gree of superheat will have no appreciable effect on the length of the 
solidification period, if the primary structure contains both a columnar 
and an equiaxed zone. If, however, at some degree of superheat the 
structure becomes entirely columnar, then a major increase in the 
solidification period will result. 

11. Limited evidence indicates that basic open-hearth steel ingots 
will solidify to about twice the depth as columnar crystals as will basic 


electric steel ingots of equivalent composition and cast at comparable 
liquid steel temperatures. 
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DISCUSSION 


Written Discussion: By Joel C. Carpenter, metallurgical engineer, The 
Ferro Engineering Co., Cleveland. 

It is indeed gratifying to read this splendid paper and to realize that 
American metallurgical research is now commencing to answer many of the 
puzzling questions pertaining to the solidification of steel ingots. In the past, a 
great part of the published literature on the subject was that of the British Iron 
and Steel Institute. We-in the United States were apparently too busy and 
too much interested in “getting out tonnage” to be able to afford the time and 
material to find out more about what happens while a killed steel ingot is 
solidifying. When we encountered excessively high rejections, due to ingot 
conditions, in gun tubes and other war matériel, we began to realize how little 
we knew of the fundamentals of ingot solidification, one of the most important 
factors in the whole process of steelmaking. This paper is a result of the 
accelerated research made necessary by the war, and is a welcome contribution. 

It seems that the most important conclusion reached by Mr. Spretnak in 
this paper is that if the steel is one which solidifies in the form of columnar 
and equiaxed crystals, the time of complete solidification is substantially inde- 
pendent of the degree of superheat in the steel at the time of pouring the ingot. 
The evidence presented appears to be quite conclusive on this point, at least 
with respect to small ingots, although more points upon which to base the 
curves would be desirable. 

In the case of large commercial mill and forging-type ingots, it appears that 
the effect of ingot size influences the K values of the parabolas representing 
transverse solidification. This of course is another indication that to discover 
what happens in the solidification of larger ingots, it is necessary to study 
larger ingots. Laboratory scale ingots only indicate trends and generalities, 
and conclusions reached through the study of such ingots should be applied to 
large ingots with extreme caution. 

At this point a question arises: Why do the electrical analogue studies on 
simulated full scale ingots agree with tipping and bleeding studies on actual 
full scale ingots only during the first half of the solidification time? Could it 
be because the assumption of the thermal properties of the steel during solidifica- 
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tion is in error? Mr. Spretnak states that columnar crystallization is a process 
of growth only, and presumably therefore would entail only “heat of crystal- 
lization”. Equiaxed crystallization is shown to be a process of nucleation as 
well as crystallization, and therefore would entail both “heat of nucleation” and 
“heat of crystallization”. Has the change in “heat rate” in the system due to its 
use for both nucleation and crystallization during the period of equiaxed crystal- 
lization been considered in plotting the electrical analogue curves? If these 
values are measurable, and have not been considered, it might be interesting to 
replot the electrical analogue curves on this basis and to compare with the 
tipping and bleeding curves to see what agreement would result. 

If agreement between the electrical analogue method and tipping and 
bleeding experiments on ingots can be obtained with reasonable certainty, then 
the electrical analogue method can become a valuable tool in studying the 
solidification of special ingots such as thin slabs, as well as the feeding of 
shrinkage cavities in ingots. New mold designs could be proven without the 
necessity for actually making patterns, casting molds and trying them out in 
practice before it is known whether a satisfactory ingot will result. 

Mr. Spretnak’s tentative conclusion that basic open-hearth steel has a much 
stronger tendency (approximately twice as great) toward columnar crystal- 
lization as basic electric furnace steel might possibly be explained by the 
following hypotheses : 

1. Basic open-hearth steel is alleged to be appreciably higher in nonmetallic 
content than basic electric furnace steel. 

2. Nonmetallic particles in the steel become nuclei for crystal growth. 

3. This being the case it is not necessary for basic open-hearth steel to be 
as “self nucleating” as basic electric furnace steel. By “self nucleating” is 
meant the formation of crystal nuclei from the melt itself. 

4. “Self nucleation” requires a certain quantity of “heat of nucleation”, leaving 
less heat available for columnar crystal growth. This “heat of nucleation” 
probably is taken from the superheat. It has been shown that columnar 
crystallization ceases when the superheat has disappeared. 

5. Therefore basic electric furnace steel should show less columnar crystal 
growth than basic open-hearth steel. 

In pursuing further studies on this subject, it would be very interesting to 
compare acid open-hearth steel, basic open-hearth steel and basic electric 
furnace steel, all of the same composition. 

Written Discussion: By Shadburn Marshall, development engineer, 
Research and Development Division, Carnegie-Illinois Steel Corp., Pittsburgh. 

The author has presented an excellent survey of the literature on the 
subject of ingot solidification and some extremely interesting experimental 
results from a study of small ingots and a few large ingots. It is regrettable 
that many more large ingots could not have been studied, for one geis the 
impression from the paper that the K values for all sizes of ingots and molds 
should be identical. It is believed that this has not been sufficiently demonstrated. 

In order to compare the electric analogue results with data obtained by 
bleeding ingots, the author has found it necessary to select the liquidus tempera- | 
ture of the steel rather than the solidus temperature. We should like to ask 
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what temperature should be selected during the progressive solidification of 
steel which shows a high degree of segregation. 

In the section on the Effect of a Carbon Insert on Columnar Crystallization, 
it is stated: “The concept tentatively used as the controlling factor for columnar 
crystallization was the critical rate of crystallization below which it cannot 
proceed and ‘equiaxed crystallization begins.” On the other hand, it is shown 
elsewhere in the paper that equiaxed crystallization is associated with an in- 
creased rate of solidification. This appears to be a discrepancy which should 
be clarified. 

Written Discussion: By Victor Paschkis, technical director, Heat and 
Mass Flow Analyzer Laboratory, Columbia University, New York. 

The author is to be congratulated for his contribution to the solution of the 
ingot problem. 

He refers to the opinion of Feild® that the superheat must be entirely 
removed before solidification starts. In the graphs as shown by the author, this 
results in a parallel shift of the straight lines representing the parabolas. 

In the first instances after pouring, ingot as well as mold may be considered 
as “semi-infinite bodies”. In other words, the thickness of either does not 
influence the time necessary for solidification of the first increments of the steel. 
When two semi-infinite bodies of different temperatures are brought suddenly 
into contact the interface between the bodies assumes a temperature, which may 
be calculated from Equation 1 :* 


trV kics § 1 + tu karcar § as ‘ 
re Equation 1 


Vkier § 1 + Vkacu § x 
Here t denotes temperatures, k thermal conductivity, ¢ specific heat, and 
{ density. 


Subscripts c indicate the contact surface (interface), I the ingot and 
M the mold. 


Writing for brevity 





Vkie: § 1 = A and Vkucu | « = B, one may write 
B(ti — tar) , 
to ta = Te = (tr — tu) 3 B Equation 2 
A 


Taking the initial temperature of the mold, tu, as zero line, Equation 2 
can be drawn as one curve with abiscissas B/A and ordinates (te — tu) (t:1 — tar). 
This one curve permits the determination of the interface temperature immedi- 
ately after pouring for any material, superheat and mold temperature. From 
Equation 2 Fig. A has been developed which gives the interface temperature 
as a function of the pouring temperature for the properties of steel and mold 
used in the present investigation. Obviously any interface temperatures below 
the liquidus line (2700 F) mean immediate solidification; hence all values of 
superheat contemplated above would result in immediate freezing. Even a very 


5A. L. Feild, ee of Steel > the Ingot Mold,’ Transactions, American 
Society for Steel Treating, Vol. 11, 1927, p. 264. 


7 *Riemann-Weber, Die Paibaliue Dinouaaias Gleichungen, Vieweg, 1912, Egn. 8, Vol. 
» p. 100. 
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considerable error in the assumed properties—say that B be half as large as 
assumed—would keep the interface temperature below the solidification point. 
The author points out an apparent discrepancy between the bleeding tests 
carried out by him and the experiments on the analyzer. He states that at 
early freezing times the values coincide closely, but at later times the analyzer 
seems to indicate higher freezing rates than the bleeding tests. The author and 
one discusser of the paper look for some explanation for this apparent discrep- 
ancy. It is the opinion of the writer that not enough experiments have been 
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Fig. A—Surface Temperature of Ingot (te) Versus Pouring 
Temperature (t1). 


carried out to be sure that there is such a discrepancy. Bleeding tests are by 
their nature inaccurate and in order to obtain a reliable value, a number of 
ingots would have to be bled and the average of the frozen thickness for any 
given time taken. Reference is made in this connection to the papers by K. L. 
Clark’ and V. Paschkis.* For example, in Table II of Clark’s paper, the two 
castings P-3 and PO-11 have at almost the same time a difterence of frozen 
wall thickness of 4%, the castings poured at a lower temperature showing a 
smaller wall thickness. 

In case there is actually a discrepancy between the results of the two 
methods of investigation, two explanations come to mind: It is conceivable that 
thermal properties of the steel are not sufficiently constant either over the 
liquidus or solidus range or both; in the electric analysis constant properties 
have been assumed. The other explanation is that the range of solidification 

7K. L. Clark, “Methods Employed to Obtain Rates of Solidification,’’ Transactions, 
American Foundryman, Vol. 53, 1945, p. 88-89. 


®V. Paschkis, “‘Studies on Solidification of Castings,” Transactions, American Foundry- 
man, Vol. 53, 1945, p. 90-101. 
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is not really constant but changes as the solidification progresses. The change 
might be attributed to a different composition of the steel at different stages of 
the solidification. As far as the bottom is concerned, the discrepancies between 
bleeding tests and analyzer tests are in part explained in the writer’s paper, 
“Theoretical Thermal Studies of Steel Ingot Solidification”. 

The author comes to the conclusion that superheat does not influence the 
time necessary for total solidification of any given ingot. It is the opinion of 
the writer that the bleeding tests have not been carried out far enough to be 
conclusive. It is conceivable that toward the end of solidification, the solidifica- 
tion curves show another bend which would be different for different degrees 
of superheat and would counteract the apparent coincidence of all total solidi- 
fication times. It is of course difficult and almost impossible to make bleeding 
tests beyond a frozen thickness of 75 or 80%, but it appears doubtful if it is 
legitimate to extend the freezing lines beyond this thickness. 

The writer doubts the validity of the statement of “equal solidification 
times independent of the degree of superheat” for several reasons. First, several 
experiments have been carried out on the solidification of castings in sand, and 
the results show definitely a big influence of the degree of superheat on the 
solidification time. One proof may be found, in the paper quoted above,* by 
comparing Figs. 2 and 3. They refer to tests made for the same conditions 
except for a different degree of superheat. The total solidification time with 
145 degrees superheat is 520 seconds, whereas the total solidification time with 
250 degrees superheat is 780° seconds. A large number of additional experiments 
not yet published confirm this finding. Obviously it is necessary to be very 
careful in transferring results from sand casting experiments to those on 
solidification in cast iron molds, but the fact of a marked influence in sand 
casting should incite carefulness. 

The writer sees also a possible confirmation of the opinion that superheat 
has definite bearing in the curve in the paper by K. Fetters, J. W. Spretnak and 
EK. L. Layland,’ showing rejections as function of superheat and indicating that 
at one given degree of superheat rejections are at a minimum. 

Finally an energy balance would show that some influence must be expected. 

In view of these facts it seems desirable to obtain more data on bleeding 
tests in order to reconcile the thermal requirements with apparent observations. 
Should the observations continuously and conclusively prove “no influence of 
superheat”, then this would be a definite indication that at least some of the 
thermal properties are different from those assumed or that they undergo a 
rapid change during solidification. 

Written Discussion: By K. L. Fetters, special metallurgical engineer, The 
Youngstown Sheet and Tube Co., Youngstown, Ohio. 

This paper represents a much needed contribution to the science of solidi- 
fication of ingots, and although there appear to be minor differences between 
the curves predicted by the analogue method and the experimental data they 
furnish a sound basis for ingot design and an explanation for some of the 
solidification characteristics that may be observed. 

Up 1 to the present time, ingot design has been based on a number of 


oy. W W. om K. L. Fetters and E. L, Layland, “Ingot Factors in the Production 
un Tubes,” Transactions, American Society for Metals, Vol. 39, 1947, p. 627. 
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empirical rules and considerations, such as: size ingot desired to “cut out” to 
desired product multiples; size of ingot that may be heated in soaking pits; 
radii and general shape to minimize cracks; taper and design to minimize pipe 
in ingot, etc. With a thorough application of the present data and that which 
may be expected from additional studies that will likely be made in follow up 
of this work, it should be possible to set up a sound technical basis for ingot 
design that would be expected to be reflected in better ingot yields and improved 
quality of product. 

Written Discussion: By Carl A. Zapffe, consultant, Baltimore. 

In view of the coincidence that a cracking problem is associated with the 
bottom third of an ingot, where the hydrogen content is known to be a maximum, 
one is moved to inquire how that aspect was dismissed. If not dismissed, why 
was it not considered? 

Hydrogen is not only a notorious cause of both porosity and cracking, but 
steels susceptible to quench-cracking are especially affected by hydrogen con- 
tent.” Furthermore, the butt section of an ingot freezes first, thereby lacking 
certain degassing advantages which act to minimize gas in top sections; and 
the butt section represents the early portion of the cast, which has first contact 
with the mold wash, an obvious source for considerable quantities of hydrogen. 
The common problem of butt porosity is believed to illustrate this point.” 

So far as the mechanism of solidification is concerned, this paper is an 
excellent contribution. There again, however, hydrogen has been demonstrated 
to exert such a pronounced effect on columnar growth” ” that Mr. Spretnak’s 
discussion should properly give it mention. 


Author’s Reply 


The author wishes to express his appreciation to the discussers of the 
paper for their interest and comments. The freezing of a steel ingot is a complex 
process and any contribution to the subject is indeed welcome. 

Mr. Carpenter’s remarks are both gratifying and thought-provoking. Re- 
garding the reason for the lack of agreement of the electrical analogy data 
with the experimental data in the last period of solidification, no explanation is 
forthcoming. It must be recalled that there is a paucity of data on the thermal 
constants for liquid iron and for solid iron near the melting point. Another 
possible factor might be that the heat abstracted from the solid portion of the 
ingot before the ingot was completely frozen was not fully taken into account. 
Mr. Carpenter presents an interesting explanation for the decreased depth of 
columnar crystals in basic electric steel ingots as compared to that in basic 
open-hearth ingots. However, the concept of a “heat of nucleation” analogous to 
the latent heat of fusion needs clarification. The process of nucleation requires 


Carl A. Zapffe, “Effects of Hydrogen in Steel,” Open Hearth Proceedings, American 
Institute of Mining and Metallurgical Engineers, Vol. 26, 1943, p. 240-254; disc., p. 252-262. 
“Carl A. Zapffe, “The Cause of Bleeding in Ferrous Castings,” Metals Technology 
Vol. 9, No. 7, 1942, T.P. 1515, 17 p.; also Transactions, American Institute of Mining and 
Metallurgical Engineers, Iron and Steel ae Vol. 154, 1943, p. 283-299; disc., p. 299- 


305; abridged, Machinery Lloyd, Vol. 15, 1943, No. 14, p. 54-56. 


7#2R. Hohage and R. Schafer, “A Note on the Solidification of Steel Ingots,” Archiv. 
Eisenhiittenw., Vol. 13, 1939, p. 123-125. 


Carl A. Zapffe, “An Effect of Dissolved Gases on Casting Structure,” Open Hearth 
vee American Institute of Mining and Metallurgical Engineers, Vol. 27, 1944, 
p. 
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an energy of activation, which arises from localized fluctuations of energy in 
the liquid. There is a certain probability of formation of a nucleus in the liquid 
depending upon these continuous localized energy fluctuations, and a certain 
probability that this nucleus will reach the stable size at that particular tempera- 
ture. There is a second activation energy for growth. Any variations in these 
required activation energies will be reflected in the rates of these reactions but 
not in the heat of the reaction, which depends on the energy difference between 
the initial and final states and does not depend on the path by which the final 
state is reached. Stable nuclei cannot be formed in the superheated condition, 
since this liquid-to-solid transformation would require an increase in free energy. 
Nucleation, rather, occurs in the undercooled condition, which is another reason 
that it can be of no influence in dissipating the superheat. 

In answer to Dr. Marshall’s comments, it is regrettable if the paper contains 
an inference that the K values are independent of ingot size. No such inference 
was intended. The data demonstrate a dependence of the K value of the first 
and second parabolas on ingot size. It happened that the K value for 0 degree 
superheat was identical for the 6 by 6 and the 20 by 23-inch ingots. However, 
this K value is appreciably higher for the 32 by 32-inch ingot. There was no 
opportunity to study the effect of mold wall thickness and mold wall tempera- 
tures. L. H. Nelson reports that a 10% increase in mold wall thickness will 
increase the K value by 1.87%. As to the significant temperature whose 
progression coincides with the advance of the liquid-solid interface, our expe- 
rience in plotting the electrical analogy data demonstrated that the thickness of 
the shell obtained by bleeding is a manifestation of the advance of the liquidus 
temperature. Presumably this also would be true for steels with larger solidi- 
fication ranges. Dr. Marshall also raises a point regarding the concept of a 
“critical” rate” of solidification below which columnar crystallization cannot 
proceed. The theory tested in this case to predict the effect of the carbon insert 
on columnar crystallization involved simply a rate of advance of columnar 
crystals which is low enough to allow the formation of equiaxed crystals beyond 
the columnar crystals. Once this equiaxed crystallization begins, the columnar 
crystallization ceases. Further solidification rates therefore are the result of 
the equiaxed crystallization and have no bearing on this theory. 

The expression for the interface temperature for two semi-infinite bodies 
presented by Dr. Paschkis is appreciated. The point of interest here is the 
question of the time of start of solidification when liquid steel is brought in 
contact with the mold wall. The interface temperature given by the equation is 
described as the instantaneous temperature. It should not be assumed from this 
relationship that solidification starts immediately. The starting time for freezing 
of metals as a function of the degree of undercooling has a form similar to that 
for the formation of pearlite from austenite in solid steel, that is, the “S” curve 
down to the pearlite knee. The high rate of freezing at the outset is a result 
of the high rate of nucleation as is evidenced by the very small size of crystals 
in the chill zone. Dr. Paschkis states that enough data were not obtained to 
demonstrate that a discrepancy exists between the data by the analogue and the 
experimental data. In transverse solidification, the curve obtained by the 
electrical analogy method shows a sharp upward inflection, nonparabolic in 
nature, and beginning at about half completion of freezing. The fundamental 
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parabola (D = Ky) for transverse solidification in ingots has been substanti- 
ated by several investigators. The author knows of no experimental data which 
show a rapid upward inflection from the parabola midway in the solidification 
period as found by Dr. Paschkis. The experimental control attainable in bleeding 
ingots, particularly for the 6 by 6-inch ingots, is excellent and warrants much 
less pessimism than is expressed by Dr. Paschkis. As for the constancy in the 
time for completion of solidification with varying degrees of superheat, the 
condition imposed on this behavior is that a columnar zone and-an equiaxed 
zone must be maintained. It will be noted that the constancy of the solidification 
time resulted from the increased K value for the second parabola involving 
equiaxed crystallization. That is, this behavior resulted from the solidification 
rates in a period in which the rate of nucleation again became the predominant 
factor. It should not be too readily assumed that crystallization rates of metals 
are entirely a function of the rate of heat abstraction. Crystallization rates 
predicted from the latent heat of fusion and the thermal diffusivity for nonferrous 
metals show a several-fold discrepancy from measured rates. The heat present 
as superheat for normal steel-pouring temperatures represents only 3 to 6% of 
the total amount of heat abstracted from the ingot during solidification. Changes 
in superheat could be easily accounted for by small changes in the thermal 
gradients in the solid portion of the ingot. The importance of the degree of 
superheat is its effect on the relative values of the rates of nucleation and 
growth at various stages of the freezing process, which is as yet not clearly 
understood. The relationship between the time for completion of freezing of 
the ingot and the per cent rejections for bore defects in seamless gun tubes as 
proposed by Dr. Paschkis is beyond the comprehension of the author. 

Dr. Fetters presents some pertinent general remarks concerning the factors 
currently considered in the design of commercial steel ingots. Some of the 
factors mentioned result from local conditions in particular mills and must 
continue to be considered. Perhaps the most interesting observation from our 
production experience in World War II is the importance of primary ingot 
structure in ingots used for products which undergo severe combined stressing 
in processing or application. In other words, molds should be designed to 
obtain the desired primary ingot structure depending upon the application of 
the steel, in addition to other factors currently considered. 

No discussion on the freezing of metals would be complete without a word 
regarding the effect of dissolved gases, particularly hydrogen, on the freezing 
process. This factor is ably introduced by Dr. Zapffe, one of the leading 
investigators in the field of gases in metals. The suggestion that hydrogen is a 
cause of the cracking problem in products from bottom thirds of ingots merits 
attention, although this was not confirmed by vacuum fusion studies on one ingot. 
It must be recalled that sampling and storing of samples is a difficult problem 
in hydrogen analysis owing to the rapid diffusion rate of hydrogen. Several 
references in the literature may be found on the effect of dissolved gases on 
primary cast structures and some divergences of opinion are evident. More 
work is needed to clarify further the effect of gases on primary structures. The 
wartime conditions under which the present research was conducted precluded 
any such investigation. 





INGOT FACTORS IN THE PRODUCTION OF SEAMLESS 
GUN TUBES 


By J. W. Spretnak, K. L. Fetters anp E. L. LAYLAND 


Abstract 


The effect of several ingot factors on the problem of 
bore defects in heavy-walled seamless gun tubes was ex- 
amined. The most significant ingot factor was found to 
be the high frequency of occurrence of these bore defects 
in tubes processed from the bottom thirds of ingots. The 
position of the maximum occurrence of these defects in 
tubes from the bottom thirds of the ingots corresponds 
closely to the apex of the cone of solidification in the in- 
got. Optimum tapping and pouring temperatures in terms 
of bore defects were observed. Some dependence of ingot 
transit time on the frequency of occurrence of bore de- 
fects was indicated. 

The effect of mold size, ingot position, and pouring 
temperature on transverse reduction of area was noted. 
The use of a mold with an insulated bottom caused an 
improvement in transverse reduction of area in the por- 


tion of the tube corresponding to the bottom part of the 
ingot. 


INTRODUCTION 


HE entry of the United States into active participation in World 
War II brought about a very heavy demand for cannon tubes 
for-field artillery pieces, especially for the 40-mm tubes used in anti- 
aircraft artillery and for the 75-mm tubes used in tank artillery. The 
available capacity for the conventional method of manufacturing gun 
tubes by the forging and boring out procedure was quite inadequate 
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to meet this sudden heavy demand for gun tubes, and this method of 
manufacturing had to be augmented by a method that did not re- 
quire the use of the existing forging capacity and which could pro- 
duce tubes at a relatively high rate of production. 

The auxiliary method of manufacturing gun tubes selected was 
the seamless tube method, fully described previously by Carpenter 
(1).* This method consists of rolling the ingot into rounds of proper 
diameter, hot piercing the solid rounds by means of cross rolls and a 
mandrel, upsetting one end of the tube to provide a larger section 
size for the breech end of the tube, heat treating (generally normal- 
izing, water quenching, and tempering), and finish machining of the 
tube. This method can produce tubes at a high rate of production, 
gives high yield of the original ingot in the form of finished tubes, 
and minimizes the amount of machining required per tube. SAE 
4335 and SAE 4340 steels were used for the 40-mm and 75-mm tubes, 
respectively. The bulk of the steel used in the seamless gun tube 
program was melted in the basic open-hearth because of the heavy de- 
mand for electric steels during that period. 

The seamless tube method for production of gun tubes was not 
used prior to World War II, and consequently, there was no back- 
ground of experience in the production, inspection, and field per- 
formance of this type of tube. It is true that seamless tubes for other 
purposes were a standard production item in peace time, but the bulk 
of this tubing was of the thin wall type, whereas the production of 
seamless gun tubes was essentially the production of heavy-walled 
tubing. Many of the details of manufacturing had to be worked out 
as the program developed. As would be expected in a new process, 
some serious problems were encountered. 

Aside from meeting the specification requirements for trans- 
verse mechanical properties, the conventional forged and bored gun 
tubes are rejected mainly because of defects in the following three 
categories: 

Type 1—Cracks (generally formed in quenching ) 

Type 2—Flakes 

Type 3—Defects caused by the presence of nonmetallic inclu- 
sions. 

Type 1 and 2 defects in practice are rightfully considered causes 
of rejection, and usually no further consideration is given them be- 
cause of the obvious danger of their initiating ruptures in firing by 
acting as effective stress raisers. The Type 3 defects (nonmetallics ) 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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occur in various sizes and shapes. The inclusions in the Type 3 
defects may be the products of deoxidation, or may be exogenous in 
origin. The inclusion type of defects which are generally discovered 
on machining are referred to as seams, slag, porous metal, pits, sand 
splits. The effect of these nonmetallics on gun life and performance 
is not clear and the decisions on acceptability were of necessity left 
to the judgment of the inspector. However, the rate of rejection of 
forged and bored tubes for the Class 3 defects generally was so low 
as to be of little practical significance. 

In the seamless gun tubes, in addition to the three types of de- 
fects mentioned in the previous section, there occurred another cate- 
gory of defects in the bore which were characteristic of these gun 
tubes. A photograph of one of these defects as it appeared in the 
machined bore of a rejected 75-mm tube along with a transverse sec- 
tion through the defect to indicate the depth is presented in Fig. 1. 
Further references in the paper to bore defects refer to defects of 
this type in seamless gun tubes. Metallographic studies (2) have in- 
dicated that inclusions were not the primary cause of these defects 
although they may have acted in some manner to initiate them. The 
defects in general were rather shallow and usually were machined out 
of the pierced bore; the size of these defects varied over a consider- 
able range. However, they remained after machining with a fre- 
quency large enough to cause a serious rate of rejection of these 
tubes. Indeed, the losses at one period in the program were so heavy 
that there was some thought of abandoning the seamless process 
for gun tubes. 

The parent research project at the Carnegie Institute of Tech- 
nology on gun steels was started in April 1941 by Dr. C. Wells 
and Dr. R. F. Mehl. The broad objectives of this research were to 
(a) study the factors influencing the mechanical properties of gun 
tubes, and (b) the use of this knowledge in improving transverse 
ductility, and as a basis of developing specifications for gun steels 
on sounder principles. Preliminary surveys by this group indicated 
the seriousness of the problem of bore defects in seamless gun tubes. 
On recommendations of the subcommittee on Gun Forgings of the 
Ferrous Metallurgical Advisory Board, U. S. Army Ordnance De- 
partment, research projects were established which were concerned 
mainly with the mitigation of the problem of bore defects in seam- 
less gun tubes. The factors involved in steelmaking and processing 
after the ingot was frozen were assigned to NDRC Research Pro}j- 
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Fig. sg ne of a Bore Defect in a Rejected 75-Mm Seam- 
less Gun Tube. (a) Defect as it appeared in the rifled bore of the tube 
(approx. X 3). (b) Transverse section through defect (approx. x 5). 


ect NRC-50, entitled “Control of Basic Open-Hearth Melting Prac- 
tice for the Manufacture of Wrought Gun Tubes.” The work on 
ingot factors in the production of wrought gun tubes, particularly 
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for the seamless gun tubes, was assigned to the Carnegie Institute 
of Technology.” 

This work on gun steel ingots is a subdivision of the parent 
research project on properties of gun steels. Another subdivision 
of this research is one which resulted from a production problem 
involving the quench cracking of gun tubes. The work on gun tubes 
done at the Carnegie Institute of Technology is therefore to be 
presented in three series of papers, one involving mechanical proper- 
ties, the second on ingot factors, and the third on quench cracking. 
The present paper is introductory to the series on the studies of gun 
steel ingots and is a survey of the effect of various ingot factors, 
particularly in seamless gun tube production. This general survey 
suggested specific researches on ingots which are described in subse- 
quent papers in this particular series. 

The following sections summarize some of the results obtained 
through the statistical analysis of plant data from various sources 
obtained from the co-operating companies of the project. Factors 
affecting the occurrence of bore defects and variations in mechanical 
properties of the products of the ingots are included. Although this 
work was done specifically on seamless gun tubes, it is of general 
metallurgical interest in the production of wrought steel products, 
and particularly of heavy-walled seamless tubes. Most of the data 


contained in this paper have been summarized in a previously pub- 
lished NDRC report (3). 


Factors INFLUENCING OCCURRENCE OF Bore DEFECcTs 


Location of Defects—As a possible indication of some of the 
factors affecting the formation of bore defects in seamless gun tubes, 
studies were made relating the frequency of bore defects in the tubes 
to the position in the heat of the ingots from which the tubes were 
processed and to the various positions within the ingot. Seven cuts 
were generally obtained from one ingot to produce seven 40-mm tubes 
per ingot, and three cuts were obtained per ingot to produce three 
75-mm tubes. 

a. By Thirds of Heats—A group of 41 heats for 75-mm tubes 
(approximately 3800 tubes) and 17 heats for 40mm tubes (approxi- 
mately 4500 tubes) were used to study the frequency of occurrence 





2The work presented in this paper was done in connection with the research project en- 
titled “Improvement in Gun Steel Ingot Practice” s red at the Carnegie Institute 
of Technology by the National Defense Research Council of the Office of Scientific Research 
and Development under Contract OEMsr-755. The work on this contract has been declas- 
sified and is now available for general distribution. 
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of bore defects by thirds of heats. Basic open-hearth steel was 
used and cast into a 21-inch fluted round ingot 73.75 inches long yield- 
ing an ingot of approximate weight of 6100 pounds. Details of the 
steelmaking practices are presented in the reports of NDRC Re- 
search Project NRC-50 entitled, “Control of Basic Open-Hearth 
Melting Practice for the Manufacture of Wrought Gun Tubes.” 

The following table indicates the percentage of bore defects by 
thirds of heats for all three cuts for 75-mm tubes and also consider- 
ing only the bottom cuts from the ingots. Approximately 40 ingots 
were obtained per heat. 








75-mm Tubes ——— 
% Rejection % Rejection 
Ingot Numbers All Cuts Bottom Cuts Only 
1-13 1.60 5.33 
14-26 1.92 2.44 
27-40 1.80 4.10 


It will be noted that, considering all three cuts, the rejections 
were higher to a slight degree in the middle third of the heats. Con- 
sidering only the bottom cuts, however, it was indicated that the first 
third of the heats was inferior to the last two thirds. Since the tem- 
perature of the steel is highest at the beginning of pouring, this dis- 
tribution may have been due to the effect of the pouring temperature 
upon the distribution of nonmetallic inclusions, or upon the type of 
primary crystal structure developed in the ingot. It will be noted also 
that the rejections for bore defects were definitely higher in the 
bottom third of the ingot as compared to the upper two thirds. This 
feature of the distribution will be discussed in a subsequent section. 

The same type of analysis was made for the 40-mm heats. In 
this case, seven cuts were obtained per ingot and the bottom thirds 
include the bottom and next to the bottom cuts. 








40-mm Tubes 
% Rejection % Rejection 
Ingot Numbers All Cuts Bottom Cuts Only 
1-13 3.60 8.39 
14-26 1.90 3.84 
27-40 1.30 3.12 


In the case of the 40-mm tubes, the first third of the heats had a 
greater frequency of occurrence of bore defects considering all cuts, 
and also for the bottom cuts only. Again this may have been due 
to the effect of the higher steel temperatures at the beginning of the 
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teeming on the distribution of the nonmetallics or its effect on the 
primary crystal structure of the ingot. 

b. By Ingot Number—Plotting the percentage of bore defect 
rejections per ingot by the position of the ingot in the heat, there 
were no clear-cut tendencies exhibited. It did appear that there was 
a general improvement from the tenth to the thirty-second ingot. 
This behavior confirms the previous observation that the first third 
of the heat is inferior to the balance of the heat with respect to the 
occurrence of bore defects in gun tubes produced from these ingots. 

c. By Ingot Cuts—Studies of inspection records of seamless 
guns indicated a quite definite predominance of bore defects in guns 
made from bottom cuts of the ingots. A breakdown therefore was 
made of the bore rejections by ingot cuts for all the practices for 
both 40-mm and 75-mm tubes, and for good and bad heats, in order 
to determine if this bottom condition was characteristic of certain 
practices or of bad heats, or whether the condition was general in 
prevalence, resulting from the manner of solidification in the ingots 
used in the production of seamless gun tubes. The heats from each 
steel producer were segregated statistically into “normal” and “bad” 
heats from control charts of bore rejections by heats. Heats were 
considered bad if the percentage of rejections was greater than the 
average value plus three times the standard deviation.* 

The breakdown of bore defects by ingot cuts for the 40-mm tubes 
is found in Table I, and for the 75-mm tubes is found in Table II. 
The results on steel from two steel suppliers are included in each 
table. The steel in all cases was made in the basic open-hearth fur- 
nace. 

These two tables indicate strikingly the large proportion of re- 
jections which were due to bore defects in tubes processed from bot- 
tom thirds of the ingots. 50% of 40-mm rejections and 75% of 
75-mm rejections came in tubes processed from the bottom thirds of 
ingots! This observation is one of the most interesting made in the 
seamless gun program. It had been believed generally in the past 
that the bottom of the ingot was the cleanest and soundest part of the 
ingot. It is true that when the gun steel ingots were sectioned and 
etched, the bottom thirds did appear to be the soundest, but on the 
basis of occurrence of bore defects in seamless gun tubes, the bottoms 
were found definitely to be the worst part of the ingot ; indeed at one 
period in the process, the bottom cuts for 40-mm tubes were diverted 


®The method of calculating the standard deviation of a series of values can be found in 
any standard text on statistics. 
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Table I 
Breakdown of Bore Rejections 


40-mm Seamless Gun Tubes 
Seven Cuts Per Ingot 


-——Producer A——, r-—— Producer G———, 
All Normal Bad All Normal Bad 
Heats Heats Heats Heats Heats Heats 
% Rejects—All Cuts ........... 3.99 2.99 10.55 12.53 8.63 26.00 
% Rejects— Bottom B, Bl Cuts* 8.48 6.65 20.25 23.45 16.28 43.40 
% Rejects—Tops and Middles 
B2—B6 Cuts ....... 2.41 1.70 7.06 8.87 6.25 18.73 
Ratio ~ oe 
ttoms 
% Tops and Middles 3.52 3.92 2.86 2.65 2.61 2.32 
Contribution of Bottoms to 2 
Total % Rejection ........... 55.4 58.0 50.8 46.8 44.8 49.3 


Bottom Rejections 
Total Rejections °° 


*Ingot cuts are numbered from bottom to top of the ingot as B, Bi, B2 — B6. 


Table Il 
Breakdown of Bore Rejections 


75-mm Seamless Gun Tubes 
Three Cuts Per Ingot 


-——Producer A——_,, r—— Producer H——— 
All Normal Bad All Normal Bad 
Heats Heats Heats Heats Heats Heats 
% Rejects—All Cuts ........... 1.82 1.54 5.32 5.38 4.52 15.82 
% Rejects—Bottom B Cuts ..... 4.47 3.99 10.20 13.82 11.38 40.75 
% Rejects—Tops and Middles 
1 ee 0.67 0.49 2.96 1.73 1.48 4.03 
Ratio of Rejects 
ttoms 
% Tops and Middles 6.68 8.14 3.45 8.00 7.68 10.09 
Contribution of Bottoms to 
Total % Rejection ............ 74.3 77.5 62.5 77.6 76.2 82.7 


Bottom Rejections 


Total Rejections x 190 


to other applications. In an analysis of 12,843 40-mm tubes, Car- 
penter (1) indicated that, considering the rejections for all seven 
ingot cuts, approximately 70% of the total rejections came in tubes 
processed from the bottom and next to the bottom cuts (bottom 
thirds of the ingot). 

In Tables I and II, the ratio of percentage rejections from bot- 
tom thirds to those of the remaining two thirds of the ingot was 
quite constant in each type of gun, for both steel producers, and for 
both normal and bad heats. For the 40-mm tubes this ratio ranged 
from 2.04 to 3.92, and for the 75-mm tubes from 6.68 to 8.14, with 
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the exception of one bad heat of Producer A, which had a ratio of 
3.45. The ratios were higher for the 75mm tubes than for the 
40-mm tubes. The bottom cuts contributed 45 to 58% of the total 
rejections in the case of the 40-mm tubes, and 62 to 82% in the case 
of the 75-mm tubes. 

This analysis demonstrates that the concentration of bore defects 
in tubes processed from bottom thirds of ingots was not restricted 
to certain practices or bad heats, but that it was general in occur- 
rence. The magnitude of losses varied from practice to practice but 
the ratio of losses in tubes from bottoms to the total losses remained 
substantially constant. It therefore must be concluded that this 
concentration of defective gun tubes in those processed from ingot 
bottoms was due to some cause basic to all the ingots, such as the 
primary ingot structure, in that portion of the ingot. The severity of 
this effect appeared to vary with the cleanliness of the steel, as sug- 
gested by the varying magnitude of losses from practice to practice. 

The losses of tubes processed from the bottom thirds of ingots 
for all causes was the most serious problem in the seamless gun tube 
program. It was evident that if some change in ingot design could 
be effected that would bring the bottom portion of the ingot to a level 
of quality comparable to the upper portions of the ingots, the bore 
rejections would have been considerably decreased. 

d. Location of Maximum Frequency of Bore Defects—In the 
inspection of gun tube bores by means of a boroscope, the location 
of bore defects along the length of the tube was generally recorded. 
These records permitted the plotting of a frequency curve for the 
occurrence of bore defects along the length of the tube. Such a 
curve was constructed for the 75-mm seamless tubes processed from 
the bottom cuts of the ingots and is shown in Fig. 2. The maximum 
frequency of bore defects occurred at 25 to 36 inches from the bottom 
of the bottom cut which corresponds to the muzzle end of the tube. 
A smaller peak occurred at approximately the same distance from 
the other end of the tube. This small peak is believed to be due to 
the practice of turning around a small number of the tubes so that the 
breech end corresponds to the bottom of the bottom cut in those 
cases where eccentricity was encountered in the pierced tube. 

The position of the maximum occurrence of bore defects was 
calculated to its original position in the ingot, taking into consideration 
the amount of reduction and the bottom crop. This position is illus- 
trated diagrammatically in Fig. 3. It is very interesting to note that 
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Fig. 2—Distribution of Bore Defects Along the Length of 75-Mm Seamless 
Gun Tubes Processed from the Bottom Cuts of the Ingots. 


this position of maximum occurrence of bore defects corresponds 
closely to the apex of the “cone of solidification” in the ingot. This 
is strong evidence that the primary ingot structure in the bottom 
portion of the ingot had an important bearing on the occurrence of 
bore defects in seamless gun tubes. 

e. Location of Maximum Frequency of Quench Cracks—At a 
time late in the 75-mm seamless gun program, a period of serious 
losses as a result of quench cracking was encountered. A total of 
135 tubes rejected because of quench cracks were segregated accord- 
ing to the ingot cuts with the following results: 


Ingot Cut No. of Tubes % of Total 
Bottom 90 66.67 
Middle 20 14.81 
Top 25 18.52 


Again as in the case of bore defects, the tubes processed from the 
bottom cuts of the ingot contributed two-thirds of the total rejections 
for quench cracks! It might be suggested that the quench cracks 
were initiated by bore defects, but in the inspection of the bores of 50 . 
of the tubes containing cracks, in no case was there evidence of bore 
defects occurring together with quench cracks. 

As in the case of bore defects the positions of the cracks along 
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the length of the tube were recorded. These data permitted the 
plotting of the frequency of occurrence of quench cracks along the 
length of the 75-mm seamless tubes processed from the bottom cuts 
of ingots as was done for bore defects in Fig. 2. This curve occurs 
as the solid curve in Fig. 4. The corresponding curve for bore 
defects is represented by the broken line curve. 
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Bottom Cut 


—IN 


Approx. Location of 
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Fig. 3—Location in Original Ingot of Position 

of Maximum Frequency of Occurrence of Bore 


Defects in 75-Mm Seamless Tubes Processed from 
the Bottom Cuts of the Ingots. 


The similarity between these two curves is remarkabie. The 
maximum frequency for both bore defects and quench cracks oc- 
curred at 25 to 36 inches from the muzzle end of the tube which cor- 
responded to the bottom of the bottom cut of the ingot. The fre- 
quency curves for quench cracks along the tubes processed from the 
middle and the top cuts of the ingot showed no peak as appeared for 
bottom cuts in Fig. 4. Armor plate from the bottom portion of 
ingots* possessed poorer ballistic properties than did plate made from 
other portions of the ingot. From the data presented in the preced- 





‘Private communication. 
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Fig. 4—Distribution of Bore Defects and Quench Cracks Along the Length 
of 75-Mm Seamless Gun Tubes Processed from the Bottom Cuts of the Ingots. 


ing sections, the frequency of occurrence of both bore defects and 
quench cracks in seamless gun tubes was highest in tubes processed 
from bottom thirds of ingots. It then appears that the structures 
obtained in the bottom portion of the basic open-hearth steel ingots 
produced in standard cast iron molds are inherently less able to re- 


sist and dissipate imposed combined stresses than are the structures 
obtained in the balance of the ingot. 


CORRELATION STUDIES 


The effect of several manufacturing variables which might pos- 
sibly influence the occurrence of bore defects was examined in order 
to determine which of these had an important bearing on the problem. 

a. Bore Defects vs Sulphur Content of Steel—The effect of 
sulphur content in the steel was examined because of the role of sul- 
phur in promoting “hot-shortness.” The sulphur content varied 
within a narrow range (0.015 to 0.025%) and within this range there 
appeared to be no relationship between the sulphur content of the 
steel anc the frequency of occurrence of bore defects. 

b. Bore Defects vs Pouring Temperature—The average per- 
centage of bore defects per heat was plotted as a function of the 
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Fig. 5—Average Per Cent Rejections for Bore Defects as a Function of the 


Pouring Temperatures for 75-Mm Heats Considering the Bottom, Middle, and 
Top Ingot Cuts. 


average pouring temperature for the 41 heats for 75-mm tubes. Fig. 
5 is such a plot for all three cuts of the ingot, and Fig. 6 is the plot 
for the bottom cuts only. In Fig. 5, an optimum pouring tempera- 
ture of 2845 F (1565 (C) is indicated, with the average per cent of 
bore rejections rising rapidly below and above this temperature. The 
curve for the bottom cuts only is similar in nature but is displaced 
to higher average percentages of bore defects because of the high 
frequency of occurrence of these defects in tubes from the bottom 
cuts, as previously indicated. The reason for this indicated optimum 
pouring temperature is not readily apparent. Some of the factors 
involved may have been the effect of the molten steel temperature 
on the primary ingot structure, the effect of this temperature on the 
deoxidation reactions, and the effect of this temperature on the 
amount of nonmetallic inclusions entrapped by the solidifying ingot. 
The explanation for this influence of pouring temperature on the 
occurrence of bore defects probably involves a combination of such 
factors because of the reversal in the curve at the optimum tempera- 
ture. 

In a similar plot for the 17 heats for 40-mm tubes, no optimum 
temperature was indicated, probably because of the relatively small 
number of heats involved. 
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Fig. 6—Average Per Cent Rejections for Bore Defects as a Function of the 
Pouring Temperatures for 75-Mm Heats Considering Only the Bottom Ingot Cuts. 


c. Bore Defects vs Tapping Temperature—Similar plots were 
made for the occurrence of bore defects as a function of the tapping 
temperature for the 75-mm heats, for the case in which all three ingot 
cuts are considered, and for the case in which the bottom cuts only 
are considered. The curves were similar in form to those for pour- 
ing temperatures, as would be expected, since in a given practice the 
pouring temperature correlates closely with the tapping temperature 
for the heat. An optimum tapping temperature of 3005 F (1650 C) 
was indicated. 

Again no dependence of frequency of occurrence of bore defects 
upon tapping temperature was indicated for the 17 heats for 40-mm 
tubes. 

d. Bore Defects vs Pouring Time Per Ingot—The pouring time 
per ingot was studied because of its possible effect on the solidifica- 
tion of the ingot. The major influence of pouring time per ingot on 
the interior ingot structure is its effect on the promotion of direc- 
tional solidification upward in the ingot. A slower pouring time is 
equivalent to increasing the taper in the ingot in terms of promoting 
directional solidification. 

The pouring times for the ingots were plotted against the aver- 
age percentage rejections for bore defects in tubes processed from 
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_. , Fig. 7—Per Cent Rejections for Bore Defects in 75-Mm Seamless Gun 
lubes as a Function of the Pouring Time Per Ingot. 
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Fig. 8—Effect of Ingot Transit Time on the Average Total Per Cent 


ae Per Heat in Basic Open-Hearth Heats for 40-Mm Seamless Gun 
Tubes. 


these ingots for 15 heats used in producing 75-mm tubes for which 
the pouring times per ingot were recorded. This plot is presented 
in Fig. 7. The plot indicated a maximum frequency of occurrence 
of bore defects in tubes processed from ingots poured in 34 to 36 sec- 
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onds. The optimum pouring time per ingot appeared to be from 
36 to 44 seconds. The increase in the occurrence of bore defects with 
pouring times longer than 44 seconds is of questionable significance 
because of the small number of ingots having pouring times greater 
than 44 seconds. : 

e. Bore Defects vs Ingot Transit Time—The transit time for 
the ingots in a heat, defined as the time elapsed between the end of 
the pouring of the ingots and the start of charging into the soaking 
pits, was reliably known for 25 heats for the 40mm seamless gun 
tubes. The total per cent scrap per heat (for bore defects, etch test 
rejections) was plotted against this transit time for the ingots in the 
heats as illustrated in Fig. 8. The curve indicated an increase in re- 
jections for transit times longer than 3 hours. This is well be- 
yond the time required for the completion of solidification of the last 
ingot poured in the heat. Incomplete data indicated that this curve 
begins to rise for decreasing transit times under 2 to 3 hours. This 
rise to the left of the apparent minimum was probably associated with 
the moving of ingots which are only partially frozen, which has 
been demonstrated to cause “cokey” centers in the ingot (4). 

Tie rise in rejections to the right of the minimum is not readily 
understood, although it may be associated with the type of thermal 
gradients present in the ingots as they are charged into the soaking 
pits, which may cause cracking to occur in the interior of the ingot 
as a result of thermal stresses. Such interdendritic cracks (5) were 
actually found in the bottom portion of an ingot from this practice 
for 40mm gun tubes. However, special research on this effect of 
transit time is needed to understand its nature. 

Dunkle (6) has studied the effect of ingot delivery time on the 
rejections for breaks, pipe, checks, and seams for a series of heats 
of Bessemer screw stock. His studies indicated that the best quality 
of this steel was obtained when the ingot delivery time was very 
short, or when the ingots were charged into the soaking pits as cold 
steel. The rejections increased to a maximum and then declined 
continuously with increasing ingot delivery time. It was observed 
that the delivery time at which the maximum rejections occurred 
coresponded to the time required for completion of solidificatien of 
the ingot. It is then evident that the dependency of rejections for 
bore defects in seamless gun tubes (internal defects) on the ingot 
transit time did not parallel that for Bessemer screw stock (mainly 
surface defects), in that the rejections in the former case began to 
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increase with increasing transit times well beyond the time required 
for completion of the solidification of the ingot, whereas in the latter 
case the rejections continuously decreased for increasing transit times 
longer than those corresponding to the time required for the solidi- 
fication of the ingot. 

f. Multiple Correlation Studies—The correlation studies dis- 
cussed previously involved the degree of relationship between pairs 
of variables. A limited amount of work was done to determine the 
dependency of the occurrence of bore defects on the combined effects 
of several variables. This study was made by using the statistical 
method of determining the multiple correlation coefficient.® 

This coefficient was determined to establish the degree of de- 
pendency of the frequency of occurrence of bore defects per heat on 
the following six variables: 1. transverse reduction of area, 2. yield 
strength, 3. tensile strength, 4. pouring temperature, 5. pouring time, 
and 6. tapping temperature. The data used were from the 41 heats 
for 75-mm seamless gun tubes. This calculation indicated that about 
75% of the variation in frequency of occurrence of bore defects was 
due to variables other than those listed. In other words, there were 
factors other than those listed which were of considerable importance 
in their influence on the frequency of rejections for bore defects. 


VARIATIONS IN MECHANICAL PROPERTIES 


Some studies were made on the effect of various factors in 
ingot practice on the transverse mechanical properties obtained on 
the gun tubes processed from these ingots. The standard tensile 
tests on gun steels were taken in the transverse direction at the mid- 
wall position of the heat treated tube, the heat treatment consisting 
generally of a normalize, water quench, and a tempering treatment. 

a. Ingot Mold Size vs Mechanical Properties—Data on trans- 
verse reduction of area obtained on tubes made from eleven types of 
ingots used in the manufacture of 75-mm tubes were available for 
study. These data are contained in Fig. 9. The data on some of the 
ingots were quite limited. Taking into consideration the sample size, 
it appears that the 21-inch fluted round ingot preferred by the steel 
producers gave the best average transverse reduction of area. There 
is an indication of a trend for decreasing average RAT with increas- 





®The method employed in determining this multiple correlation coefficient is outlined in 
the ap ix of Progress Report on “Improvement in Gun Steel Ingot Practice,”” OSRD No, 
3152, Serial No. M-160, January 12, 1944. 
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Fig. 9—Effect of Ingot Mold Size on the Average 
Transverse Reduction of Area in 75-Mm Seamless Gun 
Tubes Processed from Ingots Cast in These Molds. 


ing ingot size. However, it must be recalled that in addition to the 
small sample size in general, steelmaking factors also affect the 
average RAT per heat. There were approximately one hundred 
75-mm tubes made per heat. 

b. Mechanical Properties vs Ingot Cut—The distribution curves 
for transverse reduction of area values (RAT) in 75-mm tubes ac- 
cording to the ingot cut from which they were processed were. plotted 
for a series of heats in Fig. 10. It will be noted that the distribution® 
for the bottom cuts is displaced toward lower values of RAT. NRC 
Projects B-90 and B-160 in a report’ demonstrated that good heats 
of steel on the basis of RAT had a small variation of RAT with 
ingot position, but that the poorer heats had lower RAT values in 
the bottom and middle cuts of the ingot. 

c. Mechanical Properties vs Pouring Temperature—The data 
for the 41 heats for 75-mm tubes and the 17 heats for 40-mm tubes 


*The inherent variation in transverse reduction of area was first discovered by Dr. C. 
woes of the Metals Research Laboratory in his work on transverse ductility in wrought 
steels 


7Private communications. 
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Fig. 10—Distribution of Transverse Reduction of Area Values in 75-Mm 
Seamless Tubes According to the Ingot Cuts from Which the Tubes Were Proc- 
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Fig. 11—Effect of Refractory Bottom in Ingot Mold on the 
Distribution of Transverse Reduction of Area According to Ingot 
Position in Gun Tubes Processed from Ingots Cast in This Type of 
Mold. 


were examined for the effect of pouring temperature on the yield 
strength, tensile strength, and transverse reduction of area (RAT) 





a. 
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obtained in the tubes processed from these heats. There was no 
dependence upon pouring temperature indicated for yield strength 
and tensile strength. There was a trend exhibited for decreasing 
RAT values as the pouring temperatures increased. This behavior 
did not parallel the effect of pouring temperature on occurrence of 
bore defects which was high at low pouring temperatures, fell to a 
minimum, and again increased as the pouring temperature was raised. 

d. Effect of a Refractory Bottom Ingot Mold on Distribution 
of RAT in the Ingot—In a previous section of the paper, the im- 
portance of ingot position, and therefore ingot structure, on the fre- 
quency of occurrence of bore defects was shown. The tubes made 
from bottom cuts contributed over two-thirds of all the rejections. 
The structure in this position results from the intersection of di- 
rectional solidification from the bottom and from the sides of the 
mold, giving rise to cleavage lines and other planes of weakness. The 
magnitude of losses is affected by steelmaking practice, perhaps 
(though there is no evidence for this mechanism) because of pre- 
cipitation of nonmetallic inclusions in these planes of weakness. It 
can be logically inferred then that decreasing the amount of direc- 
tional solidification from the bottom of the mold by drastically re- 
ducing the rate of heat abstraction in this direction would be a step 
toward improving the bottom cuts for seamless gun tube production. 

The “insulated bottom’ ingot mold was not used in practice in 
the seamless gun tube program and therefore no evidence was avail- 
able as to its effect on performance of the bottom cuts of the ingots 
solidified in this type of mold. However, a producer of gun tubes 
by the conventional forging and boring out method used a 25-inch 
square open bottomed mold set on a firebrick stool, simply as a mat- 
ter of mold economy. This practice gave an opportunity to study 
the effect of slow cooling the bottom of the ingot during the solidifi- 
cation period on the RAT distribution according to the ingot posi- 
tion. This comparison is illustrated in Fig. 11. 

It will be noted that the RAT distribution for the ingot bottoms 
had much less of a “tail” toward lower RAT values than did the 
distribution for the top positions in the ingot and had an advantage 
of 1.3% in average RAT. In the ingots for gun tubes produced in 
the standard closed bottom cast iron mold, the RAT values were in 
general lower in positions corresponding to the bottom part of the 
ingot, and in the best heats the bottom portion approached the top 
portion in RAT quality. In no case was it observed that the bottom 
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portions were of higher quality than the top portions of the ingot in 
terms of RAT, as was true in the ingots from the refractory bottom 
mold. Thus it appeared that slow cooling the bottom of the ingot in 
solidification brought about a change in the primary ingot structure 
such as to improve the quality of the bottom of the ingot in terms 
of the transverse reduction of area values. Sufficient evidence was 
not available to deduce whether this improvement was due to change 


in primary structure or to an improved distribution of nonmetallic 
inclusions. 


DISCUSSION 


As previously stated, the purpose of this general survey of the 
influence of ingot factors on the bore defect problem in the produc- 
tion of seamless gun tubes was to indicate specific researches on ingot 
variables which appeared to be important. The most influential fac- 
tor was found to be the consistently high frequency of occurrence of 
bore defects in tubes processed from the bottom cuts of ingots. If 
this portion of the ingot could be brought up to the level of quality 
of the upper two-thirds of the ingot, the bore defect problem would 
be materially lessened. 

The proper approach to this problem, considering the ingot 
factors, appeared to be the determination of the difference between 
the bottom third and the remainder of the ingot in terms of: 1. 
the primary ingot structure resulting from the manner of solidifica- 
tion, 2. chemical segregation (macro), 3. variations in density of the 
steel, and 4. distribution of nonmetallic inclusions as to amount, com- 
position, size, and shape. From the production data presented, the 
problem appeared to be mainly one of the primary ingot structure 
in the bottom third of the ingot. The potency of this effect was indi- 
cated to be influenced in a secondary manner by the presence of non- 
metallic inclusions resulting from the steelmaking. This difference 
between the bottom third and the remainder of the ingot produced 
in the standard type mold has manifested itself in terms of trans- 
verse reduction of area, bore defects and quench cracking in seam- 
less gun tubes, ballistic properties of armor plate,’ and transverse 
fatigue properties in wrought steel products. 


SUMMARY 


1. The frequency of occurrence of bore defects in seamless gun 
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tubes was found to be higher in the first third of the heat. Approxi- 
mately 70% of the rejections of the tubes for bore defects came from 
tubes processed from the bottom cuts of the ingot. The ratio of 
rejections in the bottom cuts to the rejections in the tubes processed 
from the upper two-thirds of the ingot remained substantially con- 
stant for good and bad heats and from practice to practice. This 
suggests that the cause of the poor performance of ingot bottoms is 
fundamentally associated with the primary ingot structures in the 
bottom cuts and probably influenced by steel cleanliness as a second- 
ary effect. 

2. The position of maximum frequency of bore defects in 
75-mm seamless tubes from bottom cuts came at a position 25 to 36 
inches from the muzzle end. This position calculated to the original 
position in the ingot was closely associated with the apex of the 
“cone of solidification” in the ingot. A curve for the frequency of 
occurrence of quench cracks along the length of 75-mm seamless 
tubes from bottom ingot cuts closely parallels that for bore defects. 
The structures in ingot bottoms made in standard molds are appar- 
ently less able to resist and dissipate imposed combined stresses. 

3. There appeared to be no relationship between the occurrence 
of bore defects and the sulphur content of the steel. 

4. Optimum tapping and pouring temperatures were observed, 
with bore defects increasing above and below these temperatures of 
minimum occurrence of bore defects. The optimum pouring time 
per ingot for the 21-inch fluted round ingot appeared to be 34 to 36 
seconds. 

5. On a limited amount of data on heats for 40-mm tubes, the 
optimum transit time for the ingots appeared to be 2 to 3 hours. 

6. Multiple correlation studies relating variations on bore de- 
fect occurrence to 1. transverse reduction of area, 2. yield strength, 
3. tensile strength, 4. pouring temperature, 5. pouring time, and 6. 
tapping temperature showed that variables other than the six consid- 
ered had an important bearing on the bore defect problem. 

7. A study of eleven types of ingots suggested that the 21-inch 
fluted round ingot probably produced the highest average transverse 
reduction of area values. The transverse reduction of area distribu- 
tion in tubes from ingot bottoms was displaced to lower transverse 
reduction of area values as compared to those for the upper two 
cuts in the ingot. There appeared to be no dependence of tensile 
strength and yield strength on pouring temperatures; there was a 
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trend of decreasing average transverse reduction of area values with 
increasing pouring temperatures. 

8. The use of an open bottom ingot mold with a refractory 
stool produced an improvement in the transverse reduction of area 
distribution in the portion of the tube corresponding to the bottom 
of the ingot. 
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DISCUSSION 


Written Discussion: By S. F. Urban, director of research, The Titanium 
Alloy Manufacturing Co., Niagara Falls, N. Y. 

The inferior physical properties of gun tubes corresponding to the bottom 
third portion of an ingot may not be so much related to the amount of inclusion 
material as to the distribution of that inclusion material. It is fairly well 
established that distribution can be radically effected by the type of deoxidation 
practice employed and that as a result thereof there are large differences in 
physical properties. These physical properties vary with the position of the 
test specimen. For example, specimens taken transversely but within the ingot 
pattern show higher reduction of area than specimens taken diagonally across 
the corner of an ingot pattern. These differences in transverse properties may 
be essentially eliminated with very high reduction of area if the steel is deoxidized 
with calcium metal prior to aluminum deoxidation. This is in accordance with 
the work of Sims and Dahle, published several years ago in the Journal of the 
American Foundrymen’s Association. 


Authors’ Reply 


In answer to the discussion of this paper the authors wish to point out that 
this paper presents the general problem of the observed effects of ingot structure 
on seamless gun tubes and for the most part should be considered only a 
definition of the problem, and many of the questions which may be asked at the 
present time will only be answered by future research. 

There is no doubt that the size, amount, and distribution of nonmetallics are 
closely related to the defects in the gun tubes. The problem is not only 
complicated by the difficulty of determining any measures of inclusive distribution 
but also by the difficulty of determining to what extent defects are aggravated 
or minimized by unfavorable or favorable hot working conditions. Much further 
work will be required to satisfactorily answer these questions. 





LADLE DEOXIDATION OF KILLED STEEL WITH 
SILICON CARBIDE AND ITS EFFECT ON PHYSICAL 
PROPERTIES AND HARDENABILITY 


By Epwarp A. Loria AND A. PAuL THOMPSON 


Abstract 


A standard ladle deoxidation practice involving the 
use of granular silicon carbide and its establishment on the 
basis of heat or ingot quality is described. Numerous 
tests conducted on commercial heats of both open-hearth 
and electric furnace steel have shown that silicon carbide 
deoxidation produces steel having wnproved microstruc- 
ture and physical properties, especially manifest in in- 
creased strength and ductility. Silicon carbide promotes 
greater hardenability by grain coarsening and by fewer 
deoxidation products. The comparative effects of various 
ladle deoxidation practices on hardenability are shown 
for SAE 1030, SAE 1050, and NE 8640. The metallog- 
raphy of silicon carbide-treated steel is discussed with 
particular reference to the characteristic type of inclusions 
which have been observed and their effect on steel quality. 


INTRODUCTION 


ARIOUS investigators have studied the mechanism and the 

nature of, the reactions by means of which free or combined 
oxygen is removed from a bath of molten steel by the addition of an 
element whose oxide is more stable than that of iron (1 to 4). 
For most grades of steel, particularly those that are fully killed as 
compared with the semi-killed or rimmed grades, the primary ob- 
jective is the decrease of the oxygen content. It is not practicable 
to remove completely the oxygen, and consequently the types and 
distribution of oxides that remain in the steel are important factors 
to be considered in connection with deoxidation procedures. A 
recent paper by Tenenbaum and Brown (5) on the relation of de- 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Twenty-eighth Annual Convention of the 
Society, held in Atlantic City, November 18 to 22, 1946. Of the authors, 
Edward A. Loria is Fellow and A. Paul Thompson is Senior Fellow, Multiple 
Fellowship on Abrasives sustained by The Carborundum Company at Mellon 
Institute, Pittsburgh. Manuscript received July 22, 1946. 
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oxidizing methods to the oxygen content after bath deoxidation and 
during teeming has demonstrated that it does not seem to make a 
great deal of difference what the order of additions is or what the 
final oxygen content is but that the final deoxidation procedure 
adopted should be determined on the basis of heat or ingot quality. 
Their data indicate that there is little difference between various 
deoxidation practices insofar as the total oxygen content-of liquid 
steel is concerned. However, other features—such as the distribu- 
tion and types of oxides, the security of the furnace block, the re- 
covery of alloying additions, as well as soundness of product—must 
be considered before comparison of the merits of individual deoxida- 
tion practice would be justified. Ascik (6) has studied the effect of 
basic electric melting practice on ingot heterogeneity with the aim 
of minimizing detrimental effects and assuring maximum ingot yields. 
He points out that the difference between longitudinal and trans- 
verse properties serves as a measure of ingot heterogeneity while 
micro- and macro-tests provide additional data on the effectiveness 
of the melting and deoxidation practice. Recognizing the importance 
of ingot heterogeneity in steelmaking, this paper presents the results 
of a particular deoxidation practice in terms of this essential variable. 

The availability of silicon carbide in this country in commercial 
quantities has led to interest in its properties and uses. For many 
years silicon carbide in briquetted form has been used effectively for 
the deoxidation of cast iron (7), and only the development of a 
standard ladle deoxidation practice would be necessary to attain 
similar benefits in the case of steel. Therefore an extensive investiga- 
tion on a commercial heat basis was initiated and the practice was 
applied to both open-hearth and electric furnace steels. This paper 
recording representative data obtained on these two types of killed 
steel has been divided into two sections. The first section provides 
a survey of the development of a standard ladle deoxidation practice 
involving the use of a specially processed silicon carbide.*?, The sec- 
ond section reports comparative data on the improved physical prop- 
erties and hardenability that accompany ladle deoxidation of killed 
steel with silicon carbide and endeavors to establish the practice on 
the basis of heat or ingot quality. 

Two other important aspects of deoxidation are (a) the rela- 
tion of various processes to the control of steel composition with 
respect to elements other than oxides and gases, and (b) the relation 





2The specially ee silicon carbide used in this investigation is known by the trade 
name “Ferrocarbo-S”. 
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of both furnace and ladle deoxidation practice to alloy recoveries. 
These features are not within the scope of this paper but will be 
considered in a subsequent contribution describing the use of silicon 
carbide as an essential part of the reducing slag in electric furnace 
steelmaking (8). These aspects may not be considered as a part of 
the metallurgy of deoxidation; nevertheless they are important and 


sometimes even governing factors in the establishment of a particular 
practice. 


METHOD oF ADDITION 


The first problem in the application of silicon carbide to steel is 
that of obtaining complete dispersion of the silicon carbide particles 
throughout the mass of molten steel in the ladle. The second prob- 
lem, which remains even after complete dispersion of the silicon car- 
bide has been obtained, is that of obtaining satisfactory reaction of 
the silicon carbide with the impurities in the molten steel. Benefi- 
cial results are secured if the addition is made when the ladle becomes 
about one-fourth filled with molten steel. It is necessary to enclose 
the silicon carbide in a four-ply paper bag or in another suitable con- 
tainer which will disintegrate in the molten steel after it has been 
forced, by the stream of steel entering the ladle, beneath the surface 
of the metal. The molten stream thus acts as a mechanical plunger 
forcing the package beneath the surface, whereupon its disintegration 
frees the fine ‘particles of silicon carbide, which are then thoroughly 
dispersed throughout the turbulent bath. Thereafter, the particles 
slowly rise through the molten steel, their ascent being retarded by 
the fine particle size and by the inherent high viscosity of the molten 
steel. 

The routine interval between the completion of the filling of the 
ladle and its pouring is sufficient ordinarily to allow the silicon car- 
bide to dissociate and deoxidize the steel*; however, it is desirable 
that this interval should be about 15 minutes. Because of the 
exothermic character of the deoxidizing reactions, the fluidity of the 
steel increases during this holding period. Thus, inclusions which 
occur in the molten steel or are formed therein as a result of the de- 
oxidizing reactions have a better opportunity to coalesce and rise 
out of the steel bath into the covering slag, this in turn contributing 


8The theory and mechanism of deoxidation with silicon carbide are not within the 
scope of this paper but will be the subject of a subsequent discussion. For the present 
it is sufficient to say that carbon and icon are the actual deoxidizers which are liberat 
by the dissociation of silicon carbide at steelmaking temperatures. 
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to the fluidity increase. It is desirable that the steel shall have a 
temperature of 2900 F (1595 C) upon tapping from the furnace, al- 
though higher temperatures may be employed. As a matter of fact, 
tapping at higher temperatures is frequently desirable, for the time 
necessary for deoxidation by the silicon carbide will thereby be de- 
creased. Thus conditions which require a minimum holding time in 
the ladle of 15 minutes, if the steel is tapped at 2900 F (1595-C), may 
be shortened to as little as 5 minutes if the steel is tapped at a tem- 
perature as high as 3100 F (1705 (C). 

The granular silicon carbide used for the deoxidation of steel 
must be rather finely divided because, if coarse particles are used, 
they may not completely react and will then appear as inclusions 
in the ingot or casting. It has been found that, at a tapping tempera- 
ture of 2900 F (1595 C) and with the steel held for a period of 15 
minutes in the ladle, particles passing through a screen having 50- 
mesh openings per linear inch may be employed. At higher tapping 
temperatures or with a longer holding period in the ladle somewhat 
coarser granules may be used, although there is no special advantage 
thereto. 

The amount of silicon carbide used for deoxidation may vary. 
Preliminary tests run with different percentages of silicon carbide 
as a deoxidizer revealed that comparatively small amounts are effec- 
tive in improving the quality of steel. For example, it is plain in 
Table I that the addition of a quantity as small as 1.1 pounds per ton 
of steel results in general improvement of physical properties. In 
general, the deoxidation needed varies with the carbon content of the 
steel. It has therefore been found expedient to adjust the amount 
of silicon carbide used as a deoxidizer in accordance with the analy- 
sis of the steel. For steels containing from 0.2 to 0.4% carbon, 4 
pounds of silicon carbide per ton of steel are ordinarily used. As the 
higher figure is reached and for carbon contents still greater, the 





Table I 
Effect of Silicon Carbide Content on Tensile Properties of Steel 

Silicon + Cuiae Analyses Yield Tensile Elongation Reduction 

Lbs. Per T Tey Point Strength In2Inches of Area uality 
Steel Cc Si psi psi % % actor* 
None 0.25 0.42 34,800 69,700 30.1 48.3 71.9 
1.1 0.26 0.46 35,500 68,250 31.7 50.5 74.3 
1.8 0.26 0.50 37,300 72,000 32.5 51.2 75.8 
2.2 0.23 0.59 36,800 70,200 , ae 51.8 76.2 

“Quality F Me Tensile Strength + 6000 (Per Cent Reduction of Area) 
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amount of silicon carbide may be decreased. It will be understood 
that the optimum amount in each application will vary slightly, de- 
pending upon the exact composition of the steel and its treatment. 

With reference to grain size specifications, it has been found that 
silicon carbide does not interfere with the effectiveness of aluminum 
in inhibiting grain growth in steel. When used in combination with 
the optimum amount of aluminum employed for this purpose, 2 to 4 
pounds of silicon carbide per ton of steel improve the physical prop- 
erties of fine-grained steel in the same manner as in other steels and 
grain size specifications are met satisfactorily. 


PHYSICAL PROPERTIES 


By following the above method of addition, killed steel may be 
made which is much cleaner and considerably superior in physical 
properties to steel produced by other known processes of deoxidation. 
The more important metallurgical features developed during a 
rather extensive investigation are given in Table II, which pro- 
vides a few illustrative examples of the tensile test data which 
have been obtained for both open-hearth and electric furnace 
steel. It can be seen that, where the chemistry and treatment are 
kept constant, ladle deoxidation with 4 pounds of silicon carbide per 
ton of steel effects increased yield point, ultimate strength, elonga- 
tion, reduction of area and quality factor* in both open-hearth and 
electric furnace steels. It is realized that both an increase in ductility 
and an increase in strength may not be possible in certain steels 
under certain specified conditions. Nevertheless in all such steels 
tested to date silicon carbide deoxidation has maintained ductility 
at the same level and increased the strength properties significantly. 
This is a very important factor in connection with hardenability, for 
metallurgists have been willing to sacrifice some loss in ductility in 
order to obtain uniform depth of hardening. It is now possible to 
retain ductility and at the same time to obtain the required harden- 
ability in plain carbon and low-alloy steels. 

With relation to cleanliness, silicon carbide has produced excel- 
lent results from the standpoint of macro-etch and fracture tests, 
step-down tests, and inclusion rating. Numerous Baumann sulphur 
prints have disclosed that silicon carbide markedly improves the sur- 
face condition of steel ingots by effectively breaking up sizable, nu- 





‘The quality factor is determined by an empirical formula and is used only for com- 
paring similar steels in Tables I and II. 
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merous and continuous sulphides, the removal of which would other- 
wise require expensive scarfing operations. As a result, conditioning 
costs and mill rejections have been substantially reduced. Typical 
is the gain in yield reported by one steel producer on the basis of 
six months* performance of a 22-inch mill. The yield from a series of 
silicon carbide-treated nickel-chromium and nickel-molybdenum alloy 
steels was 95.2% compared to 92.6% for the previous practice. The 
increased yield value of 2.6% becomes even more significant when it 
is noted that the yield from previous deoxidation methods embraced 
all carbon contents—low to high—whereas the figure for the silicon 
carbide-treated steel included low carbon contents only (0.15 to 


0.25%). 
TYPE AND DISTRIBUTION OF INCLUSIONS 


Washburn (9) has noted that the relation between the types of 
deoxidizing additions and the inclusion content of the solidified steel 
has not been thoroughly investigated. The composition of the inclu- 
sions obviously is affected by the type of deoxidizing addition used; 
for instance, the formation of silicates from silicon additions. The 
chemical reactions between silicon carbide and the inclusion-forming 
impurities in molten steel alter the chemical composition of the im- 
purities, thereby changing their solubility in steel. Accordingly even 
such impurities as are not removed from the molten steel are likely 
to be precipitated early during the solidification of the steel. Con- 
sequently they occur in the form of the more desirable randomly dis- 
persed globules instead of the undesirable segregations which are 
produced when impurities are precipitated late in the solidification 
process. 

It should also be remembered that both the silicon and carbon 
which form silicon carbide are normal ingredients of steel and there- 
fore add no undesired foreign elements to the steel. Moreover, as 
previously stated, the fluidity of the steel bath is very materially in- 
creased as a result of the deoxidizing reactions with silicon carbide 
both because of their effect in decreasing the oxide or gas content of 
the steel and also because of the considerable heat evolved as a result 
of the exothermic nature of these reactions. This increased fluidity 
is beneficial since it improves the castability of the steel and permits 
slag inclusions and gas bubbles in the steel to rise more readily to the 
surface. 
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A thorough metallographic examination was made of the type 
of inclusions found in open-hearth and electric furnace steels deoxi- 
dized with 4 pounds of silicon carbide per ton of steel. Representa- 
tive photomicrographs showing the distribution and character of the 
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Fig. 2—Detrimental Types of Inclusions in Aluminum-Killed Steel. a—Sulphide 
inclusions in a medium carbon cast steel, aluminum-killed. Observe grain boundary 
segregation of the sulphides. X 200. b—Oxide inclusions in a medium carbon cast 
steel, aluminum-killed, showing typical segregations. xX 200. c—Alumina segregate in 
a forging steel showing detrimental! effect on transverse properties. X< 200. 


inclusions are presented in Fig. 1. All the examined microstructures 


are characterized by randomly dispersed globular inclusions which, 
unlike the inclusions shown in Fig. 2, do not result in a weakening of 
the steel (ingot heterogeneity). Fig. 2 is typical of the microstruc- 
tures found in steel deoxidized by the addition of aluminum to the 
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ladle. Owing to the vigorous deoxidizing property of aluminum, it 
reacts with the residual oxygen creating solid aluminum oxides which 
do not rise. They remain in the steel permanently and, what is 
worse, increase in size by creating aluminum silicates. Steel fully 
killed with aluminum tends to be more or less dirty from alumina 
inclusions which have a decided tendency to segregate in streaks 
(stringers), and recently it has been found to be more apt-than or- 
dinary steel to lose strength by graphitizing under certain conditions 
of high-temperature service (10) (11). Hence, there is a definite 
incentive to find other methods of deoxidation which will improve the 
steel quality. 

The conclusions drawn from the microstructural study are that 
the improvement in steel quality through silicon carbide deoxidation is 
not only a case of the reduction in the number of inclusions, but also 
—and of greater importance—the practical elimination of segrega- 
tions and the attainment of a random dispersion of inclusions 
throughout the whole solidified ingot. In this respect, the marked 
improvement in the ductility of forgings tested in the transverse di- 
rection is a natural result. Reference to Table II, section (e), illus- 
trates the difference between longitudinal and transverse properties 
(where the same forging reduction is calculated) that are obtained 
in silicon carbide-treated and untreated steel. It is known that the 
physical properties of forgings tested in the transverse direction de- 
pend largely on the cleanliness of the steel ingots and that the differ- 
ence between longitudinal and transverse properties is higher in the 
case of dirtier steel. The marked differences in the transverse prop- 
erties that are presented in these data (which are only a representa- 
tive portion of many tests that have been conducted) indicate that 
silicon carbide deoxidation is particularly effective in alleviating ingot 
heterogeneities and thereby improving the quality of steel forgings. 


HARDENABILITY 


By the ladle deoxidation of steel with silicon carbide, it is also 
possible to obtain an increase in the austenite grain size, an effect 
which is frequently desirable in applications requiring coarse-grained 
steels. This coarsening effect increases the hardenability and creep 
strength of steel to a degree which could otherwise be obtained only 
by the use of appreciable quantities of alloying elements. 

End-quench hardenability curves for three randomly selected 
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Fig. 3—Effect of Deoxidation Practice on End-Quench Hardenability 
(Standard Specimens) of SAE 1030. 
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Fig. 4—Effect of Deoxidation Practice on End-Quench Hardenability of SAE 1050. 


steels are set forth in Figs. 3, 4, and 5, the results being determined 
in accordance with ASTM Specification A255-42T. The relative 
hardenability of the three specimens is the same as would be expected 
from the isothermal transformation diagrams. The type of ladle de- 
oxidation practice is the only variable because the test bars used for 
comparison were obtained from the same heat, possessed similar 
chemical analyses, and were given the same heat treatment. Fig. 3 
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Fig. 5—Effect of Deoxidation Practice on End-Quench Hardenability of NE 8640. 


shows the increase in hardenability that is obtained in a low carbon 
steel through silicon carbide deoxidation. The lower hardenability 
values provided by aluminum deoxidation are due to the nucleating 
effect of the aluminum deoxidation products which decrease the 
hardenability still more than can be accounted for solely on the basis 
of decreased grain size. 

In Fig. 4 are shown the effects of three types of deoxidation 
practice on the hardenability of SAE 1050. Silicon carbide has in- 
creased the hardenability of this steel to the point where it closely 
approaches the hardenability obtained through boron addition. Its 
advantage in this connection lies in the observed fact that the amount 
of silicon carbide added for increased hardenability is not critical as 
has been found to be the case for boron according to the recent study 
by Grange and Garvey (12). Moreover, consistent results have been 
obtained in silicon carbide-treated steels. Fig. 5 gives the results that 
were secured on NE 8640. For this steel the pearlite knee is at 
about 100 seconds, but ferrite begins to form in a much shorter time. 
A fairly fast cooling rate is required, therefore, if formation of high 
temperature transformation products is to be avoided completely. 
In this particular steel silicon carbide has promoted greater harden- 
ability by producing few deoxidation products which can operate as 
active nuclei for the formation of pearlite and by grain coarsening. 
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Cash, Merrill and Stephenson (13) have shown that the hard- 
enability of any steel is influenced by its austenite grain size at the 
time of quenching and depends on the deoxidation practice only in 
that the latter determines the temperature at which any given grain 
size can be produced. Herty (14) has studied the effect of deoxida- 
tion on the rate of formation of ferrite in hypoeutectoid steels and 
has found that in steels coarsened to produce identical grain sizes the 
originally fine-grained steel is faster reacting than the originally 
coarse-grained one. He attributes this increased rate to the presence 
of fine particles which act as nuclei for ferrite formation. More re- 
cently, Hull (15) has obtained similar results in terms of rates of nu- 
cleation and growth of pearlite, stating that there can be no question 
that some deoxidation products do operate as active nuclei, for 
nodules of fine pearlite have been observed to form at such particles, 
producing a variety of general nucleation. Baeyertz (16) has studied 
the effects of sulphide inclusions on austenite grain formation and 
coarsening, finding that grain formation began in those regions be- 
tween dendrites that were low in sulphide inclusions. On heating to 
higher temperatures the grains thus formed were the first to show 
noticeable coarsening. On the other hand, those interdendritic re- 
gions which contained appreciable groups of sulphide inclusions were 
the last to form austenite and were also the last to coarsen. This re- 
lationship to sulphide inclusions indicates a possible connection to 
other types of inclusions since the relative distribution of sulphides 
is approximately the same as the other types of inclusions and thus is 
indicative of the general quality of the steel. Sulphur prints and 
photomicrographs have shown that silicon carbide is particularly 
effective in breaking up sizable, continuous stringers and segrega- 
tions in killed steel, and therefore, by its effective reduction and dis- 
persal of inclusions, it prevents variations in the rate of reaction to 
martensite and promotes a uniform depth of hardening. 


SUMMARY 


1. The development of a standard ladle deoxidation practice in- 
volving the use of silicon carbide and its establishment on the basis 
of heat or ingot quality are described. 

2. Consistent beneficial results are obtained upon introducing 
granular silicon carbide having a mesh size of 50 and finer into steel 
which is at a temperature of at least 2900 F (1595 C), the mixture 
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being held in the ladle for about 15 minutes prior to teeming. The 
amount used may vary from 1.1 to 6 pounds per ton of steel, depend- 
ing on the exact composition of the steel and the treatment. 

3. Silicon carbide deoxidation minimizes ingot heterogeneities 
as evidenced by the marked decrease in the difference between longi- 
tudinal and transverse tensile properties. Numerous tests conducted 
on commercial heats of both open-hearth and electric furnace steel 
have shown that silicon carbide deoxidation improves steel quality by 
increasing the yield point and ultimate strength, at the same time 
improving or maintaining the elongation and reduction of area. 

4. The conclusions drawn from an inclusion study are that the 
improvement in steel quality through silicon carbide deoxidation is 
not so much the reduction in the number of inclusions as it is the 
practical elimination of segregations and the attainment of a random 
dispersion of inclusions throughout the whole solidified ingot. In 
this respect, the marked improvement in the ductility of forgings 
tested in the transverse direction is a typical result. 

5. It is also possible to obtain an increase in the austenite grain 
size with silicon carbide deoxidation—an effect which is frequently 
desirable in applications requiring coarse-grained steels. This coars- 
ening effect increases the hardenability and creep strength to a de- 
gree which could otherwise be obtained only by the use of appreciable 
quantities of alloying elements. The effect of various deoxidation 
practices on hardenability is shown for three randomly selected steels, 
SAE 1030, SAE 1050, and NE 8640. Silicon carbide promotes 
greater hardenability by grain coarsening and by producing fewer 
deoxidation products which can operate as active nuclei for the for- 
mation of pearlite. 
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DISCUSSION 


Written Discussion: By William W. Austin, Jr., metallurgist, Southern 
Research Institute, Birmingham, Ala. 

Having been interested in the utilization of silicon carbide and similar 
materials as addition agents for gray cast iron, I should like to inquire of the 
authors regarding the nature of the reaction between silicon carbide and molten 
iron or steel. It is understood that this matter is to be more fully covered in a 
subsequent paper, nevertheless it is felt that a brief preview of the subject would 
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lead to a better understanding of the present paper and stimulate interest in the 
forthcoming presentation. 

I have particular reference to the relative stability of silicon carbide at 
steelmaking temperatures. It has been our experience that carborundum is a 
highly refractory material having a melting point (according to the International 
Critical Tables) in excess of 4900 F (2700C). Hence the question naturally 
arises as to the specific effects of time and temperature on the dissociation of 
SiC into Si and C in the melt. 

Following this line of thought it would also be of interest to know the 
approximate percentage of recovery to be expected from a typical addition of 
silicon carbide. Also, is information available as to the possibility of determining 
whether the net increases in total carbon and silicon contents of the metal 
represent actual alloying action or simply the inclusion of undissociated SiC 
in the melt? 

It is believed that the answers to these questions will definitely lead to a 
more lucid conception of the process described and thereby give emphasis to its 
effectiveness in commercial practice. 

Written Discussion: By Sam F. Carter, assistant melting superintendent, 
American Cast Iron Pipe Co., Birmingham, Ala. 

Have the authors found silicon carbide alone a sufficiently powerful 
deoxidizer to insure freedom from “pinholes” in green sand castings? 

The improvement in inclusion type, deoxidation without concurrent grain 
refinement, etc., are advantages not realized from the usual deoxidation methods 
of the foundry industry. 

Our experience has indicated that silicon carbide alone was not sufficient 
for green sand castings. Test specimens, specially designed to reveal pinholes, 
were poured. One ladle from a heat was deoxidized with aluminum, another 
ladle with silicon carbide, and a third with no ladle deoxidizer. As usual, the 
aluminum specimen was completely free of gas cavities, and the test with no 
ladle deoxidation was very porous. The silicon carbide specimen showed little 
significant improvement in soundness over the steel with no ladle deoxidation. 


Authors’ Reply 


The melting point of solid silicon carbide in itself is not important, but 
rather the fact that it enters solution and dissociates readily in liquid iron or 
steel. For example, dissociation of salt in the solid state requires a temperature 
of 600 to 700 F (315 to 370C) whereas salt dissociates or ionizes in water at 
room temperature. The important factor is the environment of the reaction. 
The dissociation of granular silicon carbide in liquid steel is an equilibrium 
reaction which increases in intensity as the steelmaking temperature is raised. 
One conception as to the mechanism of its behavior may be represented by the 
following equations : 


SiC = Si**' + C* ( Equation 1) 
Si**' + 2 FeO = SiO, + 2 Fe ( Equation 2) 
Cc** + FeO=CO + Fe (Equation 3) 


SiC + 3 FeO = SiO, + CO +3 Fe (Equation 4) 
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SiC + 3 FeO = $:102+CO+3 Fe 
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SiC = S:% + ct 
S$i°t +2 FeO = Si0n+ 2 Fe 
C%+ FeO= CO + Fe 


SiG + 3FeO = S102 +CO+3Fe 


AF-Small Calories For Reaction As Written 





-lOx10* 


; Fig. 6—Oxidation of Silicon Carbide. Change in free energy with 
increasing temperature for the reaction as written. 


The thermodynamic relations of Equation 4 are shown in Fig. 6 which 
clearly portrays the great driving force behind deoxidation reactions involving 
silicon carbide and explains why this compound is so effective in deoxidizing 
molten iron and steel. The driving force is represented in terms of free energy 
measured in calories. According to thermodynamic convention the greater the 
negative free energy the greater the pressure behind the reaction. In the case 
of this particular reaction the negative free energy is high and increases as the 
temperature increases—being of the order of 80,000 calories at steelmaking 
temperatures. As a consequence silicon carbide is very effective in removing 
oxygen whether it be in solution, in combination with iron or with alloy- 
ing elements. 

The amount of recovery after deoxidation which is obtained with a 4-pound 
addition of silicon carbide varies from 6 to 8 points of silicon and 2 to 4 points 
of carbon, usually nearer the lower figure in both cases. If the recoveries are 
less than the minimum figures, the addition of more silicon carbide is warranted. 

In reply to Mr. Austin’s question that the net increase in total carbon and 
silicon represents simply the inclusion of undissolved silicon carbide in the melt, 
we wish to state that many metallographic studies conducted over a period of 
years by different investigators on silicon carbide-treated steel and cast iron 
have never revealed the presence of silicon carbide inclusions. If such undissoci- 
ated silicon carbide were present in either cast iron or steel it would surely be 
noticed during the machining operations by the decreased tool life. On the 
contrary, cast iron of improved machinability is always obtained in silicon 
carbide-inoculated iron. Finally, the higher temperature of metal at the cupola 
spout, the fluidity increase of both slag and metal, and the inoculating effect 
which are observed in cast iron are all evidence which proves that silicon carbide 
is dissociated in molten iron or steel. 
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In answer to Mr. Carter’s question we wish to state that we advocate the 
use of silicon carbide plus aluminum for the deoxidation of steel for green 
sand castings. Present-day practice usually calls for the addition of two 
deoxidizers, and 3 to 4 pounds of silicon carbide plus 3 to 4 pounds of aluminuin 
have been used effectively, the former “running interference” for the latter. 
When this combined addition is employed, pinhole porosity is minimized on an 
over-all statistical basis. Actual physical testing data substantiate the attainment 
of superior physical properties, in particular, reduction of area measurements. 
Numerous metallographic studies show that the silicon carbide addition is very 
effective in breaking up segregations such as network sulphide inclusions which 
might be formed otherwise. Also, better fluidity is obtained and there is a 
decrease in the amount of shrinkage in the casting which occurs when solely 
aluminum additions are made. 

In regard to Mr. Carter’s test on pinhole porosity we wish to remark that 
the results obtained in one particular heat are not conclusive evidence. Although 
we have obtained similar isolated data to the effect that silicon carbide alone had 
eliminated pinhole porosity in a particular heat, we have not placed much 
credence on such data, for the problem of pinhole porosity is in reality a 
complicated one which is affected by many variables and therefore one which, we 
feel, can only be studied systematically on a statistical basis. Such studies 
involving the use of the combined addition of silicon carbide plus aluminum have 
been made in some acid electric steel casting plants. The production statistics 
indicate that the combined addition gives more consistent results than the 
straight aluminum addition insofar as minimizing pinhole porosity is concerned 
and that these results are obtained at a lower cost. Furthermore, fewer inclu- 
sions and a better distribution of inclusions were evident in the heats in which 
the combined addition was used. The much improved fluidity of the silicon 
carbide plus aluminum-treated steel over the straight aluminum-killed steel can 
be explained in part by the saturation of inclusions in the latter type. A few 
average mechanical properties data from some of the heats considered in this 
study are shown in Table A. 


Table A 
Properties of Acid Electric Cast Steel Normalized at 1700 F or Annealed at 1700 F 











-—————Chemical Analysis, % 
. >> > 





Heat No. Deoxidation Practice ¢ Mn Si I S 
849 4 lb. SiC + 4 Ib. Al/ton of steei 0.23 0.57 0.42 0.016 0.036 
864 6 Ib. Al/ton of steel 0.30 0.59 0.35 0.015 0.031 
850 4 Ib. SiC + 4 bb. Al/ton of steel 0.44 0.63 0.41 0.014 0.036 
861 6 lb. Al/ton of steel 0.41 0.63 0.44 0.015 0.032 

Tensile Elong. Red. 
Yield Point, Strength, in 2 in., of Area, 

Heat No. Heat Treatment psi psi % % 
849 Annealed 1700 F 40,100 68,500 26.5 47.8 
849 Normalized 1700 F 45,500 75,000 27.5 49.5 
864 Annealed 1700 F 37,500 63,200 24.0 45.2 
864 Normalized 1700 F 45,300 76,000 26.0 47.2 
850 Annealed 1700 F 45,700 89,500 18.0 27.5 
850 Normalized 1700 F 62,200 100,000 19.5 30.3 
861 Annealed 1700 F 41,100 83,200 20.0 31.5 


861 Normalized 1700 F 52.200 93.100 18.5 28.3 
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We must reiterate that the manner of addition is an important factor in 
determining the deoxidation effect which is obtained with silicon carbide. In the 
particular study on acid electric heats mentioned above it was found that the best 
procedure to follow, since the operation involved a comparatively large tonnage 
of metal in the ladle, was to place the combined deoxidizers at the bottom of 
the empty preheated ladle and to tap on top of the bag rapidly. The pouring 
temperature averaged 2900 F (1595C) and the molten metal was held in the 
ladle for about 10 minutes prior to its transfer to smaller ladles and thence to 
the casting molds. | 

We can agree with Mr. Carter’s statement that his particular aluminum- 
treated test specimen was completely free of cavities. If enough aluminum is 
added, sound metal can be cast regardless of the oxide content of the slag and 
metal, that is, if enough aluminum is added and no one worries about the 
inclusion content of the metal. Perhaps these inclusions do not harm the 
physical properties of cast steel to as great a degree as in wrought steel but the 
problem of fluidity cannot be neglected if cleaner, sharper castings are to be 
poured, free from misruns, draws, porosity and other similar defects. The low 
fluidity of test metal saturated with alumina inclusions, as it must be if all 
dependence is placed on such a deoxidizing addition to the metal, is surprising. 
Therefore, the combined addition of silicon carbide plus aluminum has been 
developed for the distinct purpose of improving fluidity and physical properties 
of cast steel. The amount of the aluminum addition ordinarily used has been 
reduced and replaced with an equal amount of silicon carbide because the 
deoxidation products of silicon carbide, carbon monoxide gas and globular 
silicate inclusions are readily evolved or floated out of the bath, leaving a 
reduced number of alumina inclusions to form as the steel cools down to the 
solidification range and during solidification. On the other hand, the straight 
aluminum addition would result in the formation of a maximum number of 
alumina inclusions which do not flux out readily and impart poor fluidity to the 
metal during casting. These entrapped inclusions may segregate in clusters and 
in the grain boundaries, resulting in inferior physical properties for the steel 
itself. Finally, nitrogen is described as probably having a strong effect in 
increasing pinhole formation and aluminum is said to be more powerful in fixing 
nitrogen than either titanium or zirconium. With large aluminum additions, the 
formation of aluminum nitride chain-type inclusions results in the coarsely 
granular type of fracture sometimes observed in cast steels. 





PRECIPITATION IN A MAGNESIUM SHEET 
By C. T. HALLER AnD C. S. BARRETT 


Abstract 


This paper describes the effect of the nature of cold 
work on the distribution of the precipitate in a commercial 
magnesium sheet. X-ray and metallographic investigations 
have been combined in a study of the metallography of 
aging in a 6% aluminum, 1% zinc magnesium-base alloy. 

The displacement of the lines on a powder photogram 
to greater diffraction angles is observed after various 
aging treatments and the appearance of the diffraction 
lines is shown. A marked difference is noted between a 
sample that is cold-rolled prior to precipitation and one 
that is not, both in the amount of precipitate and in its 
microscopic appearance. It was also observed that there 
was a variation in the aged microstructure that was de- 
pendent upon the type of deformation. Precipitation 
within the grains was pronounced where (102) twinning 
could operate in the-deformation of the sheet; where very 
little (102) twinning could occur, the precipitate was 
“pearlitic” in character, beginning at the grain boundary 
and growing inwards. 


XCELLENT studies (1), (2)* have been published on the aging 

of binary magnesium-aluminum alloys, but almost no attention 
has been given to cold-worked sheet. The data presented here show 
that not only the presence of cold work, but the nature of cold work 
influences the distribution of the precipitate. X-ray diffraction and 
metallographic investigations were combined in order to get a de- 
tailed understanding of the metallography of aging in a 6% alumi- 
num, 1% zinc magnesium-base alloy (J-1; AMC-57). 

The presence of aluminum in solution in magnesium contracts 





1The figures appearing in parentheses pertain to the references appended to this paper. 





This article is based om work done at the Carnegie Institute of Technology for 
o — of Scientific Research and Development under contract (now declassified) 
sr 


A paper presented before the Twenty-eighth Annual Convention of the 
Society held in Atlantic City, November 18 to 22, 1946. Of the authors, C. T. 
Haller formerly was metallurgist, Metals Research Laboratory, Carnegie in- 
stitute of Technology; now with Devel t and Research Division, Inter- 
national Nickel Co., Pittsburgh, and C. S. Barrett formerly was professor of 
Metallurgical Engineering and Member of Staff of Metals Research Laboratory, 
Carnegie Institute of Technology; now Professor, Institute for the Study of 
Metals, University of Chicago, Chicago. Manuscript received August 16, 1946. 
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(2) the dimensions of the unit cell of the pure magnesium. This, of 
course, is registered on the powder photogram by a displacement of 
the lines to greater diffraction angles. The precipitation of aluminum 
from solid solution may therefore be noted by observing the dis- 
placement’ of the lines of an X-ray photogram after different temper- 
atures and times of aging. 


EXPERIMENTAL PROCEDURE 


Photographs were made in a symmetrical back-reflection cylin- 
drical camera of 200-mm diameter with slits 0.020 inch wide, 
supplied by Picker X-Ray Corporation, and operating on a cobalt 
tube. The specimens were cut from sheet with a jeweler’s saw, the 
corners were rounded with a file, and then the specimens were etched 
to approximately 0.020-inch diameter. 

The variation in 6,,, was measured on sheets that had been 
cold-rolled 12% and aged 8 hours at 250 F (120C); 2, 8, and 24 
hours at 350 F (175C); and 4%, %, and 1 hour at 450 F (230C) 
subsequent to an aging treatment of 8 hours at 250 F. From these 
measurements made on both J-1 and AMC-57, the following con- 
clusions were drawn: 

1. Sheets aged 8 hours at 250 F did not differ from those that 
had been merely cold-rolled. They all gave broad lines with no 
K-alpha doublets resolved as indicated in Fig. 1. There may have 
been two lattice parameters present, but, if so, the microstresses or 
concentration gradients blurred them together. For comparison, the 
sharp lines of a solution heat treated specimen are shown in Fig. 2. 

2. Recovery of line sharpness after cold rolling was attained by 
a precipitation treatment of 2 hours at 350 F or % hour at 450 F. 
As shown in Fig. 3, these treatments also yielded sharp lines with two 
sets of K-alpha doublets indicating two lattice parameters. Although 
both aging treatments produce a double parameter, precipitation has 
depleted the matrix more when the specimens are heat treated at 
350 F than at 450 F. This may be accounted for by the solid solu- 
bility curve as one would expect more alloying element to be 
retained in solution at equilibrium at 450 F than at 350 F. 

3. In those cases where double parameters were noted, the 
smallest lattice was the size of the lattice of the solution heat treated 
specimen. This means that precipitation either had not begun in some 
of the regions or that it was very local and had left much material 
with the original solid solution composition. 
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Figs. 1-3—Powder Films of a 6% Aluminum-1% Zinc Magnesium-Base Alloy. 
Fig. 1—Water-Quenched Then Cold-Rolled 12% and Aged 8 Hours at 250 F. 
Fig. 2—Solution Heat Treated. (Water-quenched from 620 F.) 

Fig. 3—Cold-Rolled and Then Aged 8 Hours at 350 F. 


The above results led to a further X-ray and metallographic 
study of the effect of cold rolling on aging. Two specimens of ] 
alloy (6% aluminum-1% zinc) were solution treated and then 
precipitated 5 hours at 375 F (190C). One specimen (Fig. 4) was 
solution heat treated and then merely given a precipitation anneal 
while the other (Fig. 5) was cold-rolled 10% prior to the precipi- 
tation treatment. The difference in the nature of the precipitate is 
obvious from an examination of the microstructure. The specimen 
which was not cold-rolled had only one lattice parameter with a 6,,, 
value of 76.68 degrees for the CoKa, and Ka, reflections averaged 
as compared with 76.82 degrees for the solution treated specimen. 
The specimen that had been cold-rolled prior to heat treatment had 
two lattice parameters which averaged to a 6,,,. value of 76.25 degrees. 
One must conclude, therefore, that the presence of this “discontinu- 


ous precipitation” (3) with two lattice dimensions co-existing in the 
matrix is due to prior cold work causing localized precipitation. The 
single parameter in the specimen that was not cold-rolled seems to 
indicate a small amount of precipitation uniformly distributed in the 
grains. The grain boundaries could not be clearly delineated in the 
solution treated specimen with an acetic-glycol etch, but they etched 
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Fig. 4—J-1 Alloy, Solution Heat Treated Plus 5 Hours at 375 F. Acetic-glycol 
etch, X 250. 


Fig. 5—J-1 Alloy, Solution Heat Treated Plus 10% Cold Rolling Plus 5 Hours at 
375 F. Acetic-glycol etch, xX 250. 


clearly in both specimens after the precipitation treatment. It is 
likely that a longer time at temperature would develop “discontinu- 
ous precipitation” along grain boundaries. 

It is clear that two types of “discontinuous precipitation” 
may occur in magnesium alloys. In cold-rolled J alloy sheet (6% 
aluminum-1% zinc) the precipitation occurred along lines that appear 
to be twins and twin boundaries. However, in the solution-treated 
alloy investigated by Talbot and Norton (1), the discontinuity of the 
change in lattice parameter was caused by the precipitate originating at 
the grain boundaries and growing into the grains in pearlitic fashion. 
The X-ray registrations of these two precipitate distributions are 
practically identical. It may be possible to have both types together 
with or without a concurrent “continuous general’ precipitation 
which would cause a gradual change in lattice parameter. 

We have noted that-there is a marked difference between a 
sample that is cold-rolled prior to precipitation and one that is not, 
in the amount of precipitate and its microscopic appearance. In order 
to study more closely the metallographic features of this precipita- 
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Figs. 6-9—J-1 Alloy, Solution Heat Treated, Bent to a %-Inch Radius, Precipi- 
tated 5 Hours at 390 F, Acetic-Glycol Etch. 


Fig. 6—Tension Side of Bend. x 250. 
Fig. 7—Compression Side of Bend. * 250. 
Fig. 8—Tension Side of Bend. x 1500. 
Fig. 9—Compression Side of Bend. x 1500. 
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tion, a sheet of J alloy (6% aluminum-1% zinc) 0.100 inch thick 
was solution heat treated 2 hours at 620F (325C) and water- 
quenched. This sheet was then bent to a 34-inch radius and subse- 
quently given a precipitation anneal of 5 hours at 390F (200C). 
After the precipitation treatment the cross section of the bent sheet 
was polished and examined. 

In such a bent specimen the inside (the side of the bend under 
compression) has almost complete (102) twinning, while the out- 
side, the side deformed in tension, shows no evidence of such 
twinning (4). The very pronounced difference in the precipitate on 
the inside and outside of the bend in the same specimen is immediate- 
ly evident from an examination of Figs. 6, 7, 8, and 9. On the tension 
side of the bend where there was a negligible amount of (102) 
twinning, the precipitate originated at the grain boundaries and grew 
into the grain in pearlitic fashion. Fig. 8 indicates that a little precipi- 
tation also occurred along twin boundaries in cases where the 
precipitate lay within the grain. On the compression side of the bend 
shown in Figs. 7 and 9 there was practically no evidence of a 
lamellar precipitate originating at the grain boundaries; the precipi- 
tate in this case lay almost entirely along twin boundaries or within 
twins, which are without doubt (102) type twins (4). 

This latter experiment indicates that the precipitation within the 
grains was pronounced on the twinned side of the sheet and negligible 
on the untwinned. Since cold rolling an annealed commercial sheet 
also causes a similar type of discontinuous precipitation on aging, it 
is likely that the rolling also produces twins. The orientation of the 
commercial sheet, however, is such that little or no (102) twinning 
would be expected to occur as the basal planes lie in the plane of the 
sheet after annealing, and this orientation is not altered by cold 
rolling (4). 


SUMMARY 


1. Specimens cold-rolled and then precipitated at 350 and 450 F 
were observed to have two lattice parameters, one for an un- 
precipitated region and a second for a fully precipitated region. 
Precipitation appears to take place at the boundaries of (102) 
twins or within them in a specimen which has been compressed 
in the plane of the sheet or cold-rolled prior to heat treatment. 
If undeformed or elongated in the plane of the sheet, the pre- 
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cipitate is pearlitic in character, originating at the grain boundary 
and growing inwards. In either case, two lattice parameters indi- 
cating “discontinuous precipitation” may be noted in an X-ray 
powder film. 

Recovery of line sharpness after cold rolling a 6% aluminum- 
1% zinc magnesium sheet 12% is not attained by a precipitation 
treatment of 8 hours at 250 F. It is attained by 2 hours-at 350 F 
or 4 hour at 450 F. 
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DISCUSSION 


Written Discussion: By J. B. Hess, Magnesium Laboratories, The 
Dow Chemical Co., Midland, Mich. 

The authors have emphasized the distinction between the “discon- 
tinuous precipitation” which occurs at grain boundaries and has a pearlitic 
appearance, and other “discontinuous precipitation” which occurs at twin 
boundaries. Since the twin boundary precipitation is, in all likelihood, of 
the pearlitic type also, it would appear wiser to consider their similarities 
in that both are initiated at boundaries (i.e., in regions of subnormal 
crystalline perfection), probably because of the higher energy associated 
with such regions. Indeed, the pearlitic appearance of the “discontinuous 
precipitation” (as contrasted to the Widmanstatten appearance of the 
“continuous, general precipitation”) may also lie in the fact that such 
precipitation is initiated in a region of imperfect crystallinity. 

Thus, it appears logical to consider the pearlite precipitation as a kind 
of rough indicator of imperfect or distorted lattice regions. For example, a 
recent study at The Dow Chemical Company Magnesium Laboratory of 
the mechanism of plastic deformation in polycrystalline pure magnesium 
when subjected to tension stress showed that grains oriented with their 
basal planes nearly parallel to the tension direction deformed chiefly only 
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in limited regions near their grain boundaries, producing distorted crystal 
fragments whose mean orientations differed by only a few degrees or less 
from the original. Now due to the type of preferred orientation present 
in rolled sheet, the specimen illustrated in the authors’ Fig. 6 would be 
expected to exhibit similar deformation characteristics, i.e., deform plas- 
tically chiefly in regions neighboring the grain boundaries. If Fig. 6 is 
now compared with Fig. 4 where the specimen received a sensibly analo- 
gous treatment, except for the omission of tensile deformation before 





Fig. A—Flat-Film Back-Refiection Patterns of a 6% Aluminum, 1% 
Zinc Magnesium-Base Alloy. 

1. Cold-rolled 12% 

2. Cold-rolled 12% and aged 15 minutes at 350 F 

3. Cold-rolled 12% and aged 30 minutes at 350 F 

4. Cold-rolled 12% and aged 1 hour at 350 F 

5. Cold:rolled 12% and aged 2 hours at 350 F 


aging, it can be seen that the tensile deformation has increased the amount 
of pearlite in the grain boundary regions where distortion must have 
occurred. Similarly, on the compression side of the specimen, Fig. 7, 
where the deformation was chiefly by {102} twinning, the pearlite pre- 
cipitation again identified the sites of lattice distortion. 

The authors’ conclusion that rolling probably produces twins in mag- 
nesium sheet is true; {102} twins have been definitely identified in rolled 
sheet in the Dow Laboratory. The fact that such twinning does occur 
in cold rolling sheet in spite of the unfavorable orientation for such twin- 
ning from the macrostresses of the rolling operation simply illustrates the 
complexity of the microstresses resulting from neighboring grain inter- 
actions. 

Their statement that the “orientation (in sheet) is not altered by 
cold rolling” requires a little modification: The spread of the basal 
orientation is somewhat increased in the rolling direction and is slightly 
decreased in the transverse direction by increasing amounts of cold 
reduction. The explanation for this behavior is not apparent. 

The authors found that 2 hours at 350 F (175 (C) produced recovery 
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Fig. B—C_ Alloy eget 4 +9% Aluminum + v* Zinc + 0.2% Manganese) 


Solution Heat ee SS 15 Hours at 350 F 


Fig. C—Same as Fig. B, Except Aged 15 Hours at 350 F Under Hydrostatic 
Compression. 


Fig. D—C Alloy Solution Heat Treated and Aged 50 Hours at 350F Under 
Hydrostatic Compression. 


Fig. E—Same at Fig. D Plus 15 Hours at 350 F With No Compression. 


of line sharpness in 6% aluminum, 1% zinc magnesium sheet that had 
been rolled 12%. Actually, recovery occurs very much faster as the pat- 
terns of Fig. A illustrate. The recovery is very appreciable in 15 minutes 
at 350 F, and is approximately complete in 30 minutes. Equilibrium con- 
ditions, i.e., complete precipitation, are not attained in 24 hours. 








1947 DISCUSSION—PRECIPITATION IN MG SHEET 679 


A brief experiment performed at the Dow Laboratory may be of 
interest at this time. Small C alloy (Mg+9% Al+2% Zn+0.2% Mn) 
bars were aged while totally enclosed in a tight fitting steel shell. This 
had the effect of opposing the expansion which accompanies precipitation 
in C alloy with a compressive force equal to the product of the modulus 
of steel and the growth occurring, up to the yield point of the steel. This 
compressive stress acted to decrease the total precipitation, and to increase 
the amount of pearlite occurring at the grain boundaries, as can be seen 
in Figs. B and C. The numerous twins in the specimen aged under 
restraint may have been produced subsequent to aging while pushing the 
C alloy slug out of the steel container (considerable difficulty was en- 
countered in the latter operation!), for very little precipitation has oc- 
curred on them. The discontinuous, pearlitic type of precipitation is 
seemingly encouraged by compressive stress, at the expense of the con- 
tinuous, general type. That total precipitation was definitely inhibited by 
compression can also be concluded from Figs. D and E, showing that 
profuse additional precipitation can be produced by aging without re- 
straint subsequent to 50 hours’ aging under compression. 


Authors’ Reply 


We appreciate Mr. Hess’s discussion, and it should add materially 
to the value of this paper. We are pleased that Mr. Hess has confirmed 
the fact that in commercial sheet, recovery of line sharpness is attained on 
short periods of aging at 350 F. 

We agree that precipitation is more likely to be initiated in regions 
of imperfect crystallinity. In a sheet that has not been deformed prior to 
aging, precipitation may also occur preferentially along the grain bound- 
ary. For example, the aging in Talbot and Norton’s work was on solu- 
tion heat treated specimens, and, in this case, the precipitate originated 
at the grain boundaries and grew into the grain in a similar fashion to that 
shown in Fig. 8 where the material was deformed in tension (by bending) 
prior to aging. Of course, even in a solution treated specimen the grain 
boundary area is very likely a region of imperfect crystallinity. The point 
may be well taken that deformation at the grain boundaries accounted 
for the increased amount of grain boundary precipitation in the tension 
side of the bent specimen as compared to the amount in the unworked 
sheet of Fig. 4. 

On the subject of the alteration in orientation produced by cold roll- 
ing, a great deal of documentation was obtained during the course of 
project OEM,,-1083. Those interested in this phase of the work are 
referred to these reports. It was our experience that an orientation was 
obtained that was not altered by further reduction in the same direction. 
Some very slight differences in this “final” preferred orientation were 
noted in sheets of different composition. 

The effect of hydrostatic pressure in inhibiting the continuous, gen- 
eral type of precipitation is an interesting contribution. Further investi- 
gation of this effect should add to the knowledge of the mechanism of 
precipitation. 








THE PRECIPITATION HEAT TREATMENT OF 
WORK-HARDENED 61S-W ALUMINUM ALLOY SHEET 


By J. J. WarcGa 


Abstract 


The effect of prior work hardening upon the rate of 
aging of 61S aluminum alloy sheet, and upon the physical 
properties resulting therefrom, ts studied. From the col- 
lected data, it is concluded that the speed of the reaction 
is increased measurably, but that no practical advantages 
are gained. It was found that during the aging period, 
two opposing factors were co-existent. One is the tend- 
ency toward annealing, which is operative during the be- 
ginning of the heating cycle; the other is the precipita- 
tion reaction, which gradually nullifies the annealing phase 
of the cycle. 


INTRODUCTION 


HE phenomenon of age hardening in aluminum alloys has been 
widely studied since the development of duralumin by Wilm, 
in 1911. The subsequent explanation of the mechanism of harden- 
ing by Merica, et al., in 1919 (1), the studies of Hanson and Gayler 
(2), the revision of the basic theory by Merica in 1933 (3), and by 
Mehl, et al., in 1941 (4), illustrate the intensity of the research. 
Whereas the effect of temperature in promoting the precipita- 
tion of the hardening phase has been widely publicized, the function 
of mechanical work in initiating precipitation, or in increasing the 
speed of reaction of such precipitation, has not been so widely re- 
ported. Harrington (5) has presented a general outline of the role 
of strain in precipitation’ reactions, citing specific examples to illus- 
trate the mechanism of the reaction. In addition, the high strength 
aluminum alloy 24S-T has been subjected to a combination of strain 
hardening and elevated temperature aging to improve the yield and 
tensile strengths. By and large, however, the references are few. 
The aluminum alloy treated herein is a magnesium-silicon-alu- 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 1—Partial Diagram of the Aluminum-Magnesium Silicide System 
(Hanson and Gayler, Modified by Dix, Keller and Graham). 
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Fig. 2—Effect of Elevated Temperature Exposure on Tensile Properties 
of 61S-W Sheet. 
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minum alloy known in the United States as 61S. The nominal com- 
position is 0.25% Cu, 0.6% Si, 1.0% Mg, and 0.25% Cr, with the 
remainder aluminum plus normal impurities. The hardening agent 
in this alloy is primarily Mg,Si; Fig. 1 is the constitution diagram 
of the aluminum-magnesium silicide system. 

The Aluminum Company of America has conducted some ex- 
tensive testing on the effect of temperature on the precipitation reac- 
tion, and their data, while unpublished, have been circulated in 
graphical form. Fig. 2 portrays the results they obtained on 61S 
sheet stock. Compare the curve for 340 F with Table I, in which 
the solution heat treated sheet has been aged at 340 to 360 F (170 
to 180 C) for 8 hours. 


Table I 
Typical Mechanical Properties of 61S Aluminum Alloy* 
Yield Strength Elongation, Sheet 
at 0.2% Set Tensile Strength Stock 1/16 inch 
Temper psi psi % in 2 inches 
61S-O 8,000 18,000 22 
61S-W 21,000 36,000 22 
61S-T 40,000 45,000 12 


*(Alcoa Handbook “Aluminum and Its Alloys’, 1946, p. 99.) 


EXPERIMENTAL METHODS AND PROCEDURE 


Preliminary—Before beginning the actual experimental work, 
samples were taken from a large sheet of 61S, 0.051 inch thick. 
These were solution heat treated, held for 24 hours, and aged for 
varying lengths of time at 375, 400, and 425 F (190, 205, and 220C). 
The samples were then pulled to failure. The reasons for doing this 
were twofold: the first reason was to check the furnace; the second 
was to check the differences between the sheet used herein and that 
used by Alcoa. The agreement between the two sheet stocks was 
very good, despite the fact that the Alcoa material was stretcher 
levelled prior to aging. 

Material—From the sheet used above, 234 pieces were shiaiii 
9 inches long and % inch wide. A single sheet was used through- 
out in order to decrease the likelihood of variable results due to 
composition differences. 

Solution Heat Treatment—aAll test pieces were solution heat 
. treated by immersion for 30 minutes in a molten salt bath containing 
a mixture of sodium and potassium nitrates, and maintained’ at a 
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temperature of 970F (520C). At the conclusion of the soaking 
time, the samples were quenched into cold water, dried, and held at 
room temperature for 24 hours before proceeding further. 

Tensile Tests of Solution Heat Treated Control Specimens— 
Three of the solution heat treated test pieces were separated from 
the main group and machined into tensile specimens similar to Fig. 
3. All tensile tests were performed in a Baldwin-Southwark hydraulic 
testing machine of 60,000 pounds capacity, using the 5000-pound 


Ps 2 per lag a 


Length - 9inches Width at Grip - 3/4 inch 


Width Reduced Section -i/2 inch 
Radii -linch 


Fig. 3—Sheet Tensile Specimen. 


load range. The specimens were held in Templin self-aligning grips 
during the test. Stress-strain readings, for determination of the 
yield strength, were obtained through the use of an O. S. Peters 
extensometer and autographic recorder actuated by a selsyn motor. 
The yield strength was plotted at an offset of 0.2% from the curve 
so recorded. 

Precipitation Hardening of Control Specimens—Three addi- 
tional pieces of the main group were taken from the solution heat 
treated group. These were precipitation-hardened at 350 F (175 C) 
for 8% hours, and then machined into tensile specimens which were 
pulled in the Baldwin-Southwark testing machine. 

Mechanical Working—The remainder of the solution heat 
treated pieces [228] were divided into 4 groups of 57. The first 
group was stretched until the thickness had decreased 5% ; the sec- 
ond was hammered 5%; the third was stretched 5%, then hammered 
5% ; and the fourth was stretched 5%, then hammered 10%. The 
stretching was accomplished in the hydraulic testing machine, all 
specimens being stretched at the same time. Hammering was per- 
formed by a Yoder automatic planishing hammer. Three pieces of 
each mechanical condition were then selected as controls for tensile 
testing. 

Precipitation Hardening of Test Coupons—All mechanically 
worked test pieces were machined into tensile specimens and 3 speci- 
mens of each worked condition were precipitation-hardened for each 
of the following relationships of time and temperature. 
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a. 350 F (175 C)—¥, 1, 2, 3, 4, 5, 6, 8 and 10 hours. 
b. 400 F (205 C)—S5, 10, 15, 20, 30, 45, 60, 120 and 240 minutes. 


A Leeds and Northrup hump furnace was used for heating. Since 
there was no recirculating air the furnace was run at tempera- 
ture and the pieces inserted. Soaking times were commenced when 
the thermocouple, in contact with the test pieces, again read the de- 
sired temperature. Temperature regulation was effected by. means 
of a chromel-alumel thermocouple and potentiometer pyrometer. 
This temperature was checked by the use of a separate thermocouple 
and portable potentiometer, and the variation between the two cou- 
ples was never more than 2F (1.1C). All the coupons for each 
time-temperature cycle were wired together, and were inserted into 
the furnace and withdrawn as a unit. 

Tensile Testing of Test Coupons—The mechanically worked 
and precipitation-hardened test coupons were all pulled to failure in 
the same manner as the control specimens. 

Metallographic Examination—Samples for metallographic ex- 
amination were cut from one specimen of each group of three. 
These were mounted in bakelite, polished, and etched with ’% 
hydrofluoric acid. 


Table Il 








Outline of Test Procedure 
Operation No. of 
No. Specimens 
1. Solution heat treatment—970 F % hour 234 
2. Age at room temperature for 24 hours 234 
3. Tensile test 61S-W controls 3 
4. Precipitation harden controls 350 F, 8% hours 3 
ta. Tensile test 61S-T controls 3 
5. Stretch 5% 171 
6. Hammer 5% 57 
7. Hammer 5%—one-third of pieces from operation No. 5 57 
8. Hammer 10%—one-third ofl slazen from operation No. 5 5 
9. Tensile test mechanically worked control coupons 12 
10. Precipitation harden 27 pieces each from operations 5, 6, 7 and 8— 
350 F for %, 1, 2, 3, 4, 5, 6, 8 and 10 hours 108 
11 Precipitation harden 27 pieces each from operations 5, 6, 7 and 8— 
400 F for 5, 10, 15, 20, 30, 45, 60, 120 and 240 minutes 108 
12. Tensile tests—all pieces from operation 10 to 11 216 
RESULTS 


The changes in yield strength and tensile strength with increas- 
ing soaking times at 350 and 400 F are shown in Figs. 4 through 7 
inclusive. Table III is a listing of the strength and elongation prior 
to aging. 
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Fig. 4—Effect of Exposure at 350 F (175 C) on 61S-W Sheet. 
Table Ill 
Physical Properties of 61S-W Sheet Prior to Aging 
Yield Strength Tensile Elongation 
at 0.2% Set Strength %J in 2 
Treatment psi psi inches 
970 F (525C) % hour, quenched, 
held at room temperature 24 hours 19,800 35,100 19.8 
Stretched 5% 33,200 39,500 13.6 
Hammered 5% 34,900 40,500 9.0 
Stretched 5%, Hammered 5% 36,500 40,600 “2 
6. 


Stretched 5%, Hammered 10% 39,100 43,900 


DISCUSSION OF RESULTS 


In examining Figs. 4 through 7 inclusive, it will be noted that 
work hardening prior to aging at elevated temperatures has a measur- 
able effect on the speed of the reaction. For instance, at 400 F 
maximum tensile and yield strengths are achieved by the work- 
hardened material in 20 minutes. The quenched and aged sheet 
without work hardening does not attain maximum properties until 
aging has proceeded for 60 minutes. At 350F the work-hardened 
sheet reaches a maximum after 2 hours’ duration; the sheet given no 
work hardening requires 8 hours to approach maximum strength. 

While work hardening within the ranges covered by this paper 
does increase the speed of the precipitation reaction, its effect on 
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Fig. 5—Effect of Exposure at 350 F (175 C) on 61S-W Sheet. 
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Fig. 6—Effect of Exposure at 400 F (205 C) on 61S-W Sheet. 


mechanical properties is not so definite. Certain combinations of 
strain and aging will produce a measurable increase in tensile 
strength ; all combinations improved the yield strength considerably. 
There may be some doubt about the exactitude of the increase be- 
cause the control sheet was stretcher levelled, but that there is an 
increase is clearly shown. 
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Fig. 7—Effect of Exposure at 400 F (205 C) on 61S-W Sheet. 


There is another phenomenon worthy of note, and it is more 
apparent at 400 than at 350 F. The tensile and yield strengths of 
the work-hardened sheet decreased during the first 6 minutes of the 
soaking period. This rate of decrease is more rapid as the severity 
of the cold work increases. It is evident that two opposing reactions 
are co-existent. One is precipitation hardening; the other is the 
tendency toward relief of internal strain by annealing. 

During the course of preliminary work on the 61S sheet used in 
this experiment, it was found that by heating freshly quenched sheet 
to 350 F, and holding for 8 hours, it was possible to attain tensile 
strengths of 50,000 psi, and yield strengths of 46,000 psi quite con- 
sistently. It would be interesting to find whether work hardening 
freshly quenched sheet, followed by the precipitation heat treatment, 
can further increase these figures. 

Metallographic examination of the separately treated groups 
shows but very little change in microstructure during the course of 
the aging reaction. The only significant difference is the presence of 
rather heavy precipitation in the grain boundaries in the specimen 


treated for 4 hours at 400 F (205C). 


CONCLUSIONS 


The following conclusions may be drawn from the results of 
this preliminary investigation : 
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Fig. 8—0.051-Inch 61S-W Sheet, Heat Treated at 970 F for 30 Minutes and Water- 
focamtet Fig. 9—0.051-Inch 61S-W Sheet, Stretched 5% and Hammered 5%. Figs. 
10-12—0.051-Inch 61S Sheet, Solution Heat Treated, Stretched 5% and Hammered 5%. 
Fig. 10—Aged at 350 F for 2 Hours. Fig. 11—Aged at 350 F for 10 Hours. Fig. 12— 
Aged at 400 F for 4 Hours. All photomicrographs xX 200. Etched with 0.5% hydro- 


fluoric acid. 





1947 DISCUSSION—ALUMINUM ALLOY SHEET 689 


1. The rate of the precipitation reaction in 61S aluminum alloy 
sheet is accelerated by cold work prior to aging. | 

2. No practical advantages are secured by precipitation heat treat- 
ment subsequent to the work hardening performed in these 
experiments, because of the small increases in strength, and the 
necessity for closer control of time and temperature. 

3. An initial annealing period is in control before the hardening 
effect of the precipitation reaction occurs. 

4. The increase in the hardening rate has no effect on the micro- 
structure, within the time limits studied. 
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DISCUSSION 


Written Discussion: By S. S. Kingsbury, research engineer, The Franklin 
Institute, Laboratories for Research and Development, Philadelphia. 

The work covered by this paper appears to have been well planned and 
executed. I think that this paper by Mr. Warga adds materially to the under- 
standing of the precipitation hardening of 61S aluminum alloy. 
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The function of mechanical work in initiating precipitation or in increasing 
the speed of reaction of such precipitation appears to be similar to that which 
results in precipitation hardening of 2% beryllium-copper. I have no other 
comments to offer. 

Written Discussion: By J. A. Nock, Jr., Physical Metallurgy Division, 
Aluminum Research Laboratories, Aluminum Company of America, New 
Kensington, Pa. 

Mr. Warga has presented some interesting data covering the accelerating 
effect of strain hardening upon the rate of precipitation or aging of 61S-W 
sheet at elevated temperatures. This basic principle has been found applicable 
to aluminum-copper, aluminum-copper-magnesium and aluminum-magnesium 
alloy sheet, the latter upon aging at room temperature. Some of the out- 
standing developments in improving the strengths of 24S sheet products result 
from strain hardening the room-aged material prior to artificial aging. 

A review of the data présented by Mr. Warga in Figs. 4 to 7 does not 
support the general conclusion that work hardening followed by artificial aging 
produces no practical advantage in the form of strengths higher than thoce 
possible from the artificial aging of unstrained material. The maximum tensile 
strength secured in Fig. 4 after aging 61S-W at 350F is of the order of 44,000 
psi while the strain-hardened material develops a maximum of 46,000 psi for 
the samples stretched 5% and hammered 10%. Corresponding maximum yield 
strengths are about 38,000 psi for the unstrained material and 44,000 psi for the 
strain-hardened sample. Upon aging at 400F a difference of approximately 
3000 psi in tensile strength and about 4000 psi in yield strength in favor of the 
strain-hardened material was secured. It has been generally found that strain 
hardening prior to artificial aging does not increase the tensile strength of the 
artificially aged product to the same degree that can be expected for yield 
strength. The results presented are in agreement with this generalization and 
it is felt that increases of the order of 4000 to 6000 psi in yield strength and 
2000 to 3000 psi in tensile strength are useful and commensurate with the 
maximum degree of strain hardening used in this investigation. It is believed 
that greater degrees of strain hardening, eg., by rolling, combined with 
artificial aging at temperatures below 350 F, will produce considerably greater 
differences in strengths than those secured by Mr. Warga. The application of 
the process of strain hardening and artificial aging has been commercially used 
for alloys of the magnesium-silicon type in European countries and to a limited 
degree in this country. 

Mr. Warga has commented on the two opposing factors occurring during the 
artificial aging period. One of these is labele* “annealing” while the other is 
without question precipitation. It is generally tcit that the initial decrease in 
strengths is not the result of annealing, that is, recovery or relief of strair 
hardening, but is associated with resolution of a certain amount of the precipi- 
tated phase produced by aging at room temperature after which precipitation 
occurs with the expected increases in strengths and decreases in elongation. 
Rather conclusive proof of this reaction will be noted in Fig. 2 where a down- 
ward trend in the strengths of 61S-W sheet occurs prior to the inception of 
precipitation which produces an upward trend in strengths before the maximum 
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values are attained after certain optimum aging periods. This effect has also 
been noted in the case of commercial wrought aluminum alloys such as 14S and 
24S in which case measurable decreases in strengths will be noted following 
certain short aging periods after which the strengths increase to the maximum 
values and then decrease upon overaging. This resolution effect occurs in both 
strain-hardened and unworked sheet, indicating that the presence of strain 
hardening is not a requirement for this initial decrease in strengths. It is 
entirely possible that in severely strain-hardened materials some tendency toward 
annealing, that is, recovery, would be secured after exposure to temperatures 
commercially used for artificial aging. 

Written Discussion: By R. H. Harrington, research metallurgist, General 
Electric Co., Schenectady, N. Y. 

This writer was specifically invited to discuss Mr. Warga’s paper; to do so 
involves the unpleasant duty of being quite critical of the interpretive con- 
clusions derived from a basically sound, and excellent, testing program. 

In the introduction, the author offers a “brief explanation” of the hardening 
mechanism involved specifically is) a precipitation reaction. The brevity of such 
a single paragraph is inadequate for even the author’s purpose. Moreover this 
very brevity self-imposes the stringent need for the most precise terminology and 
its accurate use. Two examples: (a) the author states that he is explaining 
“the mechanism of hardening” whereas he is dealing with the mechanism of 
precipitation; (b) “the first step . . . to obtain a solid solution of uniform 
composition” which, strictly speaking, would be equivalent to an ordered phase 
which might result from perfect equilibrium achieved by infinite time at the 
solution temperature whereas, in practice, it is sufficient to produce simply the 
state of solid solution at the elevated solution temperature; (etc.). 

The author implies that the effect of cold work interposed between the 
solution quench and the aging treatments, constituting controlled precipitation 
hardening, is neither widely nor well known. The author cites a report by 
Hanson and Gayler in 1921 and Dr. Gayler has ever since been interested in 
this effect of cold work, her latest report appearing in the August issue (1946) 
Journal, Institute of Metals. In fact so many investigators have dealt with this 
specific subject that an entire paper dealing with this phase appeared in the 
1939 ASM Symposium.’ 

On page 687 the author describes a “phenomenon worthy of note: 
Evidently two opposing reactions are co-existent. One is precipitation hardening ; 
the other is the tendency toward relief of’ internal strain by annealing”. While 
the author’s data seem far too limited, inherently, to predicate this explanation, 
this relationship of these two reactions has been long known and well-recognized, 
quoting from page 322 of the 1939 ASM Symposium :’ “When a supersaturated 
solid solution is cold worked and subsequently reheated, two reactions ténd to 
take place: first, recrystallization of the plastically strained lattice and second, 
precipitation of the second phase, etc.”. As to just how these two reactions 
“overlap” in the 61S-W alloy would require further data than just the effects 
on yield strength and tensile strength; namely, corresponding X-ray lattice 
data, elongations, electrical conductivity, etc. 


1R. H. Harrington, “The Role of Strain in Precipitation Reactions in Ben. ” AGE 
HARDENING OF METALS, published by American Society for Metals, 1940, p. 314 
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On page 685 also occurs the author’s statement that “While work hardening 
within the ranges covered by this paper does increase the speed of reaction 
(and overaging), it does not confer any additional advantages in the way of 
increased strength”. A similar statement appears in the abstract. In a 
technical sense, most of the author’s data show exactly the reverse effect on 
tensile strength, the yield strength also being increased in all cases. The 
author’s conclusion (No. 2) at the end of the paper, however, may be perfectly 
correct for engineering usage: “No practical advantages are secured .. . 
because of the small increases in strength ... .” 

For the only data offered, that is for yield strength and tensile strength, 
after aging at 350 F, there appears to be no initial decrease in these properties 
for the “strained” conditions. Aging at 400 F does cause a noticeable decrease 
in the early periods of aging. However, for both aging temperatures, the curves 
labeled “unstrained” (plain solution-quenched?) also show decreases of similar 
degree. This only serves to indicate how complicated and involved the 
situation can become for anyone to attempt an adequate explanation based on 
strength properties alone. Conclusions 1 and 2 (at the end of the paper) are 
correct and justify the author’s testing program and report of results but 
Conclusion 3 is not clearly substantiated by the offered data; other “logical” 
explanations are possible. 

The author’s conclusions are of real practical value, his interest in this 
field is particularly welcome, and it is to be hoped that both his interest and his 
future program will permit a greatly broadened participation in development. 

Written Discussion: By T. L. Fritzlen, chief metallurgist, Reynolds 
Metals Co., Brookfield, Ill. 

Mr. Warga’s paper is a valuable contribution in that it substantiates the 
work of others, namely, Gayler, Fraenkel, Watase, Teed, Fink and Smith, that 
cold working accelerates the age hardening of aluminum alloys which are 
capable of being age-hardened. An article by L. F. Mondolfo and the writer,’ 
shows the effect of cold work up to 21% prior to age hardening at 350 F for 6 
hours on the mechanical properties of R 301-T sheet. This work indicated that 
the tensile and yield strengths were increased with increasing amounts of cold 
work prior to age hardening employing the procedure mentioned previously 
The increase in tensile and yield strengths with 21% prior cold work amounted 
to approximately 4000 and 5000 psi respectively. 

It seems probable that a greater increase in tensile properties can be 
obtained by age hardening at lower temperatures and for longer times than those 
employed by Mr. Warga, and by Mr. Mondolfo and the writer. 

Some unpublished work of F. Binkley on the effect of cold rolling 61S-W 
sheet up to 10% on the mechanical properties of both 61S-W and 61S-T checked 
Mr. Warga’s results in general. Binkley found that higher tensile properties, 
particulafly yield strengths, were obtained after age hardening material which 
was cold-worked within a short period after quenching. 

There is a question pertaining to Figs. 4, 5, 6 and 7 of which I would 
appreciate Mr. Warga’s explanation. Was the material used for obtaining the 
unstrained curves merely solution heat treated or was the sheet flattened by 





*T, L. Fritalen and L. F. Mondolfo, “Heat Treatment of R301 Aluminum Alloys,”’ 
Metat Procress, Vol. 47, 1945, p. 1128. 
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stretching and rolling after solution heat treatment? Also, since the ratio ot 
magnesium to silicon as well as the copper content in 61S-W sheet bears a 
relation to the tensile properties obtained after age hardening, it is wondered it 
the same composition material was used for the comparison given in the ref- 
erenced curves. 

The acceleration of age hardening by prior cold work is still a matter of 
conjecture, but the work of Gayler has led to a supposition as to the mechanism. 
It is believed that the acceleration is associated with highly strained, localized 
areas that exist within the matrix of the grains and within the grain boundaries 
due to segregation of atoms and/or particles of the hardening constituent 
caused by heat treatment. Work hardening after solution heat treatment 
increases the degree of strain in the already highly strained localized areas and 
relief of this takes place in a shorter time as compared to the same material 
without added cold work. There is evidence to support this contention in that 
upon etching a solution heat treated and age-hardened alloy it is found that pits 
occur within the grains and on the grain boundaries; while pits are observed in 
the planes of slip and in the boundaries upon etching heat treated and age- 
hardened material which has been cold-worked after solution heat treatment 
and prior to age hardening. 


Author’s Reply 


The author’s thanks are extended to the individual reviewers for their . 
comments. 

He pleads guilty to the fact that he has been so interested in the specific 
engineering problem presented by 61S aluminum alloy sheet that he has lost sight 
of the identical occurrence of the same phenomena in other age hardening alloys 

Conclusion number 3 has produced the greatest amount of comment... 
To this the author suggests that the principal trouble may be the present 
generality of the term “annealing”. The ASM Metats HANpBOOK lists no less 
than six treatments to which the term is applicable. The sense in which it is 
used herein agrees with the first two of the definitions approved by the 
HANpDBOOK, even though the cause for the strain relief may be due to the 
precipitation reaction itself, as Dr. Nock points out, and as Dr. Gayler has 
attempted to prove in her latest report on 4% copper-aluminum alloys. For this 
reason, the author reiterates the statement of the third conclusion, but with- 
draws the view that the annealing and hardening phases of the precipitation 
reaction are co-existent, since, as Dr. Harrington points out, much more informa- 
tion is required to prove the point. 

From the engineering viewpoint, it can be argued pro and con whether the 
increases obtained by the reported procedures are worth the close control 
required. 

Replying to Mr. Fritzlen, the material used for obtaining the unstrained 
curves was commercial sheet, stretcher leveled. No direct chemical com- 
parisons are available. 








CONSTITUTION OF THE SYSTEM INDIUM-TIN 
By F. N. Rutnes, W. M. Urguwart anp H. R. Hoce 


Abstract 


The alloy system indium-tin has been re-studied by 
means of precision thermal methods and, for the first 
time, by metallographic means. Earlier investigations of 
Valentiner and of Fink, Jette, Katz and Schnettler have 
been confirmed in most respects. There is a eutectic at 
48.7% tin and 117C. Four solid phases occur at 20C, 
namely: a (0 to 3% tin), B (14 to 27% tin), y (75% to 
88% tin) and 8 (94 to 100% tin). The B phase ts thought 
to undergo peritectic decomposition at 126C. The y does 
not undergo peritectic decomposition at 124 C as proposed 
by Fink, Jette, Katz and Schnettler ; instead it is proposed 
that y may undergo peritectoid decomposition below 80 C. 
The resistance to deformation in compression in this alloy 
system reaches a maximum value at about 92% tin. 


HE constitution of the indium-tin alloy system has been studied 

by Heycock and Neville (1),’ Valentiner (2), and Fink, Jette, 
Katz and Schnettler (3), (4). Of these the latter three were primarily 
thermal and X-ray diffraction investigations fortified by some obser- 
vations made by the measurement of electrical conductivity. None 
has included metallographic studies which, in the present investi- 
gation, have been found to be informative. All agree that the indium- 
tin system has a eutectic at approximately 48 atomic per cent (48.7 
weight per cent) of tin and 117 degrees Cent. (242 degrees Fahr.). 
There is general agreement also upon the existence of two interme- 
diate phases, although not upon their crystal structure; Fink, Jette, 
Katz and Schnettler, who appear to have conducted the more exhaus- 


tive research, state that the B-phase is body-centered tetragonal with 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Twenty-eighth Annual Convention of the 
Society held in Atlantic City, November 18 to 22, 1946. Of the authors, F. N. 
Rhines is a member of the staff of the Metals Research Laboratory, Carnegie 
Institute of Technology, W. M. Urquhart is research assistant, Metals Research 
Laboratory, Carnegie Institute of Technology, and H. R. Hoge was formerly 
research assistant, Metals Research Laboratory, Carnegie Iristitute of Tech- 
nology, Pittsburgh. Manuscript received January 19, 1946. 
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2 atoms to the unit cell and y is simple hexagonal. The latter authors 
proposed, for the first time, the existence of two peritectic reac- 
tions: One corresponding to the decomposition of 8 at 28 per cent 
of tin and 127 degrees Cent (260 degrees Fahr.) and the other cor- 
responding to the decomposition of y at 81 per cent of tin and 124 
degrees Cent. (255 degrees Fahr.); they also located the bound- 
aries of the fields of the four solid phases of the system. 

The present investigation consists of a more detailed determina- 
tion of the liquidus and solidus curves by more sensitive methods 


240 | 
« Valentiner ey 
+ Fink, Jette, katz & Schnettler ~ a 
« Authors’ Liguidus 
200|— + Authors’ Solidus) —————- 
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8 


40 
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Fig. 1—Phase Diagram of the System Indium-Tin. 


than had been used before and of a metallographic study of the 
phase relationships within the solid portion of the diagram. This 
work was substantially ready for publication when the last paper of 
Fink, Jette, Katz and Schnettler appeared. Since there were some 
points of difference, portions of the work were repeated. The dia- 
gram presented in Fig. 1, therefore, represents the results of ther- 
mal and metallographic studies made with due consideration of care- 
ful X-ray diffraction measurements. A number of features of the 
diagram remain uncertain; this has been indicated by the use of 
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dashed lines in the drawing. The chief differences between this dia- 
gram and that offered by Fink, Jette, Katz and Schnettler lie in the 
substitution of a peritectoid for a peritectic decomposition of the 
y-phase and in the location of the limits of the a and 8 phase fields. 


EXPERIMENTAL METHODS AND RESULTS 


The metals used in preparing the indium-tin alloys were the 
purest available in 1939.2 A 60-gram sample of indium was used for 
the initial cooling curve; small pieces were then cut off for chemical 
analysis and metallographic studies and the balance of the ingot was 
used, first for the solidus determination, and then for the compres- 
sion tests. The next alloy for thermal study was prepared by add- 
ing tin to the previous compression test sample and proceeding as 
before. Seventy successive alloys were made and examined in this 
way, to cover the entire range of composition from pure indium to 
pure tin. This method was adopted in order to make a complete 
survey with only 100 grams of indium. It has the disadvantage that 
the impurity content of the metal could increase with repeated han- 
dling, but no evidence of contamination was discovered through 
chemical analysis. All melting was conducted in alundum-lined cru- 
cibles using a cover of mineral oil and graphite stirring rods. The 
thermocouple sheaths were made of Pyrex glass. These are the only 
materials with which the metal was brought into contact while in 
the molten condition. 

Cooling curves were taken with an apparatus similar to that 
described by Smith (5) ; this provides a controllable and nearly con- 
stant rate of heat extraction, which tends to straighten the several 
limbs of the cooling curves and thus to make the inflections more evi- 
dent. Indium-tin alloys, in common with other systems of low melt- 
ing point, are subject to extensive undercooling. Even when cooling 
curves are made at very low rates (%4 degree Cent. per minute in 
the present case) a short, nearly horizontal arrest accompanies the 
first separation of crystals in all alloys, indicating that undercooling 
has occurred. Where, however, the adjacent limbs of the cooling 
curve have been straightened, by using a constant rate of heat extrae- 
tion, it is possible to extrapolate the liquid-plus-solid portion of the 
curve to an intersection with the liquid portion to find the “true” 





*The am analyzed 99.92 + per cent of indium — joreorne Ps. traces of Cu, 
Mg. Cd 
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liquidus temperature. With the indium-tin alloys this extrapolation 
is occasionally long (4 degrees Cent. maximum) and the precision of 
the readings is proportionately uncertain. On the whole, it is felt 
that the liquidus temperatures reported are probably correct within 
+1 degree Cent. This range of temperature error is reflected in a 
small scatter of the points about the liquidus as drawn in Fig. 1; 
occasional larger departure from the liquidus, as drawn, will be 
discussed presently. The compositions of the alloys, together with 
the liquidus points, are listed in Table I. 

Points on the solidus curves were, for the most part, located by 
means of the apparatus described by Pellini and Rhines (6), which 
records the temperature at which melting begins, by noting the tem- 
perature at which a lightly loaded test bar ruptures during slow 
heating. In order to avoid low readings, originating in the presence 
of nonequilibrium low melting constituents, all specimens were an- 
nealed for 18 hours at 115 degrees Cent. (239 degrees Fahr.) before 
testing. The readings so obtained were occasionally checked by the 
conventional metallographic method; only in the range from about 
80 to about 88 per cent of tin were the results appreciably at variance. 
Where the two methods gave conflicting results, the metallographic 
observations were used in plotting the diagram. In general, it is 
believed that the solidus points are correct within +1 degree Cent. ; 
the values determined appear in Table I. 

The metallography of the indium-tin alloys presents unusual 
difficulties of several kinds: All alloys containing the a and the B- 
phases are so soft that a polished surface is easily damaged by con- 
tact with any solid substance, even cotton or lens tissue, and abra- 
sives tend to become imbedded; the alloys are sufficiently reactive 
to be subject to severe staining, but no etching or staining agent 
capable of producing a really clear distinction between the a and the 
8 and between the y and the 8-phases was found; precipitation and 
other phase changes occur at room temperature and a sample re-ex- 
amined after an interval of a few days often exhibits considerable 
change; recrystallization, resulting from the deformation of cutting 
and polishing, proceeds at room temperature. Despite these handi- 
caps, the metallographic method gives much valuable information. 
A series of photomicrographs of representative cast and heat treated 
structures across the entire system are presented in Figs. 2 to 8 
inclusive ; the interpretation of these will be discussed presently. 

Metallographic specimens were prepared as follows: (a) cut a 
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Table I 
Data on Indium-Tin System 
Liquidus Solidus Psi. (at 10% 
Degrees Cent. (From Deformation 
Composition (From Cooling Liquation in 
in % Sn Curves Studies) Compression) 
SE C206 Scie ie. Rees TE Pa sia eS ot ek an, oor ee 
ee RE. RA Se ang eit tel a Se 121.1 
> 3.41 154.8 152.5 106.86 
4.34 154.1 150.3 119.8 
ee gee eae 149.3 121.0 
6.35 151.6 148.8 128.0 
7.40 150.6 146.0 120.2 
8.42 148.6 145.8 129.5 
9.26 147.0 145.0 504.5 
10.24 145.2 143.5 527.8 
12.52 143.1 141.0 543.0 
ee"! > kabeaee tee 138.8 626.0 
14.70 138.6 136.0 543.0 
16.11 137.0 136.0 740.5 
17.23 138.1 133.3 736.0 
18.16 136.3 132.0 753.6 
I} 9. 5 yey eR ae 131.5 753.6 
20.89 133.8 130.8 871.0 
22.84 132.4 129.8 761.0 
24.61 131.7 128.8 859.0 
26.65 130.9 126.5 859.0 
27.22 130.4 125.3 736.0 
30.00 129.6 Ri. ON Aaa Oe ae 
: 31.91 127.1 125.1 914.0 
32.70 127.6 126.0 903.0 
33.69 126.8 126.5 876.0 
35.85 124.4 123.6 2025.0 
37.10 123.8 123.2 1075.0 
38.42 122.3 121.4 1143.0 
40.38 121.8 120.5 1033.0 
41.57 121.3 119.0 1684.0 
42.75 120.6 117.8 1192.0 
44.92 118.0 ee. tee aga se eee 
4 47.28 116.4 117.3 852.0 
48.46 119.3 119.0 715.0 
49.54 118.0 115.8 673.0 
50.79 118.0 118.0 785.0 
52.00 ES 2 2s ym Soh ada nen eae r  aON Seo s Re ea 
54.7 EE: ai ee, RM yD a Nc ko ae 
, 57.7 ite A ae yi a ms oN a gS ers gt a a 
59.68 148.5 119.0 827.0 
60.39 Re) ok ee hE Soy ee 1186.0 
61.46 ee a ge ee 1205.6 
62.65 PS i ars Ole emai 2183.0 
64.81 158.8 117.3 1860.0 
65.40 RI ty Pet aie ba A a ee oa) a ei Rae oa sa 
66.19 166.4 se eis Pa aes” ee ae 
69.94 171.4 117.3 3488.0 
{ 70.70 171.7 117.0 pea 
183.0 
75.24 BE og Beiez ON Se Gena { oo. 
78.00 188.3 117.3 5555.0 
80.3 195.9 143.9* 
81.2 197.3 143.0* 
83.4 196.9 156.2* 
85.4 199.2 164.1* 
87.8 208.3 173.5* 6331 
90.8 218.7 200.0 
92.4 220.0 212.2 
93.5 222.0 205.8 7855 | 
95.0 224.5 219.0 
97.0 229.0 224.6 
98.46 


$ 
- 
& 
° 


*Liquated below 120 Degrees Cent. (248 Degrees Fahr.) in microscopic studies. 
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Fig. 2—Photomicrographs of Tin-Tndium Alloys. 

a—0.98 per cent tin, as-cast, etched; shows coring in the a-phase, possibly deline- 
ated by particles of the 8-phase. x 100. 

b—0.98 per cent tin, heated 18 days at 100 degrees Cent. (212 degrees Fahr.) 
and slowly cooled, etched; shows the disappearance of coring. xX 100. 

_ 6.35 per cent tin, as-cast, etched; shows a gross coring pattern in the a-phase 
delineated by a variation in the number of §-precipitate particles. X 75. 

d—6.35 per cent tin, as-cast, etched; shows the §-phase precipitated in a matrix 
of the a-phase. X< 2500. ; 

e—6.35 per cent tin, heated 14 days at 80 degrees Cent. and slowly cooled, 
etched; coring has been eliminated but some newly precipitated 8 is present as 
shown in (f). X 

f—6.35 per cent tin, heated 14 days at 80 degrees Cent. and slowly cooled, 
etched; shows a fine precipitate of 8 in the a-matrix. xX 2500. 
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flat surface with a razor blade, (b) grind flat with 600 carborundum 
in soap solution on broadcloth, (c) finish polish on a silk nap cloth 
with the finest levigated alumina in liquid soap, (d) etch by immer- 
sion or very gentle swabbing in a solution containing: water 300 
cubic centimeters, K,CrO, 6 grams, H,SO, 20 cubic centimeters, 
NaCl (saturated solution) 12 cubic centimeters, HF 80 cubic centi- 
meters, HNO, 40 cubic centimeters, (e) wash and dry with a-blast 
of air. The action of the etch varied somewhat and it was sometimes 
found helpful to add more water or to increase or decrease the quan- 
tity of HNO,. 

Compression tests were run on cylindrical samples 7g inch in 
diameter and about 1 inch high. These were prepared by first casting 
slugs of the approximate dimensions and then upsetting in a cylin- 
drical die of the desired size. Before testing, all samples were heated 
24 hours at 115 degrees Cent. (239 degrees Fahr.). A stress-strain 
(compression) curve was plotted and the stress (8) required to pro- 
duce a strain of 10 per cent was read from this curve to obtain the 
points (Table 1) from which Fig. 9 has been constructed. All of the 
alloys are highly ductile; the resistance to deformation reaches a 
maximum near the limit of solubility of indium in tin (8). 

Methods of chemical analysis which were developed for and used 
in the analysis of the indium-tin alloys employed in this research have 
been described elsewhere. (7). Near the composition limits the 
analyses are reliable to within 0.1 per cent; in the middle range the 
error is thought not to exceed I per cent in any case. 


DISCUSSION OF THE RESULTS 


There is no substantial disagreement among the liquidus points 
obtained by any of the investigators of the indium-tin system. The 
present investigation provides data points at smaller composition 
intervals than were available previously, however, and these reveal 
some details which were not observed before. The liquidus curves 
emerging from the two sides of the diagram do not fall rapidly with 
the first additions of tin and indium as indicated by Valentiner and 
by Fink, Jette, Katz and Schnettler; there are small inflections at 
17, 34 and 86 per cent of tin, all of which suggest peritectic reaction, 
but only one of which (34 per cent tin) has, in Fig. 1, been associated 
with a peritectic reaction. There is no reason for choosing the inflec- 
tion at 34 per cent tin, instead of the inflection at 17 per cent tin, 
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Fig. 3—Photomicrographs of Tin-Indium Alloys. 


a—12.52 per cent tin, as-cast, etched; appears to be composed of two phases, 
probably a in a matrix of B. xX 1000. 


b—12.52 per.cent tin, heated 11 days at 80 degrees Cent. and slowly cooled, 
etched; a two-phase structure, probably a and 8. X 1000. 


c—14.70 per cent tin, as-cast, etched; no second phase is apparent, the alloy 


is composed of § alone; the black ‘dots are thought to be spurious. xX 100. 
d—14.70 per cent tin, heated 11 days at 80 degrees Cent. and slowly cooled, 
etched; no change has been effected by the heat treatment; the alloy is composed 
of B alone. xX 1000. 
B. a 7 per cent tin, as-cast, etched; typical rough-etching appearance of pure 
ye 
f—20.89 per cent tin, heated 11 days at 80 degrees Cent. and slowly cooled, 
etched; heat treatment does not noticeably modify the cast structure of the B. 


x 1000. 
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to represent the a-8-liquid equilibrium except that this discontinuity 
is the more prominent on the solidus. It is possible, though not 
very probable, that the inflection at 86 per cent of tin could indicate 
an equilibrium among y, 8 and liquid. In Fig. 1 uninterrupted curves 
have been drawn through the inflections at 17 and 86 per cent tin, 
because insufficient substantiating evidence of peritectic reaction at 
these points was at hand. 

Fink, Jette, Katz and Schnettler indicate a peritectic decomposi- 
tion of the y-phase at 124 degrees Cent. (255 degrees Fahr.) and 
plot four thermal arrest points on this isotherm. None of the pres- 
ent cooling curves exhibited any trace of an arrest at this tempera- 
ture. Moreover, liquation at the eutectic temperature (117 degrees 
Cent.) (242 degrees Fahr.) was observed up to and including the 
alloy at 87.8 per cent of tin, a condition which is not to be expected 
if y undergoes peritectic reaction at 124 degrees Cent. (255 degrees 
Fahr.). The liquidus exhibits no inflection corresponding to a 
peritectic at 124 degrees Cent. (255 degrees Fahr.). For these rea- 
sons*the data points of Fink, Jette, Katz and Schnettler at 124 de- 
grees Cent. (255 degrees Fahr.) have been disregarded in drawing 
the phase diagram of Fig. 1. 

The only solidus points that require special comment are those 
in the neighborhood of 90 per cent tin. Between 87.8 and 90.8 per 
cent tin the temperature of liquation rose abruptly from about 117 
degrees Cent. (242 degrees Fahr.) at 87.8 per cent tin to slightly 
above 200 degrees Cent. (392 degrees Fahr.) at 90.8 per cent tin. 
No intermediate points were obtained. This indicates a surprisingly 
steep solidus. Consideration of this, together with the inflection in 
the liquidus at 200 degrees Cent. (392 degrees Fahr.), gives some 
reason for doubt concerning the construction of the diagram in this 
region ; the right-hand solidus has, accordingly, been drawn as a 
dashed line. 

The solvus boundary of the a-field has been located at room 
temperature and at 80 degrees Cent. (176 degrees Fahr.) by metal- 
.lographic means. In the cast state, all of the indium-rich alloys ex- 
hibited coring, see Figs. 2a and 2c, which appeared to be delineated 
by the presence of a second phase, Fig. 2d. Up to and including 
the alloy containing 6.35 per cent tin, the cored structure was elimi- 
nated by heat treatment at 80 or 100 degrees Cent. (176 or 212 de- 
grees Fahr.), see Figs. 2b and 2e. Upon slow cooling or long stand- 
ing .(3 years) at room temperature a precipitate appeared in alloys 
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Fig. 4—Photomicrographs of Tin-Indium Alloys. 


a—26.65 per cent tin, as-cast, etched; the texture of the 8-phase does not change 
noticeably with composition change; all alloys higher in tin show tin-rich phases. 
x 1000. 


b—26.65 per cent tin, heated 11 days at 80 degrees Cent. and slowly cooled, 
etched; the §-phase is unaffected by heat treatment. xX 1000. 

c—33.69 per cent tin, as-cast, etched; shows primary § with a heavy precipi- 
tation of a tin-rich phase (vy or 5), and a secondary eutectic of 8 plus the tin-rich 
phase (coarse particles). Xx 100. 

d—38.42 per cent tin, as-cast, unetched; similar to (c), but with a larger pro- 
portion of the eutectic. x 100. 

e—48.46 per cent tin, as-cast, etched; the eutectic alloy composed of 8 (or +) 
in a matrix of 8 Xx 100. j 

f—55.0 per cent tin, as-cast, etched; primary 5 (or yy), white, and the eutectic, 
fine black and white coustituent. x 100. 
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containing 3.41 and higher percentages of tin, see Figs. 2e and 2f. 
At temperatures above 80 degrees Cent. (176 degrees Fahr.) the 
path of the solvus could not be traced because of the rapid precipita- 
tion of the second phase and the curve has accordingly been desig- 
nated as uncertain in this range. Fink, Jette, Katz and Schnettler 
placed the entire solvus curve farther to the right upon the basis of 
the relative intensities of the X-ray diffraction lines of the a and 
8-phases in alloys containing 13 to 14 per cent of tin; this method of 
estimation is relatively insensitive and the metallographic evidence 
appears more reliable. 

A peculiar etching characteristic of the B-phase made the loca- 
tion of the left-hand boundary of the £-field difficult ; unetched, the 
a and §-phases are indistinguishable; when etched with all of the 
reagents tested the 8-phase always exhibits an uneven contour which 
tends to conceal the presence of fine particles of a. At room tem- 
perature and after heat treatment at 80 degrees Cent. (176 degrees 
Fahr.) the alloy containing 12.52 per cent of tin appeared, with some 
uncertainty, to be composed of two phases, Figs. 3a and 3b, while the 
alloy at 14.7 per cent tin appeared to be composed of 8 alone, Figs. 
3c and 3d. Fink, Jette, Katz and Schnettler place the left-hand 
boundary of the A-field at 14 per cent tin from room temperature to 
100 degrees Cent. (212 degrees Fahr.); there is here no apparent 
disagreement between the X-ray and metallographic results. Above 
100 degrees Cent. (212 degrees Fahr.) the course of this boundary 
remains uncertain. Throughout the composition range of the B-phase 
the rough etching characteristic persists, Figs. 3e, 3f, 4a and 4b. 

Because of their difference in hardness and etching character- 
istics it was found possible to distinguish the 8 from the tin-rich 
phases with confidence, Figs. 4c and 4d, and thus to follow the course 
of the right-hand boundary of the f-field up to the eutectic tempera- 
ture. The precipitation of a second phase could not be suppressed 
by rapid cooling from the heat treating temperature, but reprecipi- 
tated material could be distinguished from that which had not been 
taken into solid solution during the heat treatment by the size and 
shape of the particles, see Fig. 5. Upon this basis, points have been 
located at 20, 80, 100 and 115 degrees Cent. The point at 117 
degrees Cent. (242 degrees Fahr.) (43 per cent tin) was established 
by the intersection of the solidus with the eutectic isotherm. 

In the cast state all alloys from the eutectic, Fig. 4e, to and in- 
cluding the alloy at 90.8 per cent tin, Figs. 4f, 6a, 7a and 8a, exhibit 
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Fig. 5—Photomicrographs of Tin-Indium Alloys. 

44.5 per cent tin series showing the effect of heat treatment of a typical alloy 
of near-eutectic composition; all etched similarly. 

a—as-cast; mostly eutectic with some primary § containing tin-rich precipitate 
particles only a little smaller than the tin-rich particles of the eutectic. x 100. 

b—as-cast; the matrix contains no fine precipitate. > 1000. 
_ @—heated 28 days at X0 degrees Cent. and slowly cooled; shows spheroidiza- 
tion and some solution of the tin-rich phase and dark areas where reprecipitation 
has occurred. xX 100. 

d—heated 28 days at 80 degrees Cent. and slowly cooled; shows the detail of 
the residual (coarse wh'te) and reprecipitated (fine white) tin-rich phase. x 1000. 

e—heated 14 days at 100 degrees Cent. and quenched; shows spheroidization 
and solution of a major part of the tin-rich constituent with widely distributed 
dark areas where reprecipitation has occurred. X 100. 

f—heated 14 days at 100 degrees Cent. and quenched; almost all of the 
&-matrix contains particles of reprecipitated tin-rich phase. X 1000. 
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Fig. 6—Photomicrographs of Tin-Indium Alloys. 


a—70.7 per cent tin, as-cast, etched; typical patch of the eutectic constituent 
(dark) enclosed by the tin-rich constituent; the gray zones along grain boundaries 
in the tin-rich phase are thought to be the y-phase forming from 6. x 500. 


b—70.7 per cent tin, heated 14 days at 100 degrees Cent. and slowly cooled, 
etched; the quantity of the §-phase has increased on that seen in the cast alloy 
(a); the tin-rich constituent within the §-area is probably a precipitate formed 
during cooling. Xx 500. 


c—70.7 per cent tin. heated 23 days near the eutectic temperature (nominally 
115 degrees Cent.), slowly cooled, etched; still a large quantity of 8 with finer 
precipitate. xX 500. 


d—75.4 per cent tin, heated 1 hour at 100 degrees Cent. after 3 years at room 
temperature, etched; a heavy grain boundary deposit of 8 and a suggestion of gen- 
erally distributed 8 in very fine particles is now evident; before heat treatment 
this sample showed but one phase, y. X 500. 


the B-phase in their microstructures. Upon heat treatment at 80 
degrees Cent. (176 degrees Fahr.) and the eutectic temperature the 
quantity of the B-phase appears to increase markedly, compare Figs. 


_ 6a, 6b, 6c, 7b, 7c and 7d, except in the 90.8 per cent tin alloy where 


solution of the B-phase occurred, Fig. 8b. After 3 years at room 
temperature, all alloys from 75.24 to and including 87.8 per cent 
of tin were found to be composed of a single phase (y alone). 
Thus the boundaries of the y-field have been located at 20 degrees 
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Cent. at approximately 75 and 88 per cent tin respectively. Subse- 

quent heat treatment at 100 degrees Cent. (212 degrees Fahr.) pro- 

duced a heavy precipitate of the B-phase, Fig. 6d. This suggests 
| either a marked inclination of the left-hand boundary of the y-field 
| to the right, with rising temperature, or peritectoid decomposition 
of the y-phase below 100 degrees Cent. (212 degrees Fahr.), or both 
(as shown in Fig. 1). Fink, Jette, Katz and Schnettler agree with 
the points at room temperature. 

The establishment of a peritectoid decomposition of the y-phase 
remains uncertain. Its existence is proposed for the following rea- 
sons: (a) alloys throughout the demonstrated composition range of 
the y-phase exhibit liquation at the eutectic temperature, suggesting 
| that y is not stable above the eutectic, but decomposes at some lower 
| temperature, (b) freshly cast alloys within the y-range, after a few 
| days, exhibit evidence of a structural change emanating from the 
| 


grain boundaries of the tin-rich constituent, see Figs. 6a and 7a, 
(c) when heated just to the eutectic temperature and cooled again 
the tin-rich phase appears to have recrystallized to a fine grain size. 
Unfortunately, it was not possible to distinguish positively between 
| the y and §-phases except when the two occurred together in fairly 
| large masses (the y-phase exhibits a slightly yellowish tint in com- 
| parison with the 6-phase and tends to develop round instead of angu- 
| lar etch pits). For this reason the presence of the 8-phase in the 
| heat treated and quenched alloys could not be established with con- 
| fidence. No thermal evidence of reaction below the eutectic tempera- 
| ture was found. The peritectoid has been placed below 80 degrees 
| Cent. (176 degrees Fahr.) because large changes in the relative pro- 
| portions of the 8 and tin-rich constituent were always observed when 
| alloys were heat treated at this and higher temperatures; the case 
| is not clear, however, because a large shift in the boundary of the 
y-field alone could produce the same effect. The composition of the 
| y-phase at the presumed peritectoid isotherm is not known. 
| Two phases (y and 8) were found in alloys from 90.8 to and 
| including 93.5 per cent tin after 3 years at room temperature, 
| Fig. 8e. No second phase was found in the 93.5 per cent tin alloy 
after heat treatment at 80 degrees Cent. (176 degrees Fahr.) and 
the 90.8 per cent tin alloy appeared to have been converted to one 
phase, which subsequently decomposed, as a result of heat treatment 
at 115 degrees Cent. (239 degrees Fahr.) followed by slow cooling, 
| Fig. 8c. When the latter alloy was liquated by heating to 210 degrees 
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Fig. 7—Photomicrographs of Tin-Indium Alloys. 


a—80.3 per cent tin, as-cast, etched; shows presence of the eutectic constitu- 
ent... -%- SR. 


b—87.7 per cent tin, as-cast, unetched; no eutectic constituent, or 8 in any 
form, was evident in this sample. x 200. 


c—87.7 per cent tin, heated 14 days at 80 degrees Cent. and slowly cooled, 
unetched; shows the appearance of a considerable quantity of 8, see Fig. 6b. X 200. 


d—87.7 per cent tin, heated 23 days near the eutectic temperature (nominally 
115 degrees Cent.) and slowly cooled, etched; shows a considerable quantity of 
B, see Fig. 6c. X 200. 


Cent. (410 degrees Fahr.), followed by slow cooling, the growth of 
a second phase outward from the grain boundaries was clearly evi- 
dent, Fig. 8d. Liquation was observed in the 87.8 per cent alloy 
when heated to 120 degrees Cent. (248 degrees Fahr.). Thus it 
appears that the solvus of the 6-field probably curves to the left from 
about 94 per cent tin at room temperature to a limit of 88 or 90 
per cent tin at the eutectic temperature. The entire 8-field was thought 
by Fink, Jette, Katz and Schnettler to be much narrower, but Valen- 
tiner’s results were in substantial agreement with the present findings. 
The transformation of white to gray tin at 18 degrees Cent. has not 
been indicated on the diagram because the studies were not carried 
below 20 degrees Cent. 


————————— 
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a—90.8 per cent Pty as-cast, unetched; shows eutectic constituent. x 200. 

b—90.8 per cent tin beated 14 days at 80 degrees Cent. and slowly cooled; 
no 8 was found anywhere in the s ; the surface appears slightly mottled 
suggesting the presence of 6 plus ‘+. 

c—90.8 per cent tin, heated 23 days at 115 degrees Cent. and slowly cooled, 
etched; appears to be com of finely divided 5 plus ‘y, possibly formed by the 
precipitation of ¥ within 6 at room temperature or during cooling. x 200. 

d—90.8 per cent tin, gym ene 15 —— at oe degrees Cent. and 
quenched, etched; shows the growt a second mee y yy) from a 
liquated grain boundary into the sorounding grains sounanalay 5). X 1500. 

e—93.5 per cent tin, oem pet photographed after 3 years at room commas 
ture, etched; the yy and 6 constituents have grows into ato distinguishable P : 
¥ is _ with ies black etch pits, 6 is gray to black, depending upon grain 
orientat x 100. 


f—98.46 per cent tin, as-cast, etched; showing characteristic etch pitting. x 500. 


Fig. 8—Photomicrographs of Tin-Indium Alloys. 
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The compression test results represented in Fig. 9 show a maxi- 
mum in hardness near the limit of the solid solubility of indium in 
tin. Up to the limit of the solid solubility of tin in indium there is 
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Fig. 9—Stress to Produce 10 Per Cent Deformation in 
a Compression Test Versus Composition. 


little, if any, solution hardening effect, but the B-phase becomes 
gradually harder with continued tin additions. There is a consider- 
able scattering of the data points, owing in all probability to phase 
changes at room temperature. 


SUM MARY 


The constitution of the indium-tin system has been re-examined 
by precision thermal and tnetallographic means. As previously re- 
ported, there is a eutectic at about 48 per cent of tin and 117 degrees 
Cent. (242 degrees Fahr.), and there are two intermediate solid 
phases in the system. All solid phases are found to extend over wide 
ranges of composition. A peritectic decomposition of the y-phase, 
reported by Fink, Jette, Katz and Schnettler, was not confirmed; 
in its place, a peritectoid decomposition of the y-phase below the 
eutectic temperature is proposed ; in other respects the present results 
confirm the form of the diagram proposed by these authors and by 
Valentiner. The resistance to deformation in compression was found 
to reach a maximum near the limit of solubility of indium in tin. 


| 
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DISCUSSION 


Written Discussion: By Ettore A. Peretti, associate professor of metal- 
lurgy, University of Notre Dame, Notre Dame, Ind. 

The authots use the value 155 C as the melting point of indium. I would 
like to know if they have determined the melting point of high purity metal. 
W. Roth, I. Meyer and H. Zeumer’ report a value cf 156.4 +0.2 C. 

Written Discussion: By Eugene M. Smith, Battelle Memorial Institute, 
Columbus, O. 

Dr. Rhines, during oral discussion, referred to Fig. 3c of !1s paper and 
suggested that the black spots shown thereon are not to be corsidered as part 
of the alloy structure, but may be a re«ult of abrasive r-aterial that remained 
embedded in the matrix even after carefu! polishing. However, the black spots 
were not positively identified as such during the criginal investigation. 

It is suggested that the black spots may be identified by examination under 
polarized light. When doing metallographic work on tin alloys containing small 
additions of iron similar black spots were also obtained on the specimen which 
could not be removed by additional polishing. When examined under polarized 
light the nonmetallic characteristics of the black spots were recognized readily. 
The spots were very definitely anisotropic, suggesting that they may be re- 
sidual abrasive material. 








*W. Roth, I. Meyer and H. Zeumer, Z. anorg. allg. Chemie, Vol, 214, 1933, p. 316. 
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Of particular interest to metallographers working with tin alloys is the 
paper by H. J. Taffs.‘ 

Written Discussion: By H. M. Davis, associate professor of metallurgy, 
The Pennsylvania State College, State College, Pa. 

The thoroughness with which this investigation has been made is to be 
admired, as are the excellent reproductions of the microstructures. The authors 
have not exaggerated the difficulty of the metallography of indium-rich alloys. 
The recrystallization at room temperature and the uneven etching of some 
indium-bearing phases have also been observed in our study of the system 
indium-lead. The authors’ difficulty in distinguishing the « and § phases of the 
indium-tin system is especially interesting to me, for we have found no etching 
distinction between the corresponding phases of the system indium-lead. One 
additional annoyance in our experience is the cold working of an indium-rich 
solid solution by the finger pressure necessary in handling a metallographic 
specimen. 

There is considerable disagreement about the melting point of indium. Pos- 

‘ sibly some of the diversity can be ascribed to differences in the purity of the 
metal samples. The work reported from Dr. Rhines’ laboratory evidently 
has been done with care, and there appears little basis for doubting that the 
temperature given (155C) represents the melting point of the indium with 
which the work was done. The U. S. Bureau of Standards recognizes 156.4 C 
as the melting point of indium. A personal communication from E. L. Badwick 
(formerly with the Indium Corporation of America), who has studied the system 
bismuth-indium, gives his result as 157.2C. Our own measurements, made on 
high purity electrolytic indium, place the melting point at 157.3 C. 


~ 


Authors’ Reply 


The melting point of the indium used in these studies was measured re- 
peatedly and by a variety of methods, which could be relied upon within a half 
degree or less; a temperature close to 155C was found consistently. It is 
entirely possible, however, that this indium was less pure than that used by 
Roth, Meyer and Zeumer and by Professor Davis. Since the pure metal should 
be expected to be more sensitive to impurities than the binary alloys, in this 
respect, it seems probable that the diagram is appreciably in error, from this 
cause, only in the immediate vicinity of pure indium. 

The authors wish to express their appreciation to all of the discussers 
for their helpful suggestions. 
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AN X-RAY STUDY OF THE EFFECT OF HIGH 
HYDROSTATIC PRESSURES ON THE 
PERFECTION OF CRYSTALS 


By Louis RosEN 


Abstract 


Powdered sodium chloride and powdered aluminum 
were subjected to hydrostatic pressures of 12,300 atmos- 
pheres in oil for at least 1.7 hours. The pressure was 
released slowly, the specimens were drained of otl and 
their X-ray diffraction patterns were compared with pat- 
terns of the corresponding unpressed, but wet with oil, 
material. In all cases, the pressed specimens showed in- 
creased resolving power and a slightly smaller lattice 
parameter. The specimens were re-examined after 8 
months and the above effects were found to persist. 

The effect can be explained by assuming that the 
crystals of the original specimens contained imperfections 
(“holes”) whose dimensions were only a few atomic 
diameters and that the high hydrostatic pressures caused 
a viscous flow in the specimens thus tending to fill in the 
“holes”. Although it is extremely difficult, if not imposst- 
ble, to grow perfect crystals de novo, the application of 
high hydrostatic pressures apparently is able to remove 
the imperfections. Since the potential energy of a perfect 
crystal should be less than that of an twmperfect crystal, 
the increase in perfection by high pressures should be 
permanent. 


INTRODUCTION 


GREAT deal of work has been done on the effect of high hydro- 
static pressures on the physical and chemical properties of - 
matter, a large part of this work being done by Bridgman and his 
students (1)!, and by Dow (2), (3), (4), (5), (6), (7), (8), 
Fenske (3), McCartney (6), Mathews (7), Anderson (7), and 
Fink (8). Mention should also be made of the work of T. C. Wilson 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Twenty-eighth Annual Convention of the 
Society, held in Atlantic City, November 18 to 22, 1946. The author, Louis 
Rosen, was formerly associated with the Department of Physics, The Pennsyl- 
vania State College, State College, Pa., and is now located in Santa Fe, Box 
1663, New Mexico. Manuscript received June 26, 1946. 
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(9) and of G. Welter (10). Wilson found a temperature effect on 
the pressure coefficient of electrical resistance in alpha brass which 
he explained as due to an increase in the ordering of the atoms in 
the brass. Welter studied the tensile strength and hardness of 
aluminum-silicon alloys. He found, in the case of alloys cast under 
“high” pressure, an increase in strength and hardness up to 30%. 
Apparently his work can be considered to be a variation and-ex- 
tension of the well-known centrifugal casting technique which tends 
to prevent the formation of very small contraction cavities. However, 
in all of the above work there has apparently been no investigation 
as to any effects of high hydrostatic pressure at room temperatures 
which might persist after the pressure has been removed. The present 
problem was to investigate this possibility, using finely powdered 
sodium chloride and “powdered” aluminum as specimens which 
represent respectively the “ionic” and the “metallic” type of binding. 
Their cubic structure makes it possible to assume that any effect of 
high hydrostatic pressures would be the same along all three crys- 
tallographic axes. Sodium chloride has an additional advantage due 
to its well-known state of imperfection (“mosaic structure’). It was, 
therefore, to have been expected that, if high hydrostatic pressures 
could produce any permanent physical change in crystals, such change 
could be found in the case of sodium chloride and aluminum. The 
change might be expected to appear in the results of X-ray diffraction 
studies (a) by a change in the resolution of the K-alpha doublet of 
copper, chromium, etc., (b) by a slight change in the angle of dif- 
fraction. The pressures employed ranged from 12,300 atmospheres 
(92.5 tons per square inch) to 23,300 atmospheres (175 tons per 
square inch). The effect of the pressure treatment was determined 
by making an X-ray study of the pressed and unpressed specimens 
using the “back-reflection’’ method. 


APPARATUS 


High Pressure Apparatus—The apparatus for generating high 
pressure was of a modified Bridgman type commonly used in the 
High Pressure Laboratory of the Physics Department of The Penn- 
sylvania State College (1), (7). A hydraulic press easily capable 
of exerting a force of 90 tons acted upon a hardened steel piston 
0.5 inch in diameter, which in turn was forced into the opening of a 
hardened steel cylinder filled with a mixture of 50 volume-per cent 
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Pennsylvania grade SAE 30 oil and 50% kerosene. This cylinder will 
hereafter be referred to as the main pressure chamber. The walls of 
the cylinder were 2.25 inches thick. 

In order to prevent too much lost motion due to the compression 
of the oil [it compresses to 70% of its original volume under a 
pressure of only 12,000 atmospheres (90 tons per square inch) |, 
the usual experimental chamber was dispensed with, and the speci- 
men under investigation was held in the hollow of the plug which was 
used to close the bottom of the main pressure chamber. 

All packings were essentially of the Bridgman “unsupported 
area” type (1). This insured that the pressure on the packing was 
always higher than the pressure in the transmitting fluid, thus pre- 
venting leaks. The packing used for the movable piston consisted of 
rubber, copper and annealed carbon steel. The rubber prevented leak 
at low pressures; the copper and steel prevented leak at high 
pressures. Except for the electrical connections to the pressure gage, 
the packing used in all stationary parts which were subjected to high 
pressure consisted of lead and cold-rolled steel. 

The pressure was determined by measuring, on a Mueller-type 
Wheatstone bridge, the change in resistance of a manganin coil placed 
in the main pressure chamber (which, as already stated, also served 
as the experimental chamber). The pressure coefficient of resistance 
of a typical sample of the manganin wire was determined by the use 
of a dead weight gage for a range of pressures up to 3300 atmos- 
pheres (24.5 tons per square inch). ‘bhe resistance of the copper- 
manganese-nickel alloy, commonly called manganin, has been found 
experimentally to vary linearly with pressure (1). Therefore, 
pressures above 3300 atmospheres (24.5 tons per square inch) were 
determined by extrapolation. Although it has never been shown 
experimentally that the resistance-versus-pressure curve for manganin 
is linear above 13,000 atmospheres, there is nevertheless some little 
evidence to support this assumption (1). 

The resistance of the coils used was approximately 102.6 ohms 
at atmospheric pressure and room temperature. If the resistance of 
the coil for a given experiment was 102.606 ohms, and if the pressure 
oR 
oP 
then a change of pressure of 1000 atmospheres corresponds to a 
change in resistance of 0.240 ohm. A change of 0.001 ohm in the 
resistance of the coil could be detected so that the method of pressure 





coefficient of resistance K = ( . = 2.335 & 10°* ohms/kg/cm?, 
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measurement was sensitive to a pressure change of less than 5 
atmospheres. The coil of the manganin gage was wound on a fiber 
spool which, in turn, was mounted on a steel rod of small diameter. 
This steel rod was mounted in a steel plug from which it was insulated 
by mica and fiber washers. The mica and fiber also served as a pack- 
ing for the steel rod on which the gage coil was mounted. Leaks 
through the gage-leads were never encountered when using -this 
method of packing. This packing is to be preferred over the usual 
mica and rubber packing because of its greater mechanical strength 
and durability. 

X-ray Apparatus—Most of the X-ray work was done on a 
General Electric-Hayes X-ray Diffraction Unit, using a copper 
target tube (C6 type, General Electric X-ray Corporation). In order 
to make the results independent of wave-length, some of the work 
was repeated using a chromium target tube of the oil-immersed 
type, CA-5, made by the General Electric X-ray Corporation. 

The back-reflection camera used permitted simultaneous rota- 
tion of the film and specimen in opposite directions about a common 
axis, thus making for uniform and reproducible patterns. It also 
permitted taking diffraction patterns of the pressed and unpressed 
specimen on the same film without changing the position of the film 
relative to the specimen. 


EXPERIMENTAL PROCEDURE 
a 

Sodium Chloride—A single crystal of sodium chloride was 
ground in an agate mortar and sifted through 200-mesh bolting cloth, 
giving a gross particle size no larger than 0.06 millimeter. This 
powder was divided into two parts. One portion was placed in the 
main high pressure chamber and the other portion was placed in a 
solution of 50 volume-per cent Pennsylvania grade SAE 30 oil and 
50% kerosene, i.e., a duplicate of the solution which was used in the 
high pressure chamber. Pressure was then slowly applied to the 
specimen in the pressure chamber until the desired pressure was 
attained. This pressure was maintained for times varying from 100 
minutes to 36 hours. The pressure was then released very slowly, 
the specimen under pressure removed from the main pressure 
chamber, the unpressed specimen removed from its oil bath and both 
specimens permitted to drain in contact with absorbent paper for 
from 12 to 36 hours. After the specimens were fairly dry they were 
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each placed in a brass holder. This consisted of a flat piece of sheet 
brass % inch thick with a hole % inch in diameter and 3/32 inch 
in depth drilled in the center. Each of the two specimens was gently 
pressed into its brass specimen holder to insure substantially the 
same tightness of packing. The surface of each specimen was then 
smoothed off with a sharp razor edge so that the position of the 
surface of the specimen on its holder was very closely duplicated from 
specimen to specimen with an estimated variation of 0.001 centimeter. 
The specimen holders were mounted one at a time on the camera 
assembly. The distance from the photographic film to the surface of 
the specimen holder was always the same with an estimated variation 
of 0.001 centimeter. The combined variation in the locations of the 
specimens represents a calculated variation in the diameter of the 
diffraction rings of Fig. 1 of only a tenth of that actually observed. 

The two specimens were then irradiated successively with X-rays 
for equal times, ranging from 60 minutes to 12 hours, and under 
identical conditions of tube voltage, tube current, and rate of rotation 
of specimen and film. The diffraction patterns of the two specimens 
(one pressed, the other unpressed) were recorded on adjacent 
60-degree sectors on the same film in the usual manner. This not only 
substantially avoided errors due to variations in photographic tech- 
nique, film shrinkage, etc., but also made it possible to make a very 
precise visual comparison of the two patterns. 

The diffraction patterns of every pair of pressed and unpressed 
specimens were examined visually for differences in resolution, and 
diameter of one or more rings. 

The sodium chloride lines investigated were due to the (640) 
and (622) planes when using a copper target and to the (420) 
planes when using a chromium target. 

The pressures used on all but one of the final specimens of 
sodium chloride reported in this work were approximately 12,300 
atmospheres (92.5 tons per square inch). The single exception was 
subjected to a pressure of 23,300 atmospheres. The pressure was 
kept on continuously for the times listed in Table I. The pressure 
was then lowered slowly to room pressure. From this time on, the 
specimens were kept at room pressure. 

Aluminum—Aluminum was chosen as a_ second specimen- 
material partly because it represents a “metallic-type” of binding (as 
contrasted with the “ionic” binding of sodium chloride, partly be- 
cause it is cubic (so that the effects of high hydrostatic pressure 
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Fig. 1—Typical “Back-Reflection”’ Diffraction Patterns of Pressed and Unpressed 
Sodium Chloride. 


would be equal;along all three axes), and partly because its recrystal- 
lization temperature (200 C) is sufficiently above room temperature 
(so that, at least during the time involved in these experiments 

a matter of days—strains will not tend to relieve themselves on 
standing and so mask the effects of high pressure). The aluminum 
used was from two sources: (a) a small bar of spectroscopically pure 
metal from the Aluminum Company of America and (b) a “pow- 
dered” aluminum (98.5% aluminum) from the Hardy Metallurgical 
Company. The bar was filed, and the filings were rubbed in an agate 
mortar. The filings were then sifted through 200-mesh bolting cloth. 
This sifted powder was then divided into two portions which were 
treated in the same manner as that already described for sodium 
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Table I 


Effect of High Hydrostatic Pressure on the Perfection of Sodium Chloride 
and Aluminum Crystals* 








Observed Variations Between the Patterns of the 
Pressed, P, and Unpressed, U, Specimens 


Diameter of 
Pressure 


Diffraction 
Atmospheres Time, Hours Resolution Rings 
12300 3.5 P se 3 P< 
12300 12 PsS> U P< U 
12300 12 de P <.U 
12300 2 P>U P< U 
12300 11 P>U P< VU 
12300 9.1 te 1 P< 
12300 9 P>U P< & 
12300 3 Pr > U <u 
12300 3 a, So P< VU 
12300 1.7 r > U Pr £eu 
12300 3 ee P<U 
23300 36 > U yeu 
12300 4 P>U P< U 
12300 4 P> U P<U 
12300 0.5 P > U? P< U+ 
12300 0.5 Er > 4)" r <"t 
23300 36 r>UJU re & 


_*Each horizontal line represents a completely independent experiment starting with 
a fresh specimen. *Effect barely detectable. 


chloride. The powdered aluminum from source “‘b” was similarly 
treated. 


RESULTS 


Sodium Chloride—Two outstanding differences were observed 
between the diffraction patterns of pressed and unpressed specimens 
of sodium chloride. First, the patterns of the pressed specimens 
always showed more resolution of the K-alpha doublet than did the 
patterns of the unpressed specimens. Second, the pressed specimens 
always gave “back-reflection” diffraction rings which were slightly 
smaller in diameter than the diffraction rings of the unpressed speci- 
mens. The difference in diameter was approximately 0.2 milli- 
meter + 0.1 millimeter. The above results are tabulated in Table I. 
They can be clearly seen by studying the diffraction pattern of 
sodium chloride, Fig. 1. The two sectors in Fig. 1 bearing the code 
number show the diffraction pattern of a sample of sodium chloride 
which had been under a pressure of 23,300 atmospheres (172 tons 
per square inch) for 36 hours. The adjacent sector to the right 
(marked R) shows the diffraction pattern of unpressed sodium 
chloride while the pattern in the sector at the left (marked L) repre- 
sents pressed sodium chloride reground. It is clearly seen that the 
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patterns bearing the code number are better resolved, and have 
diffraction rings of smaller diameter than either of the other two 
patterns which are almost alike. 

Other experiments on sodium chloride in which the specimen 
was exposed to a pressure of 12,300 atmospheres for less than 1.7 
hours showed almost no change in the resolution of the K-alpha 
doublet and in the diameter of the diffraction rings. Pressures sub- 
stantially lower than 12,300 atmospheres gave no detectable effect 
either on the resolution of the K-alpha doublet or on the diameter 
of the diffraction rings even though the pressure was continued for 
several hours. 

The effects produced by high hydrostatic pressure (improved 
resolution, and decrease in diameter of “back-reflection” diffraction 
rings) were destroyed by regrinding the specimen. 

Aluminum—The results for aluminum were similar to the results 
for sodium chloride. The pressed specimen gave diffraction rings of 
greater resolution and of smaller ring diameter. The difference in 
diameter for the second order (211) ring was 0.2 millimeter + 
0.1 millimeter. 


DISCUSSION 


The work described above has shown experimentally both for a 
cubic crystal having ionic binding (sodium chloride), and for a cubic 
crystal having metallic binding (aluminum), that the application 
of high hydrostatic pressure to a powdered crystalline material 
produces two definite changes in the X-ray diffraction pattern of 
that crystal, provided only that the pressure is high enough and that 
it is kept on long enough. The first of these two changes is an in- 
crease in the resolution of the diffraction rings. This would seem to 
indicate that the diffraction gratings of which the crystals are com- 
posed had in some way been made more perfect by the high pressure. 
The second change is a decrease in the diameter of the diffraction 
rings obtained by the “back reflection” of the X-rays. The decrease in 
the diameter of “back-reflection” rings represents a decrease in the 
spacings of the diffraction gratings. 

We must now try to construct a picture of what goes on in the 
interior of the sodium chloride which will account for the two 
effects mentioned above. For purposes of clarity of presentation let us 
assume at first a fictitious small particle of sodium chloride in which 
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the sodium and chlorine occupy completely random positions. 
Obviously such a structure would be less stable than a perfectly 
ordered structure. Now let us assume that the locations of the sodium 
and chlorine in our fictitious sodium chloride become more and more 
perfectly ordered. The mean distance between adjacent atoms would 
become less and less and would approach as a limit the spacing found 
in ordinary crystalline sodium chloride. In other words, the more 
perfect the crystal is the smaller will be its lattice parameters. In the 
case of an actual crystal there would be a limit to the degree of 
perfection obtainable if the crystal is grown by ordinary methods. 
This limitation is set by the very processes by which the crystal 
can be grown (14). 

Let us now assume that our crystalline sodium chloride is sub- 
jected to high hydrostatic pressures such as are mentioned above 
(92.5 tons per square inch), and that the pressure is continued for a 
relatively long time. It is a matter of ordinary metallurgical expe- 
rience that metals flow at room temperature if subjected to sufficiently 
high pressures. We shall assume that crystals of other materials, such 
as sodium chloride, have this same property. In other words, while 
the sodium chloride was under high hydrostatic pressure it was able 
to act like a liquid of extremely high viscosity. It would follow from 
this that if sodium chloride was subjected to sufficiently high pressure 
enough flow might be possible to make the positions of the sodium 
and chlorine more and more ordered, i.e., it would be possible to 
make the sodium chloride into a more perfect crystal. Since the flow 
of this viscous material is assumed to be very slow, our assumption 
accounts for the experimental fact that the changes in the X-ray 
diffraction patterns of sodium chloride only occurred when the high 
pressure was kept on for at least 1.7 hours. Since the stability of an 
atomic configuration in a crystal increases with the perfection of a 
crystal, it follows that our specimens should maintain their perfected 
structure at room pressure indefinitely. This is in complete agree- 
ment with our experience. A specimen of sodium chloride has been 
subjected to high pressures (92.5 tons per square inch) and has then 
been X-rayed. This specimen was then kept in the laboratory at room 
pressure for 8 months. It was then subjected to X-rays again and 
gave identically the same diffraction pattern as when freshly pressed. 
A similar picture could be made in the case of aluminum. 

We have seen that we can explain all of the experimental facts 
by assuming that crystals as they exist in their natural state are 
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imperfect, but that these imperfections can be removed by high 
hydrostatic pressures applied for a long enough time interval and that 
the highly perfect crystals so produced are stable at room pressures. 
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DISCUSSION 


Written Discussion: By Wheeler P. Davey, research professor of physics 
and chemistry, The Pennsylvania State College, State College, Pa. 

It must be noted that Dr. Rosen’s specimens were subjected to hydrostatic 
pressure, not merely to pressure in .one direction. The use of hydrostatic 
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pressure avoids any possibility of flow in one direction (and consequent prefer- 
ment of orientation), such as is obtained when sheet metal is “formed” by dies 
operated at high pressure. I am wondering whether it might not be possible 
to simulate the action of high hydrostatic pressure on pieces of sheet steel 
having random crystal orientation by using a mold so designed as to prevent 
sideways flow. Such a mold would probably be ruined the first time it was used 
because it would have to be so constructed as to support the sides of the 
specimen. The specimen would undoubtedly stick very badly to the sides of 
the mold. If a series of such molds, each capable of standing a hundred tons 
to the square inch, could be made available we should be glad to attempt to use 
them in a repetition of Dr. Rosen’s work. I should be glad to get in touch 
with anyone who would be willing to furnish such molds. If Dr. Rosen’s work 
could be supplemented by additional experiments as outlined above, the results 
might be of considerable importance to those who are interested in what goes 
on in a stamping. 

Written Discussion: By Carl A. Zapffe, consultant, Baltimore. 

Dr. Rosen opens his paper with a refreshing admission that crystals arc 
physically imperfect in the sense of having “mosaic structure”, leaving the 
reader with the anticipation that by the application of high pressure these 
latticular hiatuses are going to heal. Furthermore, the data reassure this 
assumption—clarified diffration lines, exactly as predicted in the beginning of 
X-ray diffraction history by Darwin,” * who proved mathematically that the 
characteristic diffuseness of diffration patterns is the result of a characteristic 
“mosaic structure”. The discussion then shifts without warning from the mosaic 
basis back to the conventional atomic basis; and Dr. Rosen speaks of atomic 
movements and ordering. 

What happened to the mosaic voids? Our research work has demonstrated 
their existence,* as has work by innumerable other investigators; and such voids 
hold the simplest possible explanation for the data in this paper. 

In fact, the second observation, a diminishing of ao, may be an illusory 
result of the clarification of diffuse lines. Finding the proper center of a diffuse 
diffraction line is somewhat arbitrary. Also, diffuseness from a loosening of the 
lattice would lie predominantly toward higher values for ao, whereupon clarifica- 
tion would show as a compression. On the other hand, an actual compression 
of the lattice is a possible response, but certainly secondary to compression of 
a looseness among segments of the lattice. 


Reply to Discussion 


By WHeecer P. DAvEY AND WAYNE WEBB, PENNSYLVANIA STATE COLLEGE, 
STATE COLLEGE, PA. 


In the absence of Dr. Rosen we will reply to Dr. Zapffe’s very help- 
ful discussion. 


Dr. Rosen’s reference to a fictitious amorphous particle of NaCl indicates 
2C. G. Darwin, “The Theory of X-Ray Reflexion,’ Philosophical Magazine, Vol. 27, 
1914, p. 315-333, 675-690. 


8C. G. Darwin, “The Reflexion of X-Rays From Imperfect Crystals,” Philosophical 
Magazine, Vol. 43, No. 6, 1922, p. 800-829. 


‘C. A. Zapffe, ‘Neumann Bands and the Planar-Pressure Theory of Hydrogen Embrittle- 
ment,’’ Advance Copy, British Iron and Steel Institute, August 1946, 8 pages. 
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clearly that he wished to make his picture of crystal imperfection as general 
and as unrestricted as possible. To have limited his discussion to imperfections 
of the “mosaic” type would have been misleading since it is universally accepted 
that such imperfections, unless they give mosaic units of exceedingly small 
dimensions, do not affect the lattice parameters but only increase the width of 
diffraction lines. It should be remarked that Dr. Rosen based his estimate of the 
change in diameter of the diffraction ring on the position of the whole patterr 
and not on an assumed position of the center of the ring. 











POLE FIGURES OF THE EFFECT OF SOME COLD 
ROLLING MILL VARIABLES ON LOW CARBON STEEL 


By JoHN Kart Woop, Jr. 


Abstract 


It is the purpose of this paper to present, by means 
of pole figures, each representing a large amount of data, 
a quantitative picture of the orientation effects produced 
in cold-rolled low carbon sheet steel by changing, one at 
a time, some of the controllable variables in mill dimen- 
sions and techniques. Such variables are (1) total re- 
duction at the end of each pass, (2) roll diameter, (3) 
intermittent pass versus a continuous pass and (4) a 
tension on the strip. 

The pole figure data, plotted in terms of the {110} 
family of poles, were obtained from X-ray diffraction 
patterns using a technique developed by the author. 
With this technique, it was possible to use a relatively 
large number, (112), of pole positions in each pole figure 
so that the pole figures of this work were plotted from 
more complete information than that usually given. 

Two sets of pole figures were plotted. One set was 
plotted in the specimen or rolling-cross rolling plane and 
the other set was plotted in the normal-cross rolling plane 
with the edge of the specimen on a diameter of this figure. 
The pole density was plotted in four densities—dense, 
medium, light and zero. 


MOLYBDENUM target X-ray tube was operated at 18 MA 

and 42 KV peak and the X-rays were passed through a 
ZrO, filter containing 0.03 gram of ZrO, per square centimeter. 
This proved to give an intensity of the Ka wave length about 200 
times as great as that given by a pentaerythritol monochromatizing 
crystal without showing an objectionable intensity of the K8 beam. 
For patterns of the reflection type, the angle between the incident 
X-ray beam and the surface of the sheet steel specimen was kept 
at 10 degrees throughout the work. For the transmission type of 
A paper presented before the Twenty-eighth Annual Convention of the 
Society held in Atlantic City, November 18 to 22, 1946. The author, John Karl 
Wood, Jr., was formerly associated with the Department of Physics, The Penn- 
sylvania State College, State College, Pa., and is now with Bausch & Lomb 


Optical Co., Rochester, N. Y. Manuscript received July 1, 1946. 
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diffraction pattern the incident X-ray beam was normal to the sur- 
face of the specimen. Each specimen was moved systematically 
about in its own plane while diffraction was taking place, to mini- 
mize the effect of individual crystals in the surface of the specimen. 

For the transmission patterns, each specimen was etched with 
concentrated nitric acid from one side by the method described by 
McLachlan and Davey’ to a thickness of about 0.010 inch leaving 
an unetched surface for reflection patterns. 

The intensities of the diffracted beams on the photographic film 
were measured in terms of a series of X-ray exposures in the form 
of lines on the same kind of film. The intensity ratios of these lines 
were known in terms of the exposure time of each line. 

The pole figure data, plotted in terms of the {110} family of 
poles, were obtained from X-ray diffraction patterns using the tech- 
nique described elsewhere. Using this technique, it was possible to 
use a relatively large number, (112), of pole positions on each pole 
figure, so that the pole figures presented here were plotted from 
more complete information than those usually given. The points were 
so close together that the pole figures could be drawn without the 
usual dangers incident to drawing curves through rather widely 
separated points.’ 

Two sets of pole figures were plotted. One set, in the left 
column of each figure, was plotted in the specimen plane or RC plane. 
The right column was plotted in the NC plane with the edge of the 
specimen on a diameter of this figure. It must be remembered in 
comparing the two sets that lengths along a diameter of the RC 
figure will be transformed to lengths along the periphery of the 
corresponding NC figure and vice versa. The pole density was 
plotted in four densities—dense, medium, light and zero. Since the 
density of poles indicated by the dense areas increases as the total 
reduction of the specimen increases, an approximate number giving 
the intensity ratio (the ratio of the “most dense” to “medium” 
intensity) is given with each pole figure. 


EFrrect oF RepucTION AFTER EAcH PAss 


A steel sheet, previously hot-rolled and pickled and having 
0.14% carbon, 0.39% manganese, 0.009% phosphorus and 0.03% 


'D. McLachlan, Jr. and W. P. Davey, “An X-Ray Study of Preferred Orientations 
in Pure Cold-Rolled Iron-Nickel Alloys,”” Transactions, American Society for Metals, 
Vol. 25, 1937, p. 1084. 

2A striking example of this danger is to be found in the work of S. Holgersson and 
E. Sedstrém, Ann. Physik, Vol. 75, 1924, p. 143. 
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silicon, underwent successive cold passes on a four-stand, two-high, 
tandem Bliss mill, a specimen being cut from the strip after each 
pass. Roll diameters, type of pass and tension on the strip were held 
constant for this series of passes. The rolling data for this series, 
called the 100 series, are given in Table I, in terms of the total 
reduction after each pass. 


Table I 


Rolling Data for the 100 Series on a Four-Stand, Two-High, Tandem Bliss Mill 
Specimen Pass Thickness Reduction 
100 0 0.072 inch 0% 
101 l 0.040 inch 44.5% 
102 2 0.035 inch 51.4% 
103 3 0.024 inch 66.7% 
104 4 


0.0225 inch 
The corresponding pole figures are given in Fig. 1. A set of speci- 
mens was cut from a steel sheet previously hot-rolled and pickled, 
having 0.100% carbon, 0.44% manganese, 0.008% phosphorus, 
0.022% sulphur, 0.008% silicon and 0.020% copper and cold-rolled 
on a Bliss reversing mill. All variables previously mentioned were 
constant except the total reduction after each pass. The rolling data 
for this 200 series are given in Table II and the pole figures are 


Table Il 





Rolling Data for the 200 Series on a Bliss Reversing Mill 
Specimen Pass Thickness Reduction 

200 0 0.082 inch O% 
211 l 0.053 inch 38.3% 
212 2 0.037 inch 57.0% 
213 3 0.025 inch 71.0% 
214 d 0.017 inch 80.6% 
215 5 


0.010 inch 88.4% 


given in Fig. 2. It is to be noted from either Fig. 1 or 2 that the 
general shape of the orientation pattern develops very early in the 
progressive reductions. This general shape is maintained through- 
out with the four dense areas on the edge of the RC figure and the 
dense areas on the vertical diameter of the NC figure becoming 
narrower as the degree of preferment increases. A given pass in one 
set of pole figures cannot be compared directly with the same pass 
on the other set because the total reduction for a given pass is not 
the same in the two sets. However, if the two sets are combined 
in the order of increasing total reduction, a progressive sequence 
of increasing preferment of orientation is quite apparent. When 
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ever. Such regions in the pole figure might well be called areas of 
zero intensity. When the total per cent reduction has reached a 
value in excess of 80%, areas which previously showed zero density 
have increased to such an extent as to produce quite sizable con- 
tinuous areas of zero density. The pole figures indicate a high 
degree of preferment for an orientation such that the 001 plane 
is parallel to the surface of the sheet and the 110 plane or face 
diagonal is in the direction of rolling. 


Errect oF Rott DIAMETER 


A piece of steel sheet was divided in four pieces. One piece 
underwent six intermittent passes on a two-high McDonald mill 
having 5-inch diameter rolls and the second piece underwent six 
intermittent passes on a four-high McDonald mill having 2%- 
inch diameter rolls with 8-inch backing rolls.: A specimen was cut 
from the first and sixth pass of each series. Thus, specimens could 
be compared which had approximately the same total reduction 
(28.5 and 25.0% for the first pass and 88.6% for the sixth pass) 
but rolled by rolls of different diameters. The rolling data for this 300 
series are shown in Table III and the pole figures are shown in Fig. 3. 


Table Ill 


Rolling Data for the 300 Series on McDonald Mills 

Specimen Pass Thickness Reduction Roll Diam. 
300 0 0.070 inch 0% 
311 l 0.050 inch 28.5%) 2-high mill 
316 6 0.008 inch 88.6% § 5-inch rolls 

4-high mill 

331 1 0.0525 inch 25.0%! 2%-inch rolls 
336 6 0.008 inch 88.6% | 8-inch backing 


rolls 


The pole figures of Fig. 3 show that the effect of the roll diameter 
does not come into play at all for small total reductions and is substan- 
tially absent even for larger total reductions (88.6% ). The difference 
in the shape of the boundary between the medium and zero density 
areas is so slight as to be practically negligible. This apparently 
disagrees with the work of Post.* 


EFFECT oF A CONTINUOUS VERSUS INTERMITTENT Pass 


The third piece of the original steel sheet used in the previous 


a. B. Post. “Preferred Orientation and‘ Rolling Characteristics of Low Carbon Strip 
Steels," Transactions, American Society for Metals, Vol. 24, 1936, p. 679. 
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Fig. 3—Comparison of the First and Sixth Passes on Mills With Different Roll 
Diameters. Plotted in terms of the {110} family of poles. The 2-high mill had rolls 
5 inches in diameter. The 4-high mill had rolls 24% inches in diameter with 8-inch 
backing rolls. 


test underwent six continuous passes on the same two-high McDonald 
mill used for the previous test, and the fourth piece of the original 
sheet underwent six continuous passes on the same _ four-high 
McDonald mill used previously. When combined with the samples ° 
from the test on the effect of roll diameter, this gives a set of 
specimens from an intermittent pass and a continuous pass on a 
mill with 5-inch rolls and also from an intermittent pass and a 
continuous pass on a mill with 2'%-inch rolls, all having essentially 
the same total reduction (88.6 to 91.4%). The rolling data for this 
augmented 300 series are given in Table IV and the pole figures are 
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EFFECT OF TENSION ON THE STRIP 


A starting sheet was divided into five strips and each strip 
underwent essentially the same total reduction (70.9 to 72.5%) on 
the same mill with the same type of pass except that the front and 
back tensions on the strip were different for each one. These ten- 
sions are given in arbitrary units. The rolling data for this 400 
series are given in Table V and the pole figures are given in Fig. 5. 


Table V 
Rolling Data for the 400 Series. The Front and Back Tensions 
Are Given in Arbitrary Units 





Rolling -——Tension— 





Specimen Coil Pass Thickness Red. Speed Front Back 
400 0 0.127 inch 0% 
4A5 A 5 0.035 inch 72.5% Usual procedure 
4B5 B 5 0.036 inch 71.7% 250 ft/min. 
4C5 [ 5 0.036 inch 71.7% 250 ft/min. 6 0 
4D5 D 5 0.035 inch 72.5% 250 ft/min. 2 0 
4E5 E 5 9-16 3 


0.037 inch 70.9% 250 ft/min. 


| 














It is quite obvious from these pole figures that there is no substantial 
difference in the preferment of orientation due to tension on the 
strip during the rolling process, at least within the limits used in 
this study. Since each strip came from the same original sheet, the 
fact that the original sheet showed some orientation will not enter 
as a variable in the comparison of the pole figures. 


GENERAL DISCUSSION 


Sisson* has made some qualitative statements on the effects of 
some of these variables from results obtained principally from visual 
inspection of transmission photographs. Both his studies and those 
reported here indicate that there is no effect of roll diameter or of 
tension on the strip, 

In the discussion of the effect of the total reduction after each 
pass, it was mentioned that the lengths of the arcs on the {100} 
Debye ring became shorter as one went to increasing total reductions. 
Assuming that the “most preferred’ position of the crystal 
mentioned in the discussion of Figs. 1 and 2 is correct, then when 
the X-ray beam is normal to the surface of the specimen; the {100} 
planes are very nearly in the correct position for diffraction. They 
are, therefore, quite sensitive to a change in orientation. The effect 
of total reduction on the degree of preferment of orientation and 

*W. A. Sisson, Metals and Alloys, Vol. 4, 1933, p. 193. 
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therefore on the lengths of arcs on the Debye ring can be seen 
readily by plotting the length of the {100} arcs against the per cent 
reduction after each pass. Such a plot has been made in Fig. 6 for 
all of the series of specimens used. Points from two pole figures 
from the work of Gensamer and Mehl? fall substantially on the 
same curve. Up to about 35 to 40% total reduction, each {100} arc 
still subtends 90 degrees and the ends of the arcs cannot be located. 


213 4A5 
* oG 
—i+— 104310214 


| 215 


306 e\°% 


"t 


20 40 60 80 100 
% Reduction 


Angle Subtended By OO Arc, In Degrees 





Fig. 6—Graph of the Length of the 
{100} Arc From a Transmission Photo- 
graph Plotted Against the Total Reduction 
of the Specimen Measured. The numbers 
by each plotted point indicate the speci- 
men from which that point was taken. 
The 400 series is represented by 4A5 and 
306 represents the augmented 300 series. 
The “G” indicates data from the work of 
Gensamer and Mehl. See also McLachlan 
and Davey (Transactions, American So- 
ciety for Metals, Vol. 25, 1937, p. 1084). 


Gensamer and Mehl reported that well defined orientations from 
a transmission photograph are not easily detectable when the re- 
duction is less than about 40%. It is at this point that the reflection 
data make it possible to carry on the determination of the dark 
areas on the pole figure. It will be noted that the 400 series, 
represented by specimen 4A5, falls close to the curve. If the origi- 
nal material had not shown an initial orientation, the 400 series 
would have been shifted upward on the graph toward less orienta- 


8M. Gerisamer and R. F. Mehl, Transactions, American Institute of Mining and Met- 
allurgical Engineers, Vol. 120, 1936, p. 277. 
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tion because of this “running start”. The degree of orientation 
would have appeared less for the same amount of reduction. 

In summarizing the picture of the degree of preferment of 
orientation obtained from the pole figures, it will be noted that 
(1) successive reductions of a sheet of low carbon steel show a 
progressively increasing degree of orientation of the crytals toward 
a single definite position, (2) a change in the roll diameter shows 
a negligible effect, (3) a continuous pass shows the same results as 
an intermittent pass, and (4) varying the front and back tensions 
on the strip has no effect on the orientation (presumably as long 
as the tension does not exceed the elastic limit). Although some of 
these conclusions have been obtained by other investigators, they 
were, in general, based on less complete pole figure data or on 
visual inspection of the diffraction pattern alone. Each pole figure 
of the present paper was based on 112 plotting points well dis- 
tributed over the plotting circle, thus giving rise to an accurate 
picture of the orientation in each specimen. 





DISCUSSION 


Written Discussion: By Wheeler P. Davey, research professor of 
physics and chemistry, The Pennsylvania State College, State College, Pa. 

I want to emphasize the point which Dr. Wood made in his paper 
as to the necessity of having a large number of plotting points if graphs, 
pole figures, etc., are to be given much credence. Smooth lines drawn 
through only a few experimentally determined points may be highly mis- 
leading. The greater the number of points which underlie a graph or a 
pole figure, the greater is the probability that the shape of the .graph or 
pole figure is correct. In order to get a sufficiently large number of 
plotting points in a pole figure it is necessary to do one of two things, 
either, (a) to take a large number of diffraction patterns at different speci- 
men orientations, or (b) to take advantage of the fact that there is a 
fixed angular relationship between the poles of different planes in the 
same crystal. It is the second of these two alternatives which Dr. Wood 
has chosen. This choice has made it possible for him to utilize 112 plot- 
tings for each of the pole figures which he has shown us today. Because 
of the large number of plotting points for each of Dr. Wood’s pole figures, 
I feel that his conclusions will stand for a long time. 

Written Discussion: By Wayne Webb, Department of Physics, The 
Pennsylvania State College, State College, Pa. 

It is a privilege to contribute to the discussion of Dr. Wood's paper. 
This paper is unusual in two respects: (a) the completeness of the pole 
figures due to the large number of pole positions used and (b) the extra 
clarity furnished by plotting the figures in two orthogonal planes. The 
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very complete experimental information shows that the (001) plane is 
parallel to the rolling surface and the [110] direction is in the direction 
of rolling. Would it not be possible to draw some conclusions about the 
slip planes that are active in this plastic deformation? In particular, does 
this indicate that practically all the slip took place along the {110} planes 
to the exclusion of the {112} and {123} planes? 

By comparing two figures, number 336 of Fig. 4 with number 215 of 
Fig. 2, one notices that though the total reduction is the same, there ap- 
pears to be a decided difference in the degree of orientation. Is this ac- 
counted for by the different number of passes or differences in the origi- 
nal specimens from which the sheets come? Were the grain sizes of the 
original specimens all about the same size? The author mentions that the 
pole figures were obtained from the diffraction patterns by a technique 
described elsewhere, but he fails to tell us where. 

Written Discussion: By W. M. Baldwin, Jr., metallurgical engineer, 
Midwestern Division, Chase Brass & Copper Co., Cleveland. 

Dr. Wood is to be congratulated upon this excellent paper. It pre- 
sents very reliable data on a subject that at one time was quite contro- 
versial. During the oral discussion, Professor Norton alluded to the 


Side of strip 


Rolling 
or 
drawing 
direction — 
Original saw cuts on side of strip 


After drawing in direction indicated 


Rolling yp) 
direction 
() 


After rolling in direction indicated 


Fig. A—Sketch of Saw Cuts on Side of (a) 
Drawn Strip and (b) Rolled Strip, Showing Shear 
Strains Due to Surface Fricton. 


hypothesis that the preferred orientations developed in metals are a func- 
tion of the metal’s strain history only and asked Dr. Wood whether he 
subscribed to this thesis and whether he thought the results of this paper 
agreed with the view. We should like to adduce information on this 
point which appears to support the hypothesis. 
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An annealed copper strip was split in two; one half was cold-rolled 
and the other half was cold drawn through a flat die in a number of 
passes to a reduction in thickness of 94%. Samples were cut off, how- 
ever, after every pass. Both the rolling and drawing were carried out 
in one direction only. During the two forming operations, it was noted 
that planes that were normal to the rolling or drawing direction did not 
remain so, but became curved as shown in Fig. A. This behavior, of 
course, was to be expected in view of the different frictional conditions 
existing at the surface of the metal in the two operations. Both strips 
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Fig. B—Octahbedr>ol Pcle Figure of 
Copper Strip Cold Drawn 94% Through a 
Flat Dic. 


evidenced about the same lateral spread during working. The central 
planes of the strips underwent similar deformations in both cases: a 
large extension in one direction, a large compression in another direction 
normal to the first, and a small extension in a direction normal to the 
first two. The surface fibers in the two strips differed in their deforma- 
tions, in that while both suffered additional shears superimposed upon the 
strains described above, these shears differed in direction. 

The orientation developed in the central plane of the drawn strip is 
described by the octahedral pole figure—constructed in the conventional 
manner—given in Fig. B. This pole figure is substantially the same as 
that reported for rolled copper strip.*""*” No apparent difference in 
orientation was noted in the outer fibers of the drawn strip, indicating that 
the effect of the additional shears was negligible. 


®*Schmid and Staffelbach, Schweiz. Arch. angew. Wiss. Tech., Vol. 1, 1935, p. 221. 
7Iweronowa ard Schdanow, Tech. Phys. USSR, Vol. 1, 1934, p. 64. 


®Brick and Williamson, Transactions, American Institute of Mining and Metallurgical 
Engineers, Vol. 143, 1941, p. 84. 


*Vacher, Journal of Research, National Bureau of Standards, Vol. 20, 1941, p. 385. 


“Brick, Martin and Angier, Transactions, American Society for Metals, Vol. 31, 1943, 
p. 675. 
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Even more interesting was the fact that the two strips when annealed 
behaved in the same way—both strips contained cubically aligned grains 
and in percentages that depended upon the reduction in thickness effected 
by either operation (see Fig. C). 


O Data for Drawn & Annealed Strip 
X Data for Rolled & Annealed Strip 
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Fig. C—-Development of Cubically Aligned Grain in the Annéaled Microstructure of 
Copper Strip Previously Cold Drawn or Cold-Rolled. These curves are in agreement 
with those given for rolled and annealed copper strip reported elsewhere.” ™. 


Author’s Reply 


Replying to,.Dr. Wayne Webb, if the pole figures had been plotted 
in terms of another family, ie. (100) or (112), the final results would 
give the same answer. The (112) plot would look much more complicated 
because of the larger number of plotting poles in that family. The (110) 
family is used because of simplicity and tradition and does not indicate 
any slip preference. Wever and Gensamer and Mehl have given very 
complete explanations of slip mechanism from pole figures which show 
the same general characteristics as those presented here. 

There are several reasons why 336 of Fig. 4 is not the same as 215 
of Fig. 2. 

(a) Original sheet of 336 was not obtainable so there is no check on 

the orientation of that sheet. 

(b) Rolled on different mills. 

(c) Different passes. 


wa American Institute of Mining and Metallurgical Engineers Technical Bulle- 
tin 1455. 


1%2Cook and Richards, Journal, Institute of Metals, Vol. 70, 1944, p. 159. 


1%8Baldwin, Howald and Ross, American Institute of Mining and Metallurgical Engineers 
Technical Publication 1808. 
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Fig. 6 indicates the same (100) arc length within 8 degrees for 215 
and 306 (or 336). 

The grain size was about the same for all of the original specimens. 
However, this grain size was “suppressed” by moving the specimen in the 
plane of its surface as diffraction was taking place. The technique of 
plotting can be obtained from a thesis of the same title as this paper from 


the library of The Pennsylvania State College. This will be published 
probably within a year. 








THE DUCTILITY OF METALS UNDER GENERAL 
CONDITIONS OF STRESS AND STRAIN 


By JoHN E. Dorn anv E. G. THOMSEN 


Abstract 


The strains that metals can withstand up to the in- 
stant of fracture depend upon the combined stresses to 
which they are subjected. Their ductility under general 
conditions of stressing is not a fundamental property; it 
depends upon their work hardening and fracture laws. 
Although information on the plastic flow and fracture of 
metals under combined stresses is yet very incomplete, the 
existing knowledge is sufficient to indicate how the ductil- 
ity of metals under combined stresses can be calculated 
from a few swnply obtainable data. © 

The method for calculating the limiting strains at 
fracture under combined stresses described in this paper 
assumes that the metal is homogeneous, isotropic, and that 
the plastic deformation is tsovolumetric. If the plastic 
strains during an infinitesimal deformation are linear 
functions of the stresses, and if the work-hardened state 
depends solely upon the amount of work, a simple rela- 
tionship is obtained for a generalized work hardening 
curve. Experimental evidence reveals that the theory de- 
viates up to about 10% from the experimental facts. 

Fracture occurs when the flow stress reaches the 
fracture stress for the specific conditions of the problem. 
Present knowledge on the effect of combined stresses on 
the fracture stress of metals and the second order effects 
of preceding plastic strain, strain rate, nonhomogencous 
stressing, etc., are not so well known. Nevertheless in 
those cases where fair estimates of the fracture stress can 
be made from existing information, good agreement is 
obtained between the calculated and experimentally deter- 
mined strains at fracture. 

The finite strains at fracture are obtained by inte- 





This paper is based upon the following War Metallurgy Committee reports: J. E. Dorn 
and E. G. Teectnen, “Effect of Combined Stresses on the Ductility of Metals,” O.S.R.D. 
3218, Feb. 2 (1944), 40 p. J. E. Dorn, J. J. Jelinek and E. G. Thomsen, “Plasticity of 
Metals Under General Conditions of Stress,’”’ O.P.R.D. W-134, Aug. 12 (1944), 46 p. 

The authors gratefully acknowledge the release of these data for publication by the Office 
of Scientific Research and Development and the Office of Production Research and Develop- 
ment. 





Of the authors, John E. Dorn is associate professor of physical metallurgy, 
and E. G. Thomsen is assistant professor of mechanical engineering, Univer- 
a of California, Berkeley, California. Manuscript received September 16, 
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grating the infinitesimal strains over the entire stress his- 
tory. Thus the strains at fracture are not point functions 
but they depend upon the entire path of deformation. 
Numerous examples of the correlation between predicted 
and experimentally obtained strains at fracture are dis- 
cussed in the text. 


HE theoretical and practical significance of combined stress and 

strain history on the ductility of metals has resulted in extensive 
investigations on this topic and related phenomena over the past 40 
years. Recently the attention of metallurgists and engineers has been 
more sharply focused on this subject not only because of its funda- 
mental importance but also because of its broad practical utility. The 
notch sensitivity of metals to static loads, the limits to which metals 
can be formed without fracturing, the effect of residual stresses upon 
the ductility of metals, and similar problems are dependent upon the 
influence of stresses and strains on the ductility of metals. 

Ductility is not a fundamental property of metals. If the stress- 
strain behavior of a work hardenable metal is known for any as- 
sumed path of deformation, and if the law for fracture is known, 
the two independent phenomena of deformation and fracture can be 
correlated to yield the strains at fracture. The major purpose of this 
paper is to reveal methods for calculating the ductility of metals from 
their more fundamental deformation and fracture behaviors. 

Although the existing knowledge on the plastic deformation and 
fracture of metals is incomplete, there has been ample progress in 
these subjects to permit idealizations which are sufficiently accurate 
to serve as useful quasi-quantitative guides for determining the 
strains that metals may achieve at fracture. It is important, however, 
to record the simplifying assumptions and the deviations therefrom 
in any actual case in order to duly reveal the merits and weaknesses 
of the proposed methods of predicting the limiting strains that metals 
may exhibit. For this purpose the present knowledge on plastic flow 
and on fracture will be reviewed in sequence. Following these re- 


views, a method of calculating the strains at fracture will be dis- 
cussed. 


FINITE STRAINS 


Although the conventional definition of strain as the extension 
per unit original length is suitable for the description of small defor- 
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mations, it is not well adapted to large deformations. If a fiber has 
an original length dl, and a final length dl, the conventional strain is 





dl, ee dle 
eu = — Equation 1 
dlo 
Consider an additional deformation such that the fiber now has length 
dl,. According to the conventional definition of strain 
dle ae dl, 
e, = —— — Equation 2 
dl, 


and the total strain is 





Equation 3 


Obviously Equation 3 is not the algebraic sum of Equations 1 and 2 
and consequently the ordinary laws of addition do not apply to the 
conventional strain. Ludwik suggested that this difficulty may be 
surmounted by defining the strain on a fiber by 


dl 
6 = In — Equation 4 
dlo 
Thus 


dl, dl; dl, 
Go + O12 = In — + In — = In— = Hue Equation 5 
dlo dl, dl. 


and the laws of algebraic addition and subtraction apply. The strain 
defined by Equation 4 has been called the true strain, the natural 
strain and various other names. It is appropriate, however, to simply 
call the quantity defined by Equation 4 the strain, for when the 
strains are small it reduces to the conventional small strain definition. 

The relation between plastic strains and stresses is known to be 
somewhat analogous to that for elastic strains and stresses. One sig- 
nificant difference exists, namely that the infinitesimal plastic strains 
are linear functions of the stresses, whereas the infinitesimal elastic 
strains are linear functions of the infinitesimal changes in stresses. 
In the domain of plastic deformations, therefore, the infinitesimal 
strains are to be correlated with the stresses. Consequently it becomes 
necessary to provide a means of determining the infinitesimal strains 
at any stage of a finite deformation. 
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A procedure for determining the infinitesimal strains at any 
stage of a finite deformation has been developed (1).* The deforma- 
tion can be described in terms of a Lagrangian transformation: 

x = x (Xo, Yo, Zo, t) 


y = y (Xo, Yo, Zo, t) Equation 6 
a2 (Xe, Yo, Zo, t) 


where x, y, z are the co-ordinate positions of the particle that occupied 
site Xo, Yo. Zo at t=O. Two different meanings may be ascribed to 
the symbol t. It may refer simply to time or it may refer to the 
extent of the deformation such as the twist per unit length in a tor- 
sion test. The first designation is used when rate phenomena are 
significant ; under conditions where the behavior of metals is practi- 
cally independent of time, the second interpretation of t is appro- 
priate. 

During a general plastic deformation the fibers rotate and change 
length. A fiber originally having a length dr, and directions cosines 
l,, My, ny will exhibit length dr and direction cosines 


Ox Ox Ox 
|= lo + mo + mo }] e@ = Cee 
OXe Oyo OZ 


oy oy oy 
—l+ mo + no |} e 8 = Des Equation 7 
OXe Oyo OZo 


Oz Oz Oz 
lo + me + mo | ce = Eee 
OXo Oye OZ 
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at any stage of the deformation designated by t where 


dr 
6 = In — Equation 8 
dro 
The infinitesimal strain associated with a small increment of de- 
formation is 


og 1 2 
—dt = —— (C + D’+ E’) dt Equation 9 
ot 2 Ot 
which is also equal to 
O¢ 
—dt=«= om + €yym" + €s2n" + 
Ot €xylm + €y,mn + ¢€,,n! Equation 10 


where |, m, and n are given by Equations 7. The infinitesimal strain 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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components of €, €xx, €yy, €z2, €xy, €yz, €2x Can be obtained by equat- 
ing the coefficients of 1,”, my”, no”, 1pm, MeMy, Nol, from Equations 9 
and 10 and solving the six resulting simultaneous equations. 

The strain analysis involves no assumptions other than those con- 
tained in Euclidean geometry. The analysis is applicable to continu- 
ous media by adding the condition that the transformation be contin- 
uous and differentiable. 

It will prove convenient to decompose the infinitesimal strains 
into their elastic and plastic parts. Thus 


5 = Ee,, + Pe,; Equation 11 
where the superscript E refers to the recoverable elastic strain and P 
to the plastic strain. 
The cubical dilatation for an infinitesimal deformation is 


4A=>«, + €yy + ¢,=> Ee. + Ee,, + ~e,, + Pe, + Peyy + Pe,s Equation 12 


and the quadratic invariant of the infinitesimal strain is 


- 2 (€xx — €yy)* + (€yy — €es)* + (Can — xx)” 3 
dé = — $$ __________—  —  (e,,’ + €,,” + €::°) 
3 2 4 
Equation 13 


Equations 12 and 13 will prove useful for future discussions. 
STREsS-STRAIN RELATIONS 


Although the strain analysis is applicable to all continuous media, 
the stress-strain relationships are special simplifications and idéaliza- 
tions of experimental evidence and therefore have restricted applica- 
bility to specific states of matter. 

The theory assumes that metal is macroscopically homogeneous. 
This assumption yields a desirable simplification of the facts for it 
leads to the same stress-strain relationship for every point in the 
metal. Although metals in general are not microscopically homo- 
geneous their elastic and plastic properties are substantially the same 
when averaged over small regions about each point at identical states 
of strain hardening. The assumption of macroscopic homogeneity, 
however, is not completely fulfilled by metals. When Liiders’ lines 
form, the metal responds nonhomogeneously inasmuch as various sec- 
tions strain successively rather than simultaneously under macro- 
scopically identical states of stress. Necking in the tension test is 
another example of nonhomogeneous deformation. Such hetero- 
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geneous phenomena are not included in the basic elasto-plastic laws 
and their analysis demands the introduction of special criteria. 

It has been shown that the basic stress-strain laws need not be 
modified to permit analysis of heterogeneous plastic flow. For exam- 
ple, the criteria for necking may be superimposed on the theory for 
homogeneous metals to provide a phenomenological approach to the 
problem of heterogeneous plastic flow. Although a more satisfac- 
tory theory may result when the microscopic structure is correlated 
with nonhomogeneous flow so that nonhomogeneous stress-strain 
equations may be formulated, the present simplification has much 
merit and practical utility. 

The assumption of macroscopic isotropy is also assumed in order 
to provide a simple picture of deformation of metals. Although each 
grain is anisotropic relative to elastic and plastic properties, the be- 
havior of metals over a large number of randomly oriented grains is 
substantially independent of direction. Consequently the analysis is 
applicable to average phenomena of stress and strain over regions 
that contain large numbers of randomly oriented grains. The as- 
sumption of isotropy throughout the deformation of metals is seldom 
in complete agreement with the experimental facts and, therefore, 
constitutes the weakest part of the theory. 

Frequently wrought metals exhibit anisotropy resulting from 
preferred orientation of the grains and mechanical fibering of the 
various phases present. Even though a specimen of metal is ini- 
tially isotropic, it will develop various kinds and degrees of anisotropy 
depending upon the kind and extent of deformation to which it is 
subjected. If the specimen is initially anisotropic or if an initially 
isotropic metal develops anisotropic properties during plastic defor- 
mation, the theory is not accurately applicable. It may prove possible 
to introduce the anisotropic behavior of metals into the theory by 
adopting a microscopic viewpoint and analyzing the plastic behavior 
of groups of grains in terms of the response of each grain to plastic 
deformation. At present, however, the added rigor, which is ob- 
tained by this procedure, is counteracted by a sacrifice in the vigor 
with which the theory can be applied; calculations using the ani- 
sotropic theory will become so unwieldy and difficult that the merits 
of increased precision may be lost because of the demerits of difficult, 
time consuming analyses.. For the present, at least, it will prove 
advantageous to study a simple theory that assumes isotropy, and 
to measure the deviations of the facts from the theory in order to as- 
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certain the extent of nonideality obtained in experiment. Analogous 
idealizations are common in fields of kinetic theory, hydrodynamics, 
thermodynamics and numerous other branches of science. The auth- 
ors, therefore, make no apology for idealizing the complex phenom- 
ena of plastic flow in work hardenable metals. 

In general, plastic phenomena depend upon the state of work 
hardening and the rate of work hardening. At elevated temperatures 
rate phenomena assume paramount importance whereas at lower 
temperatures the work-hardened state becomes the more significant 
factor. A general theory of plasticity should incorporate both the 
state and the rate effects upon deformation. In certain cases, how- 
ever, rate phenomena, although active, have only a minor effect on 
plastic deformation. This is substantially true for cold-worked met- 
als that retain the yield strength of the cold-worked state for indefi- 
nite periods of time after deformation. If, in addition, the yield 
strength is practically constant over wide ranges of rates of strain- 
ing, the plastic behavior of the metal may be assumed to be practi- 
cally independent of time or rate phenomena. Thus the laws of plas- 
ticity over the range of conditions satisfying the substantial inde- 
pendence of rate and time effects become functions of the state only. 
Fortunately many metals exhibit almost complete independence of 
time effects over wide ranges of conditions over which the idealized 
time invariant theory of plastic deformation is in fair agreement 
with the experimental facts. 

The assumptions of homogeneity, isotropy and invariance with 
rate provide an idealized theory which does not include such phe- 
nomena as heterogeneous plastic deformation, Bauschinger effect and 
elastic after-effects, and creep of metals. The analysis and interpre- 
tation of these nonideal phenomena will require the formulation of 
a more general theory than will be attempted here in an effort to 
describe the elementary analysis of the ductility of work hardenable 
metals over the range of conditions where the idealizations are satis- 
fied. 

During finite deformations, work hardenable metals commonly 
exhibit small increases in volume. Volume changes can be incorpo- 
rated into the theory but the mathematical complications introduced 
by this procedure are more serious than the small errors that may 
result from assuming the volume to be independent of the extent of 
deformation. It is customary, therefore, to assume that the volume 
of metal is independent of plastic deformation. 
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The most important assumption made in formulating the ideal- 
ized theory of plasticity is that the infinitesimal plastic strain is a 
linear function of the stress. If the conditions of homogeneity, isot- 
ropy, and constancy of volume are introduced, the stress-plastic 
strain equations become 





3 dPo ‘ 
Pes, use 5 a (rsx og 0) 
3 do fs 
Pe,, aa (ryy — 9) 
3 d?o J 
eee ao) Equation 14 
é Cg 
d?¢ 
Pe,, = 3 a Txy 
dPo 


Pe,, = 3-—= Tys 
g 
dPo 


Pe,, = 3 — Ts 
Cg 


where "«; are the infinitesimal plastic strains, 7; the stresses, and 


Ps 2 ee 2 “RIE EE ie 2 
Pg sales -f E €xx €yy) + ( €yy €.:) + ( €us €xx ) 1 3 (Pe,,? - Pe,,? i Pe,,”) 
cr 4 


2 
Equation 15 
sa \ ren tee) (ore — rn) ron te) 5 at tay tre) 
Equation 16 
z= + rm + Tas Equation 17 


The quantity ’¢ is known as the effective plastic strain, o is the 
effective stress, and @ is the mean hydrostatic tension. The signifi- 
cance of o and ’¢ will be described in following paragraphs; for the 
present, attention will be directed toward Equations 14. 

The validity of the basic laws of the specialized theory of plas- 
ticity of work hardenable metals rests primarily upon the agreement 
of Equations 14 with experimental fact. The entire set of Equa- 
tions 14 cannot be tested directly for there is no direct means of 
measuring the stresses and the plastic strains simultaneously in the 
interior of a solid metal. The best confirmation of the accuracy of 
these equations is obtained by the agreement that can be achieved 
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between strain measurements on the surface of metals and known 
conditions of applied loads with predictions based on Equations 14. 
Such analyses are difficult to perform under general conditions of 
stressing. 

Equations 14, however, agree well with certain simple tests. 
St. Venant conducted investigations under conditions of homogene- 
ous biaxial stresses which demonstrated that 


22 Pe;, 
a Equation 18 
1 1 1 


a Sere — — (tu + T22) 





where r,, and r2, are the two principal stresses and "¢,,, "€.2, "€,, are 
the infinitesimal strains in the three principal directions. Lode has 
also verified the equivalent of Equations 18 for homogeneous biaxial 
stresses by means of tube tests and numerous additional experimental 
confirmations of plastic flow leads to Equations 18 or some equiva- 
lent expression. Equations 18 are special cases of the more general 
expression given in the theoretical Equations 14; therefore Equa- 
tions 14 may be visualized as generalizations of experimentally veri- 
fied facts, 

Although good agreement between the facts and specializations 
of Equations 14 has been obtained, the agreement is not perfect. 
Taylor and Quinney (2), for example, have plotted the results of 
tube tests in terms of 

1 
Pa, — — (Pen, — Fas) 
2 
y= 


_ (Pe, _ Pe.;) 
2 


and 


1 


ae = (tu ea Ts ) 


| 
1 


——- (Ti 0. Ts3 ) 


where again the numeral subscripts refer to the three principal di- 
rections. Their results are shown in Fig. 1, illustrating that the » 
versus y relationship deviates slightly from linearity. When Equa- 
tions 14 are rewritten for the principal directions and the resulting 
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_ Fig. 1—Experimental Results of Combined Torsion and Tension Studies of 
Various Materials. (Data from Taylor and Quinney.) 


expressions are introduced into Equations 19, the linear relationship 
=v? Equation 20 


is obtained. Since the theory is in gross agreement with the expert- 
mental facts, its fundamental structure is good; but the observed 
differences between predictions based upon the theory and experi- 
mental data imply that some of the assumptions made in formulat- 
ing the theory are not completely realized in nature. A brief con- 
sideration of the assumptions will show that the observed deviations 
cannot originate from nonhomogeneities or from volume changes. 
The source of these small errors of the theory are contained in Equa- 
tions 14. Prager (3) has suggested that the error may possibly be 
due to the presence of cubic and higher power terms of stress in 
the stress-strain relations. It is also possible that the errors are at- 
tributable to anisotropy of the material subjected to test. These 
thoughts illustrate the need for more detailed examination of the 
plastic deformation phenomena in polycrystalline work hardenable 
metals. 

In general, however, Equations 14 are good preliminary guides 
for plastic deformation in metals. Two advantages accrue from the 
general formulation of plastic deformation given here over those 
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previously formulated only in terms of the principal stresses and 


strains. Equations 14 contain explicit introduction of the plastic 
et 


modulus, a? in terms of the work hardening behavior of the metal, 
Co 


and the generalized formulation in terms of the six components of 
stress and strain admits solutions of general deformations over 
ranges of conditions where the simplifying assumptions of the spe- 
cialized time independent theory are valid. Equations 14 have been 
applied with fair accuracy to a few problems that have not proven 
to be soluble by the more elementary formulations. 

The work hardening characteristic of metals is an important 
factor in the description of their deformation behavior. Nadai (4) 
suggested that if the octahedral shear stress is plotted as a function 
of the octahedral shear strain a generalized work hardening curve is 
obtained. Prager (3) and also Zener and Hollomon (5) suggested 
that the invariance of the octahedral shear stress and the octahedral 
shear strain lead to the universality of the curve for all conditions 
of stress and strain. In the authors’ terminology the octahedral 
shear stress, or the quadratic invariant of the deviator stress, is called 
the effective stress, 0; this change in terminology was prompted by 
the need for greater clarity in defining a universal strain in terms 
of the infinitesimal plastic strain components, namely, the effective 
plastic strain ’@ given by Equation 15. In order to observe parallel- 
ism of the significant stress and strain terms the same expression 
was adopted for stress as was thought desirable for strain. 

When the work of plastic deformation is formulated per unit of 
volume 


5 
dw? = = Ps Equation 21 
O 
Therefore, if the work-hardened state of a metal depends only upon 
the amount of work of plastic deformation and is independent of 
the stress or strain path employed, the effective stress is a function 
of the effective strain, namely 


o=a (PG) Equation 22 


Thus the universality of 2 — ?¢ curve for a given metal appears to 
depend upon whether the work-hardened state, o, is a function of the 
work of plastic deformation. For conditions where o depends only 
on the work of plastic deformation the same ¢ — "4 curve will be 
obtained for all strain histories. 











752 TRANSACTIONS OF THE A. S. M. Vol. 39 


70000 


40000 Symbol Ts/Ipp 


0.5 
0.750 
0.762 


0.775 


0800 
0.875 


o-+x a> boy oO 





0 0.05 0.10 0.15 0.20 0.25 
Ps * 


Fig. 2—Experimental Results of Combined Stress Studies with Tubu- 
lar Specimens of Mild Steel. (Data from Davis.) 


Tension tests, tube tests up to the point of necking, and torsion 
tests provide simple data for examination of these concepts. In 
Fig. 2 are shown data calculated from tube tests on mild steel by 
Davis (6). Agreement is good but minor deviations are apparent. 
The assumption that provides the source of these deviations has not 
yet been isolated. The theory, however, agrees with experiment 


within the limits of the scatter band of the data and, therefore, has 
appreciable merit. 


Exvasto-PLastic EQUATIONS 


The total infinitesimal strains that are measured during plastic 
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deformations are the sum of the elastic and plastic components of 
infinitesimal strain as given by Equation 11. If it be assumed that 
the elastic moduli are independent of the plastic deformation, in ac- 
cordance with the generalized Hooke’s Law of Elasticity for homo- 
geneous, isotropic bodies 


i+v wo | — 2 

ren = ( ) (rm —¥) +( ) a 
E E 

1+» "3 1—-2*\ _ 

ton = ( ) ar —¥) +( a 
E E 

1+ pv Nas i— 2 e 

( E ) acre - @) + ( 7 ) dé 


+? Equation 23 
Ee, =2 drs 





























the total effective strain may be written as the sum of elastic and 
plastic components, namely 


se eee) ae 
g = Pg + ——_____o Equation 24 
3E 


where ’¢ is obtained by introducing the integral of Equation 15 
over the total infinitesimal strains. It can be shown then that the 
directly measurable infinitesimal elasto-plastic strains are related to 


the stresses by 7 
; 1 — 2v at 
— (Tx i @) t (—) dé 
¢ E 


Sit) “ude asihwan eqn Equation 25 


w 
o. 
3S 


to | ¢ 


In the purely elastic domain of strains, Equations 25 are replaced by 
Equations 23. Equations 24 and 25 suggest that for elasto-plastic 
phenomena in work hardenable metals a o — @ curve be used in 
preference to a a — ’¢ curve. One, however, is simply obtainable 
from the other by means of Equation 24. 

Equations 14 in conjunction with an effective stress-effective 
strain curve permit the determination of the deviator stresses 
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(xx — 0), (tyy — 0), (22 — 0), Txy, Ty2, Tex, fTOM measurements of 
the infinitesimal plastic strains. Equations 25 illustrate that @ is a 
function of the cubical dilatation. Caution, however, must be exer- 
cised in determining @ by this means unless it can be shown that the 
assumption of constancy of volume is strictly valid for the plastic 
deformations under consideration. Equations 25, however, are use- 
ful for the analysis of elasto-plastic phenomena in the region of 
comparable elastic and plastic strains. 


FRACTURE OF METALS 


By application of the preceding elasto-plastic stress-strain rela- 
tionships, good predictions of the strains obtained under general 
conditions of stressing are possible. Such applications will be illus- 
trated later in this paper. Since the major objective of this paper 1s 
the analysis of the limiting strains metals undergo up to the instant 
of fracture, it is necessary to review the fracture laws of metals un- 
der combined stresses. Our knowledge on this subject is extremely 
weak and much of the published information is incorrect or has been 
incorrectly interpreted. In view of the unsatisfactory state of knowl- 
edge on this subject the authors approach it with some temerity. On 
the other hand, crude as our knowledge of fracture is, it is suffh- 
ciently accurate to aid in predicting the ductility of metals under 
various conditions of deformation with fair and useful precision. 

In the following section an attempt will be made to discuss the 
laws of fracture of metals under combined stresses in such a way as 
to permit their incorporation into the analysis for the ductility of 
metals. Major emphasis will be placed upon the method of incorpo- 
rating the laws of fracture into the stress-strain analysis so as to 
illustrate the analytical method of determining the limiting ductilities 
of metals. Thus, as more accurate knowledge on fracture is made 
available, more precise predictions on the limiting strains that metals 
can achieve will be possible. 

Metal crystals are known to exhibit at least two modes of frac- 
ture, cleavage and shear. These modes of fracture are also known 
to be active in polycrystalline metals and it is logical to assume that 
the fracture laws in polycrystalline metals are determined in part 
by the modes of fracture of each grain and the interaction of each 
grain upon the others in the fracture region. An unambiguous cor- 
relation between the modes of fracture of single crystals and the laws 
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of fracture for polycrystalline metals has not yet matured. For the 
present, therefore, the laws for fracture of polycrystalline metals are 
most precisely evaluated by direct experimentation. 

Many of the early statements on the fracture laws of metals 
were based upon pure hypotheses, untested by experimental investi- 
gations. Such suggestions as the maximum principal extension the- 
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h 3—True Fracture Stresses of Tubular Specimens Subjected to In- 
ternal Pressure and Axial Tension for Annealed Brass (63% Copper). (Data 


from Maier.) 
ory and numerous other unsupported ideas have now been abandoned 
because they disagree with the experimental facts. Therefore the 
early literature on fracture of metals will not be reviewed here. 

More recently some progress has been made on formulating 
fracture laws by correlating and generalizing experimental data. 
Maier (7) subjected thin tubular specimens of brass, cast iron and 
steel to internal pressure and axial loading, which were so regulated as 
to provide approximately constant ratios of longitudinal to circum- 
ferential stresses up to the instant of necking. Typical examples of 
the average fracture stress are given in Figs. 3 and 4. These data 
have been interpreted to mean that metals fracture when the maxi- 
mum principal stress exceeds a critical value. The fracture stress, 
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however, frequently exhibits a sensitivity to mechanical fibering and 
anisotropy as shown in the case of the mild steel specimen. With 
this exception, however, fracture appears to occur when the maxi- 
imum principal stress exceeds a critical value for fracture. 

There are two major objections to an unqualified acceptance of 
the Maximum Principal Stress Law for fracture on the basis of 
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Fig. 4—True Fracture Stresses of Tubular Specimens Subjected 
to Internal Pressure and Axial Tension for Annealed Low Carbon 
Steel. (Data from Maier.) 


Maier’s experimental evidence. The first arises due to necking which 
usually precedes fracture. In the necked region the simple biaxial 
stress distribution no longer exists. The second objection concerns 
the scope of biaxial stresses that were investigated, for the data are 
equally explainable by the assumption of a Maximum Shear Stress 
Law for Fracture. 

More recent investigations on magnesium (8) and aluminum 
(9) alloys have been conducted under conditions that substantially 
eliminate the previously quoted objections. The scope of stresses was 
extended to include the fourth as well as the first quadrant of biaxial 
stresses and the alloys were so selected that little or no necking pre- 
ceded fracture. The results, given in Fig. 5, appear to indicate that 
the metals which were investigated roughly obey a Maximum Shear 
Stress Law for Fracture. The critical shear stress for fracture, 











1947 DUCTILITY OF METALS 757 


however, varies appreciably over the field of biaxial stresses suggest- 
ing that the idealized Maximum Shear Stress Law must be modified 
by second order factors. One factor has been isolated; peaks in the 
fracture stress of magnesium alloys are observed in longitudinal ten- 
sion, circumferential tension and in equal biaxial tension. Under 
these states of stress the metal is known to be subjected to greater 





Tzz in 1000 psi 





Fig. 5—True Fracture Stresses of 
Tubular Specimens Subjected to Inter- 
nal Pressure and Axial Compression or 
Tension for FS-; Magnesium Alloys. 
(Data from Thomsen and Dorn.) 


effective strains than for adjacent stress ratios. It appears plausible, 
therefore, that the critical stress for fracture may be a function of 
the effective strain. 

More direct evidence for this suggestion has been reported 
(10) ; tensile test bars were cold-worked various amounts at atmos- 
pheric temperatures and then cooled to liquid air temperatures. Only 
small additional. deformations were obtained at liquid air tempera- 
tures before fracture occurred. The fracture stress in simple ten- 
sion, shown in Fig. 6, increases with the per cent cold deformation at 
atmospheric temperatures. This evidence correlates with that ob- 
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tained for magnesium alloys under biaxial stresses, if it be assumed 
that the fracture stress is a function of the effective strain. This 
generalization, however, must be more thoroughly investigated. 

Not all of the deviations of the actual fracture behavior of mag- 
nesium and aluminum alloys from a Maximum Shear Stress Law, 
however, are resolved by the introduction of the dependency of frac- 
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Fig. 6—Effect of Prior Deformation on Fracture 


Stress in Tension at —190C. (Data from Hollomon 
and Zener.) 


ture on the effective plastic strain. More thorough investigations of 
the anomalous fracture behavior will be required before satisfactory 
laws are established. 

Bridgman (11) suggested that fracture of polycrystalline metals 
occurs when the hydrostatic tension exceeds a critical value, from 
evidence on the fracture of necked tensile specimens. Although the 
theoretical justification for believing that this law may be operative 
in certain regions of combined stresses is good, more recent investi- 
gations on the stress distribution at the root of the neck of a tensile 
bar reveal that fracture in necked tension bars may possibly be at- 
tributed to shear failures. 

Thus three fracture laws have been proposed; they may be 
formulated as follows: : 

Maximum Principal Stress Law 


(71) er = Tx Equation 26 
Maximum Hydrostatic Tension Stress Law 


Txx + Tyy + Tez Tu + Tx + Tas 
meme). = —- er = Te Equation 27 











1947 DUCTILITY OF METALS 759 


Maximum Shear Stress Law 


a" Te 
(7) or = Te Equation 28 
2 


where 7,, is the maximum and 7,, is the minimum principal stress. 

The idealized fracture laws given by Equations 26, 27 and 28 
are represented graphically in Fig. 7. The Maximum Normal Stress 
Law is shown by three orthogonal planes forming a corner of a semi- 
infinite box in the first octant of the principal stress field. The Hy- 
drostatic Tension Stress Law is represented by a single plane equally 
inclined to the three principal stresses whereas the Maximum Shear 
Stress Law is shown as a hexagonal prism whose axis makes equal 
angles with the axes of principal stress. 

These laws for fracture for biaxial stressing in which one of 
the principal stresses is equal to zero is shown in Fig. 8. The limit- 
ing stresses are here represented by lines. When the combined stress 
exceeds values represented by the lines, fracture will occur. If sev- 
eral laws are operative the law of fracture will be determined by 
which line is exceeded first. In the particular example that is illus- 
trated, fracture will occur by either a maximum shear stress or a 
maximum normal stress law and no evidence can be obtained for a 
hydrostatic tension stress law over the range of biaxial stresses. The 
actual fracture behavior is exclusively by a maximum principal stress 
law in the first quadrant and a shear stress law in the third quadrant. 
In the second and fourth quadrants either shear or normal stress 
laws are operative dependent upon the actual ratios of principal 
stresses. 

The experimental evidences for the Maximum Principal Stress 
Law and the Maximum Hydrostatic Tension Stress Law are weak. 
The evidence for a Maximum Shear Stress Law for fracture is fair. 
A more accurate Maximum Shear Stress Law is obtained when 7, is 
taken to be a function of the effective plastic strain whence 


Tan ~~ Tas - 
T, = T. | ———_, P96 Equation 29 


2 


but even when the law is so modified it does not fully agree with the 
experimental facts. 

Tentatively the Normal Stress Law, the Hydrostatic Tension 
Stress Law, and the Shear Stress Law will be assumed in order to 
illustrate the effect of fracture on the ductility of metals. As the 
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Fig. 7—Schematic Representation of the Three Fracture 
Surfaces for a Triaxial Stress System. 


fracture of metals is more thoroughly studied, these laws may be 
modified or discarded for superior criteria of fracture under com- 
bined stresses. The following method of analysis, however, will con- 
tinue to be useful for predicting the limiting strains by simply intro- 
ducing the new laws into the analysis. 


DuctTILity or METALS 


There are two useful ductilities exhibited by work hardenable 
metals, the uniform ductility and the local ductility. Methods for 
determining the limit of uniform ductility under various conditions 
of loading have been described in special reports. The following 
discussion will be confined to methods of estimating the local duc- 
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tility at fracture. In order to reveal the principles involved for cal- 
culating the ductilities of metals, a few idealized hypothetical analyses 
will be given. Later actual experimental examples will be cited. 

A simple example of the effect of fracture on the local ductility 
is given by a tension test on a metal in which fracture precedes neck- 
ing. Such a case is illustrated in Fig. 9, where |, and | are the initial 
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Fig. 8—Schematic Representation of Fracture for a 
Biaxial Stress System. 


| and instantaneous values of the gage length and oe, is the effective 
| stress at fracture. Since the various fracture laws are indistinguish- 
i able by a tension test only o,, may be considered to be the fracture 
| stress in simple tension from any of the fracture laws. 

Since a ductile metal deforms plastically without fracturing, the 
fracture stress, shown by a broken line, at small values of the ef- 
fective plastic strain must lie above the deformation stress, shown 
by a solid line. Present evidence indicates that the flow stress and 
the fracture stress exhibit work hardening and thus increase with 

plastic deformation. Since metals are not infinitely extensible in 
tension, however, the fracture stress must exhibit a more gradual 
increase with "¢ than the deformation stress. High local ductilities 
in pure tension, therefore, result when the fracture stress increases 
rapidly and when deformation stress increases slowly with plastic 
strain, for fracture will occur at the plastic strain where the de- 
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formation stress curve and fracture stress curve intersect. 

Fig. 9 reveals that fracture occurs when o¢, for fracture and @ 
for deformation intersect. The value of o,, for fracture, however, 
will depend upon the fracture law that is operative. Consider the 
hypothetical example of the effect of plastic strain on the fracture 
laws shown in Fig. 10. The various values of o,, for fracture are 


Ser = (tu )er = tx Normal Stress Law 
Cor = (ri )er = 3re Hydrostatic Tension Law 
Cor = (tu)er = 27s Shear Stress Law 


Thus for the example that was selected, fracture will occur by a 
shear law since the oo — PY for the shear law of fracture will in- 
tersect the ¢ — ’¢ curve at lower values of ’¢ than for the other 
laws as shown in Fig. 10. 

Consider now the ductility that may result in an ideal compres- 
sion test on the same metal. Since the same metal is under consid- 
eration the o — °¢, ry — ?, tr» — od, and +, — ?¢ curves are iden- 
tical. In compression the maximum principal stress is zero and the 
hydrostatic tension stress is negative. Therefore the r,, values for the 
maximum principal stress law and the maximum shear stress law 
are never exceeded; if only these laws were operative the metal 
would be infinitely deformable in compression. If, however, the 
maximum shear stress law is also operative 


Cor = (Ti1) er =2r, 
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Fig. 10—Hypothetical Functional Dependence of 


the Three Critical Fracture Stresses on the Effective 
Strain. 


and the same effective strain would be achieved at fracture in com- 
pression as in tension. 

One more example will suffice to illustrate the principles of cal- 
culations. Consider the case of pure torsion of a thin-walled tubu- 


lar specimen. In this example the principal stresses are at +45 
degrees to the axis of the tube and 


Txy = Ty — — Tas 


where +,, and r,, are the maximum and minimum principal stresses 
respectively. The effective stress, therefore, is 
o _ v3 a v3 Ti 


According to the laws of fracture which are assumed here, fracture 
will occur when 


Normal Stress Law Sor = V3 tN 
Hydrostatic Tension Law er = c0_ 
Shear Stress Law Gor = VI Fz 


Thus the Hydrostatic Tension Stress Law cannot yield fracture in 
torsion for the hydrostatic tension is always zero in a torsion test. 
The o — Pd and oo — Py curves are shown for torsion in Fig. 11; 
if the same metal is under consideration the o — ?¢ curve will be the 
same as previously given for tension and the o.—? curves are 
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directly calculable from the data in Fig. 11. Thus for the assumed 
curves fracture will occur in accordance with the critical shear stress 
law. If the shear stress law for fracture is the only law operative, 
the effective strain at fracture in torsion will be less than the ef- 
fective strain at fracture in tension. If, however, the maximum 
principal stress law for fracture is the only law that is operative, 
the effective strain at fracture in torsion will exceed the value at 
fracture in tension. 

Comparison between the theoretical analysis for determining the 
ductility of metals and actual examples is most accurately established 
for cases where the stress distribution is completely known. For 
many cases, however, necking precedes fracture and the data become 
difficult to interpret because the stress distribution is not readily de- 
terminable. If, however, necking is not too severe, an approximate 
check on the theory is possible. Such approximate analyses will be 
used in the following illustrations of the agreement between the 
theory and experimental evidence. The interpretation that will be 
ascribed to the experimental data and consequently their utility in 
the analysis is open to serious criticism. Although the analysis may 
be naive, the check between theory and experiment appears to be 
remarkably good. 

Many investigations on the effect of combined stresses on the 
ductility of metals have been conducted by subjecting hollow tubes 
to an axial load and internal pressure. If, for the purposes of dis- 
cussion, necking be disregarded, the directions of principal stresses 
and strains are in the longitudinal, z, circumferential, 6, and the ra- 
dial, r, directions. Each fiber in these directions remains in these 
directions. Thus the strain ¢«,, on the fiber in the radial direction 
at instant t is also the increment of the strain on the fiber that was 
initially in this direction, d¢,r; this fiber continuously remains in 
the same direction. Thus Equations 14 reduce to 











S:. 288 é 
d’$,, =——= (trv 5 @) 
cs 
re > 
AP Goo = 2 a (Tee 2 0) Equation 30 
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dPo9,, — = (rex 7 0) 
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where trr, 799, and rz, are the principal stresses. The finite strains 
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Fig. 11—Functional Dependence of Fracture Stresses on 
the Effective Strain When Material is in Pure Torsion. 


in the principal directions are obtained by integrating Equations 30, 
namely 


2 - 
P nn vss noth 1’ 
Orr —_ do 
) og 


O 
iy 
a 
Pn ’ Tee 0 - : 
oo ms —-. di Equation 3l 
? Co 
O 
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POs —_ -} dP¢ 
) oC 
O 


Equations 31 are directly integrable where the stress path for the 


deformation is known. For tubular specimens under consideration 
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Prr,’ +L 
3:3 Oooo 
T(r." a r:*) 
Pr; 
Teo — —_—_—_- Equation 32, 
(re f:) 
. = ie (at ro) 
- P (atr:) 
where 
P internal pressure 
L applied longitudinal load 
To instantaneous outer radius 
r; = instantaneous inner radius 


I Il I 


In general the dimensions of the tube are selected so that P and 
thus 7;, is negligibly small relative to r¢g or tzz. 
Tube tests are generally conducted at substantially constant ra- 
tios of stress, namely 
Tee Tor 


— = 4, = p=0, Equation 33 


Tas Tes 





where 7,, is not zero. (When zg or 7,2 equals zero the problem re- 
duces to that of simple tension and is immediately soluble. ) 

Introducing Equations 33 into Equations 31 the three principal 
finite strain components ¢,;, ¢¢, and ¢,, may be obtained by inte- 
gration. 


1 
—— (a-- 1) 
‘ 2 i 
Pg. NN i aieetiineintliee Pg 
Vl—a+a’ 
l 
(a——) 
a“ 2 ; 
"6. = ———_—_—__ Pg Equation 34 
Vl—a+a’ 
1 
(1 ——2) 
Ee 2 - 
P9,, —= ——___—_ 9 
Vi—a+a’ 
and the effective stress is 
¢=7,,V1—a+a’ Equation 35 


Consider now the maximum normal stress law for fracture as de- 
fined by (7,,)cr = tn and let 22 = 7,,, Equation 35 then becomes 


Sep = ty VI— + Equation 36 











aa 


AES 
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If rag > Tex, then rg = 7); and Equation 36 becomes 
Cor = ty V1 — 1/0 + 1/e? Equation 37 


Equations 36 and 37 therefore yield the critical effective stress at 
fracture for thin-walled tubes tested under such conditions of load- 
ing that the stress ratios remain constant up to fracture. 

If the Effective Stress-Effective Strain curve for a given ma- 
terial is available and the true fracture stress in simple tension has 
been noted, the three finite strain components at fracture, as given 
by Equations 34, may be computed under the assumption that the 
maximum normal stress law for fracture is applicable. For the tube 
tests under consideration the computations for the strain components 
at fracture for a given stress ratio consist of calculating o¢ by 
Equations 36 or 37 and entering their value of o,, on the known 
o — ®¢ curve to find ’¢; the value of 4 so found may then be used 
in calculating the three strain components at fracture of Equations 34. 

Agreement between theory and experiment is shown in Fig. 12 
for tubular specimens of brass over the range of stress of biaxial 
tension. The points shown on the graph were reported by Maier 
(7) and the solid curves represent the predicted values of strain 
based on the maximum normal stress law for fracture. Some of the 
observed scatter of the experimental data may be attributed to 
anisotropy of the material and necking prior to fracture. 

Next consider the maximum shear stress law for fracture. In- 
asmuch as extremal shear stresses occur on planes inclined at 45 
degrees to any two of the principal stress directions, the three shear 
stresses are 





; | ie 
re 
2 
Tee Trr 
T2, = —— Equation 38 
2 
~s: 2 
Ta = 
2 


Substituting the stress ratios from Equations 33 into 38 and 
forming shear stress ratios, 
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Fig. 12—Predicted and Experimental Values of Principal Strain 
Components for Brass Subjected to Biaxial Tension. Predicted Curves 
Based on the Maximum Normal Stress Law for Rupture. (Data from 








Maier.) — 
Tiz l | 
Ta 1— 8, : 
Equation 39 
T2 a—fp 
Ta l —- 8 


Thus the effective stress will be 


ee ee 
o =Viraa]( ) + ;) +1 Equation 40 
.—P .—<¢ 


For the tubular specimens previously considered, when tested 
with substantially constant stress ratios in biaxial tension, 8 = O and 
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(73; er == 7s, aS determined from a tension test. Substituting these 
values of (73, )cr and B into Equations 40, the effective stress at frac- 
ture is obtained, 

Ocp =27, V1 —a+a? Equation 41 


By comparing Equations 36 and 41 it may be noted that for 
any given a the critical effective stress has the same numerical 
value, providing 2 tr, = ry. Inasmuch as it is difficult to differentiate 
between shear fracture and normal fracture in a simple tension test, 
it may be concluded that for biaxial stress studies with tubular speci- 
mens in the tension-tension region of stress either law will be satis- 
factory in predicting the effective stress, o.,, at fracture. For each 
or, however, Py has a fixed value and therefore the strain compo- 
nents as given by Equations 34 also have fixed values irrespective of 
which fracture law is assumed to be operative. The finite strain 
components at fracture shown in Fig. 12 for brass as solid curves 
therefore represent predictions based on either the maximum normal 
or maximum shear stress law for fracture. 

It was previously pointed out that a clearer distinction between 
the two fracture laws under discussion is possible, if biaxial stress 
studies with tubular specimens are extended into the axial compres- 
sion-hoop tension region of stress. It was illustrated in Fig. 5 that 
some magnesium alloys fractured in substantial agreement with a 
maximum shear stress law for fracture. Further evidence of this 
is supplied by the observed strain components at fracture for these 
alloys. Fig. 13 gives the experimentally determined strain compo- 
nents @,, as a function of gg at fracture for magnesium alloy J-,, 
with ¢,, deleted for sake of clarity. The solid and dotted curves rep- 
resent predictions based on the maximum shear stress law and maxi- 
mum normal stress law for fracture respectively. It may be seen 
that predictions based on the maximum shear stress law for frac- 
ture are in substantial agreement with the experimental results. The 
agreement, however, is not perfect and differences between theory 
and experiment are believed to be largely due to anisotropy and twin- 
ning of magnesium alloy extrusions in compression. 

The hydrostatic tension law, previously mentioned as a possible 
fracture law, requires the effective stress at fracture for constant 
stress ratios to take the following value 





3 (Per pees (a — 8)? + (6 —1)? 
2 


. — Equation 42 
l+a+f, 
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Fig. 13—Predicted and Experimental Values of Principal 
Strain Components at Fracture of J-; Magnesium Alloys Sub- 
jected to Biaxial Stresses. (Data from Thomsen and Dorn.) 


For tube tests, where 8 = 0, Equation 42 reduces to 
3 (Per 
l+a 


The finite strain components at fracture, as before, may be cal- 
culated by use of Equation 43, a o — ’¢ curve and the three Equa- 
tions 34. 

The above method of predicting fracture strains by use of the 
hydrostatic tension law is given merely for the purpose of illustration, 
since the present limited data available on biaxial stress studies dis- 
agree with predictions based on this law. 

It is of interest to estimate trends in ductility with applied 
hydrostatic pressure. The use of Equations 31 permits the determi- 
nation of true fracture strains under these conditions, providing the 
fracture law is known. Maier (7) has subjected round tensile steel 


Vli—a-+a’ Equation 43 
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Fig. 14—Predicted and Experimental Values of Prin- 
cipal Strain Components at Rupture for Annealed Low 
Carbon Steel Under Hydrostatic Pressure and Axial Ten- 
sien. (Data from Maier.) 


bars to hydrostatic pressure applied to the cylindrical surface. The 
specimen design was such that the longitudinal stress caused by the 
end thrust of the hydrostatic pressure was opposite in sign to the 
pressure. Taking 7r,, to be the net tensile stress, r,y — 7,, to be the 
applied hydrostatic pressure, (¢xx) pressure to be the true strain at 
fracture under hydrostatic pressure, and (¢xx) tension to be the true 
strain at fracture in simple tension, then the ratios (xx) pressure/ 


. : e Tyy Tzz 
(xx) tension May be calculated for various ratios of —= — at 


Txx Txx 
fracture. Fig. 14 shows the experimental data and predicted curves 
of these ratios. The predicted curve was based on the maximum 
normal stress law for fracture. The agreement between theory and 
experiment is good in view of the fact that the tensile specimens 
used necked severely at high pressures and that no corrections were 
applied to the stresses in the necked regions. This evidence, although 
not conclusive, indicates that the maximum normal stress law for 
fracture may apply to certain materials or under certain conditions 
of loading. 








— 
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CoNCLUSIONS 


1. The finite strains that metals can undergo by combined 
stressing up to the instant of fracture can be calculated from their 
flow and fracture characteristics. 

2. Within the range of validity of the method, fair correlation 
is obtained between the calculated and experimentally observed 
strains at fracture. 

3. Deviations between the calculated and experimental data 
arise from incomplete knowledge of the flow and fracture laws of 
metals under combined stresses, suggesting that additional funda- 
mental studies of these properties of metals be made. 

4. The method of calculating can be extended to include 
strain rate effects. 

5. The method is limited in scope to temperatures at which 
strain aging and softening are not encountered. 
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NEW WROUGHT ZINC ALLOYS CONTAINING SMALL 
AMOUNTS OF BERYLLIUM* 


By R. H. HarrincTron 


Abstract 


Because of inherently high rates of creep, commercial 
zinc alloys are tested at the fast rate of extension of the 
tensile bar of % inch (250 mils) per minute. When tested 
at the much slower speed of 4 mils per minute to obtain 
the standard stress-strain curve, a commercial grade of 
“copper-hardened sinc” gave a proportional limit of 
2200 psi, a tensile strength of 24,700 psi, and an elonga- 
tion of 52%. Tested with the same slow rate of 4 mils 
extension per minute, the new zinc alloys* containing 
copper and beryllium give proportional limits of 15,000 to 
16,000 psi, 0.5% offset yield strengths of 30,000 to 35,000 
psi, tensile strengths of 40,000 to 46,000 psi and elonga- 
tions of 20 to 30%. The new alloys age-harden at 175 C 
and do not recrystallize below 200 C. (Commercial alloys 
of zinc recrystallize in the range of 20 to 105C.) As in 
the case of aluminum and magnesium-base alloys, the 
addition of beryllium to the zinc-base alloy also improves 
its corrosion resistance. 


INTRODUCTION 


ie )MMERCIAL zinc hardens only slightly by cold rolling since 
it tends to recrystallize rather rapidly at or near room tempera- 
ture. Since zinc possesses a hexagonal lattice, its lattice orientation 
tends to line up with the direction of rolling. This results in a 
different set of tensile properties for the direction of rolling as com- 
pared with the direction transverse to rolling. Thus the “transverse” 
tensile strength is usually about 20% higher than for the “with- 
rolling” direction. For purposes of comparison herein we shall deal 
only with the properties in the direction of rolling. Zinc (containing 
0.05% Pb, 0.01 Fe, 0.005 Cd), when cold-rolled, develops a tensile 
strength of 16,000 psi and an elongation of about 40 to 60%. 

Metals Handbook, A.S.M., 1939 Edition, p. 1765. 

*U. S. Patent No. 2,412,045 issued December 3, 1946. 


A paper presented before the Twenty-eighth Annual Convention of the 
Society held in Atlantic City, November 18 to 22, 1946. The author, R. H. 
Harrington, is research metallurgist, General Electric Co., Schenectady, N. Y. 
Manuscript received May 27, 1946. 
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Certain commercial alloys of zinc have improved properties after 
cold rolling and recrystallize in the range of 90 to 105C. Their 
recrystallization temperatures and other properties are still too low 
to allow such zinc alloys to be compared with brasses and aluminum 
alloys on any equivalent basis. A typical commercial alloy (consisting 
of 1% Pb, 0.02 Fe, 0.35 Cd, 0.65 to 1.25 Cu, 0.025 Mg)*, when cold- 
rolled, develops a tensile strength of 26,000 to 35,000 psi with elonga- 
tions of 20 to 40%, depending on the amount of cold work. 

The above properties were determined with the accelerated rate 
of extension of 250 mils per minute which is 60 times as fast as the 
standard rate of 4 mils per minute for automatically recording stress- 
strain curves for equal comparison with properties of other alloys. 
Earlier zinc alloys possessed such a high inherent rate of creep that 
such stress-strain curves were meaningless and the higher rate of 
extension during test (250 mils per minute) was adopted to give 
tensile strengths and elongations less affected by the fast creep 
and thus more comparable among themselves. Pure zinc and its 
earlier alloys thus could be said to lack any proportional limit or 
elastic properties. 

For comparison with the new alloys containing beryllium, all 
further data in this report will be derived from standard automatically 
recorded stress-strain curves derived from a rate of sample extension 
of 4 mils per minute. On this basis, the with-rolling-direction prop- 
erties of two more recent zinc alloys are as follows: 


Prop. 0.2% Offset 0.5% Yield Tensile % 


Alloy Limit Yield Strength Strength Strength Elong. 
RS en me 24,700 52 
“Titanium-Bearing” 9125 17,850 19,500 26,900 13 


Thus the “copper-hardened” zinc (1.0 Cu-0.08 Pb-0.008 Fe- 
0.004 Cd)* begins to show slight elasticity while the “titanium- 


bearing” zinc (0.1% Ti, balance special high grade Zn)? definitely 
possesses some elasticity.® 


COMPOSITIONS OF THE NEw ZN-Cu-Be ALLoys* 


Zinc will dissolve a maximum of 2.7% copper at 425C (0.2% 
copper at 100C) in solid solution. With decreased solid solubility 
at lower temperatures, the zinc-copper alloys containing from 0.3 to 

*Strip stock of these alloys furnished by The New Jersey Zinc Co, 


Rolled Zinc-Titanium Alloys,” E. A. Anderson, E. J. Boyle, P. W. Ramsey, AIMME 
Tech. Pub. No. 1687. 


*U. S. Patent No. 2,412,045. 
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2.7% copper should be age hardenable. However, in the absence of 
beryllium (or some other third element), heat treatments are ineffec- 
tive in practical improvement of properties. (So far as the author 
is aware, none of the commercial zinc alloys is considered as heat 
treatable. ) 

Binary alloys of zinc and beryllium are essentially impractical, 
if not impossible, to make by ordinary means of alloying. Beryllium 
melts at 1280 C (2335 F) and oxidizes rapidly in air while zinc melts 
at 419C (785 F) and boils at 907 C (1665 F). Solid beryllium does 
not readily diffuse into molten zinc. Copper, however, does dissolve 
readily in molten zinc. 

When copper-beryllium master alloys, normally ranging in beryl- 
lium content from 3 to 12.5%, are added in small quantities to molten 
zinc, the copper atoms dissolve rather rapidly in the melt and the 
beryllium atoms, perforce, must go along. Thus various ratios of 
copper to beryllium are possible and the alloys are readily made by 
ordinary melting procedures. 

Alloys ranging from 1 to 2.7% copper and 0.03 to 0.3% beryllium 
were studied. Copper in excess of 2.7% with beryllium in excess of 
0.3% results in excess phases incapable of solubility by heat treat- 
ment for subsequent precipitation, marked segregation in the melt, 
decreased ductility for fabrication, lower physical; properties, and 
increased cost. 

The preferred composition consists of 1.9 to 2.1% copper, 0.06 
to 0.10% beryllium, balance essentially zinc, and can readily be 
alloyed from the 95 copper-5 beryllium master alloy. An alloy with 
1.25 copper and 0.07 beryllium yields lower useful properties and a 
lower recrystallization temperature of 150 C, although these properties 
are still considerably in excess of those for present commercial alloys. 


MELTING PROCEDURE 


The compositions may be alloyed by one of two procedures: (a) 
by direct addition of the desired copper-beryllium master alloy to 
molten zinc, or (b) by forming a “‘secondary” master alloy of 70 zinc- 
30 (copper-beryllium). Any of the standard melting procedures are 
satisfactory although melting under a hydrogen atmosphere will re- 
duce slightly the normal loss of 0.01 to 0.03% beryllium due to 
oxidation. Method (b) results in more accurate control of the final 
analysis and greater economy of alloying and is here given in detail: 
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1. The desired charge (30%) of the chosen copper-beryllium 
master alloy is placed on the bottom of the crucible and covered by 
70% (by weight) of high purity (such as Horsehead Special) zinc. 
(Zinc of somewhat less purity can be used.) As the zinc melts, it will 
then wet and coat the copper-beryllium and thus reduce losses of 
beryllium to oxidation. The zinc is melted and the temperature raised 
and held in the range of 750 to 850 C (1380 to 1560 F), reasonably 
below the boiling point of zinc. Within 2 to 4 hours, alloying of the 
secondary master alloy will be complete and it is poured into iron 
or graphite mold pigs of any convenient size. 

2. For the chosen alloy composition, the proper zinc charge is 
melted and the temperature raised to 500 to 600 C (930 to 1110 F). 
The required amount of 70 zinc-30 (copper-beryllium) is then added 
and quickly alloyed. This final alloy is then cast into the desired 
ingot or casting shape in sand, preheated graphite or iron molds. 
Castings from metal molds will have finer grain size and slightly 
better properties as cast, but essentially no difference after heat treat- 
ment and cold working. 


HEAT TREATMENTS 


These will be described for the four alloys of the following 
chemical analysis: 


Copper Beryllium 
No. 1. 2.11 0.09 
2. 1.96 0.06 
3. 1.66 0.07 
4. 1.27 0.07 


Rods | inch in diameter of each alloy were cast in graphite molds. 
Half-inch thick disks were cut from these rods, heated in the range 
of 390 to 405C (735 to 760 F) for 1 hour and quenched in water. 
Individual samples were then heated 2 hours at temperatures from 
100 to 300C by 25-degree intervals (one sample for each aging 
treatment). Maximum precipitation-hardening (Rockwell B Hard- 
ness) values resulted as follows: No. 1, 25 B for 200 C; No. 2, 21 B 
for 200 C; No. 3, 15 B for 200C; No. 4,8 B for 150C. (An alloy 
of 2.47 copper-0.13 beryllium, from a segregated melt, treated sim- 
ilarly, gave a Rockwell hardness of 26 B for 175 C aging.) 

The effect of time at solution temperature up to 24 hours at 
390 C, and up to 24 hours for each aging temperature of 150, 175, 
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and 200C, led to the standardizing of the following commercially 
practicable heat treatments : 


Alloys 1, 2, 3: 1 hour at 390 to 400 C (735 to 750 F), water 
quench, age 4 hours at 175 C. 
Alloy 4: 1 hour at 390 to 400 C, water quench, age 4 hours 


at 150 C. 


PROPERTIES OF Rop Stock, CAST AND SWAGED 


The 1-inch diameter cast rods allowed for cold swaging to 34-inch 
diameter (about 40% cold reduction) for standard tensile bar stock. 
Standard tensile bars were machined from such stock after applying 
the respective standard heat treatments (as above) in various com- 
binations with 40% cold work. The results are shown in Table I. 


Table | 
Standard Tensile Bar Properties of Rod Stock 


Alloy Prop. Tensile % 
No. Treatment Limit Strength Elong. 
1 As-cast: 1 hr. 390 C, quench, 4 hr. 175 C 5000 12800 0 
Cast, cold-swaged 40%, heat treated 3700 20400 4 
Cast, 390 quench, swaged, aged 4 hr. 175 C 11500 38500 13 
Cast, heat treated, finally cold-swaged 11000 34500 7 
2 As-cast: 1 hr. 390 C, quench, 4 hr. 175 C 8500 14850 0 
Cast, cold-swaged 40%, heat treated 8300 21300 2 
Cast, 390 quench, swaged, aged 4 hr. 175 C 12000 39800 23 
Cast, heat treated, finally cold-swaged 14500 38800 18 
3 As-cast: 1 hr. 390 C, quench, 4 hr. 175 C 6500 15300 0 
Cast, cold-swaged 40%, heat treated 4900 19300 2 
Cast, 390 quench, swaged, aged 4 hr. 175 C 12000 35500 27 
Cast, heat treated, finally cold-swaged 13500 36400 19 
+ As-cast: 1 hr. 390 C, quench, 4 hr. 150 C 3800 4900 0 
Cast, cold-swaged 40%, heat treated 5000 15400 1 
Cast, 390 quench, swaged, aged 4 hr. 150 C 13500 34200 14 
Cast, heat treated, finally cold-swaged 13500 34450 12 


These are rather unusual examples of cast materials having zero 
elongation and yet quite capable of being readily cold-swaged. The 
outstanding improvement of tensile properties by interposing cold 
work between the solution quench and the precipitation reheat or by 
following complete heat treatment with cold work is readily noted. 


METHOD FOR ROLLING STRIP 


Another instance of widely different behavior of alloy material 
relative to different methods of cold working is that the zinc-copper- 
beryllium alloys, in the cast condition, can be cold-rolled only slightly 
without cracking even though they can be cold-swaged quite readily. 





1 
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However, these alloys do hot forge and hot roll easily in the 
temperature range of 300 to 350 C. The proper way to produce high 
quality strip is to break down the cast structure by hot forging or hot 
rolling to a convenient intermediate oversize. The initially hot- 
worked material is then readily hot or cold-rolled to the desired over- 
size previous to final treatment. The amount of final cold working, 
after complete heat treatment, determines the specific oversize pre- 
vious to heat treatment. Thus to produce 60-mil thick strip with 
final cold reduction of 40%, the cast billet is hot-worked and then hot 
or cold-rolled to 100 mils. The strip is then completely precipitation- 
hardened by the specific heat treatment for its composition, and then 
the heat treated 100-mil strip is cold-rolled 40% reduction to 60 mils 
thickness. 

It is also possible to apply the final cold reduction to the strip 
after the solution treatment and before the aging reheat in the range 
of 150 to 175 C. Good properties can also be achieved by cold rolling 
strip without any heat treatment. However, maximum “elastic” or 
spring properties and maximum temperature stability are conferred 
on these alloys by applying the final cold reduction after complete 
heat treatment. Similar properties, depending on size dimensions, 
can be developed by a parallel practice with forging (as for dies), 
extrusion, drawing, swaging and the like, so long as the final reduc- 
tion is done cold (room temperature). 


PROPERTIES OF HEAT TREATED AND CoLp-ROLLED STRIP 


Table II gives the tensile properties of the treated and rolled 
strip of the four compositions. Column 1 designates the number of 
the data line for ready reference. Column 2 gives the alloy (composi- 
tion) number. Columns 3 and 4 give the heat treatment previous to 
the final cold reduction in Column 5. Column 6 states the second 
aging treatment, after final cold reduction, to determine the thermal 
stability of the developed properties. Columns 7, 8, 9, 10 give the 
resulting tensile properties. Since the material for Table II all had 
the same preheat treatment oversize of 100 mils thickness, 40% 
final cold reduction yielded strip of 60 mils thickness and 60% final 
cold reduction, strip of 40 mils thickness. All tensile tests were made 
on standard tensile strip specimens. 

Reference to Table II leads to the following conclusions: 

1. Alloys 1 and 2 (essentially the same composition in a prac- 
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Table Il 
Tensile Properties of Strip Material 


1 2 3 4 5 6 7 8 9 10 


4 * Cold 1 hr. 
Alloy 1 hr. soln. hrs. Re- Second Prop. Yield Tensile % 
No. Treatment Age duction Aging Limit Strength Str. Elong. 
1 ] 405C 175C 40 Room 16000 32700 41750 15 
2 175C 16000 32800 41600 15 
3 60 Room 14250 34000 46500 24 
4 175C 12000 34000 42400 20 
5 2 390 C 175C 40 Room 14500 31300 40000 21 
6 150 C 16000 33000 39000 30 
7 175C 15000 32000 38200 20 
8 60 Room 13100 31500 43500 18 
9 150C 14600 31000 41500 27 
10 175C 14100 32650 40000 7 
3 390 C 175C 40 Room 14500 30800 38000 22 
12 150C 15000 30700 35300 6 
13 175C 11300 28500 35000 20 
14 60 Room 12750 30000 43000 23 
15 150C 12800 26600 38100 33 
16 175C 9700 24400 34606 28 
17 4 hot-rolled 50 Room 9700 25000 37000 37 
18 at 300 C 175C 7400 16400 26300 54 
19 390 C 150 C 40 Room 11000 27500 35000 20 
20 175C 6200 17200 25000 5 
21 60 Room 12400 26700 38500 32 
22 150C 12000 24000 33700 34 
23 175C 7800 16000 25400 40 
Compositions 
Alloy No. 1 2.11 Cu — 0.09 Be No. 3 — 1.66 Cu — 0.07 Be 
No. 2 — 1.96 Cu — 0.06 Be No. 4 — 1.27 Cu — 0.07 Be 


tical sense) do not recrystallize below 175 C. In fact, aging at 150 C 
or 175 C actually effects some improvement in the proportional limits 
and yield strengths, with aging at 150 C also resulting in an increase 
in ductility. 

2. Alloy 3, containing 1.6% copper (as compared with 2% 
copper in Alloys 1 and 2), shows stability after aging at 150 C, but 
softens slightly after aging at 175 C. (Fractures showed that it had 
not recrystallized at 175 C.) 

3. Alloy 4, containing 1.25% copper, is quite stable up to 150 C 
but largely recrystallizes at 175 C. 

4. Alloy 4, cold-rolled without heat treatment (Line 17), indi- 
cates that these alloys have excellent properties even without heat 
treatment. Comparison with Lines 19 and 21 (Table II) shows the 
improvement (for Alloy 4) in proportional limit and yield strength 
due to heat treatment. Alloy 4, lowest in copper content, is least 
affected by heat treatment. 
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COMPARISON OF NEW AND COMMERCIAL ZINC ALLOYS 
ON BASIS OF TENSILE PROPERTIES 


All reported tests are for rolled materials. “Line” numbers for 
the new zinc alloys containing copper and beryllium refer to the same 
lines in Table II. Comparison of the new alloys with those known as 
“copper-hardened” and “titanium-bearing” is given in Table III. 


Table Ill 
Comparison of Tensile Properties of Commercial and New Zinc Alloys 
Containing Cu and Be 


Prop. 0.5% Offset Tensile 


% 
Alloy Condition Limit Yield Strength Strength Elong. 

Cu-Hardened Hot-Rolled a 24,700 52 
Ti-Bearing Hot-Rolled 9,125 19,500 26,900 13 
Zn-Cu-Be 4 Line 17 9,700 25,000 37,000 37 
Line 21 12,400 26,700 38,500 32 

Zn-Cu-Be 3 Line 14 12,750 30,000 43,000 23 
Zn-Cu-Be 2 Line 8 13,100 31,500 43,500 18 





Zn-Cu-Be 1 Line 3 14,250 34,000 46,500 24 


Line 17 for zinc-copper-beryllium 4 represents material cold- 
rolled 50% without any heat treatment. Lines 21, 14, 8 and 3, 
respectively for zinc-copper-beryllium 4, 3, 2, and 1, give properties, 
in each case, for 60% cold-rolled reduction subsequent to complete 
heat treatment. Further improvement of the “elastic” properties for 
the zinc-copper-beryllium series is possible by suitable double-aging 


(Table II). 


OTHER PROPERTIES 


These zinc-copper-beryllium strip materials, in fully treated 
forms, will readily bend through 90 degrees either with or transverse 
to the direction of rolling and will take an almost flat 180-degree bend 
without cracking. This indicates good formability. 

These new alloys in strip form, particularly Alloys 1 and 2, 
possess spring properties. As a cantilever beam (supported at one 
end), a 4-inch length of 40 to 60-mil stock will withstand a 1-inch 
deflection at the free end without appreciable permanent set or the 
marked flow usually considered to be inherent in zinc and its alloys. 


MICROSTRUCTURE 


All four zinc-copper-beryllium compositions have very similar 
structures. Alloy No. 3, containing 1.66% copper and 0.07% beryl- 
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Fig. 1—Alloy No. 3 As-Cast (1.66 Copper + 0.07% Beryllium). 
Fig. 2—Alloy No. 3, Solution-Treated, and Cold-Worked 60%. 
Fig. 3—Alloy No. 3, Recrystallized, 1 Hour 390 C, Water-Quenched. 
Fig. 4—Alloy No. 3, 40-Mil Strip, Cold-Rolled 60% After Complete Heat Treatment. 
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lium, very well represents the structures to be found in this new 
class of zinc alloys. 

“Solution No. 3’, consisting of 200 grams CrO, and 7.5 grams 
Na,SO, dissolved in 1000 cc water,* was used for etching and all 
photomicrographs were taken at 100. 

Fig. 1 shows the structure of zinc-copper-beryllium No. 3 as-cast. 
The structure indicates marked coring and there is indication of a 
second phase in many of the grain boundaries. This structure appears 
to explain the zero elongation and low tensile properties for the “as- 
cast” condition. 

Fig. 2 is for the alloy solution-treated 1.5 hours at 390 C (735 F) 
and water-quenched after which it was cold-rolled 10% and cold- 
forged an additional 50%. 

Fig. 3 shows recrystallization of the structure pictured in Fig. 2, 
after 1 hour at 390 C (735 F) followed by a water quench. 

Fig. 4 represents the structure of “standard” 40-mil strip pro- 
duced from %-inch thick billet as follows: 


(a) Hot-rolled at 325 C to 110 mils thickness. 

(b) Cold-rolled to 100 mils. 

(c) Precipitation-hardened: 1 hour 390 C, water quench, 
4 hours aging at 175 C. 


(d) Final cold rolling 60% to 40 mils thickness. 


The structure in Fig. 4 (except for color) is very much like that for 
the cold-rolled brasses or phosphor bronzes. 


CONCLUSIONS 


1. These new zinc alloys, containing copper and beryllium, are 
definitely age hardenable with maximum hardening occurring for 
aging at 175 C (for Alloys 1, 2, 3). This is comparable to an iron- 
base alloy that would give maximum age hardening at about 1000 C 
(1830 F). 

2. The new alloys have unusually high tensile properties. For 
instance, the 0.5% offset yield strengths of Alloys 1 and 2 are about 
equal to the yield point in structural steel. 

3. These new zinc alloys appear to have real (mild) spring 
properties (unusually high creep strength for alloys of zinc). 

4. The zinc-copper-beryllium alloys possess excellent tensile 
properties in the unheat treated condition but maximum properties, 


*Metals Handbook, A.S.M., 1939 Edition, p. 1768. 
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especially in the “elastic” range, are obtained by cold work super- 
imposed upon complete age hardening heat treatment. 

5. The cold-worked structures do not recrystallize until tempera- 
tures in excess of 175 C are reached. This is about the same as for 
cold-rolled brasses. That this is unusual for zinc-base alloys, is shown 
by the fact that (based on the respective melting points of zinc and of 
iron) this would compare with a cold-worked iron alloy recrystal- 
lizing above 1000 C (1830 F). 

6. Maximum elastic properties of the cold-worked zinc-copper- 
beryllium alloys result from double-aging: that is, a second aging 
treatment in the range of 150 to 175C after cold-working. This is 
probably due to a (cold-work) strain-induced age-hardening. Thus 
recrystallization does not occur until overaging is effectively de- 
veloped. Double-aging is necessary for complete thermal stability up 
to 175 C. 

7. The maximum service temperature for the zinc-copper- 
beryllium type of alloy appears to be about 175 C. 

8. As in the cases of aluminum-base and magnesium-base alloys, 
the addition of small amounts of beryllium to zinc-base alloys tends 
to improve their corrosion resistance. 
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DISCUSSION 


Written Discussion: By Oscar E. Harder, assistant director, Battelle 
Memorial Institute, Columbus, Ohio. 

| should like to learn from Dr. Harrington the method of adding 
the beryllium to his alloy and the recoveries obtained. Was a master 
alloy used, and if so, what composition was employed and how was the 
master alloy prepared? 

Written Discussion: By E. H. Kelton, Development Engineering 
Division, The New Jersey Zinc Company, Palmerton, Pa. 

The author is to be congratulated on the discovery of a series of high 
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zine alloys amenable to heat treatment and which appears to offer some 
unusual possibilities. Nevertheless, the first reading of this paper inspires 
rather severe criticism of incomplete development of certain important 
phases and of failure to submit proper background for basic conclusions. 
Discussion with the author, however, has brought out the fact that he 
has presented not the results of an exhaustive study but more of a prog- 
ress report with the idea of stimulating further work in this particular 
alloy range and therefore criticisms must be tempered accordingly. 
Our comments are directed largely at indicating the direction of further 
work. 

The author has not indicated clearly any specific uses for the alloy. 
Since comparisons have been made on the basis of mechanical properties 
more frequently employed with brass and steel rather than zinc, it is 
most difficult for us to determine where these alloys fit into the zinc 
picture. We refer particularly to the determination of yield strength or 
proportional limit rather than creep resistance. Our work on high zinc 
alloys in wrought form has indicated that proportional limits vary widely 
with testing conditions. Accordingly, we have resorted to creep testing 
as the only means of obtaining data suitable for design purposes. In 
spite of Dr. Harrington’s slow rate of testing, we view with great suspicion 
any attempt to determine proportional limits or yield points on this basis. 
At the same time we freely acknowledge that the comparisons with 
copper-hardened zinc or with zinc-titanium alloy indicate that the copper- 
beryllium alloy should have improved creep resistance. 

The wrought zinc field differs from the wrought brass field in that 
with zinc the commercial price structure permits almost no leeway in 
working cost whereas in brass the range for working cost is relatively 
wide. Thus, with zinc alloys any single item such as additional alloy 
cost or additional heat treatment may throw the alloy into a segregated 
high price field. In the case of Dr. Harrington’s alloy this would mili- 
tate against its easy introduction unless outstanding properties are proved 
for particular uses. 

For instance, the author has indicated that beryllium tends to oxidize 
rather rapidly. Thus, in a strip rolling mill where perhaps 50% of the 
material is returned to the pot as scrap, and where the most economical 
means of melting the alloy is in large reverberatory pots, a continuous 
addition of beryllium as copper-beryllium alloy would be necessary. Prep- 
aration of large quantities of zinc-copper-beryllium intermediate would be 
expensive and the maintenance of close analytical control would appear 
to be difficult. 

A large proportion of all rolled zinc business is in outlets where 
fabricating properties are important. The author has submitted very few 
data on this point. The bending tests which he describes do not permit 
comparisons with existing data on other rolled zincs. We would suggest 
dynamic bending with apparatus which permits accurate control of the 
diameter of the bend, dynamic ductility tests and determination of the 
permissible take-in in a drawing operation. 

We assume that the author’s rolling tests were made on experimental 
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equipment. Past experience has indicated that a wide range of results 
can be obtained on equipment of this type. The mechanical property 
values of other zinc alloys which the author has used for comparison have 
been obtained on commercially rolled material where average properties 
were quoted. In addition, Dr. Harrington has compared the heat treated 
and cold-rolled zinc-copper-beryllium alloys to hot-rolled copper-hardened 
zinc. These comparisons may be somewhat misleading. 

Conclusion No. 3 in the paper states, “These new zinc alloys appear to 
have real (mild) spring properties (unusually high creep strength for 
alloys of zinc).” The only test described to substantiate this point appar- 
ently is a 4-inch long cantilever beam loaded to a deflection of 1 inch. 
We feel that this test should be described in detail with data on unit 
stress, time, and temperature. 

The No. 8 conclusion states: “as in the case of aluminum-base and 
magnesium-base alloys the addition of small amounts of beryllium to zinc- 
base alloys tends to improve their corrosion resistance.” No data are 
submitted to substantiate this conclusion. 


Author’s Reply 


Dr. Harder’s welcome discussion was answered by the author from 
the floor. His questions are answered in the text of the paper but this 
information was not them available to Dr. Harder since this paper was 
not preprinted. 

As to Mr. Kelton’s discussion, there may be a number of points of 
interest but most of them are irrelevant to the paper, its purpose, and its 
contents. Mr. Kelton refers to a previous discussion ‘with the author. 
This “discussion”, however, was between an associate of Mr. Kelton’s and 
the author (among others present). At that time, in response to a ques- 
tion, the author informed this gentleman as follows: 

(a) The author’s paper is definitely a research report relating the 
discovery of heat-treatable new compositions of zinc-base alloys, devel- 
oping complete alloying, heat treatment, and basic fabrication methods, 
and the results of common standard tensile properties measured for these 
alloys that are directly comparable to other (standard) ferrous and non- 
ferrous alloys. 

(b) As a matter of policy in the past, the General Electric Company 
has not produced and marketed regular mill and foundry alloys but has 
depended upon licensee sources to do so. 

(c) Such additional special tests, as referred to by Mr. Kelton, are 
properly made only upon such alloy stock as is actually marketed by 
each vendor. The author is not, for the purpose of his paper, interested 
in such tests. 

There are, then, the following points: 

1. Mr. Kelton states that “the author has not indicated clearly any 
specific uses for the alloy”. This is not a requirement for the research 
report. Furthermore, this paper deals with “New Wrought Zinc Alloys 
Si a ” and new alloys do not have established uses. As a matter of fact, 
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several logical applications have been successfully tested but these will 
keep until there is a licensed producer (U. S. Patent No. 2,412,045, issued 
Dec. 3, 1946). é 

2. The Testing Laboratories and Engineering Staffs of the General 
Electric Company now have quite a number of years of experience in 
correct measurement and correct interpretation of the proportional limit 
and offset yield strengths derived from standard stress-strain curves. 

3. As stated in the paper, the commercial zinc alloys of Mr. Kelton’s 
experience, by the standard definition, do not possess any practical elastic 
properties (as do the author’s new alloys). 

4. Mr. Kelton’s dubious feelings about proportional limits and offset 
yield strengths are justified by his experience with zinc alloys of the past. 
These previous zinc alloys yield stress-strain curves that compare with 
only the upper portions of stress-strain curves (that is, the plastic flow 
portions) of alloys that do possess some practical elasticity. It is quite 
probable that if these earlier zinc alloys could be tested at sufficiently 
low temperatures (subzero) they probably would yield standard stress- 
strain curves similar to those resulting from the author’s new alloy 
tested at room and somewhat elevated temperatures. 

5. Mr. Kelton’s discussion of prices and costs has no bearing on the 
author’s research report as such. Moreover, its projection relative to the 
new alloys is based wholly on assumptions with no experience whatever 
relative to the new alloys. The author’s alloys, on the average, involve 
increased metal costs of the order of 1% to 2 cents per pound. Heat 
treatment costs, depending on equipment and quantities of alloy of specific 
form, could well be about % cent per pound. In a relatively free economy 
and in the absence of monopoly who is there who can now say that many 
old and new applications would not justify the use of the new alloys? 

6. Mr. Kelton’s discussion of scrap losses on remelt is based on a 
specific melting set-up apparently predicated as “the most economical 
means” relative to present zinc alloys. Experience may well teach that 
other methods may prove “the most economical means” of melting for 
the new alloys. In any case remelting of scrap under fairly good control 
should result in losses of the order of 0.01 to 0.03 direct per cent of 
beryllium. Depending wholly upon specific circumstances of alloy com- 
position and method of melting, compensating additions might not be 
required. However, should they be, the cost of so doing might range 
from 0.1 to 0.4 cent per pound. For maximum economy, the production 
and use of a ternary zinc-copper-beryllium master alloy is probably man- 
datory (as described in the paper). 

7. Special quantitative bending tests, as suggested by Mr. Kelton, 
should be applied to the vendor’s product. To the practical shopman, 
the qualitative bend test cited by the author, plus the tensile elongatiens, 
indicate that the new materials promise satisfactory bend shaping prop- 
erties. Specific shape applications require specific development relative 
to any sheet material. 

8. Mr. Kelton states that “we assume that the author’s rolling tests 
were made on experimental equipment, etc.” To offer discussion based on 
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such an assumption can verge upon false implication. The General Elec- 
tric Company possesses “commercial rolling equipment” and the author’s 
alloys were easily rolled with such equipment and without any special 
care or practice. 

9. The properties quoted by the author for the “copper-hardened” 
and “titanium-bearing” zinc alloys are not “average” properties as implied 
by Mr. Kelton. These materials were supplied by the New Jersey Zinc 
Company and tested by the General Electric Company’s Testing Labora- 
tory. In a letter from Mr. Kelton to an associate, he stated that the 
author’s tensile data for these materials showed higher proportional limits 
than he (Kelton) would have expected or has obtained. Therefore, the 
author’s comparison of alloys on the basis of standard tensile properties 
seems more than fair. 

10. Other than the author’s single qualitative “spring” test, further 
specific quantitative spring tests should obviously be made on vendor’s 
stock for engineering usage. 

11. Anyone working with these alloys will make the same qualitative 
visual observation as did the author relative to the tendency of small 
amounts of beryllium to improve the corrosion resistance of zinc alloys. 
Here, again, specific quantitative corrosion tests (for whatever value they 
may have!) should be made upon the vendor’s product. 
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TRANSFORMATIONS IN KRUPP-TYPE 
CARBURIZING STEELS 


By A. R. TRorANo Anp J. E. DEMoss 


Abstract 


The transformation characteristics of a low-carbon 
and high-carbon Krupp-type carburizing steel have been 
investigated. The low-carbon steel is considered to be 
representative of the core and the high-carbon steel repre- 
sentative of the carburized case. Austenitizing tempera- 
tures approximating those of commercial practice were 
employed. 

An X-ray diffraction method for obtaining Acm in the 
high-carbon steel and also for determining the carbon con- 
tent of the austenite in the presence of undissolved car- 
bides is outlined. The possibilities and limitations of the 
X-ray method are considered. 

The general transformation features are discussed 
and evaluated in terms of the behavior of other alloy steels 
when possible. 


INTRODUCTION 


T is now a generally accepted fact that a knowledge of the iso- 

thermal transformation curves together with related data form 
the best basis for a rationalization of the commercial heat treatment 
of alloy steels. This is particularly true for carburized alloy steels, 
where one has essentially a number of steels of varying carbon con- 
tent and correspondingly varying transformation characteristics, but 
must subject the entire piece of steel to the same treatment to obtain 
widely different properties in the core and case. Despite this, few 
systematic investigations dealing with such steels have appeared in 
the literature. 

Presented here are isothermal transformation curves for a 0.15 
and 0.89% carbon Krupp-type steel, austenitized at temperatures 
approximating those employed in commercial practice. The low- 
carbon steel is representative of the core and the high-carbon steel 
of the case. In addition, the transformation curve for the 0.89% 
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carbon steel austenitized at a temperature designed to yield complete 
solution of the carbides is presented for purposes of comparison. 


MATERIALS AND METHODS 


The only essential difference in the analyses of the two steels 


employed in this study was in the carbon content as indicated in 
Table I. 


Table I 
Chemical Composition of Steels Tested 
c Mn P S Si Cr Ni Mo 
0.15 0.45 0.013 0.020 0.20 1.54 4.03 0.03 
0.89 0.39 1.58 4.00 


Microscope and hardness specimens were usually % by % by % 
inch. Variations from this size were not significant. Dilatometer 
specimens were 1 by 4% by 7g inch, and X-ray specimens about 7% 
by 7s by % inch. The X-ray technique employed here was the same 
as previously described in detail elsewhere (1).* 

All austenitizing was done in a vertical tube furnace provided 
with a continuous flow of purified nitrogen. The low-carbon steel 
was austenitized for 30 minutes at 1650 F (900C) and the high- 
carbon steel for 30 minutes at 1475 F (800C). These temperatures 
were selected because they approximate those employed in the com- 
mercial heat treatment of this type of steel. In addition, the high- 
carbon steel was investigated after austenitizing for 30 minutes at 
1850 F (1010C). This treatment yielded essentially complete solu- 
tion of the carbides. The grain sizes resulting from these austenitiz- 
ing treatments are indicated on the appropriate transformation charts. 

In all cases, the pearlite reaction was investigated by use of the 
microscope supplemented by hardness data. The intermediate or 
bainite reaction was determined primarily by the dilatometer; but 
microscope and hardness data were also employed. 

The A,, A, and Am critical points were determined by the stand- 
ard microscope method, with one exception to be discussed in detail 
later. The A, determinations for both steels were based on 4 to 5 
days at temperature. A, for the low-carbon steel was similarly ob- 
tained. Considerable difficulty was experienced in determining Acn 
for the high-carbon steel by the microscope method. It was vir- 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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tually impossible to detect and identify the first small particles of 
carbide to precipitate below A.». Thus X-ray diffraction measure- 
ments of the axial ratio of the martensite were employed to deter- 
mine A, in this case. Because of the novel nature of this method, 
other information it yields, and its apparent possibilities, it will be 
considered in detail in a separate section of this paper. The values 
for A,, A, and A.» obtained in this study are indicated on the appro- 
priate transformation charts. In general, the over-all accuracy of the 
microscope determinations is believed to be of the order of 10 to 15 F. 
The normal inhomogeneities of commercial steels preclude the pos- 
sibility of greater accuracy. 

The values of M, and My were determined by the microscope 
method of Greninger and Troiano (2) where possible. In deter- 
mining M, for the high-carbon steel austenitized at 1475 F (800C), 
it was very difficult to differentiate between the undissolved carbides 
and the last vestiges of austenite by microscopic observation. Ac- 
cordingly several X-ray diffraction patterns were taken to aid in this 
determination. No attempt was made to determine M, for the high- 
carbon steel austenitized at 1850 F (1010C), because of the ex- 
tremely low temperatures involved. The experimentally obtained 
values for M, and M,; for both steels are indicated on the appropriate 
transformation charts. 


RESULTS AND DISCUSSION 


Determination of Acm by X-Ray Diffraction: As stated previously 
the microscope was not adequate to determine A,,, for the high-carbon 
steel with any degree of precision. A new and simple method was 
devised, based upon the measurement of the axial ratio of marten- 
site by X-ray diffraction. A series of X-ray specimens were aus- 
tenitized at various temperatures as indicated by the circles of Fig. 1, 
and then quenched into cold water, followed by cooling in liquid air. 
This treatment increased the amount of martensite present and thus 
increased the intensity of the martensite diffraction pattern. The 
austenitizing times varied from approximately 1 hour at the high- 
est temperature to more than 1 day at the lower temperatures. 
Several specimens held for longer times demonstrated no change in 
the axial ratio of the martensite. 

It is a well-established fact that the axial ratio of tetragonal 
martensite is a straight-line function of the carbon content of the 








1947 KRUPP-TYPE CARBURIZING STEELS 791 


austenite from which it forms (3), (4), (5) and, within the limits of 
experimental accuracy, is independent of the amount or type of 
alloying elements in the austenite (6). As long as the austenitizing 
temperature is above Acgm, the carbon content of the austenite will re- 
main constant and necessarily the axial ratio of the martensite will 
also be constant, as indicated by the horizontal portion YZ of the 
curve of Fig. 1. However, on austenitizing below A,» some of the 


Martensite Axial Ratio 
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Fig. 1—Axial Ratio of Tetragonal Martensite and the CGorrespond- 
ing Carbon Content as a Function of the Austenitizing Témperature. 


carbon is taken out of the austenite solid solution to form carbides ; 
it necessarily follows that the axial ratio of the martensite will de- 
crease as indicated by the line XY of Fig. 1. Obviously the point of 
intersection Y is the temperature at which the first carbides will pre- 
cipitate or, in other words, the A,» critical point. 

The per cent-carbon scale of Fig. 1 was obtained on the basis 
of the straight-line relationship with axial ratio described above. The 
two points determining this straight line were (a) the experimentally 
determined axial ratio for 0.89% carbon, as determined by chemical 
analysis for this steel, (b) the axial ratio equal to one at zero per 
cent carbon. The agreement with published values of axial ratio as 
a function of carbon content for plain carbon steels is good (7), thus 
further indicating the validity of the concept of independence of 
axial ratio of martensite on alloy content of austenite. This allows 
a direct correlation of martensite axial ratio with carbon content. 

In this method, it is not necessary to have any idea of Agm in 
order to avoid the laborious task of bracketing A,, with many 
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specimens as is usually necessary in the microscope method. All 
that is needed is a sufficient number of points (not necessarily very 
close to Acm) to obtain the point of intersection Y. The fact that the 
YZ portion of the curve must be horizontal minimizes the number of 
points necessary. 

The method automatically yields other valuable information. 
For example, A, was determined microscopically to be -1220 F 
(660 C) for this steel. The line XY (extended) intersects the 1220 F 
(660 C) temperature vertical at approximately 0.35% carbon. Ob- 
viously this is the carbon content of the eutectoid for this steel. In 
fact, the line XY is the A,» phase boundary for the section of the 
iron-nickel-chromium-carbon system corresponding to approximately 
1.5% chromium, 4.0% nickel, 94.5% iron and varying carbon. Con- 
sequently one can determine the carbon content of the austenite at any 
austenitizing temperature by referring to Fig. 1. Austenitizing at 
1475 F (800 C) (one of the temperatures employed in this investiga- 
tion), the carbon content of the austenite is 0.66% carbon. 

This method appears to offer interesting possibilities not only in 
connection with carburized steels, tool and die steels and other similar 
types, but also with cast irons in which it may be desirable to know 
the carbon content of the austenite in various stages of cooling re- 
gardless of the presence of other carbon-containing phases. How- 
ever, certain limitations exist which should be appreciated. The gen- 
eral accuracy is considered to be +0.001 in the value of the axial 
ratio corresponding to slightly more than +0.02% carbon. At rela- 
tively high values of the axial ratio the accuracy may be slightly bet- 
ter than stated above; but at low values, near 1.024 and below, the 
accuracy decreases very rapidly. For axial ratios corresponding to 
carbon contents of approximately 0.5% carbon or less, the martensite 
diffraction lines change their intrinsic character, lose their sharpness, 
and the tetragonal split merges into one broad line. Nevertheless 
calculated values of tetragonal splits for relatively low carbon con- 
tents indicate that they should be measurable, thus demonstrating 
some basic change in the character of the martensite rather than the 
inability of present experimental techniques to resolve the tetragonal 
split. 

Transformation Features: The transformation characteristics 

2The determination of axial ratio and carbon content can be reduced to a routine type 
of analysis. Specifically, for a given camera and radiation, the analysis will involve merely 


the careful measurement of the distance between two lines on a film and reference to a 


master curve or table from which the axial ratio and/or carbon content can be obtained 
directly. 
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Fig. 2—Transformation Diagram for the Low-carbon Krupp Steel, Austenitized at 
1650 F (900 C). 


are illustrated in conventional graphical form in Figs. 2, 3 and 4. 
The curves in these figures show the typical pearlite and bainite re- 
gions of rapid reaction characteristic of most alloy steels. 

A comparison of the position of the pearlite nose for the low- 
carbon steel with the high-carbon steel austenitized at 1475F 
(800 C) indicates that the high-carbon one starts and ends at much 
shorter times. Any attempt to rationalize this behavior is complicated 
by the fact that in the low-carbon steel the precipitation of ferrite 
precedes the pearlite reaction, and in the high-carbon steel excess car- 
bides are present. It is the opinion of the authors that all three of 
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Fig. 3—Transformation Diagram for the High-carbon Krupp Steel, Austenitized at 
1475 F (800 C). 

the following effects probably contribute to the faster pearlite reac- 
tion in the high-carbon steel : 

1. The presence of many uniformly distributed, undissolved 
carbide particles enhances nucleation of the pearlite reaction. 

2. The undissolved carbide particles impoverish the austenite of 
alloying element, which moves the pearlite nose to shorter times. 

3. Increasing carbon content decreases the pearlite reaction 
time as a natural phenomenon. Lyman and Troiano (8) have shown 
this to be true for a series of 3% chromium steels. 
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Fig. 4—Transformation Diagram for the High-carbon Krupp Steel, Austenitized at 
1850 F (1010 C). 

Any attempt to compare and analyze the behavior of the pearlite 
reaction in the high-carbon steel austenitized for complete solution of 
the carbides unfortunately is limited by the fact that the carbide re- 
action precedes the pearlite reaction in this case. 

The position of the bainite nose in the transformation curves of 
Figs. 2 and 4 can be compared directly on the basis of carbon content 
because the austenite has the same amount of alloying element in both 
cases. It is apparent that increasing carbon content moves the bainite 
nose to lower temperatures and longer times. This is consistent with 
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the results for chromium (8) and manganese (9) steels and other 
more or less scattered data. For all three of the isothermal investiga- 
tions presented here the intermediate reaction exhibited the usual tem- 
perature dependence of the extent of austenite decomposition by the 
intermediate reaction. The amount of bainite formed increased from 
zero at the top of. the intermediate range (no transformation) to 
100% at some lower temperature. This behavior is so general and 
characteristic of the intermediate reaction in steels that it is virtually 
definitive of this type of reaction. The temperature at which the 
intermediate reaction completely transformed the austenite was some- 
what below M, (approximately 690 F) for the low-carbon steel* and 
approximately 600 F (315 C) for the high-carbon steel austenitized 
at 1850 F (1010C). This indicates that for these two steels, as well 
as for the chromium steels reported by Lyman and Troiano (8), the 
temperature for complete intermediate transformation is relatively 
insensitive to carbon content, although the temperature for the top of 
the intermediate reaction varies considerably with carbon. For the 
high-carbon steel austenitized at 1475 F (800 C), the temperature for 
complete intermediate transformation was approximately 660 F 
(350C). However, a quantitative comparison of this value with 
the two previously discussed is not possible because of the unknown 
alloy content of the austenite due to the undissolved carbides. 

The high-carbon steel austenitized at 1850 F (1010 C) displayed 
much the same characteristics as the 1% carbon, 3% chromium steel 
previously reported by Lyman and Troiano (1). It should be noted 
that the same type of overlapping of carbide and intermediate re- 
action occurs. In addition, the microstructures obtained in this steel 
were identical in most cases with those displayed by the 3% chro- 
mium steel for analogous treatments. 

The M, values for the low-carbon steel and the high-carbon 
steel austenitized at 1850 F (1010C) can be compared directly on 
the basis of carbon content. As expected, the increase from 0.15 to 
0.89% carbon exerts a powerful influence in lowering the martensite 
temperature range. M, for the high-carbon steel austenitized at 
1475 F (800C) cannot be quantitatively evaluated on the basis of 
carbon content although X-ray measurements determined the carbon 
content to be 0.66%. Again the presence of undissolved carbides in- 
determinately alters the alloy content of the austenite. However, it 
must be less than that given by chemical analysis. As previously 





*Where the complete intermediate transformation is below Ms, a precise determination 
of the temperature is limited by the presence of martensite. 
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stated it was difficult to determine M, for this steel by use of the 
microscope. X-ray patterns taken after quenching to room temper- 
ature and immediately cooling to —110F (—79C) indicated the 
presence of a very small quantity of austenite. It was concluded that 
M,; for this steel was slightly below —110 F (—79C). Quenching to 
room temperature and holding the specimen several hours before 
cooling to —110 F (—79C) yielded diffraction patterns with rela- 
tively strong austenite lines. Judging from the intensities of the lines 
(only qualitative) very little if any austenite retained at room tem- 
perature transformed to martensite on subsequent cooling, after the 
specimen had been at room temperature for several hours. This is 
clearly a case of stabilization,* and has obvious implications in the 
commercial subzero treatment of steel to eliminate retained austenite. 

The Rockwell C hardness numbers on the transformation charts 
are virtually self-explanatory. The hardness numbers for the high- 
carbon steel austenitized at 1850 F (1010 C) illustrate some of the 
possible dangers in employing hardness determinations alone to fol- 
low the course of transformation. At high subcritical temperatures 
the hardness increases with the precipitation of carbide. The precipi- 
tation of carbide reduces the carbon content of the austenite, raises 
the M,y temperature decreasing the amount of retained austenite on 
quenching to room temperature and thus increases the hardness. At 
480 F (250 C) the hardness shows no appreciable change although 
the austenite is completely decomposed to bainite at this temperature. 
This can be explained by the fact that the hardness of bainite at this 
temperature is equal to the hardness of the as-quenched martensite 
and austenite mixture. At 690 F (365 C), the hardness again is vir- 
tually independent of the time and hence the amount of decomposi- 
tion of the austenite. Here the situation is different than at 480 F 
(250C). The intermediate reaction does not go to completion and 
also the hardness of the bainite must be less than at 480 F (250C). 
However, the precipitation of carbide occurs simultaneously with the 
beginning of the intermediate reaction and thus increases the hard- 
ness on subsequent quenching as described above. Apparently this 
increase is just sufficient to balance the increasing amounts of rela- 
tively soft bainite and thus maintain a constant hardness as decom- 
position of the austenite proceeds. In addition, the hardness does not 
decrease near the end of the reaction because the austenite is not com- 
pletely transformed by the intermediate reaction. 





‘For a definition and more detailed discussion of stabilization see Troiano and Greninger 
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DISCUSSION 


Written Discussion: By H. Habart, chief metallurgist, Bantam Bearings 
Division, The Torrington Co., South Bend, Ind. 

The isothermal transformation curves for the Krupp-type carburizing steel 
provide essential data for the metallurgy involved in the manufacture of anti- 
friction roller bearings. Five items disclosed by the curves have major signifi- 
cance. These items are the determination of the carbon content of the eu- 
tectoid, the establishment that the curves are in the type 3 class, the time to 
complete the pearlite reaction, the locations of the points usually known as 
S, and the positions of M, and Mgr. 

Knowledge of the carbon content of the eutectoid is an aid in evaluating 
deep case depths by hardness testing across carbon gradients. Since hardness 
can be expected to decrease as the carbon content decreases from the eutectoid, 
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there is an easily determined base point from which to measure the hypo- 
eutectoid zone, which in turn is the criterion for the prevention of exfoliation. 

Establishing that the curves are in the type 3 group was to be expected 
from previous work on 3312 steel. With martempering steadily increasing in 
popularity and its application to this Krupp-type steel about ready for com- 
mercial practice, the type of curve, together with the locations of S, (start 
of the bainite reaction) had to be known. 

When isothermal annealing is used preliminary to machining operations, 
the austenite-ferrite-cementite zone offers interesting possibilities. By stopping 
the pearlite reaction at a time when tiny pools of austenite remain homo- 
geneously throughout, and air cooling, the austenite will convert to martensite. 
The resultant martensite particles act as chip breakers much like sulphides in 
the free machining steels. A material improvement in machinability is ac- 
complished. Obviously, the basis to the entire process lies in exact timing. 

The positions of Si, Ms and M¢ are the guide to hardening operations. 
Perhaps the greatest peril in hardening case carburized articles made from this 
Krupp-type steel is breakage due to the intense hardening power of the core. 
When the core hardens and expands as it must, the case must be fairly ductile 
if breakage is to be avoided. The curves show that Mr for the core is at a 
higher temperature than M, for the case. This knowledge can be utilized to 
adjust quenching practices so as to permit the core to harden and expand before 
ransforming the case to martensite. It is necessary, of course, to prevent the 
bainite reaction but the curves show that adequate time is available. 

Time will prove that the authors’ development of the isothermal curves 
will be of great value to the fabricators of this Krupp-type steel. Use of the 
information will promote a reduction of costs, improve quality and facilitate 
production flow, all of which are of primary concern to industry. 

Written Discussion: By T. N. Armstrong and G. R. Brophy, The Inter- 
national Nickel Co., New York. 

The authors are to be commended for their excellent work, particularly 
in connection with the high carbon steel where study of the transformation 
characteristics is complicated by presence of undissolved carbides in austenite. 

The presence of undissolved carbides in austenite raises a question in con- 
nection with differences in time of transformation in the pearlite region for the 
high carbon steel austenitized at 1475 F (800C) in the one case (Fig. 3) and 
austenitized at 1850 F (1010C) in the other (Fig. 4). In Fig. 1, the eutectoid 
carbon content at 1220 F (660C) is shown as approximately 0.35% carbon. 
Is it reasonable to assume that the carbon content of the austenite at the begin- 
ning of the pearlite transformation is the same in Fig. 3 and in Fig. 4, say at 
1100 F (595C)? If this is the case, should there also be a carbide line in Fig. 
3 to represent rejection of excess carbide from austenite (0.66% carbon. at 
1475 F, 0.35% carbon at 1220 F)? This question is raised not as a criticism of 
the curve shown in Fig. 3, but rather to obtain the authors’ interpretation. 

In their discussion of the carbon content of the austenite, the authors 
passed up an opportunity to emphasize the practical advantage of controlling 
the carbon content of the austenite in the carburized case of the more heavily 
alloyed steels. It is mecessary to compare only the as-quenched hardness of 
the high carbon steel austenitized from 1850 F (1010C) (Re 49-52) with the 
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as-quenched hardness of the high carbon steel austenitized at 1475 F (800 C) 
(Re 62-63) to recognize the advantage of controlling the carbon content of the 
austenite so as to approach eutectoid level. Fig. 1 is very useful in this con- 
nection. 

The authors’ interpretation of transformation behavior in the bainite re- 
gion is based on considerable experimental evidence, much of which has been 
presented previously. Would not the usefulness of isothermal diagrams be 
extended if some means were used to indicate the maximum temperature at 
which the bainite reaction goes to completion? 

Written Discussion: By E. S. Rowland, research metallurgist, The Tim- 
ken Roller Bearing Co., Canton, Ohio. 

The authors are certainly to be congratulated on a fine piece of work, 
embodying as it does scientific information of an intensely practical nature. 
This is the first time, in the writer’s knowledge, that transformation data have 
been made available on both the case and core of an alloy carburizing steel 
austenitized at temperatures used in commercial heat treating practice. It is 
quite satisfying that the data show that the hardenability of the hypereutectoid 
zone of the case, as exemplified by the incubation time at the pearlite nose, is 
less than that of the core, and of the same order of magnitude if the primary 
bainite reaction time is accepted as the hardenability criterion. This fact is 
not generally recognized but the writer believes that it is rather generally 
true when a significant proportion of the alloy content is in the form of a 
strong carbide former so that the carbides in the case at the moment of quench- 
ing not only nucleate the pearlite transformation but impoverish the austenite 
of alloy as well. 


Authors’ Reply 


The authors appreciate the interest shown by the discussers of this paper. 
It is particularly gratifying to have individuals, who must continuously deal 
with the problems of commercial treatment and fabrication of this steel, find 
that a fundamental study of this type is also of intense practical value. 

Mr. Habart’s discussion of how the fact that Mg for the core is higher 
than M, for the case may be utilized commercially is especially interesting. 

In answer to Messrs. Armstrong and Brophy, we do not feel that the car- 
bon content of the austenite is the same at the beginning of transformation to 
pearlite for the two conditions indicated in Figs. 3 and 4. In other words, at 
1100 F (595 C), for example, it is not necessary for the austenite to attain 
eutectoid composition before pearlite can form. The hardness values appear to 
confirm this. It also follows that the alloy content of the austenite will not 
be the same. Theoretically, there should be a carbide beginning line indicated 
in Fig. 3; but it is virtually impossible to determine its position experimentally. 

We definitely agree that the usefulness of isothermal diagrams would be 
enhanced if some means were employed to indicate the maximum temperature 
at which the bainite reaction goes to completion. Possibly a horizontal line 
similar in nature to Ms or Mg, placed near the bainite ending curve, would 
serve this purpose. 














CARBURIZED CASES OF HYPOEUTECTOID 
CARBON CONTENT 


By P. C. ROSENTHAL AND G. K. MANNING 
Abstract 


A method of restricting the maximum carbon content 
of carburized cases to within the range of 0.80 to 0.40% 
carbon, by adding silicon-bearing materials plus a chloride 
to carburizing compounds, was studied. The silicon-bearing 
materials investigated included ferrosilicon, silicon carbide, 
calcium silicide, and silica, while the chlorides tested were 
those of nickel, chromium, copper, calcium, and sodium. 

The decrease in maximum carbon content obtained by 
use of mixtures of a chloride and a silicon-bearing material 
was much greater than can be attributed to simple dilution 
of the carburizing compound. Silicon-bearing materials 
alone were found to act as simple diluents, and chlorides 
alone were found to act as energizers. 

On the basis of weight per cent, ferrosilicon plus 
either nickel or chromium chloride was found to be the 
most effective combination that was tried for addition to a 
carburizing compound to result in a given decrease in 
carbon concentration. However, mixtures of silica flour 
and sodium chloride were also effective. Sodium chloride 
caused pits to form on the steel surface if present in 
quantities above 4%. 

Time at carburizing temperature did not affect the 
maximum carbon concentration though it did, of course, 
affect the case depth. A reduction in mesh size of the 
silicon-bearing materials increased their efficacy. 


INTRODUCTION 


oe commercial carburizers commonly result in cases having 
maximum carbon concentrations ranging upward from 0.90% 
carbon. In many commercial applications, such carbon concentra- 
tions are regarded as an advantage, particularly in parts which must 


This paper is based on work done for the Office of Scientific Research and Development 
under Contract No. OEMsy-450 with Battelle Memorial Institute. 
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Institute, Columbus, Ohio. Manuscript received March 7, 1946. 
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withstand abrasion. Although the case hardness increases very little 
as the carbon content is raised from 0.50 to 0.90% or more, the 
abrasion resistance does. However, in some carburized parts, abra- 
sion resistance is of little or no interest. High surface hardness plus 
as much ductility and toughness as possible may be the principal re- 
quirement of these parts. 

Loss of ductility is realized with increasing carbon content, even 
beyond the concentration at which carbon ceases to materially affect 
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Fig. 1—Maximum Hardness Versus Carbon 
Content. (Reproduced from a technical publication 
by J. L. Burns, T. L. Moore and R. S. Archer, 
TRANSACTIONS of American Society for Metals, 
Vol. 26, 1938, p. 14.) 


the hardness. For example, fully hardened high carbon tool steels 
are expected to be somewhat less tough than fully hardened 0.45 to 
0.50% carbon steels even though their hardnesses are about the same. 
Therefore, it may be desirable, from the standpoint of toughness, to 
restrict the maximum case carbon to the lowest level commensurate 
with satisfactory hardness in some carburized parts. From Fig. 1 it is 
seen that the maximum-hardness curve levels off at about 0.50% 
carbon. Pack carburizing processes, as ordinarily carried out, in- 
variably result in a much higher carbon concentration. 

One way that a lower carbon case may be obtained is by use of a 
diffusion period following the carburizing period. In gas carburizing, 
this may readily be done by controlling the gas entering the furnace, 
but with pack carburizing two separate cycles are required and the 
operation is costly, both because of double handling and because of 
additional furnace time. 

An article by Mahin and Spencer! contains data on ferrosilicon 


+E. G. Mahin and R. C. Spencer, “Depth and Character of Case Induced by Mixtures of 
Ferroalloys with Carburizing Compounds,” Ty 
Vol. 15, 1929, p. 117-144. 
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additions to carburizing compounds which, they reported, produce 
surface carbon contents of less than eutectoid composition. Their | 
results indicated that a marked decrease in surface carbon concentra- i 
tion could be obtained by adding 20% of minus 80-mesh ferrosilicon y 
to the compound. Preliminary tests were made to check the data 
published by Mahin and Spencer. The results obtained by using ferro- 
silicon alone were erratic. Metallographic examination of the cases 1 
so produced showed irregular carbon distribution within a single : 
sample. Some spots had a carbon content definitely less than the if 
eutectoid composition, while other adjacent spots were of hypereutec- ; 
toid composition. Chemical analysis of successive layers milled from 
such cases indicated that the over-all decrease in carbon content 
obtained by the use of ferrosilicon alone was slight. 

The thought was advanced that if the function of the mixture 
proposed by Mahin and Spencer was to form a very thin layer of f 
silicon on the carburized part which inhibited carburization, then the 
use of a silicon-bearing material plus a chloride might be worth trying. 
The presence of the chloride might stimulate the formation of silicon 4 
chloride at the carburizing temperature and this, in turn, might lead | 
to the precipitation of a thin silicon film on the steel surface. Prelimi- | 
nary tests indicated that the maximum carbon concentration could ) 


be lowered from about 0.90 to about 0.45% carbon by adding | . 
silicon carbide, nickel chloride, and chromium chloride to the carburiz- | 
ing compound. Furthermore, metallographic examination indicated 


that the case so produced was uniform in depth and carbon content. 
Actually, it has not been demonstrated that the original theory is 
correct. No evidence of a silicon-rich phase has been found on the 
carburized specimens either by metallographic examination or by 
chemical analysis. 

An investigation of means of restricting the maximum carbon 
content during carburization with commercial pack carburizers con- 
stituted part of a research program sponsored by the National Defense 
Research Committee of the Office of Scientific Research and Develop- 
ment, as NDRC Research Project NRC-14. Grateful acknowledg- 
ment is made to the Office of Scientific Research and Development 
for their support and their permission to publish this work, to the 
War Metallurgy Division of NDRC and the War Metallurgy Com- 
mittee for supervising and directing the research, and to various 
members of the Battelle Staff, particularly C. H. Lorig and G. P. 
Krumlauf, for their helpful contributions. 
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EXPERIMENTAL WoRK 


Preparation of Test Specimens—A 300-pound heat of steel of 
the following composition, C—0.20, Mn—0.33, Si—0.21, Ni—3.34, 
Cr—0.20, and Mo—0.32, was melted and cast into three 100-pound 
ingots. These ingots were subsequently forged into rough rounds 
approximately 134 inches in diameter. The rough forgings were then 
cut into specimen lengths approximately 5% inches long, normalized 
at 1700 F (925 C), and drawn at 1250 F (675 C) to soften them for 
machining. The normalized and drawn specimens were centered in a 
lathe and rough machined to 1.500 + 0.010 inches in diameter. Before 
removing the bars from the lathe, they were polished, first with No. 1 
emery cloth until all tool marks had been removed, and then with 180X 
emery cloth until all No. 1 emery cloth scratches had been removed. 

The heat furnished 49 specimens. A number of these were later 
turned to 14-inch diameter and used for a second test. To avoid any 
danger of the carburization during the first test influencing the results 
of the second test, specimens having unusually deep cases were not 
reused. 

Preparation of Carburizing Mixture and Method of Carburizing 
—Experimental carburizing mixtures were prepared in all cases by 
mixing the dry ingredients with approximately 8% molasses water 
binder composed of one part foundry molasses and four parts water. 
The carburizing compound used in all tests was Houghton’s Quick- 
light “A’’. The nickelous chloride, chromic chloride, cupric chloride, 
calcium chloride, and magnesia used were c.p. grade. Other materials 
tested were of the common commercial grade. Minus 600-mesh 
silicon carbide was used for all tests containing silicon carbide except 
when noted to the contrary on the graphs. Minus 200-mesh ferro- 
silicon and calcium silicide additions were used unless noted otherwise 
on the graphs. 

In preparing the carburizing mixtures, the chloride addition 
agents were dissolved in the molasses water binder (by heating the 
molasses water if necessary) and the resulting solution added to a 
dry mixture of the carburizer and silicon-containing addition agent. 
The whole was then thoroughly mixed and dried at 250 F for 3 hours 
before using, except for one mixture which was intentionally used 
without drying to indicate the effect of moisture. 

All specimens were packed in individual carburizing pots approxi- 
mating 3 by 3 by 8 inches in inside dimensions. The lids were 
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Fig. 2.—The Effect of Several Substantially Inert Materials. 
Fig. 3—The Effect of 4% Additions of various Chlorides. 


sealed in place with a fireclay-sand mixture. At the end of the car- 
burizing interval, all boxes were removed from the furnace and cooled 
to room temperature in air before being unpacked. Since the harden- 
ability of the steel was sufficient to produce martensitic spots in the 
carburized zone when the specimens were cooled in this manner, it was 
necessary to soften all specimens before machining. This was done by 
immersing the specimens for 3 minutes in molten lead maintained at 
1250 to 1300 F (675 to 705 C). 

Method of Sampling—After tempering in lead, the center holes 
in the specimens were thoroughly cleaned and the carburized bars 
were then recentered in the lathe. Recentering of the specimens was 
accomplished by means of an indicator attached to the toolpost of the 
lathe. The specimens were polished with 180X emery paper until the 
surface was completely bright. Thirteen increments were machined 
from each specimen, and the turnings collected for chemical analysis. 
The thicknesses of the increments were as follows: first cut, 0.002 
inch; second cut, 0.003 inch; third to fifth cut, inclusive, 0.005 inch; 
sixth to thirteenth cut, inclusive, 0.010 inch. 

Data—The data are presented in graphic form in Figs. 2 to 21, 
inclusive. No attempt was made to smooth any of the curves, and each 
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point on the graphs has been connected by a straight line. A number 
of the results have been cross plotted and thus may appear on several 
sheets. 

Discussion of the Results—Fig. 2 compares the carbon gradient 
produced by additions of several materials which behaved substantially 
as though they were diluents with the carbon gradient produced by the 
unadulterated compound. 

Powdered magnesia was used for one of the tests. Since mag- 
nesia is an extremely stable compound, it is unlikely that it could have 
any effect other than simple dilution of the compound. 20% magnesia 
was used, whereas only 14% ferrosilicon and 15% silicon carbide 
were used. The curve for the magnesia-treated compound is some- 
what below the curves for either ferrosilicon or silicon carbide, and 
it can only be concluded that additions of ferrosilicon and silicon car- 
bide, alone, act substantially as diluents of the carburizing compound, 
and that these two materials by themselves have no special inhibiting 
or “de-energizing” ability. 

If a chloride, as well as either ferrosilicon or silicon carbide, is 
added to the carburizing compound, an inhibiting action is immedi- 
ately apparent. Fig. 3 shows the effect of 4% chloride additions when 
added to a base material containing silicon carbide. Nickel and 
chromium chloride were found to exert a greater inhibiting effect 
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Fig. 6—The Effect of Increasing Amounts of Nickel and Chromium Chloride. 
Fig. 7—The Effect of Increasing Amounts of Silicon Carbide. 


than sodium or copper chloride. Figs. 4, 5, and 6 show the effect of 
increasing amounts of chromium and nickel chloride in a carburizing 
compound which contained 15% silicon carbide. Increasing the 
chloride content of the carburizer consistently resulted in lower maxi- 
mum carbon content. However, the decrease is not directly propor- 
tional to the amount of chloride used. The effect obtained by increas- 
ing the percentage of chloride from 4 to 8% is small compared to the 
effect obtained by increasing the percentage of chloride from 2 to 4%. 

In Figs. 7 to 10 the amount of chloride is held constant and silicon 
carbide treated as the variable. Increasing the silicon carbide from 
0 to 15% resulted in a consistent decrease of the maximum carbon 
content ; however, additions of 20 and 30% silicon carbide as shown 
in Figs. 7 and 8 did not result in a continuation of the trend. In fact, 
the specimen carburized in a mixture containing 4% nickel chloride 
and 20% silicon carbide (Fig. 8) had a maximum carbon content as 
great as did the specimen carburized in a mixture containing 4% nickel 
chloride and 10% silicon carbide. Thus, it is concluded that the 
efficacy of silicon carbide decreases above about 15%, just as it was 
noted that the efficacy of nickel and chromium chloride decreased 
above about 4%. An interesting feature of Fig. 9 is the very high 
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Fig. 8—The Effect of Increasing Amounts of Silicon Carbide. 
Fig. 9—The Effect of Increasing Amounts of Silicon Carbide. 


maximum carbon content produced in the specimen carburized in a 
mix containing 2% nickel chloride and 2% chromium chloride but no 
silicon-bearing material. The maximum of 1.12% carbon is 0.17% 
higher than was obtained from the untreated compound. Apparently, 
these chlorides may act as energizers in the absence of silicon-bearing 
material. 

Ferrosilicon and calcium silicide were substituted for silicon car- 
bide in the tests represented by Figs. 11 and 12. The graphs indicate 
that both materials are capable of producing an effect similar to that 
obtained with the use of silicon carbide. Fig. 13 indicates that if a 
comparison is made on the basis of equal silicon (all of these mixes 
contained approximately 10% silicon), ferrosilicon has a much greater 
inhibiting effect than either calcium silicide or silicon carbide. It was 
noted that, during the mixing of compounds containing calcium sili- 
cide, there was considerable effervescence and liberation of heat. Pre- 
sumably, the nickel and chromium chlorides were reacting to form 
calcium chloride. The presence of calcium chloride and the corre- 
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Fig. 10—The Effect of Increasing Amounts of Silicon Carbide. 
Fig. 11—The Effect of Increasing Amounts of Ferrosilicon. 


sponding deletion of nickel and chromium chloride no doubt account 
for the apparent inefficiency of calcium silicide. One curve in Fig. 13 
indicates the effect of silica flour. Although it is apparent that silica 
flour is considerably less effective than either silicon carbide or ferro- 
silicon, its cost is so much less than either of these materials that it may 
be of commercial interest. 

One series of specimens was carburized in mixtures containing 
sodium chloride and ferrosilicon, and a second series was carburized in 
mixtures containing sodium chloride and silica flour. The results are 
shown in Figs. 14, 15, and 16. The tests made with ferrosilicon and 
sodium chloride indicate a fluctuation of maximum carbon content 
with increasing sodium chloride content, a variation that cannot be 
rationalized at the present time. Note in Fig. 14 that the maximum 
carbon content of specimens carburized in mixes containing 2 and 6% 
sodium chloride is distinctly lower than specimens carburized in mixes 
containing 4 and 8% sodium chloride. Again in Fig. 15 it may be 
noted that 2 and 6% sodium chloride resulted in lower maximum 
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Fig. 12—-The Effect of Increasing Amounts of Calcium-Silicon Alloy. 
Fig. 13—The Relative Effect of FeSi, CaSi, SiC and SiO, Additions. 
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Fig. 16—The Effect of Increasing Amounts of Sodium Chloride. 
Fig. 17—The Effect of 4% Additions of Various Chlorides. 


carbon content than did 4% sodium chloride. Several of these tests 
were duplicated with results that substantiated data obtained from 
the first tests. 


It was noted at the time the specimens were machined that those ' 
carburized in mixtures containing 6 and 8% sodium chloride had been 3 
somewhat pitted during carburization. Those specimens carburized 
in mixtures containing 2 and 4% sodium chloride were free from 4 
pitting. It appears that not more than approximately 4% sodium 


chloride could be used in any commercial application. No pitting was 
noticed at any time in specimens carburized in mixtures containing 
any of the other chlorides. 
The effect of increasing the amount of sodium chloride in mix- 
tures containing 20% silica flour is consistent, although it appears that, 
beyond 4% sodium chloride, very little additional effect is obtained. 
It may also be noted that mixtures of sodium chloride and silica flour 
are much less potent in lowering the carbon concentration than are 
mixtures of either nickel or chromium chloride and ferrosilicon, Fig. 
17 indicates the relative effect of various 4% chloride additions to a 
mixture containing 20% silica flour. In this series sodium chloride 
has a greater effect than either nickel or chromium chloride. 
At the inception of the work it was believed that the formation 
of silicon chloride during carburization probably led to the deposition 
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Fig. 18—A Comparison of Various Grades of Ferrosilicon. 
Fig. 19—The Effect of Time. 


of a very thin layer of silicon on the surface of the part being car- 
burized. Since high-silicon steels (SAE 9260, for example) are 
known to carburize less readily than low-silicon steels, the formation 
of a thin silicon-rich layer on the surface of the part was thought to 
act as a fence in restricting the absorption of carbon. A silicon deter- 
mination was made on the first cut from one specimen carburized 24 
hours at 1700 F (925 C) in a mixture containing 8% nickel chloride 
and 15% silicon carbide. This specimen was chosen because, after 
carburizing, it had a maximum carbon content of only 0.43%. The 
analysis showed the silicon content to be unaffected ; turnings from the 
first 0.002-inch cut contained 0.21% silicon. Similar tests made on 
other specimens for nickel and chromium migration also gave nega- 
tive results. Careful metallographic examination at the surface of 
several specimens also failed to give any suggestion of the presence 
of a high-silicon surface film. Thus, it could not be demonstrated 
that the inhibiting effect produced by use of a silicon-bearing material 
and a chloride was due to the precipitation of silicon on the surface 
of the part during carburization. It may be true that the presence of a 
small amount of silicon chloride in the carburizing gas is responsible 
for the effect. 

Fig. 18is a comparison of 50, 75, and 90% silicon grades of ferro- 
silicon. The amount of each grade used was adjusted so that each 








1947 HYPOEUTECTOID CARBURIZED CASES 813 


ie eed 4h ee Bok oe 
LA \| 


Carburized |700F,24Hrs 


100 





| Corburized I700F,24Hrs 



































90 All Mizes Contained 2% NiCio, Eo 
2% CrCl,and 15% SiC a 
80 J | a 
ao i eae 
7Ot—4 44+ f+ 
r “| 
T - - San } a Pe 
60 } | + + + + + + — 
| | 
| | 
: 50 \—+ T + + +—+——+— 
ee | 
N SS 
40 + >; —> + + ++ +> 
f eA, ~~ 
+ “AS 7 a meee —_—— 
30 1 he ae 
i a i }—- | 
20 j I ee out e | Be Ba eB Bee 
—— 100% New Compound —-— 14% FeSi (200M) 4%NoCl 
— 80% Used Comp from | 2 Run20%New Comp ——** «© (SOM) ** * 
—— ee Owe ee | [anee 15% SiC (600M) 2%NiCl, | 
Te) << ’ ” are Leg ” “ -“----— “an w (1O0M)*" * ke 
. ” ” " “ “ qih ” : *s « “ “ a 6 “ (SOM) * 2%CrCls 
gilt 90° “ ® « 5 in “ 10" u " " (600M) * * oe «8 
D. See as ae ee 
O i 


0 020 040 060 080 100 O 020 040  .060 080 100 
Meon Depth of Cut Below Surface of Bar in inches 


Fig. 20—The Effect of Reuse of Compound. 
Fig. 21—The Effect of Mesh Size and Moisture. 


mixture contained approximately 7% silicon. There is an indication 
that a 50% silicon ferrosilicon is slightly more effective than either 
75 or 90% silicon ferrosilicon, and that 75% silicon ferrosilicon is 
slightly more effective than 90% silicon ferrosilicon. 

Since there was a possibility that the inhibiting effect might either 
not begin until several hours after the specimens reached the carburi- 
zation temperature, or might be exhausted before the conclusion of 
long carburizing cycles, a series of tests was made in which the time 
of carburization was varied from 4 to 48 hours. The results (Fig. 19) 
show a spread of 0.10% maximum carbon between different samples, 
but within this spread there is no consistent trend. Consequently, it 
is concluded that time at temperature does not play an important role 
in determining maximum carbon content, though it does, of course, 
determine penetration. 

Another series was made to determine the effect of reusing the 
compound. The same mixture was reused five times. After each 
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cycle the compound was passed over a No. 10 screen and the fines 
discarded. 25% of the weight of the remaining coarse particles was 
added as fresh mixture after each of the first four cycles, and 11% 
after the fifth cycle. The results indicate an abrupt decrease in maxi- 
mum carbon content between the second and third cycles. Thereafter, 
no conspicuous change occurred. The compound was not aerated 
between cycles but immediately repacked after screening. _ Ample 
aeration usually occurs between cycles of compound used commer- 
cially. It may be that the difference noted between the second and 
third cycles would occur with any compound not sufficiently aerated 
and that this difference is not a peculiarity of the mixture used. 

Mesh size of silicon-bearing material was found to be a very im- 
portant factor. Fig. 21 illustrates this. The finer the mesh size the 
greater the inhibiting effect, if the weight per cent of the silicon- 
bearing material is held constant. Moisture content of the carburiz- 
ing mixture also has a conspicuous effect. The curve for “moist 
compound” shown in Fig. 21 was obtained by omitting the usual dry- 
ing operation. Except for the one mixture used for this test, all mix- 
tures were dried for 3 hours at 250 F. This, however, does not mean 
that all mixtures except one were completely dry. Some of the 
chlorides used are sufficiently deliquescent that some water was prob- 
ably associated with them even after heating for 3 hours at 250 F. 


CONCLUSIONS 


1. The maximum carbon content of a carburized case may be 
lowered by adding a silicon-bearing material and chloride to the car- 
burizer. The effect of the combined additions is much greater than 
can be attributed to simple dilution. 

2. Ferrosilicon and silicon carbide alone appear to act as simple 
diluents of the carburizing compound. 

3. Chlorides alone appear to act as energizers, raising the maxi- 
mum carbon content rather than lowering it. 

4. The degree that the maximum carbon content is lowered in- 
creases as the amount of either the chloride or the silicon-bearing 
material is increased, at least within a range of O to 4% of the 
chlorides, and 0 to 15% of the silicon-bearing material. Mixtures of 
sodium chloride and ferrosilicon may be an exception to this rule. 

5. On the basis of per cent added, mixtures of either nickel or 
chromium chloride and ferrosilicon are the most potent. Mixtures 
of sodium chloride and silica flour are the least potent, although the 
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combination of these materials still results in a considerably greater 
reduction of maximum carbon content than can be assigned to simple 
dilution. 

6. One test made without drying the carbon mixture indicated 
that moisture in the carburizing compound at the beginning of the 
test further lowered the maximum carbon content that was obtained 
in the carburized case. 

7. Time at carburizing temperature within the range of 4 to 48 
hours did not conspicuously affect the maximum carbon content, 
though, of course, it did affect the case depth. 

8. The finer the mesh size of the silicon-bearing material, the 
lower was the maximum carbon content. Since the chlorides were 
dissolved in the binder solution, their mesh size was of no consequence. 


DISCUSSION 


Written Discussion: By H. B. Knowlton, materials engineer, Inter- 
national Harvester Co., Chicago. 

This paper by Messrs. Rosenthal and Manning is an excellent one. 
This would be expected judging from previous work of the authors. Like 
many other research papers this one should stimulate further investigation 
and studies, not only of the production of hypoeutectoid cases but of the 
properties and practical applications of such cases. The writers have 
shown that hypoeutectoid cases can be produced under controlled condi- 
tions. This is a valuable contribution to the science of case hardening. 

The present discusser has no criticisms to offer concerning the paper 
itself, but would like to offer a few comments with regard to certain ques- 
tions which come to mind after reading the paper. 

The first is, what are the useful applications of carburized cases of 
less than eutectoid carbon content? The authors suggest that such cases 
would not be as resistant to abrasion as ones having a higher carbon 
content, but might be somewhat tougher. It may be that the authors 
have in mind some specific type of parts for which they consider hypo- 
eutectoid cases pgrticularly valuable. More discussion along this line 
would be appreciated. 

Another important point which needs further investigation is the 
effect of hypoeutectoid carbon contents upon the endurance limit in 
fatigue. There are many case hardened parts, such as gears for example, 
which usually fail by either bending or crushing fatigue. Such failures 
originate at or near the surface. Unfortunately there has been very little 
published information on the effect of composition, structure, or hardness 
upon the fatigue strength of carburized cases, either high or low in carbon 
content. 

There seems to be a general opinion that free or undissolved cementite 
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in the outer layer causes brittleness. Cementite is frequently blamed for 
chipping of corners of teeth and pitting along the pitch line of case hard- 
ened gears. Our experience, however, has not corroborated this belief. 
We have not found that spheroidized cementite is objectionable so far as 
pitting is concerned; in fact, we have observed some instances of pitting 
of gears with thin cases without any free cementite in the structure, while 
the gears with which they meshed were not pitted in spite of the fact 
that free cementite, in the network or envelope form, was quite apparent. 
The case depth, however, was greater in the gears containing free 
cementite. Even the chipping of corners of teeth does not seem to cor- 
relate very well with amount of cementite present except where the quan- 
tity is very great. 

There seems to be even less published on the effect of small amounts 
of undissolved ferrite in heat treated steels. It would seem logical to 
assume that free ferrite in the grain boundaries of a heat treated structure 
would greatly lower its fatigue strength. However, some recent experi- 
ments of which we have heard would indicate that this is not the case. 
If the quenching temperature is high enough, and the time at heat long 
enough to produce complete solution, there would be no free ferrite ap- 
parent in the hardened structure. The result would be a martensite with 
less than eutectoid carbon content, or perhaps some mixed structures, de- 
pending upon the speed of quenching. 

The authors refer to the fact that the Burns, Moore, Archer maximum 
hardness curve levels off at about 0.50% carbon. In other words, an as- 
quenched hardness of about Rockwell C-63 to 66 would be expected on all 
steels containing over 0.50% carbon. It must be remembered, however, 
that this only holds true for “ideal quenching”. This means a quenching 
speed which is high enough to produce the maximum possible hardness 
for a given type of steel. With a medium carbon steel without alloys 
this might be a very rapid quench. 

Many case hardened parts, such as gears for example, must be 
quenched in oil or some other medium producing relatively slow speed 
of quenching in order to avoid excessive distortion. For such parts the 
Burns, Moore, Archer curve is not a good criterion for predicting the 
as-quenched surface hardness in relation to carbon content. 

Consequently the questions are, What will be the type of structure and 
the degree of hardness produced by commercial heat treating of steels 
of hypoeutectoid carbon content? What will be the effect of such struc- 
ture and hardness upon service performance? Will the lower carbon 
content produce greater toughness, and if so will this result in a higher 
fatigue strength, or a better service performance? 

Another point which needs a great deal of study is the effect of 
composition and heat treatment upon the residual stresses which are set 
up in quenching, and frequently not entirely removed by tempering. 
When steel parts of considerable size are hardened all the way through by 
rapid quenching, the center of the piece goes through the transformations 
in hardening after the surface has become cold. As the formation of 
martensite is accompanied by an expansion or dilation, the center attempts 
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to expand after the surface is cold and hard. This produces excessive 
tensile stresses on the surface which may lead to cracking or at least 
to a reduction of bending or torsion fatigue strength. 

Case hardened parts as a general rule have compressive stresses at 
the surface due to the fact that transformations in the low carbon core 
occur at higher temperatures at which the steel is somewhat plastic. It 
is even possible that the core transformation may precede the transforma- 
tions in the case. Under these conditions the surface of the steel is 
usually under a compressive stress after case hardening. It would be 
interesting to determine what the stresses are when the case has a hypo- 
eutectoid carbon content. It may be possible that the stresses will be 
lower than that of high carbon cases. This could easily have a very 
considerable effect upon service performance. 

During recent years there has been a rapid development of torch 
and induction heating processes which seek to heat the surface layers 
only. The resulting stresses produced vary with the details of the proc- 
ess. It would be interesting to know how the properties and stresses 
of a hypoeutectoid carburized piece of steel compare with those of a 
steel of a similar carbon content after induction or torch hardening. 

With regard to the carburizing method itself and the use of inhibitors 
to carburizing, we have only a few comments to offer. We believe that 
hypoeutectoid carbon contents can be produced by heating in either char- 
coal or coke without the use of any chemical energizers, such as barium, 
calcium, and sodium carbonates. However, the carbon content produced 
might be lower than that desired, and it would be difficult to produce 
accurately an intermediate carbon content by using a small amount of 
chemical energizer. This is illustrated by a curve showing the effect of 
varying percentages of chemical energizer which appeared in a paper 
by the present discusser.’ 

The use of inhibitors might be advantageous over a nonenergized 
charcoal if a better control of carbon content is obtained. 

It was interesting to note that the compound might be used 5 times 
without much loss of effectiveness. However, with some of the slow 
burning types of carburizing compounds now in use it might be necessary 
for the material to retain its effectiveness for 10 times. This is based on 
an assumption that 10% is lost on each time used. A practical test would 
involve using over and over, adding only enough new to make up for 
shrinkage. There is nothing in the authors’ discussion which would indi- 
cate that the action of the inhibitors is a reversible chemical reaction. 
Consequently we would expect the material eventually to lose its effec- 
tiveness. 

With regard to the effect of moisture, we believe that if the authors 
had experimented with moist compounds containing sodium chloride they 
would have found that sodium chloride plus water vapor produces very 
bad pitting. This is probably due to the chemical reaction resulting in 
HCl gas in the carburizing pot. 


"H. B. Knowlton, “Economical Re-Use of Solid Carburizing Materials,”” Transactions, 
American Society for Steel Treating, Vol. 16, 1929, p. 607. 
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It might be well to investigate further the actual chemcial reactions 
which take place when the compounds of silicon and chlorine are present. 
It is interesting to note that the authors do not believe that silicon is 
added to steel. We would hazard a guess that a volatile silicon chloride 
would produce a change in the chemical equilibrium of C, CO, COs, Fe, 
Fe:C. It would seem entirely possible that silicon might act as a reducing 
agent to CO. We do not know, however, of any studies that have been 
made along this line. 

Written Discussion: By Aaron M. White, Physics Division, American 
Cyanamid Co., Stamford, Conn. 

The authors have made a significant contribution which is of interest 
to those concerned with the treatment, production and applications of 
carburized parts. In addition to the reasons mentioned by the authors, 
hypoeutectoid carburized cases would be of distinct advantage in pre- 
venting the retention of austenite which is believed by some to be detri- 
mental to serviceability. 

It is indeed unfortunate that the authors have not been able to observe 
anything that will explain the intresting phenomena which they have so 
carefully investigated. It is possible that evidence of a surface layer, 
possibly of very high silicon content, was removed when the surfaces 
were abraded with 180 emery paper until they were bright. Microscopical 
examination of cross sections of specimens whose exterior surfaces have 
not been abraded and which have been electroplated prior to mounting 
and polishing in order to retain any thin friable surface constituents 
which might have been formed would be of decided advantage. By such 
careful examination layers as thin as 0.0002 inch can be detected. Layers 
of such thinness would cause only slight differences in the chemical 
analyses of 0.002-inch cuts even if such layers were not abraded off before 
the analysis cuts were made. In this same connection it might be men- 
tioned that file hardness tests on quenched carburized specimens often 


provide significant information relative to the condition of the outermost 
surface. 


Authors’ Reply 


We wish to thank Mr. Knowlton and Mr. White for their discussion 
of the paper. Many of the questions raised by Mr. Knowlton cannot 
be answered from our present knowledge. Their answers can only come 
as the result of considerable experience with cases of hypoeutectoid carbon 
content. Hypoeutectoid cases were originally studied with the thought 
of applying the results to face-hardened armor plate. Face-hardened 
armor plate is one example where high surface hardness is desirable 
but where wear and abrasion resistance is of no consideration. We 
would expect that there are peacetime carburized parts having similar 
requirements, for example, roller bearings or certain types of gears sub- 
ject to shock loading. However, Mr. Knowlton is in a better position 
to evaluate such requirements than am I. 

Additional tests with re-used compound would be quite interesting, 
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as Mr. Knowlton pointed out. However, it is not essential that the ; 
action of the inhibitors be a reversible chemical reaction in order for the 

compound to maintain a uniform carburizing potential. It may be that i 


the rate of decomposition of the inhibitors is so low that even with 
repeated use the amount of decomposition is not significant. 

Mr. Knowlton’s suggestion that the presence of silicon chloride in 
the carburizing atmosphere may affect the CO-CO, equilibrium is an 
interesting one. In view of our failure to find a silicon-rich layer on the 
surface of the carburized specimen, this may well prove to be the proper 
explanation for the effect of the inhibitors. 

in reply to Mr. White, the specimens examined metallographically 
for a silicon-rich layer were cut from the end of the rounds where the 
surface had not been polished after carburizing. The specimens were 
mounted in bakelite and then polished rather carefully to avoid, as much 
as possible, rounding the edge of the carburized case. Electroplating was 
avoided because it would have been necessary to clean the surface before 1 
plating and this would have involved at least a small loss of surface 

metal. We are quite sure we would have observed a silicon-rich layer 
that was 0.0001 of an inch thick. A layer only 0.00001 of an inch thick 
probably would not have been seen. Mr. White is quite right in sug- 
gesting that metallographic examination would be more likely to give 
evidence of such a silicon-rich layer than chemical analysis. We ex- 
amined the specimens metallographically after it was found that chemical 
analysis of the surface layer did not give evidence of a silicon-rich layer. 








CARBIDE AND OXIDE IN SURFACE ZONES OF 
CARBURIZED ALLOY STEELS 


By AxEL HULTGREN AND ERIK HAGGLUND 


Abstract 


This paper presents the results of carburizing tests 
for 50 hours at 900 C (1650 F) in charcoal-barium car- 
bonate compound, in a mild carburizing compound and 
in hydrocarbon gas on a series of alloy steels. 

Steels containing chromium, molybdenum and tung- 
sten when carburized in charcoal-barium carbonate com- 
pound and in hydrocarbon gas showed a surface zone con- 
taining carbide, the depth of which increased with alloy 
content. 

Manganese steels showed on carburizing in the same 
media a weak tendency toward the forming of a carbide 
zone. These steels, however, when carburized in a mild 
carburizing compound showed no carbide zone. 

All steels tested, when pack carburized, showed a thin 
surface zone containing oxide particles and free from car- 
bide particles. 

Three steels, containing chromium, molybdenum and 
tungsten, after carburizing in hydrocarbon showed a car- 
bide zone extending to the surface, no oxide zone being 
present. 

Theories have been offered regarding the formation 
of carbide and oxide zones in steels of certain alloy con- 
tents when carburized under certain defined conditions. 


T is well known that, under suitable carburizing conditions, a sur- 
face zone of abnormally high carbon content and exhibiting fairly 
massive carbide particles is formed in certain alloy steels. This car- 
bide is distinct from the hypereutectoid cementite of carburized car- 
bon steel in that it is formed at the carburizing temperature, The 
conditions required would seem to be the following: (a) sufficient 
length of carburizing time, (b) sufficient activity of carburizing com- 
pound and (c) the presence of a sufficient amount of one or more 
of a certain group of alloying elements in the steel. 
A paper presented before the Twenty-eighth Annual Convention of the 
Society held in Atlantic City, November 18 to 22, 1946. Of the authors, Axel 
Hultgren is professor of metallography, Tekniska Hogskolan, Valhallavagen, 


Stockholm, Sweden, and Erik Hagglund is metallurgical engineer, A. B. Kan- 
thal, Hallstahammar, Sweden. Manuscript received September 14, 1946. 
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Houdremont (1)* lists the common alloying elements in regard 
to their effect on the surface carbon content as follows: (a) chro- 
mium, molybdenum, tungsten and vanadium, in the order given, raise : 
the surface carbon content above that of carburized carbon steel, (b) | 
manganese is without effect in this respect and (c) silicon, nickel, 
cobalt and copper lower the surface carbon content below that of 
carburized carbon steel. 

Manning (2) found high surface carbon content in chromium, ‘{ 
nickel-chromium and chromium-molybdenum steels and ordinary con- 
tent in nickel, nickel-molybdenum and carbon steel, after carburiz- 
ing at 925C (1700F) for 10 hours in certain compounds. . The 
chromium contents were 0.53 to 1.06%, the molybdenum contents 
0.16 to 0.26%. Generally, the higher the temperature and the longer 
the time of carburizing, the higher was the surface carbon content. 

Manning (2) also found a so-called low carbon skin in all the 
carburized specimens which contained excess carbide, regardless of 
whether the specimens were quenched or furnace-cooled. In conse- 





quence, the carbon distribution curve, in such cases, dropped near 
the surface. At 925C (1700 F) the low carbon skin began to form 
after approximately 5 hours, and from then on its thickness increased 


a 
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u 
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with time, the thickness of the carbide zone also increasing during the 
same time. Carburizing in a compound of low activity produced no 
excessive increase of the surface carbon content in any of the steels 
tested. 


THE PRESENT INVESTIGATION *° 


Dai oa 


Carburizing tests were made on several steels, the compositions 
of which are listed in Table I. The object was to study the structure 
q of the cases formed, particularly that of their outer portions. The 
structure of the core will not be discussed. 





; Table I 

% Composition of Steels Investigated 

i Steel : : 

Number ( Si Mn P S Cr Ni W Mo 

1 0.14 0.39 0.50 0.020 0.025 0.60 2.93 
2 0.12 0.22 0.34 0.017 0.024 1.02 4.11 
3 0.15 0.37 0.49 0.018 0.020 0.78 0.19 
4 0.21 0.34 1.37 0.026 0.025 1.38 0.16 nee hare 
5 0.15 0.27 0.96 0.020 0.010 1.18 0.18 ated 0.26 
6 0.14 0.28 1.28 0.020 0.013 2.70 0.26 omen 0.25 
7 0.50 0.74 0.30 i al eke 1.22 aA 2.80 
8 0.20 0.89 0.010 0.001 ous ves gan 
9 0.35 


0.09 1.62 0.012 0.001 


‘The figures appearing in parentheses pertain to the references appended to this paper. 
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Steels 8 and 9 were made in a high frequency laboratory fur- 
nace and were hammered to 10 mm sq. The others were commercial 
steels supplied as 25-mm diameter bars. 10-mm thick disks were 
used for the carburizing experiments. 

Two pack carburizing compounds were used. One was the 
familiar Caron mixture of 60% charcoal and 40% barium carbonate, 
the charcoal being crushed and screened to 0.5 to 1.0 mm, the other 
a mild carburizing compound called Dohundin, of German manu fac- 
ture, stated to consist mainly of lignite coke, screen size 1 to 3 mm. 

The specimens were packed in tubes 40 mm diameter by 260 mm 
with luted covers. They were heated in an electrical box furnace. 
Carburizing tests were made at 900 C (1650 F) for 50 hours. The 
specimens were taken directly from the hot boxes and quenched in oil. 

A few experiments were made with carburizing gas, obtained by 
passing purified hydrogen through toluene. Starting with a cold fur- 
nace tube, the specimens were heated in a gas stream to 900C 
(1650 F), held for 50 hours in the gas stream and cooled in the gas. 
The gas consumption in such a test was 460 liters of hydrogen and 
10.5 grams toluene. 

The treated specimens were plated with copper, when required 
to keep the edge of the section plane, sectioned, polished, etched and 
examined in the microscope. 


RESULTS 
Pack Carburizing—The results obtained after pack carburizing 
in charcoal-barium carbonate compound at 900C (1650 F) for 50 
hours will be first described. Quantitative data are listed in Table II. 
As mentioned above, the specimens were quenched in oil after carbu- 
rizing. 


Table ll 
Carburizing in Charcoal-BaCO,, 900 C, 50 Hours 


Penetration of 
r— Oxide, Mm—, -——Carbide, Mm—, 


Steel c Mn Cr Ni WwW Mo Min. Max. Av. Min. Max. Av. 
1 ie foe. Se is bane 0.023 0.038 0.03 0. 0.16 6.08 
2 re Oe ee. was 0.030 0.038 0.03 0.13 0.22 0.17 
3 a eee ee MPS cae noes 0.023 0.030 0.03 0.19 0.23 0.21 
4 a ee) ce Oe! oe oy gc 0.023 0.030 0.03 0.38 0.50 0.44 
5 4 ie. ee! Re 8 eee 0.023 0.053 0.04 0.31 0.44 0.38 
6 L) gS a}, BS} Sees | 0.030 0.053 0.04 0.61 0.71 0.66 
7 a ee eae gecs Bane ass 0.015 0.033 0.02 0.57 0.89 0.73 
8 ee Ss th ek ew -ésale Sees 0.011 0.030 0.02 0. 0. 0. 

9 CN ek” al tp gee eo eae 0.011 0.030 0.02 0. 0. 0. 








or 
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All the steels tested showed a thin surface zone free from car- 
bide and sprinkled with oxide inclusions—the oxide zone. Beneath 
this zone, all the steels except 8 and 9—manganese steels—contained 
a zone with numerous carbide particles—the carbide zone. 

These. features are shown for steel 5 in Figs. 1 to 3. Fig. 1 
shows the oxide distribution in the unetched section, with copper 
deposit at the edge; Fig. 2 shows a similar section after etching. In 
the oxide zone the matrix is either martensite with some residual 
austenite, or troostite formed during quenching in oil. In Fig. 3 
both the oxide and the carbide zones are seen. The matrix of the 
carbide zone is martensite with residual austenite, the amount of the 
latter increasing toward the inner boundary of the zone. Farther 


inward, of course, the austenite gradually decreases and martensite 
increases. 





Figs. 4, 5 and 6 give for steel 6 sections corresponding to Figs. 
1 to 3 for steel 5. As seen from Figs. 1 and 4, carbide penetrates to 
greater depth in steel 6 than in steel 5. Steel 1 has a shallow carbide 
zone, as seen from Fig. 7. In steel 8 no carbide is present (Fig. 8) 
except in the corners (Fig. 9). Steel 9, with higher manganese con- 
tent, is similar. 

The depths of penetration of oxide and of carbide are given for 
the steels examined in Table II. This will be further discussed. It 
may be observed that both the oxide and the carbide, within their 
respective zones, show a tendency of forming isolated particles in 
the outer, and a network in the inner, part of the zone. The oxide 
zone of the manganese steel, 8, contains only small particles, about 
0.0002 mm in size. 

After carburizing in the Dohundin compound at 900 C (1650 F) 
for 50 hours, no carbide zone was present in any of the nine steels 
examined, except in steel 7, where the carbide zone was 0.40 mm 
thick. Oxide was seen near the surface in all the steels, but its depth 
of penetration was only about half of that recorded in Table II, after 
carburizing in charcoal-barium carbonate. 


Gas CARBURIZING 


The same temperature, 900C (1650 F), and time, 50 hours, 
were used as in the pack carburizing tests but, since the specimens 
were cooled in the furnace, some of the carbide present in the struc- 
ture is due to precipitation during cooling and the matrix has trans- 
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Fig. 1—Steel 5 Carburized in Charcoal + BaCOy, at 900 C (1650 F) for 50 Hours. 
Unetched. X 1200. 


Fig. 2—Steel 5 Carburized in Charcoal + BaCO, at 900 C (1650 F) for 50 Hours. 
Etched. X 1200. 


Fig. 3—Same as Fig. 2. Etched. X 200. 


formed to pearlite. Figs. 10 and 11 show the structure of the sur- 
face portion of steel 5 after gas carburizing. No oxide is seen, of 
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Fig. 4—Steel 6 Carburized in Charcoal + BaCO, at 900 C (1650 F) for 50 Hours. 
Unetched. X 1200. 


Fig. 5—Same as Fig. 4. Etched. < 1200. 


course, and the carbide forms a network and plates. A thin border 
of carbide, interrupted in places, has formed near the edge. The 
structures of steels 6 and 7 were quite similar. 

Summing up the results obtained, it may be stated that the “low 
carbon” zone observed by Manning is in reality a zone containing 
oxide and lacking free carbide. Such a zone was absent after car- 
burizing in hydrocarbon but was present in all the alloy steels exam- 
ined after pack carburizing. As to the formation of carbide during 
carburizing, the results agree with the statements made by Houdre- 
mont and referred to above, to the effect that chromium, tungsten and 
molybdenum tend to raise the surface carbon content, manganese 
neither raises nor lowers this content, and nickel lowers it. As seen 
from Table II, comparing steels 2 and 3, the nickel content of steel 2 
seems to overshadow the higher chromium content of this steel so 
that its depth of carbide penetration is less than that of steel 3. Other- 
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Fig. 6—Steel 6 Carburized in Charcoal 
+ BaCO, at 900 C (1650 F) for 50 Hours. 
Etched. XX 200. 


‘ 
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7-——Steel 1 Carburized in Charcoal 
Bak 3 at 900 C (1650 F) for 50 Hours. 
decked, x 1200. 


wise, the chromium content seems to be the dominating factor in re- 
gard to carbide penetration. 


THEORY OF THE FORMATION OF CARBIDE AND OxIbDE ZONES IN 
CARBURIZING 


The Carbide Zone—When a pure iron or iron-carbon alloy is 
carburized at 900C (1650 F), say, in a compound, no subsurface 
reaction zone can form at the carburizing temperature. If the carbon 
activity of the compound atmosphere exceeds that of cementite, some 
cementite will eventually form at the surface and grow in thickness 
with time, but none can form beneath this thin surface layer because 
the austenite farther inward cannot become supersaturated while the 
surface austenite is just saturated. Excess cementite in carburized 
plain carbon steel is formed by precipitation during cooling and the 
carbon content of any point in the case never exceeds the saturation 
value Acm for the carburizing temperature except just at the surface 
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Fig. 8—Steel 8 Carburized in Charcoal + BaCO,; at 900 C (1650 F) for 50 Hours. 
Etched. X 1200, 


Fig. 9—Same as Fig. 8, Corner. X 1200. 


after carburizing for sufficient time in a medium of high carbon activity. 

When chromium steel is carburized at 900C (1650F) in a 
hydrocarbon of high carbon activity, a subsurface reaction zone con- 
taining carbide is formed at the carburizing temperature. This may 
be explained as follows. 


Fig. 12 shows a section through part of a schematic iron- 
chromium-carbon equilibrium diagram at 900C (1650F). Let us 
first consider how an infinitely thin surface layer 1 changes its com- 
position when exposed to reaction with the hydrocarbon. Neglecting 
the hydrogen absorption, the original composition of layer 1 travels 
from B, toward the point C (100% carbon) along the straight line 
B,C. The chromium content is assumed to be moderate and the com- 
position will after some time, at B,, pass the line P-Q, which is the 
900 C (1650F) section through the Acm surface. The austenite 
then becomes supersaturated and cementite is precipitated. Since 
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Fig. 10—Steel 5. Carburized in Hydrogen + Toluene at 900C (1650 F) for 50 
Hours. Etched. X 200. 


Fig. 11—Same as Fig. 10. Etched. > 1200. 


cementite is richer in chromium than the austenite in equilibrium with 
it (3) (4) (5), the composition of the austenite matrix of layer 1, 
during continued absorption of carbon and consequent precipitation 
of cementite, changes along B,-P toward higher carbon and lower 
chromium contents: B,, B,, etc. The next layer 2, beneath layer 1, 
receives carbon by diffusion from layer 1. The flow of carbon into 
layer 2 will not, as in carbon steel, stop at or below the saturation 
point; it will pass B,, because the carbon content of the matrix in 
layer 1 has become higher than that of B,. Some chromium will dif- 
fuse from 2 to 1 but since this is a slower process it may be neglected. 
In this manner layer 2 will also become supersaturated at the car- 
burizing temperature and cementite will be precipitated as in layer 1. 
The austenite of layer 1 will be more and more depleted in chromium 
as more cementite is precipitated and the succeeding layers, 2, 3, etc., 
will later pass through the same sequence of changes until the process 
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is stopped. The inner boundary of the carbide zone at any stage 
represents the layer which has just reached the composition B,. The 
low chromium content of the outer layers is probably responsible for 
the troostite formed there on oil quenching (Figs. 2, 8 and 9) and, 
for the increase in residual austenite from the outer toward the 
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Fig. 12—Partial, Schematic Fe-Cr-C Equilibrium Diagram at 900C (1650 F), with 
Demonstration of Change of Composition of Surface Austenite During Carburizing. 


inner boundary of the carbide zone (Figs. 3 and 6). Since both 
chromium and carbon lower Ar”, this distribution of residual aus- 
tenite would indicate that the effect of decrease in chromium out- 
weighs the effect of increase in carbon. 

The higher the chromium content of the steel, the less will be 
the carbon content at B,. This will cause carbide to be precipitated 
earlier and render the carbide penetration after a certain time of 
carburizing deeper than for lower chromium contents, provided the 
rate of diffusion is not reduced sufficiently to compensate for that 
effect. The carbide zones of the chromium and chromium-molybde- 
num steels 3, 4, 5 and 6 in Table II appear to bear out this conclusion. 
The effect of nickel is discussed below. 

If the chromium content of the steel is sufficiently high, the car- 
bon absorption will bring the composition of the austenite to the line 
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Q-R, instead of P-Q, in Fig. 12. In this case the trigonal carbide 
(Cr, Fe),C, will be precipitated. An analogous effect will be pro- 
duced to the one described, with the reservation that, at a later stage, 
this carbide, will be gradually replaced by cementite if the average 
composition in succession enters the fields [y + (Cr, Fe),C, + 
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Fig. 13—Partial, Schematic Fe-Mn-C Equilibrium Diagram. 


(Fe, Cr),C] and [y + (Fe, Cr),C]. In other words, the outer part 
of the carbide zone may contain cementite, the inner part trigonal 
carbide and an intermediate region both carbides. 

Tungsten and molybdenum steels resemble chromium steel in 
that the cementite, or the special carbide, is richer in alloy content 
than the austenite in equilibrium with it (6), (7). The fact that 
carbide zones are formed during carburizing of tungsten and molyb- 
denum steels also is thus explained. The added effects of tungsten 
and chromium are seen in Table II for steel 7. As indicated by the 
points M, and M, of Fig. 12, the average carbon content of the outer 
layers in alloy steels of this type may reach high values. This has 
also been found to be the case (1), (2). 

If the carburizing medium has a low carbon activity the carbon 
content at the surface may not reach the carbide solubility surface 
and no carbide will be precipitated. This was probably the case for 
most of the steels carburized in the Dohundin compound, since it pro- 
duced no carbide zone except in steel 7. 

The carburizing gas mixture used in the present investigation 
probably had a carbon activity somewhat lower than that of the char- 
coal mixture since the amount of carbide formed near the surface in 
the former was smaller than that formed in the latter (Figs. 3 and 10). 
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Manganese also belongs to the elements which enter cementite 
in solution in preference to austenite (5), (8). At first sight, it is, 
therefore, surprising that carbide accumulation does not occur (1), 
or occurs only in corners, i.e., slowly, as found in the present inves- 
tigation. Fig. 13 is an attempt to explain this. 


Nickel % 





Fig. 14—Partial, Schematic Fe-Ni-C Equilibrium Diagram. 


In agreement with results obtained by Bain, Davenport and 
Waring (9) and in the series of investigations by Eckel, Gensamer, 
Krivobok, Walters and Wells (10), it is assumed that the slope of 
the line P-Q is such that for increasing manganese contents the car- 
bon content is only slightly decreased. When cementite is precipi- 
tated and the austenite matrix changes its composition from B, to B. 
and B,, there will, consequently, be only a slight increase in its car- 
bon content. The diffusion of carbon inward will, therefore, be slow 
and no carbide zone or only a shallow carbide zone will be formed. 

There is, on the other hand, a group of elements which, when 
present in steel, enter austenite in preference to cementite. This 
applies to silicon (8) and probably to nickel, copper and cobalt. The 
effect of the steel being alloyed with such elements on surface reac- 
tions during carburizing is illustrated schematically for nickel in Fig. 
14. On the precipitation of cementite in layer 1 at the surface, the 
austenite will have its composition moved from B, to B, and B,, 
toward lower carbon and higher nickel contents. The austenite of 
layer 2 will not be induced to precipitate cementite since it will lose 
carbon to the austenite of layer 1 rather than receive carbon from it. 
Thus, in pure nickel or silicon steels, etc., a thin border of carbide 
may form at the surface in carburizing but no carbide zone. Further- 
more, the presence of a certain amount of nickel, silicon, etc., in a 
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steel, together with a carbide-forming element, should serve to neu- 
tralize a definite amount of the latter in regard to its carbide-forming 
action. This effect is seen in Table II where steel 2, with 1.02% 
chromium and 4.11% nickel, shows less carbide penetration than steel 
3, with 0.78% chromium and 0.19% nickel. 

The Oxide Zone—For the present discussion it will be assumed 
that carbon monoxide does not dissolve in austenite as such, but as 
carbon and oxygen atoms. 

In pack carburizing a pure, i.e., oxygen-free, iron-carbon alloy 
at 900 C (1650 F), the austenite at the surface will first absorb both 
carbon and oxygen. Regarding the incipient rates of transfer 
through the interface, of carbon and oxygen respectively, no assump- 
tion will be made. Considering the low oxygen and the high carbon 
activity of the gas atmosphere, it is safe to say that the oxygen con- 
tent of the surface austenite will reach equilibrium with the gas long 
before the carbon content will do so. Both carbon and oxygen will 
diffuse inward, oxygen very slowly. The carburizing process ac- 
tually takes place in the ternary system iron-carbon-oxygen, at a low 
oxygen content in the metal. No oxide will be formed if the oxygen 
activity of the gas atmosphere is lower than that of the lowest iron 
oxide at the carburizing temperature. 

If the austenite, however, contains a sufficient amount of an 
element M having a sufficiently high affinity for oxygen, the absorp- 
tion of oxygen from the gas will soon raise the oxygen activity of the 
surface austenite above that of a special oxide, with the result that 
the oxide will be precipitated, the M content of the austenite thus 
being lowered. This will first take place only in a very thin surface 
layer, owing to the slow diffusion rate of oxygen. Meanwhile, the 
diffusion of carbon will proceed to far greater depth. If the element 
M has sufficient affinity for carbon, i.e., belongs to the group con- 
taining chromium, tungsten, molybdenum, etc., and the concentration 
is sufficient, carbide will be precipitated in a zone in advance of the 
oxide zone. The presence of an oxide zone at the surface after car- 
burizing indicates that carbide precipitation does not represent equi- 
librium with the gas atmosphere but is rendered possible by the defi- 
ciency in oxygen at greater depths to which carbon has penetrated. 

As, with time, oxygen diffuses farther, it reaches a layer where 
carbide is already precipitated. Since the oxide is more stable than 
the carbide, at equilibrium oxygen content, the M content of the 
austenite in the carbide layer will be higher than the equilibrium 
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value and the oxygen arrived will cause some oxide to be precipitated 
from it. In consequence, the carbide will be gradually dissolved as 
oxygen enters by diffusion and more oxide instead precipitated. In 
this way oxide will slowly replace carbide in the outer parts of the 
carbide zone. 

The mechanism described applies to all the steels examined 
(Table IL) except steels 8 and 9, manganese steels, which after pack 
carburizing at 900 C (1650 F) for 50 hours showed a thin zone of 
small oxide particles not followed by a carbide zone except in the 
corners. Possibly, those steels would require much longer carburiz- 
ing time to form a continuous zone containing carbide. The fact that 
the oxide penetration in the manganese steels was less than in the 
other steels may be due to higher oxygen activity of the manganese 
oxide. Elements such as silicon and aluminum (Bain, 11) may be 
expected to cause oxide precipitation in a surface zone but no car- 
bide precipitation during carburizing. Nickel as the only alloying 
element will cause neither oxide nor carbide precipitation. The so- 
called oxide zone formed in pack carburizing certain alloy steels is 
essentially the same thing as the subscale in oxidized copper alloys, as 
described by Rhines (12) and others before him. 


SUMMARY AND CONCLUSIONS 


Results of carburizing tests for 50 hours at 900C (1650 F) in 
charcoal-barium carbonate compound, in a mild carburizing com- 
pound and in a hydrocarbon gas on a series of alloy steels were: 

1. Steels containing chromium, molybdenum and _ tungsten, 
when carburized in charcoal-barium carbonate compound and in 
hydrocarbon, showed a surface zone containing carbide, the depth 
of which increased with the alloy content, earlier investigations thus 
being confirmed. 

2. Manganese steels showed, on carburizing in the same media, 
at most a weak tendency of forming a carbide zone. 

3. The steels mentioned, 1 and 2, when carburized in the mild 
carburizing compound showed no carbide zone, with one exception. 

4. All the steels tested, when pack carburized, showed a thin 
surface zone containing oxide particles and free from carbide parti- 
cles. This has been described by Manning as the “low carbon” zone. 

5. Three steels containing chromium, molybdenum and tung- 
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sten, after carburizing in hydrocarbon, showed a carbide zone extend- 
ing to the surface, no oxide zone being present. 

6. Theories have been offered for the formation of carbide and 

oxide zones in steels of certain alloy contents, when carburized under 
certain defined conditions. 
7. A carbide zone is formed when a steel containing sufficient 
amounts of chromium, molybdenum or tungsten, etc., i.e., elements 
with high affinity for carbon, group A, is carburized in a medium of 
sufficiently high carbon activity. The mechanism postulated rests 
upon two fundamental assumptions: (a) the solubility of carbon in 
austenite at the carburizing temperature decreases with increasing 
alloy content, and (b) the carbide with which saturated austenite is 
in equilibrium at this temperature has a higher alloy content than 
the austenite. When, during carburizing, the surface austenite be- 
comes supersaturated, the precipitation of carbide will therefore cause 
the carbon content of the austenite matrix to increase, Fig. 12. The 
diffusion inward of carbon from the surface layer thus enriched in 
carbon will, as carburizing is prolonged, cause precipitation of car- 
bide at increasing depths: The change in composition of the aus- 
tenite as carbide is precipitated is reflected in the amount of residual 
austenite in the carbide zone. 

8. If, as in steels containing silicon, nickel and probably copper 
and cobalt, group B, the assumption 7b is reversed, the assumption 
7a being maintained, no carbide zone will form, i.e., no precipitation 
of subsurface carbide will occur at the carburizing temperature be- 
cause any carbide precipitation at the surface will cause the carbon 
content of the austenite matrix to decrease. The carbide precipita- 
tion action of an element of group A may be neutralized by an equiv- 
alent amount of an element of group B. 

9. Oxide is precipitated in a thin surface zone, when a steel 
containing silicon, chromium, tungsten, manganese, etc., i.e., elements 
of high affinity for oxygen, group C, is carburized in a medium with 
an oxygen activity higher than that of the lowest oxide formed by 
the alloying element. In carburizing in a hydrocarbon, there is, 
of course, no oxide precipitation. In pack carburizing, however, the 
atmosphere is liable to have the oxygen activity required therefore. 
Owing to the slow rate of diffusion of oxygen the oxide zone will 
spread slowly inward, according to the same mechanism as that op- 
erative in the extension of the carbide zone. If the alloying element, 
like chromium, belongs to both group A and group C, no carbide will 
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be precipitated at the surface since in the precipitation of oxide the 
alloying element is largely consumed. Farther in, however, carbon 
will penetrate by diffusion in advance of oxygen, a carbide zone thus 
being formed beneath the oxide zone. With time, both will grow, 
the latter at the expense of the former. In the oxide zone, called the 
low carbon zone by Manning (2), the dissolved carbon content is, 
of course, higher than in the carbide zone, the opposite being true 
for the total carbon content, which may reach high values in the car- 
bide zone. 

10. An element, like silicon, belonging to groups B and C, may 
cause oxide, but no carbide precipitation in pack carburizing. 

11. An element like nickel belongs to group B and to group D, 
the latter characterized by low affinity for oxygen. Such an element 
will cause neither precipitation of carbide nor of oxide in pack car- 
burizing. 

The main part of the present investigation was carried out in 
1942 by the junior author as a student thesis work. The carburizing 
tests in hydrocarbon were made in 1946 by Messrs. R. A. Gejrot and 
N. A. Rubin, to whom the authors’ thanks are due. The commercial 
steels used in the investigation were provided by A. B. Bofors, whose 
co-operation is herewith gratefully acknowledged. 
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DISCUSSION 


Written Discussion: By B. B. Beckwith, metallurgical engineer, Vana- 
dium Corporation of America, Detroit. 

[ have read the paper by Messrs. Hultgren and Hagglund with a great 
amount of interest. The authors are to be congratulated on the fine presenta- 
tion of their theories pertaining to carbides and oxides in surface zones of car- 
burized alloy steels. There are few metallurgists who have not at one time 
or another experienced a “soft skin” of approximately 0.0005 inch on carbu- 
rized production parts. While in a few cases this condition would be sufficient 
cause for rejection, in the majority of instances it was more annoying and 
thought-provoking than harmful. Many treatments have been used to prevent 
or correct the soft skin. The authors’ ideas of oxides and carbides in the sur- 
face layers of carburized alloy steel will probably direct the thinking along 
this line of those who are working on the problem and a great amount of 
valuable information will be the result. 

The authors refer to several elements that raise the surface carbon content 
of alloy carburizing steels, chromium, molybdenum, tungsten and vanadium. 
In the data, however, vanadium steels are not included. During the past year 
I have been interested in the case of direct oil-quenched AISI 6120 chromium- 
vanadium steel. I would like to add my findings to the valuable data already 
presented. The steel used was: 


C 0.19% Mn 0.68% Cr 0.83% $1 0.18% V 0.15% 


The solid carburizer was mixed in the ratio of three parts old to one part new 
compound. The new compound was: 


Coke 25% BaCO:14% CaCO;2.0% Max. Binder 3.0% Max. Charcoal Bal. 


I realize that this mixture does not have the carburizing potency of that used 
by the authors, but is one that is used commercially in this country. The 
authors’ purpose was to exaggerate the condition they wished to study whereas 
mine was to study the case obtained by a typical commercial cycle in a com- 
mercial compound. The total time was 13 hours in a continuous pusher-type 
furnace with the temperature set to control at 1675 F (915C). The depth of 
case obtained was 0.045 inch. 
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The carburized samples in the unetched condition show a series of dark 
lines normal to the surface and apparently following the grain boundaries to a 
maximum depth of 0.0005 inch. This same condition has been noted by several 
gear manufacturers and has been called oxides. The oxides at the grain 
boundaries were insufficient to form a continuous network in the 0.0005-inch 
depth and the globular-type oxides were not within the grains at the extreme 
surface layers. 

In the etched condition, using nital, a rapidly etching constituent, varying 
in depth from 0.0001 to 0.0004 inch and resembling what formerly was called 
troostite, was found to exist. At 1500 diameters about one-third was resolved 
into pearlite, the balance being unresolved dark area. Immediately back of 
this area was martensite and austenite. Samples of the same steel were carbu- 
rized in an “RX” gas atmosphere to the same glepth of case. The same gen- 
eral condition was found to exist as in the solid carburizer. This darkened 
area appears to be about 0.80% carbon and is superficial. It has been noted 
in other types of steels by different metallurgists. Lack of time after reading 
the paper precluded any further work which might lead to identifying the con- 
ditions under which this constituent forms. In a routine inspection and test 
under production conditions it would, in the majority of cases, go undetected. 
Several metallurgists have investigated this “soft skin” but they do not have 
a unanimity of opinion as to its cause. 

The theory of the formation of oxide in the extreme outer layer that the 
authors have advanced, with carbides in the immediate adjacent layer, will 
merit consideration. 

Written Discussion: By Sidney Breitbart, metallurgist, Ballistic Research 
Laboratory, Aberdeen Proving Ground, Md. 

The writer regrets that he has not seen a copy of the authors’ article. 
It was a pleasure, however, to hear Professor Hultgren’s able presentation of 
an excellent paper. Not having had access to the actual text of the paper, 
the writer will not attempt a discussion as suggested by the author in an in- 
formal conversation after the meeting, but will merely present his own research 
in the same field for Professor Hultgren’s consideration. 

In the June 1945 issue of Merat Procress,* tests were described pertaining 
to the problem of abnormal surface carbon contents encountered frequently~in 
the carburizing process. This condition is characterized by coarse, “free” car- 
bides. SAE6152 and NE 8720 steel were used in carburizing salt baths and 
in gas carburizing furnaces of the pit type. (For exact conditions, see above 
reference.) The principle of the tests was to fully austenitize one side of a 
specimen before exposing the surface to carburizing conditions, and then com- 
pare the microstructure of the side thus treated with that of the opposite side, 
which was exposed to the carburizing medium immediately upon immersion. 
The results showed that the side exposed directly to the carburizing medium 
contained coarse, free carbides, while the “austenitized” side contained a normal 
structure of martensite and retained austenite, without any “free” carbides. It 
was postulated, that “the maximum surface carbon content depends on the 


microstructure of the steel during the process of carburization. Coarse, ‘free’ 







1Sidney Breitbart, “‘Maximum Carbon in Carburized Cases,’"’ Mera Procress, Vol. 47, 
1945, p. 1121. 
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carbides will result if carbide nuclei are present during carburization, while 
carbon contents called for by the Acm line, modified according to alloy con- 
tent, will be obtained when the steel is homogeneous austenite during carburiz- 
ing.” In addition, it was shown that the amount and location of the carbides 
formed during carburizing are related to the microstructure as it exists during 
carburization. On the basis of the above postulate, the contradictory results 
reported in literature could be explained, as well as the reason why some 
steels, notably chromium and molybdenum steels, are prone to produce abnormal 
surface carbon contents. In such steels, the diffusion of the alloying element 
as well as of the carbon must occur before the austenite is fully homogeneous. 
Since carbide formers diffuse very slowly, it may be reasonably expected that 
“carbide nuclei” are present during the carburizing cycle. 

The relation of carburizing temperature to the presence of coarse surface 
carbides was also discussed in the article cited above. It was shown that the 
effect of temperature can be explained by the writer’s theory. The generally 
accepted idea of disparate rates of carbon absorption and carbon diffusion in 
the steel as an explanation of the effect of temperature is not tenable on the 
basis of the tests conducted by the writer, since both conditions were obtained 
on the same specimen, and it is difficult to imagine that the rate of carbon 
absorption and diffusion are different for two sides of the same specimen. 

The carburizing medium is believed to have no direct effect on the pres- 
ence of surface carbides. However, the writer conducted his tests only in two 
definite carburizing media—salt bath and gas atmosphere. Nevertheless, it is 
considered that the carburizing medium exercises only an indirect effect by 
influencing the rate at which the steel attains the furnace temperature and, 
therefore, the rate of austenitization. A much more important consideration, 
indeed a very important one, is the carburizing potential. Indeed, all investi- 
gators agree that the tendency for the formation of coarse carbides is over- 
come by carburizing in media of low carburizing potentials. However, there 
is a question about. high carburizing potentials necessarily causing abnormal 
carbon contents. In the writer’s tests, it was postulated that the carburizing 
potential is important, in that saturated austenite is a prerequisite for carbide 
growth during carburizing. However, higher carburizing potentials do not, 
of themselves, signify that coarse carbides will be obtained, unless “carbide 
nuclei” are present during carburizing. The writer would appreciate Professor 
Hultgren’s expression of his views on the explanation of the abnormally high 
carbon contents offered in the preceding paragraphs. 

In addition, the writer wishes to report on some fragmentary data which 
were obtained while he was still with Standard Steel Spring Company. 

NE 8720 steel carburized in a salt bath at 1700 F (925 C) and quenched in 
oil showed the presence of a soft skin on the surface of the steel. A spectro- 
graphic analysis of the surface and core produced the following results: 


' Mn Cr Ni Mo Si Cu 
Surface 0.25 0.12 1.81 0.08 0.31 0.20 
Core | 085 057 059 020 029 0.008 


These results are significant. At the present time the writer is in the process 
of investigating this surface condition. 
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Written Discussion: By H. B. Knowlton, materials engineer, Interna- 
tional Harvester Co., Chicago. 

After a thorough study of the manuscript of this paper, the present dis- 
cusser believes that the authors have answered some of the questions which we 
brought up in the oral discussion. They are to be complimented on presenting 
a logical explanation for the difference in the types of carbides we have found 
as the result of carburizing steels of different alloy contents. We do not offer 
any criticism of the theories presented. The present discusser believes, how- 
ever, that when solid carburizers are used, the composition of gases in the 
carburizing box or container, during heating and cooling for carburizing, may 
be an important factor in the results obtained. 

If the atmosphere in the box is almost completely CO during the entire 
carburizing cycle, good carburization would be expected. However, any con- 
dition which tends to produce a considerable amount of COs: in the container 
might tend to produce decarburizing. For example, if an all new charcoal- 
base carburizing compound is used there will be a very large shrinkage during 
a long carburizing run. This may amount to as much as 30% shrinkage by 
volume. 

If the carburizing container is a box or pot with a lid luted with clay on 
the top, it may be expected that the expansion of the gases in the container 
during heating will break the clay seal, and allow some interchange between 
the gases in the pot and those in the furnace chamber. With a 30% shrinkage 
in the volume of the solid material it seems quite likely that an equivalent 
amount of furnace gases will be inspirated during the last portion of the 
carburizing run. 

It is entirely possible that the atmosphere near the top of the container 
will be almost entirely CO during the first part of the carburizing cycle, but 
largely CO, at the end. This would tend to produce corburizing first, followed 
by decarburizing later. 

The use of an inverted box has very decided advantages as any air or fur- 
nace gases inspirated between the box and the lid will come in contact with 
the carbonaceous compound immediately upon entering the box, and will prob- 
ably be converted to CO. While the writer does not have accurate experi- 
mental data to confirm this statement, it has been our general experience that 
less trouble with decarburization during carburizing is experienced with in- 
verted heat resisting alloy boxes than with older-type boxes with covers on 
the top, or with pipes merely sealed with clay. 

Incidentally, it is not necessary for the work to be uncovered in order for 
decarburization at the end of the run to take place. We hesitate to refer to 
ancient papers on this subject because of rapid development in thought during 
recent years, also our metallographic technique 25 years ago left much to be 
desired. However, the discusser would like to call attention to an artrcle he 
prepared in 1922*° in which he shows considerable difference in tendencies 
toward decarburization at the top, middle, and bottom of pipes, which are 
merely sealed across the top with clay. In no case was the work uncovered. 

The writer also believes that the use of high percentages of carbonates, 


*H. B. Knowlton, “Carburizing and Decarburizing in Case Hardening,’ Transactions, 
American Society for Steel Treating, Vol. 2, 1922, p. 1155. 
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the so-called chemical energizers, may in some cases lead toward decarburiza- 
tion. This was discussed at some length by the writer in an article on eco- 
nomical reuse of carburizing compounds.’ This reports an experiment which 
we have performed several times. This consists in placing the chemical ener- 
gizer in the bottom of the container, the carbonaceous material above, and 
placing either a test piece vertically through both the chemical and the carbona- 
ceous material, or a series of test pieces horizontally at different levels. 

The specimen, or portion of a specimen, in direct contact with the chemical 
has always exhibited either inferior carburizing or actual decarburizing. If we 
remember correctly, Caron’s formula of 60% charcoal, 40% barium carbonate, 
was proposed about 1860, and while it is still given in some of the textbooks, 
we do not believe that any commercial manufacturer of carburizing material 
in this country has used anything approaching that high a content of chemical 
in the last 30 years. Our tests, while somewhat limited, would indicate that a 
high percentage of carbonates might produce high local concentrations of CO: 
in the carburizing container and lead to local decarburization or soft spots. 

We believe that these are points which the case hardener should consider 
in addition to those brought up by Professor Hultgren. 


Authors’ Reply 


Mr. Beckwith, in his discussion, speaks of a “soft skin” in carburized 
production parts as a common occurrence. This may be due to causes of the 
kind discussed by Mr. Knowlton, but may also be connected with the formation 
of oxide during carburizing of certain alloy steels as dealt with in the paper. 
The structure of the skin in a chromium-vanadium steel as described by Mr. 
Beckwith is consistent with the latter interpretation, but it might be suggested 
that the carbon content of the skin is often higher than 0.80%. It may per- 
haps be emphasized again that the softness in this case is not due to deficiency 
of carbon but to insufficient hardenability after the matrix has lost the greater 
part of its dissolved chromium to the oxide formed. The fact that the same 
type of skin was found after carburizing in a commercial gas mixture probably 
indicates that the carbon monoxide content of the gas used was comparable to 
that of the atmosphere obtaining in the carburizing compound. A hydrocarbon 
gas carburizer would not, of course, have caused any skin. 

The experiments referred to by Mr. Breitbart, whose paper was not, un- 
fortunately, known to the authors, have given new and interesting informa- 
tion regarding the formation of a limited carbide zone during carburizing under 
certain conditions. Surfaces of steel SAE 6152 which were protected from 
contact with the carburizing salt during an initfal period of 14%4 hours at 1700 F 
(925C) and were then exposed to the salt for 7 hours showed no carbide 
zone whereas those surfaces that were exposed to the salt all the time did. 
This may be explained as follows: 

Assuming that the steel was annealed in the ordinary way, near Ax, the 
carbide would be high in chromium and manganese (8). On heating in the 
salt, after the carbide has dissolved, the austenite at the previous carbide sites 
will only gradually equalize its originally high chromium and manganese con- 


_ SH. B. Knowlton, “Facts and Principles Concerning Steel and Heat Treatment,”’ 
TRANSACTIONS, American Society for Steel Treating, Vol. 14, 1928, p. 127. 
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tents by diffusion to the surrounding regions. Carbon, allowed to diffuse in- 
ward from the surface during that preliminary stage, will precipitate carbide 
at points of high alloy contents still existing when carbon arrives and reaches 
the saturation value A.» for that particular alloy composition. Thus, within 
a zone of certain depth determined by the rates of diffusion of the particular 
carbide-forming elements on one hand and of carbon on the other, the steel 
will behave like a steel of higher alloy content. The question whether carbide 
will form during carburization or not is determined by the following factors: 
1. actual composition of the steel at points of high contents of carbide-forming 
elements, 2. carbon activity of carburizing medium, 3. temperature, and 4. time. 
For the conditions of salt composition, temperature and time used by Mr. 
Breitbart in his experiment, a homogeneous steel SAE 6152 did not develop 
carbide. 

Thus, the authors agree that inhomogeneity is responsible for the phe- 
nomenon described, inhomogeneity of alloying elements in solution and, pos- 
sibly, to the extent of some carbide being undissolved, but do not believe that 
perfect homogeneity will prevent carbide formation if the amount of carbide- 
forming elements in solution is sufficiently high. The formation of a subscale 
during oxidation of alloys containing oxide-forming elements and the pre- 
cipitation of nitrides of aluminum and chromium during nitriding of nitralloy 
are analogous phenomena, to which the theoretical reasoning given in the paper 
may be applied. 

The authors readily admit that, during their own experiments with pack 
carburizing, the outer parts of the carbide zones observed probably formed 
while the austenite was inhomogeneous and wish to emphasize that the points 
brought out by Mr. Breitbart’s experiments should be kept in mind in alloy 
steel carburizing practice. 

Evidence is available (8) showing that, in the formation of bainite, the 
alloy contents of its ferrite and carbide components are inherited unchanged 
from the austenite. SAE 6152 steel, transformed to bainite and not excessively 
annealed, should become essentially homogeneous on fairly rapid heating and 
should not be susceptible to carbide formation under the conditions referred to. 

The change of surface composition recorded by Mr. Breitbart for a car- 
burized NE 8720 steel is very interesting but the authors do not feel justified 
in making any suggestions, in the absence of certain data including micro- 
structure and carbon content. It is hoped that a report on this is forthcoming. 

Mr. Knowlton undoubtedly has great practical experience in the field of 
pack carburizing and his remarks, although not referring to the present paper, 
merit consideration by all concerned with this process. One of the authors 
is at present engaged in a study of some of the points emphasized by Mr. 
Knowlton and hopes soon to submit his observations. 











THE COLD WORK HARDENING PROPERTIES 
OF STAINLESS STEEL IN COMPRESSION 


By F. K. Btoom, G. N. GoLLer anp P. G. MAsus 


Abstract 


The cold work hardening properties of a large num- 
ber of chromium-nickel and plain chromium stainless 
steels were studied by a special compression test. In- 
creasing nickel content consistently decreases the cold 
work hardening of chromium-nickel alloys while the effect 
of chromium depends on nickel content. The results may 
be explained by assuming that solid solution hardening, 
as well as austenite transformation hardening, is involved. 
Carbon increases and nitrogen decreases the cold work 
hardening of the austenitic alloys, the degree of effect 
depending on their stability. Additions of columbium, 
titanium, and molybdenum, as well as variations in heat 
treatment, have only a minor effect. Cold work hardening 
of the plain chromium steels is slightly increased by 
carbon, chromium, or nickel additions. The total work to 
cold upset these alloys depends principally on their initial 
yield strength in compression, which is dependent on heat 
treatment. Temperature of cold working up to 400 F 
profoundly affects the cold work hardening of the 
chromium-nickel steels and slightly affects that of the 
plain chromium steels. 


INTRODUCTION 


TAINLESS steels are widely used in applications where some 

form of cold heading or cold upsetting operation is part of the 
fabricating process. Greater power is required to perform such 
operations on stainless steel than on plain carbon steels and data in 
the literature indicate that the higher initial hardness of stainless 
steels in general and the rapid work hardening of the chromium- 
nickel stainless steels are factors which contribute to this condition. 


A paper presented before the Twenty-eighth Annual Convention of the 
Society, held in Atlantic City, November 18 to 22, 1946. Of the authors, F. K. 
Bloom is assistant director of research, G. N. Goller is supervising research 
metallurgist, and P. G. Mabus is research metallurgist, Research Laboratories, 
Rustless Iron and Steel Division of The American Rolling Mill Co., Baltimore, 
Md. Manuscript received July 11, 1946. 
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Monypenny (1), (2)', Pfeil and Jones (3), Pilling (4), Kri- 
vobok, et al. (5), and others (6) to (12) investigated the cold work- 
ing properties of some stainless steels and noted certain useful trends. 
However, most of their work was done on cold-rolled or cold drawn 
material and the cold work hardening rates of the various alloys 
studied were indicated by comparing plots of the hardness or the 
tensile strength of the material against the per cent cold reduction. 
This method requires many specimens and perhaps for this reason 
the full range of compositions common to stainless steels was not 
completely covered in any instance. The most comprehensive work 
from the standpoint of composition range examined is that of 
Monypenny who studied twenty-five alloys and Pfeil and Jones whose 
work covered eighteen alloys. 

An investigation was initiated in the research laboratories of the 
company with which the authors are connected, to study thoroughly 
the influence of the analysis, prior heat treatment, and temperature at 
which work is done on the cold working characteristics of the stain- 
less steels. 

By the use of a relatively simple compression test, eighty-nine 
chromium-nickel and forty-four plain chromium stainless alloys were 
evaluated with regard to their cold working characteristics. 


PROCEDURE 


The method used in this investigation to evaluate cold work 
hardening properties consisted of a compression test conducted on 
cylindrical machined specimens 0.400 inch in diameter by 0.800 inch 
in length, during which the load versus reduction in height relation- 
ship was recorded by means of a total elongation extensometer (10 
magnification) and an O. S. Peters autographic recorder. The 
arrangement of the specimen and extensometer in a 120,000-pound 
capacity tensile testing machine is shown in Fig. 1. The typical 
curves in Fig. 2 were traced from actual recorded curves and super- 
imposed on the same chart. The origin of these curves is located at 
the right side of the chart due to the nature of the recording equip- 
ment. The specimens were placed between hardened and highly 
polished high speed steel dies, and the motion of the dies during 
compression measured by the extensometer. Because of this arrange- 


ment, the measured reduction in height included some small elastic 
compression of the dies. 


1The figures appearing in parentheses pertain to the references appended to this paper. 











Fig. 1—Arrangement of Specimen and Extensometer in Cold Compression Test. 


Timoshenko (13) has given a formula which allows computation 
of the elastic deflection of the die foundation under such test con- 
ditions. The equation in the case of cylindrical specimens is: 


0.90 X Load 
Deflection = ———__—_—_____ 


30 X 10° X VArea 

Using a conservative figure of 0.600 inch for the diameter of 
contact between the compressed specimen and die at the maximum 
observed compression load of 99,000 pounds, the total die deflection 
is 0.011 inch or about 2% of the total measured deflection (0.500 inch 
at 62.5% reduction). In the majority of instances the error from 
this source is substantially smaller than this amount and in no case 
would influence any of the comparisons drawn. 

The amount of work required to flatten the specimen is repre- 
sented closely by the area under the load-reduction curve. This area 
depends both’on the total reduction applied and the strengthening of 
the material by the cold reduction. It also includes an insignificant 
amount of work involved in elastic compression of the die foundation. 
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Fig. 2—Autographic Records of Load Versus Reduction in 
Height for Three Typical Stainless Steels. 





If some fixed per cent reduction is selected, the cold working 
properties of various alloys can be compared by means of this area 
or the compression work. The reduction in height selected was 
62.5%, since all specimens could be compressed this amount without 
exceeding the capacity of the testing equipment. 

Fig. 2 shows that the load-reduction curve comprises two distinct 
portions. The first is elastic compression where the load rises rapidly 
up to the yield strength. This is then followed by fairly sudden 
yielding and plastic flow of the specimen with the load rising gradually 
as the height is reduced. The first portion of the curve is substan- 
tially independent of the work hardening characteristic of the material 
and depends only on the initial yield strength in compression, since 
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an insignificant amount of cold work occurs between the elastic 
limit and the yield point as measured in this test. The second 
portion of the curve is related to the cold work hardening properties 
of the alloy. The work area under the curve has, therefore, been 
divided into two portions, the area under a line drawn horizontal from 
the yield strength and out to 62.5% reduction, and the area above 
this line and below the compression curve. The yield strengths used 
in this work were determined at approximately 0.5% offset. This 
point was not accurately determined due to the low magnification. 
Actually, an accurate determination of a precisely defined yield 
strength, such as is required in the case of ordinary tensile tests 
specifying a minimum value, is not required in the present investiga- 
tion. Minor displacements of the curve at the yield strength cause 
negligible changes in the total area under the load-reduction curve 
and unimportant changes in the distribution of the total area between 
the two portions mentioned above. 

Early in the investigation, it was observed that the compression 
work value was sensitive to small variations in the dimensions of the 
test specimen. To determine the degree of this effect, a series of 
specimens was prepared and tested from three alloys of widely 
varying composition and work hardening rates. The lengths and 
diameters of these specimens were varied in small steps from 0.400 
to 1.000 inch and 0.300 to 0.450 inch respectively. The compression 
work was found to vary directly both with original cross sectional 
area and original height of the specimen. Hence, when the total 
compression work for each specimen was plotted against its volume, 
nearly straight lines apparently intersecting close to the origin were 
obtained, as may be seen by reference to Fig. 3. Because of this 
relationship, the effect of unavoidable small variations in specimen 
size on the compression work could be effectively eliminated by 
dividing the compression work by the volume of the specimen. The 
value thus obtained is expressed as total work per unit volume and is 
substantially independent of the specimen dimensions within the 
sizes employed. 

The total work per unit volume, for the reasons given above, has 
been separated into two quantities, the “yield strength factor’ and the 
“cold work hardening factor”. The sum of these equals the total 
compression work and is called “total work factor”. For the sake of 
convenience in plotting the data, the unit work factor was selected as 
1000 foot-pounds per cubic inch. Since this work was chiefly con- 
























848 





TRANSACTIONS OF THE A. S. M. Vol. 39 





cerned with securing a practical relationship between alloy content, 
heat treatment, etc., and some parameter of cold work hardening 
properties in compression, no attempt has been made to analyze the 
significance of these “factors” from the standpoint of the nature of 
plastic flow occurring in compression, although this should be of 
considerable theoretical interest. 
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Fig. 3—Effect of Specimen Size on the Work Area 
Under the Load-Reduction Curve. 





Since it was suspected that the rate of compression might affect 
the data, a series of tests was carried out on specimens of 18% 
chromium-8% nickel, 18% chromium-10% nickel, and 17% chro- 
mium analysis at controlled head speeds above the yield point of 
0.01, 0.05, 0.10, 0.50, and 1.00 inch per minute. The latter speed was 
the maximum at which the extensometer would function. The 
results of these tests are plotted in Fig. 4. In each case, for head 
speeds up to about 0.1 inch per minute, the “cold work hardening 
factor’’ decreased rapidly with increasing head speed. Above this 
speed and up to 1.0 inch per minute, the curve for the 17% chromium 
alloy appeared to be level or the values unaffected by head speeds, 
while the curves for the two chromium-nickel alloys continued to 
drop slightly. On the basis of these results, the head speed in all 
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other tests was carefully controlled at 0.10 + 0.01 inch per minute. 
This speed was slow enough to prevent the material from noticeably 
heating up during the test, and compression rate could be con- 
veniently controlled with a Baldwin-Southwark ram pacer. 

In the beginning, a limited number of tests were also conducted 
to study the effect of testing temperature over the range from 32 
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Fig. 4—Effect of Head Speed on the ‘“‘Cold Work Hard- 
ening Factor” of Three Typical Stainless Steels. 


to 120 F. Later this work was extended up to a temperature of 
950 F. The complete results are described further on in this paper. 
It was found that temperature appreciably affects the results and 
consequently all tests were carried out at a temperature of 85 + 3 F. 
This small spread in temperature limits the error from this source to 
less than 3% in the case of the fast work hardening materials and to 
less than 1% in the case of slow work hardening materials. 

Another possible variable which was believed might affect the 
results, namely, the degree of lubrication between the dies and the 
ends of the specimens, was subject to brief study. Again specimens 
were prepared from three alloys widely different in analysis and 
compressed first with the ends free from any oil, and then successive- 
ly with a high pressure lubricant, water soluble oil, vaseline, and 
water as lubricants. No detectable difference in “total work factor” 
was found within the limits of accuracy of the test and the balance 
of the specimens were then tested without lubrication. 
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MATERIALS TESTED 


The majority of alloys studied were melted in an induction 
furnace and cast in 17-pound ingots which were forged to 54-inch 
square rods. The latter were heat treated and machined to final 
dimensions. The investigation of the cold working properties is 
divided into the following sections : 

1. Chromium-Nickel Steels—Alloys containing from 11 to 20% 
chromium and 6.5 to 20% nickel were investigated. Besides the 
effect of chromium and nickel, the influence of carbon, nitrogen, 
manganese, titanium, columbium, and molybdenum, as well as the 
effect of heat treatment, was also studied. 

2. Plain Chromium Steels—Alloys containing from 10 to 20% 
chromium, 0.02 to 0.14% carbon, 0 to 2% nickel were tested. Varia- 
tions in the initial yield strength produced by heat treatment were 
also studied. 

3. Effect of Temperature—Specimens from 18% chromium- 
8% nickel, 18% chromium-10% nickel, and 17% chromium heats 
were tested at temperatures ranging from 32 to 950 F. 


CHROMIUM-NICKEL AUSTENITIC STEELS 


Since the chromium-nickel stainless steels exhibit the greatest 
variation in performance during cold working operations, they were 
investigated first. Sixty-four alloys were studied to determine the 
influence of chromium and nickel contents on the cold work hardening 
properties. An additional twenty-five alloys were studied to deter- 
mine the effect of carbon, manganese, nitrogen, titanium, columbium 
and molybdenum. The analyses of the alloys studied are shown in 
Tables I and II. The initial hardness after annealing treatment at 
1950 F (1065C) for 0.5 hour followed. by water quenching, the 
“total work factor” and the “cold work hardening factor” are in- 
cluded in these tables. 

Fig. 5 shows the variation in “cold work hardening factor” with 
variation in nickel content at constant chromium levels of approx- 
imately 15, 18 and 20%. In all cases, and this is true at the other 
chromium levels studied, the “cold work hardening factor” at first 
drops rapidly as the nickel content increases to about 10 to 12% 
and then falls much more slowly. This effect of nickel on cold work 
hardening in compression compares closely with the observations 
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Effect of Variations in the Chromium and Nickel Content on Cold Working 
Characteristics of Chromium-Nickel Stainless Steels 
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Fig. 5—Effect of Nickel Content on the “Cold Work 
Hardening Factor’’ of Chromium-Nickel Stainless Steels 
Containing 15, 18 and 20% Chromium. 





Table Il 


Effect of Variations in Carbon, Nitrogen, Manganese, Columbium, Titanium, and 
Molybdenum on Cold Working Characteristics of Chromium-Nickel Stainless Steels 












Initial 
Hardness Total Cold Work 
Steel Rockwell Work Hardening 
No. Cc Mn Si Cr Ni N Mo Cb Ti “— Factor Factor 








65-A 0.041 0.43 0.38 17.61 12.14 0.019 .. ... ... 81 111 92 
B_ 0.056 oe os  etpe - owes ee: bake hehe eee 82 112 93 
C 0.105 oe ‘> webe cote Soe. he ae eee 83 115 96 
D 0.160 ee ove lacws .-eacke eee) ‘ha! eum, aes 84 122 99 
66-A 0.032 0.47 6.39 18.26 8.10 0.021 .. 1.2 oes 83 129 106 
B_ 0.047 oe eo seee eves ves. . pel eae wee 86 144 121 
C 0.101 os os . eske twee ost “ow Deals aes 93 158 131 
D 0.156 ee ce) Lae. seas such be - $40. . nn 94 164 133 
67-A 0.077 0.40 0.43 17.58 12.20 0.019 .. ... «.. 77 113 94 
B eee ee ones. Soet) sabe eae 81 113 94 
Cc eee ee ae. uadee aves. GE. 66 — aval. eon 82 116 93 
68 Sion wee. GAs 37.59 7.82 CEP oc dee sve 83 167 146 
69 Olen Gre G68’ 37.77 7,96 Gee 6s cee eve 83 162 141 
70 G.09S 35 G41 137.68 ._ 7.40 GOPl 62 see coe 86 160 139 
Jim. GSTs B47 G36 37.73 1320 GRIF 2... sen’ bec 79 110 93 
B eos 0.92 oe 6c sen oes 80 110 93 
Cc 1.75 80 110 93 
D coe 3.68 ee ese seee ie Soe mY cen i ee 83 108 91 
72-A 0.073 0.43 0.44 17.78 12.14 0.025 .. 0.005... 79 110 91 
B see ee ae seeps OS bana coe =60oe O44 see 83 116 93 
C eee es je) .aeee whee eee - 0.65 aes 86 119 94 
73-A 0.073 0.42 0.46 17.81 12.06 0.022 .. ... 0.005 81 112 93 
B eos ee an 9d00” vewne rr .. 0.24 82 115 94 
Cc eee ee ce: eben. wees coe te - 0.49 82 114 93 
74 0.071 1.70 0.32 18.32 12.18 ~++ 2.67 ose 81 112 93 


Some of the above melts were divided into several ingots, an addition being made before 
the pouring of each. Complete analysis was obtained on the first ingot only. 
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Fig. 6—Effect of Chromium Content on the “Cold Work Hardening Factor” of 
Chromium-Nickel Stainless Steels Containing 6.5, 8, 10, 12, 14, 16 and 18% Nickel. 


made on cold-rolled material by Monypenny, Pilling, Pfeil and Jones, 
and Krivobok. 

The slope of these curves and their level varies markedly with 
chromium content and it is apparent that this element does not have 
the same regular effect as nickel. In fact, if the data in Table I are 
replotted as in Fig. 6 to show the variation in “cold work hardening 
factor” with chromium content at constant nickel levels, a series of 
approximately straight lines are obtained whose slopes depend on the 
amount of nickel present. When nickel is low, i.e., around 6.5%, 
the “cold work hardening factor” decreases rapidly as chromium 
increases. When the nickel content is 10%, this factor decreases 
slowly with increasing chromium content. At a level of 12% nickel, 
chromium variations have little or no effect, while at even higher 
nickel levels the trend is reversed and higher chromium contents 
result in increased cold work hardening. Krivobok’s data on cold- 
rolled materials containing 7 to 9% nickel and 17 to 19% chromium 
show a similar trend, with the single exception of the low carbon, low 
nickel analysis where work hardening rate appears to increase with 
increasing chromium content. 

This rather unusual relationship is believed by the authors to 
result from the combination of two separate factors, each affecting 
the work hardening characteristics of these alloys. The first of these 
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has frequently been mentioned in the literature and is related to the 
thermodynamic instability of the alloys which permits partial trans- 
formation during cold working to a magnetic ferrite (perhaps 
martensite) phase. This is believed to add to the strength of the 
cold-worked austenite. This mechanism explains satisfactorily why 
the low nickel composition work hardens so intensely and why in- 
creasing the chromium content of such alloys decreases cold work 
hardening since chromium, as well as nickel, has long been known to 
increase the stability of austenite. It fails, however, to explain why 
at high nickel contents the effect of increasing chromium is to 
increase the cold work hardening. The second factor present, which 
will explain this anomaly, is the one observed by Gensamer and 
Lacy (14) as well as others in ferritic alloys. This is the increase 
in cold work hardening rate arising from solid-solution effects which 
result in increased work hardening as the total alloy content in- 
creases, i.e., as nickel and chromium contents increase. The final 
result observed is the sum of the effect of transformation hardening 
plus the effects of increased alloy content. At low nickel levels where 
the alloys are very unstable the former predominates; at high nickel 
levels where the alloys are very stable the latter is most important. 
Some support for this hypothesis is found in the location of the line 
in Fig. 6 which separates the alloys which were magnetic after com- 
pression (transformed by cold work) from those which remained 
nonmagnetic. This line lies approximately between the compositions 
where cold work hardening is decreasing as chromium content in- 
creases and where the reverse is true. This dividing line is not 
exact, partly because of the crude nature of the hand magnet test 
and partly because of complications introduced by the presence of 
some small amounts of ferrite in the high-chromium, low-nickel alloys 
which cause them to respond to the magnet even before cold working. 

“Cold work hardening factors” were determined for 18% 
chromium-8% nickel and 18% chromium-12% nickel compositions 
containing from 0.03 to 16% carbon. The effect of this element is 
shown in Fig. 7. The factor for the 18% chromium-12% nickel alloy 
increases very slightly with increasing carbon content. In contrast, 
the effect of carbon on 18% chromium-8% nickel alloy is very 
marked, increasing the “cold work hardening factor” very sharply 
as it increases from 0.03 to 0.10% and much less thereafter. The 
effect of carbon on cold work hardening from cold rolling and cold 
drawing has been a point of some dispute. Sharschu found that 
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higher carbon analyses apparently work-hardened slower than low 
carbon. Pfeil and Jones reported the opposite effect and the trend of 
their results coincides closely with the authors’. They attribute the 
low cold work hardening rate in the low carbon 18% chromium-8% 
nickel alloys to extreme instability of the austenite which transforms 
substantially to martensite of low carbon content and low hardness. 
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Fig. 7—Effect of Carbon Content on the “Cold Work 
Hardening Factor’ of 18% Chromium-8% Nickel and 
18% Chromium-12% Nickel Stainless Steels. 


The influence of nitrogen content between 0.019 and 0.094% on 
the cold work hardening properties of a 17% chromium-7% nickel 
and an 18% chromium-12% nickel alloy was studied. The data 
listed in Table II show a decided decrease in cold work hardening in 
the 17% chromium-7% nickel alloy as the nitrogen content is raised 
and a slight decrease in the case of the 18% chromium-12% nickel 
steel. This trend in results might conceivably be explained on the 
basis that nitrogen tends to stabilize chromium-nickel austenites, but 
the contrast between the effect of this element and that of carbon is 
not easily explained. 

The effect of manganese on an 18% chromium-12% nickel steel 
was studied and the results shown in Table II indicate that manga- 
nese acts similarly but less powerfully than nickel in decreasing cold 
work hardening. 

The addition of columbium, titanium, and molybdenum to an 
18% chromium-12% nickel alloy had little or no effect on its “cold 
work hardening factor”, although these elements increase the initial 
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Table Ill 


Effect of Heat Treatment on the Cold Working Characteristics of 
Chromium-Nickel Stainless Steels 








Steel No. i Cr Ni 
86 0.051 18.31 8.70 
Initial Total Cold Work 
Hardness Work Hardening 
Treatment Rockwell ‘*B”’ Factor Factor 
Hot- rolled Oni 85 136 113 
1850 F r WwW 85 134 111 
1950 F 8 a WwW 84 132 112 


2050 F % hr W 82 132 112 


yield strength somewhat, thereby causing a slight increase in the 
amount of power required to upset them. Pfeil and Jones observed 
similar trends when they studied the effect of molybdenum and 
titanium on a cold-rolled 18% chromium-15% nickel alloy. 

The influence of prior heat treatment on the cold work hardening 
of a commercial heat of 18% chromium-8% nickel was studied. The 
results in Table III show that this does not produce any substantial 
variation in “cold work hardening factor”. This is in agreement with 
the observations of Monypenny, Pilling, and Pfeil and Jones. The 
very slight decrease in “total work factor” with higher annealing 
temperatures results from the decrease in yield strength. 


STRAIGHT CHROMIUM STAINLESS STEELS 


Except for a few scattered tests (1), (2), (6) the cold work 
hardening properties of the plain chromium stainless steels apparently 
have not been studied. This may be due to the smaller variations in 
this property with variation in composition when compared to the 
effects observed in the chromium-nickel stainless steels. 

In order to shed some light on this subject a series of forty-four 
alloys shown in Tables IV and V were studied. The effect of varia- 
tions in chromium and carbon contents as well as the effect of small 
nickel additions were investigated. 

The yield strengths of the straight chromium alloys vary much 
more markedly with composition and heat treatment than is the case 
with the chromium-nickel alloys. The data in Tables IV and V 
show in a striking way the importance of distinguishing between the 
effect of this factor and the effect of cold work hardening on the total 
compression work. 

In Fig. 8 the “total work factor” and the “cold work hardening 
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Table IV 


Effect of Variations in Carbon and Chromium Content on Cold Working 
Characteristics of Plain Chromium Stainless Steels 


Initial Total Cold Work 
Steel Hardness Work Hardening 
No. eS Mn Si Cr Ni Rockwell “B’’* Factor Factor 
75-A 0.027 0.40 0.32 10.19 0.12 68 71 52 
B 0.060 ae =a vue be 70 76 55 
Cc 0.091 85 86 57 
D 0.115 <n ‘a vito 7 90 90 60 
76-A 0.040 0.46 0.35 11.89 0.12 76 79 55 
B 0.080 sig ba Se « ae 85 89 58 
E 0.098 89 93 60 
D 0.126 ee ae vias 90 101 63 
77-A 0.039 0.44 0.36 13.96 0.13 80 80 57 
B 0.053 a 7 wébaw s 82 86 58 
Cc 0.080 84 92 61 
D 0.140 Ks — ota iad 90 99 66 
78-A 0.038 0.48 0.17 16.06 0.11 83 84 58 
B 0.071 aa oa aan ne 84 90 61 
. 0.078 is a cant od 85 92 62 
D 0.138 5% a 7 ae 88 96 67 
79-A 0.029 0.43 0.36 17.98 0.30 80 79 58 
B 0.056 ‘a os ae sy 81 83 60 
. 0.090 oa a aoe es 82 91 64 
D 0.113 ie - omen os 82 92 65 
80-A 0. cee 0.42 0.39 19.82 0.30 79 80 59 
B 0.056 oa aa o tat - 82 82 61 
; 0,089 we a seem ae 83 89 64 
D 0.118 a ee eae . 83 90 66 


*Specimens treated at 1450 F for 4 hours and air-cooled. Fe A 
Some of the above melts were divided into several ingots, an addition being made before 
the pouring of each. Complete analysis was obtained on the first ingot only. 





Table V 
Effect of Variations in Nickel Content on Cold Working 
Characteristics of Plain Chromium Stainless Steels 


Initial Total Cold Work 


Steel Hardness Work Hardening 
No. Cc Mn Si Cr Ni Rockwell “B’’* Factor Factor 
81-A 0.060 0.36 0.28 11.39 0.08 91 93 57 
B ets e's ee oun 0.55 94 98 58 
. 1.05 95 100 58 
D 1.45 96 101 59 
E ence he % 90s 2.11 96 106 60 
82-A 0.041 0.40 0.33 15.92 0.11 87 82 60 
B os i oa eau 0.58 90 83 61 
Cc 1.11 94 97 62 
D 1.62 96 106 64 
E wind a aa sida 2.15 98 113 65 
83-A 0.100 0.35 0.27 11.91 0.10 97 105 65 
B ae - oa nt ats 0.58 97 109 65 
e 1.09 98 110 66 
D 1.59 98 112 67 
E nee ms ‘ine sth dat 2.11 99 117 69 
84-A 0.121 0.32 0.25 15.45 0.10 94 104 69 
B nieia ro as ne 0.59 96 113 69 
Cc 1.09 99 117 70 
D 1.62 C-22 120 70 
E 2.15 C-24 127 71 


| 





*Specimens treated at 1200 F for 4 hours and air-cooled. 
Some of the above melts were divided into several ingots, an addition being made before 
the pouring of each. Complete analysis was obtained on the first ingot only. 
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Fig. 8—Effect of Carbon and Chromium Content on_ the 
“Total Work Factor” and “Cold Work Hardening Factor” of 
Plain Chromium Stainless Steels. 


factor” for a series of alloys varying in carbon and chromium con- 
tents has been plotted against carbon content at six constant chromium 
levels of 10, 12, 14, 16, 18 and 20% respectively. Increasing the 
carbon content results in increased total compression work at any 
particular carbon level. The effect of chromium, however, appears to 
be quite irregular. If the effects of variations and yield strength are 
eliminated, however, by subtracting the yield strength factor from 
the “total work factor”, the remaining “cold work hardening factor” 
is then found to vary in a consistent manner with both carbon and 
chromium content as shown. This type of regular variation would 
normally be expected from the solid-solution effects of these elements. 
Variations in yield strength with carbon and chromium, on the 
other hand, are not regular and depend on whether the structure of 
the alloys is wholly tempered martensite or a mixture of tempered 
martensite and ferrite. These structures in turn depend in a fairly 
complex manner upon both chromium and carbon content for well- 
known reasons. 

The effect of nickel on the “total work factor” at two levels of 
carbon and chromium content as well as its effect on “cold work 
hardening factor” is portrayed in Fig. 9. Increasing nickel contents 
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Fig. 9—Effect of Nickel Content on the “Total Work 
Factor’ and “Cold Work Hardening Factor’ of Plain 
Chromium Stainless Steels. 

up to 2.25% result in a small increase in the cold work hardening, 
no doubt due to solid-solution effects. The influence of the element 
on the total compression work, however, is much more pronounced 
due to its effect in increasing the yield strength of the alloys. 

Generally speaking, in the plain chromium alloys the influence 
of carbon, chromium, and nickel on cold-compression work is due 
only slightly to their effect on the cold work hardening rate and 
principally to their effect on yield strength. Since this latter property 
can be varied by heat treatment, one commercial 17% chromium 
steel annealed at various temperatures to produce a wide range of 
yield strengths was studied. “Total work factors” and “cold work 
hardening factors” were determined for each set of specimens. This 
data are listed in Table VI and plotted in Fig. 10 to show the relation 
to yield strength in compression. The “cold work hardening factor” 
was found to be entirely independent of yield strength, that is, un- 
affected by heat treatment. The “total work factor”, however, in- 
creased linearly with yield strength. 
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Table VI 


Effect of Heat Treatment on the Cold Working Characteristics of 
a 17% Chromium Stainless Steel 


Steel No. c Cr Ni 
87 0.084 16.95 0.18 
Initial Total Cold Work 

Hardness Work Hardening Yield Strength in 

Treatment Rockwell ‘“‘B” Factor Factor Compression, psi 
Hot-Rolled Only 93 108 66 77,000 
1100 F 4 hrs AC 85 97 66 60,000 
1200 F 4 hrs AC 84 95 66 55,000 
1300 F 4 hrs AC 82 90 65 48,000 
1400 F 4 hrs AC 80 87 66 45,000 
1500 F 4 hrs AC 78 83 66 40,000 
1550 F 4 hrs SC 77 84 66 40,600 





25 F % hr to 1100 F AC 


Grade C Cr WNi 
i7Cr 084 1695 .i8 


Factor 








40 50 60 70 80 
Yield Strength in Compression, 000 Psi 


Fig. 10—Effect of Variations in the Yield 
Strength of a 17% Chromium Stainless Steel 
Annealed at Different Temperatures on _ the 
“Total Work Factor’’ and “Cold Work Hard- 
ening Factor.” 


THe Errect or TEMPERATURE 


It has been reported (15), (16) that a decrease in work harden- 
ing rate occurs when stainless steels are worked at slightly elevated 
temperatures. Consequently, an investigation of the cold-compression 
properties of these alloys would not be complete without some data 
indicating the effect of this variable. Commerial heats of 18% chro- 
mium-8% nickel, 18% chromium-10% nickel, and 17% chromium 
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were tested in compression at temperatures ranging from 32 to 950 F 
(510C). The apparatus was slightly modified by surrounding the 
specimen with a container of water, oil, or salt, and maintaining the 
temperature by means of an immersion heating unit. 

In Fig. 11 the effect of temperature on “cold work hardening 
factor” and on “yield strength factor’ is shown, while Fig. 12 shows 


Rock 
Ni _Hord 
1777 8.42 B75 
17.88 1074 872 
17.13 .24 


Ms Magnetic After Cold Work 


SM = Slightly Magnetic After Cold Work 
N«=Non Magnetic After Gold Work 





O 100 200 300 400 S500 600 700 800 3900 1000 
Temperature, F 


Fig. 11—Effect of Compression Temperature on the ‘‘Cold 

Work Hardening Factor’ and ‘‘Yield Strength Factor’’ of 18% 

Chromium-8% Nickel, 18% Chromium-10% Nickel and 17% 

Chromium Stainless Steels. 
the effect on “total work factor’. The first of these shows that the 
“cold work hardening factor” of the austenitic chromium-nickel alloys 
decreases rapidly as the temperature is raised up to about 400 F 
(205 C) and thereafter more slowly. The factor for the 17% chro- 
mium alloys is much less affected, decreasing slowly up to 400 F and 
showing no effect beyond this point. As Aborn (16) has noted, the 
rapid decrease in cold work hardening of the chromium-nickel alloys 
is related to the suppression of austenite transformation during cold 
working. Verification of this was found in the hand magnet tests on 
the cold-compressed samples. 

At high temperatures where the transformation factor is elim- 
inated, the alloys assume the relationship which would be expected 
from solid-solution hardening effects alone, i.e., the 18% chromium- 
10% nickel alloy was found to cold work harden slightly more than 
the 18% chromium-8% nickel alloy and both to work harden more 
than the 17% chromium alloy. The effect of temperature on yield 
strength must also be taken into account when considering the over- 
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Fig. 12—Same as Fig. 10, Except That “Total Work 
Factor” is Plotted Against Temperature. This factor is the 
sum of those in previous figure. 


all effect of this variable on total compression work. The yield 
strength of the 17% chromium alloys is less affected by temperatures 
up to 950 F (510 C) than the yield strength of the chromium-nickel 
alloys. Hence, when this is added to the “cold work hardening 
factor” the resultant total compression work for the 17% chromium 
alloys is about the same as that of the chromium-nickel alloys at 


temperatures above 500 F (260 C). 
SUMMARY 


By means of a special compression test, the cold work hardening 
properties of a wide variety of austenitic chromium-nickel and plain 
chromium steels during cold upsetting were studied. The results 
may be briefly summarized as follows: 

1. The effect of composition and other variables on cold work 
hardening in compression of chromium-nickel and plain chromium 
steels follows the same trends as those which have been observed in 
cold rolling and cold drawing by other investigators. 

2. The chromium-nickel stainless steels cold work harden more 
intensely than the plain chromium steels and generally require sub- 
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stantially more work to cold upset. Cold work hardening varies 
markedly with chromium and nickel contents. It appears to depend 
both on a factor related to austenite stability and on a factor related 
to total alloy content. Increase in nickel content results in a decrease 
in cold work hardening at all chromium levels studied. Increasing 
chromium content results in a decrease in cold work hardening at 
low nickel levels but acts conversely at high nickel levels. 

3. Increasing the carbon content slightly increases the cold work 
hardening of stable chromium-nickel alloys, and between 0.03 and 
0.10% sharply increases the cold work hardening of unstable 
chromium-nickel alloys. Nitrogen appears to act in the opposite 
direction. Manganese decreases cold work hardening but is less 
effective in this respect than nickel. Columbium, titanium, and 
molybdenum within the usual commercial ranges have little effect 
nor does annealing temperature seem significant. 

4. The work required to cold upset straight chromium steels is 
principally a function of initial yield strength and depends only 
slightly on the modest increase of cold work hardening from solid- 
solution effects as the total alloy content is increased. 

5. Variations in annealing treatment of the plain chromium 
steels have no effect on the “cold work hardening factor” but markedly 
alter the yield strength. The total compression work is found to 
increase linearly with increase in yield strength. 

6. Temperature exerts a marked effect, especially in the case of 
the chromium-nickel stainless steels. Work hardening of these alloys 
drops rapidly between room temperature and 400 F (205C) and 
slowly thereafter up to 950 F (510C). This drop is accompanied by 
a suppression of the normal austenite transformation to a magnetic 
phase. The plain chromium steels are affected to a much smaller 
degree. At about 500F (260C) and above, the chromium-nickel 
alloys require no more total work to compress them than the plain 
chromium steels. 
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DISCUSSION 


Written Discussion: By H. K. Ihrig, director of laboratories, Globe Steel 
Tubes Co., Milwaukee. 

We wish to compliment the authors on an excellent paper on the important 
subject of cold working of stainless steels. They have reduced all the variables 
to a minimum and have carefully controlled their tests on a large number of 
different analyses. 

Their work on samples in compression gives similar results to ours in the 
cold drawing of stainless steel tubing. 

Written Discussion: By C. B. Post, metallurgist, and W. S. Eberly, 
Metallurgical Department, The Carpenter Steel Co., Reading, Pa. 

When a cylindrical sample of austenitic stainless steel is upset by com- 
pression as in the paper under discussion, the work per unit volume required to 
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deform the cylinder a constant amount can be resolved into at least three parts. 

(a) W; is the work to reach the elastic limit before plastic flow starts. 

(b) W: is the work to strain the austenite during plastic flow. Ws is a 
function of the amount of alloying elements in the austenite, as illus- 
trated by the data of the authors on the effect of carbon and chromium 
on the cold work factor for chromium-nickel austenites. 

(c) Ws is the work to strain any pseudomartensite precipitated during the 
process of plastic flow. W:; should be a function of a factor such as we 
have defined in our paper.” The factor which we have used to indicate 
the instability of austenite is denoted by A, where A is the difference 
between the per cent nickel actually analyzed in the steel and per cent 
nickel (theoretical), where the latter is the percentage nickel which 
would just make the alloy completely stable. When A is negative 
it means that the alloy does not have enough nickel to make it stable, 
and the more negative this value, the more unstable the alloy. When 
A is positive it means that the alloy has more nickel than is needed 
to make it stable, and the more positive this value, the further the alloy 
will lie in the gamima-field at room temperature. 

The cold work factor used by the authors is thus the sum of the two 

work functions W; and Ws. 

For A = 0, and all positive values, the function W; must reduce to zero 
and remain at zero for all positive values of A. 

The cold work function as determined by the authors for chromium-nickel 
austenites containing 0.05 to 0.10% carbon (see their Table I) as plotted in 
Fig. A against the A = factor as used in our paper to determine the stability 
of these chromium-nickel austenites. The A values were computed from the 
empirical formula 

(Cr +1.5Mo—20)* Mn 
A = Nianat. — ————__ + — — 35 X 2 C+ 15 
12 2 

It is to be noted that the curves in Fig. A are composed of two linear 
portions, a part where a more negative value of A causes a rapid increase in the 
cold work hardening factor, and a portion where positive values of A cause a 
relatively small decrease in the cold work factor. The first part of the curves 
is due principally to the work function Ws, and is associated principally with the 
stiffening of the metal due to precipitation of the pseudomartensite from the 
unstable austenite (negative A values). A break occurs at A = —2 to 
A =-—1 which indicates that this reduction in area by cold work in the 
authors’ test is somewhat less than that used by the writers in their work, viz., 
A value of zero was taken to denote an austenite which was just stable, this 
criterion being based upon no magnetic change after cold reduction of 80%. 
After this break, the flattened portions of the curves represent stable austenitic 
compositions, and the small decrease in cold work factor with increasing 
A value can be due to the softening effect of nickel, since the nickel is increasing 


as J gets more positive. This latter part of the curves is primarily concerned 
with the work function Ws. 


*C. B. Post and W. S. Eberly, “Stability of Austenite in Stainless Steel,” Trans- 
AcTIoNS, American Society for Metals, Vol. 39, 1947, p. 868. 
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Fig. A—-Compressive Cold Work Hardening Factor as Deter- 


mined by (a) Stability of the Austenite and (b) Chromium and 
Nickel Contents at Constant Carbon Contents. 


At constant pesitive A values, the cold work function should vary as the 
work function Ws, i.e., the cold work function is principally determined by the 
solution hardening effects of the constituent alloys. This is shown nicely by 
the data of the authors on the effect of carbon on the cold work function, and 
also the effect of chromium content on stiffening up the austenite. 

The effect of carbon was also studied in the authors’ paper on the tensile 
strength developed in austenitic steels where the A factor is more positive than 
—4.00. Taking the effect of carbon on the tensile strength at 60% cold 
reduction (see our Fig. 2) and the data of Bloom shown in Fig. 7 for the 18% 
chromium-12% nickel austenitic steel, we get the following correlation between 
“Cold Work Factor” in Bloom’s experiments and the tensile strength at 60% 
cold reduction in strip. (Note that this applies only to those austenites whose 
4 values are greater than —4.00.) 


Tensile Strength, psi “Cold Work 
at 60% Cold Reduction Factor” 
165,000 91.0 
172,000 92.0 
181,000 94.0 
188,000 96.0 
193,000 98.0 
197,000 100.0 


The relatively small increase in cold work factor caused by an increase in 
carbon in the range 0.04 to 0.16% in an 18% chromium-12% nickel stainless 
steel is interesting and is also shown in our Fig. 2. The data of our Fig. 2 
indicate that below 0.04% carbon the tensile strength after cold working will 
fall rapidly, and the data of the authors is additional substantiation of this fact. 
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We believe that caution should be used in applying this rule that lower carbons 
will lead to lower tensile strength when the alloy content is about 18% chromium 
and 8% nickel. Small changes in the nickel content in this region will change 
completely the effect of this carbon, and has been the source of some misunder- 
standing in the past. 

The data of the authors on the “Total Work Factor” for the plain chromium 
stainless steels are of interest because of their bearing on cold hobbability of 
stainless steels. As is well known, the cold hobbability of any ferritic steel is 
judged pretty much by the annealed hardness and annealed tensile properties. 
This has been given some basis by the data shown in this paper, and the data 
serve to show that the “work hardening” effects are relatively small once the 
metal can be started to deform plastically. 

The effect of elements such as silicon, manganese, etc., on the total work 
factor for these ferritic chromium stainless steels is of importance, and in 
some cases can overshadow the effect of carbon in obtaining dead-soft annealed 
hardnesses for this field of application. 


Authors’ Reply 


The authors appreciate the comments of the discussers and are pleased to 
acknowledge the general agreements that are indicated. The suggestion of 
Messrs. Post and Eberly that the total work of deformation may be divided into 
three quantities is certainly an interesting one. 

The use of this concept to relate their A factor to the authors’ “cold 
work hardening factor” brings out very clearly the fact that as well as the 
factor of austenite instability, solid-solution hardening effects must also be 
reckoned with in considering the effect of variations in composition on the 
cold work hardening of the chromium-nickel austenites. It is this effect, no 
doubt, as the authors have noted in their discussion of Messrs. Post and Eberly’s 
paper, which accounts for the position of the curves in the plot of “A” against 
“cold work hardening factor” at higher and higher levels of work hardening 
rate as chromium content increases. 

The complex effect of carbon on the cold work hardening factor is probably 
explained by the fact that it may affect this quantity in three ways. First, by 
affecting the stability of the austenite, as suggested by Post and Eberly. Second, 
it may produce solid-solution hardening effects in the austenite. Finally, in 
alloys which are unstable and transform during cold work, it is reasonable to 
expect that the amount of carbon present will affect the hardness of the trans- 
formation product and therefore the amount of work to deform this product. 
In very unstable compositions such as the 18% chromium-8% nickel alloy the 
latter effect seems to predominate, while in a stable 18% chromium-12% nickel 
alloy solid-solution hardening effects are more important. 











STABILITY OF AUSTENITE IN STAINLESS STEELS 
By C. B. Post anp W. S. EBERLY 


Abstract 


The stability of austenite at room temperature in 
stainless steels having chromium contents from 13.9 to 
24.30% ; nickel, 7.75 to 20.65% ; carbon, 0.030 to 0.20%; 
manganese, 0.40 to 3.92%; molybdenum, nil to 2.40%; 
and columbium and titanium up to 1.0 and 0.50% respec- 
tively was investigated by measuring the change in mag- 
netic permeability of these austenites after cold reduction. 

Through the range of analyses investigated here, 
chromium-nickel stainless steels are austenitic and non- 
magnetic (magnetic permeability approaching unity) when 
annealed by air treating from a temperature of 1000C 
(1830 F) or over. 

At constant cold reduction the tensile strength of 
substantially stable austenitic stainless steels (those requir- 
ing approximately 80% cold reduction to precipitate meas- 
urable quantities of pseudo-martensite from the austenite ) 
was found to be a function of the carbon content. 

An empirical formula was developed to estimate the 
nickel content required to make a chromium-nickel steel 
substantially stable (requiring 80% cold reduction to cause 
a noticeable change in magnetic properties). The difference 
between this theoretical and the actual nickel content is 
evaluated as a factor A, which is a measure of the stabil- 
ity. Since carbon, manganese and molybdenum have a 
marked effect on the stability of the austenite, the for- 
mula takes these elements into consideration. 

An evaluation of the L-factor for a complex stain- 
less steel in the above range of analysis allows an est- 
mate to be made of the location of the alloy in the aus- 
tenite, or austenite plus alpha, equilibrium fields at room 
temperature. 


HE metastability of austenite in chromium-nickel stainless steels 
and the gradual change in the properties of such alloys when they 
transform have been studied in the past to some extent by means of 
magnetic testing, electrical conductivity and microscopic observations. 


A paper presented before the Twenty-eighth Annual Convention of the 
Society held in Atlantic City, November 18 to 22, 1946. The authors, C. B. 
Post, metallurgist, and W. S. Eberly, are associated with the Metallurgical 
Department, The Carpenter Steel Co., Reading, Pa. Manuscript received 
June 22, 1946. 
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The tendency of the metastable austenites to transform to the alpha 
phase has been hastened by cold working the alloy at room tempera- 
ture, or heating to elevated temperatures and observing the resultant 
effects at room temperature. The latter method of hastening this 
transformation is open to criticism because the nature of the aus- 
tenite—alpha phase change is rather complex. However, when mag- 
netic chromium-nickel ferrite (or pseudo-martensite) is formed from 
nonmagnetic chromium-nickel austenite at room temperature by cold 
working, it is practically certain that only the transformation aus- 
tenite—alpha is involved, and the effect of cold work is only in the 
direction of establishing equilibrium in the reaction austenite—alpha 
at room temperature. 

We have had occasion to build an apparatus for measuring the 
permeability of practically nonmagnetic ferrous alloys, and to study 
the effects of high percentages of cold reductions on the magnetic 
characteristics of such alloys when used at high tensile strengths. 
From a number of studies on feebly magnetic ferrous alloys, we have 
chosen such data that have a bearing on two questions associated with 
the metastability of approximately 18% chromium-8 to 20% nickel 
austenitic stainless steels at room temperature, viz. : 

(a) The magnetic properties of such alloys when cold-worked 
to high tensile strengths and used in service where such magnetic 
properties will affect the performance of electrical devices such as 
cathode ray tubes, magnetic relay and thermostatic devices, etc., and 

(b) The quantitative effects of various alloying elements on the 
stability of austenite in austenitic types of stainless steel. 

This report is accordingly divided into two parts. Part I refers 
specifically to the magnetic testing equipment and the magnetic prop- 
erties of various austenitic stainless steels at several cold reductions 
representing high tensile strengths. Part II is an empirical treatment 
of the data of Part I designed to show quantitatively the effects of 
alloying elements, such as carbon, chromium, nickel, manganese, mo- 
lybdenum, columbium and titanium on the metastability of the aus- 
tenite in austenitic stainless steels. 


Part I 


MAGNETIC EQUIPMENT 


The equipment used in these experiments is a modification of 
some apparatus shown by The American Society for Testing Mate- 
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rials, “Tentative Tests for Permeability of Feebly Magnetic Mate- 
rials,” ASTM Specification A-259-42T. It consists of a magnetizing 
solenoid placed between the ends of a magnetized iron yoke, the net 
result of this combination being a uniform field of strength H at 
the center of the solenoid. In Fig. 1, S refers to the solenoid, while 
Y refers to the energizing coil around the yoke. At the center of 





Fig. 1—Sketch of Magnetic Equipment for Determining Permeability of Feebly 
Magnetic Metals. 


the solenoid, in the uniform field H, are placed two test coils, C, and 
C,, of about 6000 turns each; they are so constructed that the turns 
are equal, and further when the two coils are placed in the field H, 
in series, the emf produced in one by reversal of the field H is ex- 
actly equal to the opposite emf produced in the other coil. The total 
emf from the two coils is observed by means of the ballistic galva- 
nometer G. The deflection of the galvanometer is calibrated in a 
well-known manner by means of a known mutual-inductance coil. In 
our set-up we use the calibrating circuit of a Fahy permeameter. 
The stabilizing field produced by the yoke for uniformity of the 
field H makes it impossible to determine H by a knowledge of the 
current flowing in the coil S. To determine this field H, a third coil, 
C,, is needed of the same number of turns and cross-sectional area 
as C, and C,, and is placed at the center of the long solenoid (having 
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a ratio of length to diameter of 15). This coil can be placed in series 
with C, and the galvanometer. The galvanometer is calibrated by 
varying Rh so that a known deflection will be equal to a given mag- 
netizing field strength H. 

Either bar stock or a laminated pile of strips of the metal to be 
tested can be inserted in the coil C,. For greatest accuracy it is best 
to fill up the cross-sectional area of coil C,. The specimens are 8 
inches in length. This length is well above the safety factor given 
by R. M. Bozofth and D. M. Chapin.* 

For a complete test, the highest magnetizing force is produced in 
S. The current is then reversed, and the galvanometer deflection 
should be zero when coils C, and C, are in series with the galvanom- 
eter with Rb equal to zero. Next the B and H resistances are cali- 
brated for testing by means of mutual inductance for the coils C,, 
C, and C, in a well-known manner. Samples are now placed in C, 
and the galvanometer is placed in series with C, and C,. Reversing 
a given current through coils Y and S produces a greater emf in C, 
(when a feebly magnetic material is present in coil C,) than in C,. 
This difference is recorded by the galvanometer and is representative 
of the intrinsic flux density of the sample (B in gauss.) The galva- 
nometer is then placed in series with C, and C, (no current in S$’), 
the field H again reversed, and the emf produced im C, causes a de- 
flection of the galvanometer which yields the value H. In general, 
a complete test ranges from H=5 oersteds up to 200 oersteds. 

Hysteresis determinations on the sample can be made by this 
equipment, providing the permeability of the sample is greater than 
1.05 at 200 oersteds or less. It is here that the equipment is better 
adapted for measuring the feebly magnetic properties of metals than 
that shown by J. B. Austin and O. S. Miller.? 

For permeabilities in the neighborhood of 1.003 the precision 
of the equipment is estimated to be plus or minus 0.0005 permeability 
units, or about plus or minus 15% when computed on the basis of 
intrinsic magnetization. At a permeability of about 2.00, the ac- 
curacy will be plus or minus 1%. 


MATERIALS TESTED 


Table I shows the analyses of the materials tested in this report. 





1R. M, Bozorth and D. M. Chapin, “Demagnetizing Factor of Rods,” Journal of Ap- 
plied Physics, Vol. 13, May 1942, p. 325. 


2J. B. Austin and O. S. Miller, ‘“Magnetic Permeability of Some Austenitic Iron- 
Chromium-Nickel Alloys as Influenced by Heat Treatment and Cold Work,” Transactions, 
American Society for Metals, September 1940. p. 743-755. 
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Table | 
Analyses of Materials Tested 
—— Per Cent ————--__--—_—__, 
Type Cc Mn _ Si P S Cr Ni Mo i Be 
Special 14% Cr, 8% Ni* 0.047 0.46 0.25 0.015 * _ 13.89 8.30 0.06 
Special 16% Cr, 8% Ni* I, ere 15.87 ee: icdes 
Special 17% Cr, 8% Ni* ee ee ee oe. coche a” ae 
Special 19% Cr, 8% Ni* EMD cece sents Se Se 684.0 
Type 301** 0.074 0.88 0.34 17.55 7.76 0.15 
Type 321 (2)* 0.064 1.61 0.47 18.31 10.36 .... 0.68 
Type 321 (1)* ah. Soe Meee -isiek ol eeare 18.23 10.36 0.24 
Type 304 (1)** 0.030 0.79 0.63 0.010 0.029 18.95 10.72 
Type 304 (2)** 0.043 0.92 0.42 0.011 0.007 19.00 10.66 
ype 347** 0.055 1.78 0.58 0.014 0.015 18.36 10.67 0.95 

Type 302** 0.126 0.63 0.40 0.015 0.008 18.40 8.99 
Type 308** 0.068 0.89 0.43 0.016 0.006 17.90 11.74 
anos. i Cr, 16% Ni* 0.036 0.50 0.32 0.015 0.009 17.82 15.89 
Type 307 ae. cee Gee ~éneea™ ose ce  - MEML  éwee 
Type 316** ee ORE ae ie 17.52 13.37 2.39 
Spec. 18% Cr, 20% Ni* 0.045 0.50 0.34 0.015 0.009 18.22 20.04 .... 
oe 0.198 2.27 0.90 0.021 0.005 24.33 20.65 


ore high- awmnenay melting induction ingots, 4 in. sq. or 2 in. sq., hot-rolled to strip 
at 0. 09 to 0.125 i 


anes 3 Pape Ib. Senet roll-cogged to 4 in. rd., prepared, hot-rolled to strip at 0.095 to 


An attempt was made to select austenitic stainless steels showing an 
appreciable spread in carbon contents (0.036 to 0.20%), chromium 
in the range 13.89 to 24.33%, a broad range of nickel contents (7.76 
to 20.65%), molybdenum from residual to 2.39%, manganese from 
0.40 to 3.92%. 

The analyses shown in Table I were originally received in the 
form of hot- or cold-rolled strip from both experimental® and com- 
mercial production heats. The experimental and commercial heat 
lots are so indicated in Table I. 

The hot- and cold-rolled coils were annealed at 1050 to 1070 C 
(1920 to 1960 F) and air-cooled before starting the cold rolling ex- 
periments. The analyses of Table I showed magnetic permeabilities 
of the order of 1.003 to 1.007 after this annealing treatment. This 
indicates that all of the analyses in Table I are substantially austenitic 
after air quenching to room temperature from the temperature of 
1050 to 1070 C (1920 to 1960 F). 

The problem is now to measure the instability of these aus- 
tenites at room temperature. 

For this purpose, the annealed hot-rolled strip was cold-rolled to 
various gages in successive steps. To illustrate, the annealed hot- 
rolled coil at 0.095-inch thickness was cold-rolled to 0.060 inch, a 


%60-pound Ajax induction ingots, 4 inches square, hammered to slabs, prepared and 
hot-rolled to strip at 0.095 to 0.125 inch. 


41000-pound ingots roll-cogged to 4 inches round, prepared, hot-rolled to strip at 0.095 
to 0.125 inch. 
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length of strip cut off at 0.060 inch for tensile strength and magnetic 
permeability determinations, then cold rolling was continued to, say, 
0.040 inch, a sample cut from strip at this cold reduction for tensile 
and permeability determinations, and cold rolling continued. 

All of the cold rolling was done on a 3-inch diameter 2-high lab- 
oratory mill requiring numerous passes to get to gage. It was known 
that the number of passes influences the tensile strength developed 
in the types of stainless steels considered here. To investigate the 
magnitude of this difference, an analysis was studied by cold rolling 
on a 10-inch 2-high production mill and comparing the tensile 
strength and magnetic permeability developed on this mill with the 
data obtained on the 3-inch diameter 2-high laboratory mill. The 
analysis selected was Type 304, and the 0.095-inch annealed hot-rolled 
strip was cold-rolled to 0.030-inch gage on a 10-inch mill using the 
following cold rolling schedule : 


Ist pass 0.095 to 0.070 Inch 
2nd pass 0.070 to 0.055 Inch 
3rd pass 0.055 to 0.044 Inch 
4th pass 0.044 to 0.035 Inch 
5th pass 0.035 to 0.031 Inch 
6th pass 0.031 to 0.030 Inch 


The tensile strength of this strip was 172,500 psi, the per cent elonga- 
tion in 2 inches was 4.3, and the magnetic permeability was 1.16 at 
200 oersteds. On the 3-inch diameter 2-high mill the schedule of 
rolling was such that 25 passes were needed to get from 0.095-inch 
to 0.030-inch gage. The tensile strength of this strip was 186,000 
psi, the per cent elongation in 2 inches was 3.2, and the magnetic 
permeability was 2.55 at 200 oersteds. 

The above illustrates the fact that considerable caution must be 
exercised in comparing data of this sort from different sources. As 
stated before, all of the data to be considered here were obtained on 
a 3-inch diameter 2-high mill and as such the data will be reasonably 
self-consistent. 

Table II shows the tensile strength and magnetic permeability 


data obtained at various cold reductions for the analyses shown in 
Table I. 


DIscuUSSION OF MAGNETIC RESULTS 


Several conclusions can be drawn from an inspection of the data 
in Table II. The more important of these are: 
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2—Effect of Carbon in Chromium-Nickel Stainless Steels on 
Tensile Pinon at Various Cold Reductions. 


(a) All the chromium-nickel austenitic stainless steels shown 
in Table I are substantially nonmagnetic as annealed at 1070C 
1960 F) and air-cooled. The permeability at 200 oersteds ranges 
from 1.003 to 1.007. 

(b) Maximum permeability values for austenitic stainless steels 
decrease and are located at higher magnetizing forces as the stability 
of the alloy increases. 14% chromium, 8% nickel and 16% chromi- 
um, 8% nickel have their maximum permeability below a magnetiz- 
ing force of 50 oersteds while Type 304 has the maximum value in 
the range of 190 to 220 oersteds. 

(c) For those austenitic stainless steels which are slightly un- 
stable as measured by the change in permeability with cold reductions 
(note the first five types listed in Table I which are very unstable 
in this classification and are not grouped in this class of alloys), the 
tensile strength developed at a given cold reduction is substantially 
a function of the carbon content. See Fig. 2. This range of analy- 
sis embraces the following: 


Carbon 0.03 to 0.20% Molybdenum 0 to 2.39% 
Manganese 0.40 to 4.00% Columbium 0 to 0.95% 
Chromium 14.00 to 24.50% Titanium 0 to 0.68% 


Nickel 7.75 to 20.75% 
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When the austenite of the alloy is very unstable as represented 
by the first five types in Tables I and II, quite a different relationship 
is obtained between the tensile strength and per cent’cold reduction. 
In this case the marked work hardening is due both to cold working 
the austenite and to the formation of substantial quantities of pseudo- 
martensite. This is shown nicely by the large values of magnetic per- 
meability obtained for these alloys, as contrasted to the much lower 
range of permeabilities on those alloys which would be classed as 
slightly or completely stable. 

These data are of importance for stainless steels designed for 
drastic cold forming operations, such as cold heading, spinning, and 
the like. In operations of this type it is desirable that the alloy re- 
main completely austenitic at high cold reductions to take advantage 
of the greater ductility of such cold-worked austenites compared to 
austenite-ferrite mixtures. Here the nickel content is generally set 
at about 12% with the chromium content at about 18%. This in- 
sures that the alloy will behave substantially as an austenitic alloy, 
even with high percentages of cold reduction. While some pseudo- 
martensite will be formed with carbons in the range of 0.07 to 0.10% 
at high percentages of reduction, the ductility will remain relatively 
good. At these higher nickel contents the carbon can be reduced to 
the order of 0.06% to take advantage of the lower tensile strength 
and higher ductility developed at high percentages of cold reduction, 
without causing the formation of substantial amounts of pseudo- 
martensite (as measured by the magnetic permeability). 

On the other hand, austenitic stainless steels for structural ap- 
plications are generally found in the range of carbon 0.10%, chromi- 
um 14 to 18% and nickel 7.0 to 7.50% as represented by the first five 
types in Tables I and II. Here a relatively small amount of cold 
work will cause a substantial conversion of some of the austenite to 
pseudo-martensite which will contribute the greatest part of the 
strength. 

(d) In many electronic and magnetic applications of the corro- 
sion resistant chromium-nickel austenitic stainless steels, it is neces- 
sary that the alloy remain substahtially nonmagnetic (magnetic per- 
meabilities of 1.003 to 1.007 at 200 oersteds) even with high per- 
centages of cold reduction. In this connection, see Fig. 3, which 
shows the magnetic permeability at 200 oersteds for those alloys in 
Table I as a function of the tensile strength. Fig. 4 shows the mag- 
netic permeability at 50 oersteds for the alloys in Table I. 

Figs. 3 and 4 show that in general the shape of the permeability 
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Intrinsic Permeability At 200 Oersteds 





75 100 125 150 175 200 225 
Tensile Strength psi x 1000 


Fig. 3—Permeability Versus Tensile Strength of Several Chro- 
mium-Nickel Stainless Steels at 200 Oersteds. 


versus tensile strength curve is of two parts. In the first part of 
the curves, a small increase in tensile strength will cause the magnetic 
permeability to increase slightly in a regular manner for all the alloys. 
This first slight change in magnetic permeability will be the same for 
the unstable alloys as for the completely stable austenitic alloys. For 
any given alloy, the instability of the austenite will be recognized by 
the onset of a rapid increase of permeability with increase of tensile 
strength. During the first part of the curve, the cold work is merely 
causing strain in the austenite which results in a magnetic perme- 
ability of about 1.003 to 1.005. 

The onset of rapid increase in permeability with increased ten- 
sile strength has been labeled here “Breaking Point”, and bears a 
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intrinsic Permeability At H=50 Oersteds 











75 100 i256 - 160 175 200 225 
Tensile Strength psi x |OO0O 


Fig. 4—Permeability Versus Tensile Strength of Several Chro- 
mium-Nickel Stainless Steels at 50 Oersteds. 


a) 


close relationship to the quantity “stability of the austenite’. The 
rapid increase in magnetic permeability with tensile strength we be- 
lieve to be due to the formation of pseudo-martensite from the non- 
equilibrium austenite. Table III lists the approximate “breaking 
points’ and the per cent cold reduction which caused it for the alloys 
shown in Table I. “Breaking points” obtained from Fig. 3 at 








DGeet of Cole Werk, Sinee ees 
Chromium- Nickel 


Type 
Spec. 14% Cr, 8% Ni 
Spec. 16% Cr, 8% Ni 
Spec. 17% Cr, 8% Ni 
Spec. 19% Cr, 8% Ni 


Type 308 
Spec. 18% Cr, 16% Ni 
Type 307 
Type 316 
Spec. 18% Cr, 20% Ni 
Type 310 





Table Il! 


Approximate 
Tensile Strength 
Psi 


Less than 100,000 
Less than 95,000 
Less than 95,000 


95,000/100,000 
95,000/T00,000 
95,000/100,000 
105,000/115,000 
120,000/130,000 
125,000/140,000 | 


ee 
ee 
ee 
eee eeeeeeee 


+A is estimated from Figs. 3 and 4. 
2.No definite breaking point was noted. 


% Reduction 


Less than 5 
Less than 5 
Less than 5 
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Hardness 


“eee enee 


93/96 Ro 


“eve enee 


4 
—7.92 
— 6.26 
—5.32 
—4.84 
—4.72 


Vol. 39 


“Breaking Points” and /A-Values of 
Stainless Steels 


—4,60/—4.40?- 
—3.60/—3.401- 


—2.92 


—2. 
—2.20/— 1.90}- 


H=200 oersteds are in. agreement with those obtained from Fig. 
4 at H—50 oersteds. 

Shown below are several alloys which can be expected to have 
completely stable austenites, or at least would require cold reductions 
greater than 80% to cause a “breaking point’ on the permeability 
versus tensile strength curve : 


Alloy 
No. Cc 
1 0.05 
2 0.10 
3 0.15 
4 0.05 
5 0.10 
6 0.05 
7 0.10 
8 0.10 
9 0.15 





0.50 0.30 
0.50 0.30 
0.50 0.30 
0.50 0.30 
0.50 0.30 
2.00 0.30 
2.00 0.30 
2.00 0.30 
4.00 0.30 


Mn Si 


Composition, % 
C ; 


r 


18.00 
18.00 
18.00 
18.00 
18.00 
18.00 
18.00 
18.00 
20.50 


16.00 
13.50 
11.00 
16.00 
13.50 
13.50 
12.00 
14.50 

9.75 





Mo 


a. te 


Cb 


1.00 


In writing down the above stable analyses we have interpolated 
the data in Table II, and this will be discussed in greater detail later. 


Part Il 


STABILITY OF CHROMIUM-NICKEL AUSTENITES 


In some cases of industrial significance, it would be desirable to 
have an approximate quantitative measure of the stability, or insta- 
bility, of the austenite in any given chromium-nickel austenite with 
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appreciable percentages of manganese, molybdenum, carbon, colum- 
bium and titanium. 

To begin with, some measure of the chromium content on the 
instability of these chromium-nickel austenites must be obtained be- 
fore the influence of the other elements can be evaluated. 

The data of P. Schafmeister and R. Ergang,® and E. Bain and 
W. Griffiths,® and some of the data of Tables II and III can be used 
for this purpose. The data of Schafmeister and Ergang apply to the 
boundary between alpha and gamma in the iron-chromium-nickel 
system at 650C (1200 F), while Bain and Griffiths’ data apply to 
these same boundaries at room temperature. An analysis of these data 
at room temperature from chromium contents less than 20% shows 
that the equation 


YoNitneor. = (eee +15 
duplicates these two sets of data reasonably well in the light of Table 
III. This is especially true for chromium contents between 10 and 
25%. The above %Nitneor. will be defined to be the nickel content 
which will just make the alloy completely stable. 

Next the data of Table III pertaining only to chromium-nickel- 
variable carbon stainless steels are considered so that some measure 
can be obtained for the effect of carbon on the stability of austenites. 
This analysis leads to the following equation, 

%Nitneor. = era" —35 X %C + constant, 
where the constant will be left undetermined for the present. 

The data of Tables II and III now allow the parameters to be 
evaluated for molybdenum and manganese. The completed empirical 
equation which expresses these complicated data is, 


2 
JoNitneor. = fee ts x eo hy Ma —35 X %C + constant. 


Equation 1 
Refer now to Table II and we estimate that an alloy with 0.04% 
carbon, 0.50% manganese, 0.32% silicon, 18.00% chromium and 
14.00% nickel will have an austenitic composition which will just be 
stable. Then, 


% Nitneor. = (ert eee —35 X %C +15. 


Equation 2 


SArchiv f. d. Eisenhiittenwesen, Vol. 12, 1938-1939, p. 459-464; also Tech. Mitt. 
Krupp, Forschungsbirichte, Vol. 2, 1939, p. 5-14. 


“se American Institute of Mining and Metallurgical Engineers, Vol. 75, 
1 » Pp. 166. 
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We are now in position to define a parameter which will express 
quantitatively the “instability” or “stability” of an austenite, accord- 
ing to its composition. Let A = %Niana:. —%Nitneor., Where 
% Nianai. is the analytical per cent nickel in the alloy, and % Nitneor. 
is the theoretical per cent nickel which will just make the austenite 
completely stable on the basis of Equation 2. Then for positive values 
of A, the alloy will have more nickel than is necessary to make it 
completely stable, whereas for negative values of A, the nickel is not 
sufficient to make the alloy austenite completely stable. Further, the 
more negative the value of A, the greater the instability, and the less 
cold work which will be necessary to cause the appearance of pseudo- 
martensite (recognized by the rapid increase in magnetic permeability 
with tensile strength (see Fig. 3). Similarly, the more positive the 
value of A, the further the analysis lies in the austenitic field away 
from the boundary between the gamma and gamma + martensite re- 
gions. 

The value of A for the analyses studied in this report is listed 
in Table III. It is seen that the empirical equation reproduces the 
experimental data relating to the “breaking point” and per cent re- 
duction exceptionally well. It is believed that the empirical Equation 2 
can be used within the following analysis ranges to predict the sta- 
bility or instability of chromium-nickel austenites : 


Carbon 0.03 to 0.20% Chromium 14.00 to 25.00% 
Manganese 0.40 to 4.00% Nickel 7.50 to 21.00% 
Silicon 0.30to 0.50% Molybdenum nil to 3.00% 


The results of these experimental data, together with the em- 
pirical formula, Equation 2, can be used to indicate the efficiency of 
carbon removal from chromium-nickel austenites by titanium and 
columbium. For instance, the data in Tables I, II and III relating to 
the analyses of the 321 types show that the “breaking points” are 
approximately 95,000 to 100,000 psi with a cold reduction of 3 to 6%. 
A values were chosen for these types according to their positions in 
Figs. 3 and 4. The estimated A for Type 321 (2) is —4.60 to —4.40. 
If no titanium were present and the total carbon content effective, the 
stability of the alloy would be represented by a A of —1.92. In 
order to have the calculated A be equal to —4.60 to —4.40, about 
0.064% carbon must be tied up with 0.68% titanium. This ac- 
counts for the lowering of the stability by the titanium addition. 
Type 321 (1) has an estimated A of —3.60 to —3.40. This A 
value is obtained when it is assumed that 0.03 to 0.04% carbon is 
tied up with the 0.24% titanium. 
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Chromium % + Molybdenum 1.5% 





0 iO 20 30 
Nickel % + Manganese/2 % 


Fig. 5—Stability of Chromium-Nickel Austenitic Stain- 
less Steels as Determined by (Chromium % + Molybdenum 
1.5%), (Nickel % + Manganese/2%), and Carbon Balance. 


Type 347 shows a “breaking point” of 105,000 to 115,000 psi at 
8.to 12%. According to the position of its curve in Figs. 3 and 4 the 
A is about —2.20 to —1.90; thereby indicating 0.01 to 0.02% carbon 
tied up with 0.98% columbium. This point needs further investiga- 
tion since the heat studied here contained 0.055% carbon and the 
effect of excess columbium on the stability is unknown. 

We can summarize the data of Tables I, II and III and the em- 
pirical formula, Equation 2, which applies to these data, in a fairly 
concise manner. Fig. 5 shows the relationship between “Cr + 1.5 
% Mo” and “%Ni+ %Mn/2” and variable carbon content on the 
phase boundaries between gamma, alpha + gamma, and alpha in these 
Cr-Ni austenitic stainless steels as computed from Equation 2. Also 
included in Fig. 5 is a line taken from Bain and Griffiths’ data® 
which was their estimate of the boundary between (alpha + gamma) 
and alpha in the Cr-Ni-Fe system.’ 





7These data are in substantial agreement with the boundary line between alpha+gamma 
and gamma shown by Bain and Griffiths,® considering the fact that the alloys studied by 
these two investigators had carbon contents of about 0.10% for chromium contents in the 
neighborhood of 10%, and carbon contents of about 0.30% for chromium contents in the 
neighborhood of 30%. The few data of Austin and Miller? are also in substantial agree- 
ment with Fig. 5. 
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In using Fig. 5 to estimate the stability or instability of a chro- 
mium-nickel austenitic stainless steel containing manganese, molyb- 
denum, columbium or titanium, first correct the carbon content in ac- 
cordance with the columbium- and/or titanium-carbon ‘balance to 
obtain the available carbon left over for austenite-stabilizing pur- 


poses. Next, the “chromium + 1.5 KX %Mo” and “%Ni-+ oe 


quantities are used to place the alloy in the fields of Fig. 5. Use is 
now made of the available carbon quantity previously calculated to 
determine whether the alloy falls in the alpha + gamma, or gamma 
fields of Fig. 5. The further the alloy falls to the left of alpha + 
gamma and gamma boundary line (for the appropriate available car- 
bon content) the more unstable will be the austenite of the alloy. 

In many cases it is better to compute the A-value of the alloy 
from Equation 2, using the carbon which is not combined with colum- 
bium or titanium in such computations. For A-values approximately 
zero, the alloy can be cold-worked to a tensile strength of about 
150,000 psi (35 to 40% cold reduction) before the permeability will 
start increasing rapidly with increased cold work; for A-values in 
the neighborhood of —4.00 to —2.00 the permeability will start in- 
creasing rapidly with cold work when the tensile strength exceeds 
about 100,000 psi (1 to 10% cold reduction) ; for A-values greater 
than +1.00, the permeability will remain substantially below 1.01 
until tensile strengths of 180,000 to 200,000 psi (70 to 80% cold 
reduction) are exceeded, the more positive the A-value, the greater 
the tensile strength before the permeability increases over 1.01. 


CONCLUSIONS 


1. A precision permeameter is described which is capable of 
determining normal induction and hysteresis curves for feebly mag- 
netic metals having permeabilities of the order of 1.003 to 10.00 for 
field strengths of H—5 to 200 oersteds. 

2. Austenitic stainless steels, represented by the following 
ranges of analysis: 


Carbon 0.03 to 0.20% Molybdenum 0 to 2.39% ' 
Manganese 0.40 to 4.00% Columbium 0 to 0.95% 
Chromium 14.00 to 24.50% Titanium 0 to 0.68% 
Nickel 7.75 to 20.75% 


were studied in both the annealed (1050 C, air cool) and cold-worked 
conditions. It was found that all the analyses in the above range 








q 
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were substantially nonmagnetic (i.e., permeability about 1.003 to 
1.007) when annealed from 1050C (1920F). 

3. The magnetic permeability of austenitic stainless steels in 
the above range is affected by cold work, said cold work causing the 
formation of pseudo-martensite, or chromium-nickel ferrite. The 
permeability versus tensile strength relationship for such cold-worked 
alloys shows a slight increase in permeability with small increases in 
tensile strength, and depending upon the stability of the austenite, 
the alloy can be cold-worked to appreciable tensile strengths before 
the permeability will increase rapidly with further increases in ten- 
sile strength. 

4. This discontinuity in the permeability versus tensile strength 
relationships can be directly correlated with the stability of the aus- 
tenite. To obtain an approximately quantitative measure of the sta- 
bility of austenite in the above comparison ranges, we have defined 
a parameter, A, and show how to compute the A-value for a given 
chromium-nickel austenitic analysis. It is to be emphasized that the 
numerical relationships used to compute A are based upon the ex- 
perimental data shown here. 

5. It was found that molybdenum was 1% times as effective as 
chromium in its ferrite-forming tendencies, while manganese was 
found to be one-half as effective as nickel in its austenite-forming 
tendencies. Carbon was found to be 35 times as effective as nickel in 
its austenite-forming tendencies. It was further found that colum- 
bium and titanium will tie up substantially the amount of carbon 
computed from the columbium-carbide and titanium-carbide weight 
ratios, and this carbon is, of course, not effective in stabilizing the 
austenite. 

6. The effect of carbon in chromium-nickel stainless steels on 
the tensile strength developed at various cold reductions was studied, 
and it was found that a relationship does exist, provided the aus- 
tenite contains enough nickel with respect to chromium to yield a 
substantially stable austenite. In this case, lower carbon will result 
in lower tensile strength at any given percentage of cold reduction. 
When the nickel content is about 7% with a chromium content of 
18%, variations in carbon can cause a behavior different from the 
above, since lower carbons will make easier the formation of pseudo- 
martensite on cold working, while higher carbons will make the 
formation of pseudo-martensite more difficult. 
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DISCUSSION 


Written Discussion: By G. N. Goller, supervising metallurgist, and F. K. 
Bloom, assistant director, Rustless Iron and Steel Division, American Rolling 
Mill Co., Baltimore. 

The authors have used the increase in the magnetic permeability during 
cold working as a measure of austenite in stability in the chromium-nickel 
stainless steels. Based on such data, they have also defined a parameter which 
is to be used to indicate the stability of chromium-nickel alloys within certain 
composition limits. 


Intrinsic Permeability at H= 50 Oersteds 





-8 -6 -4 202 4 6 8 10 l2 


A Values 


Fig. A—The Intrinsic Permeability After 62.5% 
Cold Reduction Versus the A Values. 


When this parameter is compared with the permeability of the steel at 
some fixed cold reduction, this relationship is clearly evident. Such data for 
62.5% reduction is plotted in Fig. A. 

Work done by the writers indicates that care should be exercised when 
applying this parameter to problems relating to cold working of austenitic 
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stainless steels and the mechanical properties resulting therefrom. Such fac- 
tors as hardness, tensile strength, ductility during and after cold working and 
particularly in the case of cold heading the force and amount of work required 
to deform the material are the criteria of satisfactory performance. 

In our paper also presented at this meeting’ the amount of work above the 
yield point consumed in cold upsetting cylinders is used as an index of the 
rate of work hardening. If the “cold work hardening factor” derived in this 
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Fig. B-—-The Cold Work Hardening Factor Versus the A 
Values at Varicus Chromium and Carbon Levels. 


way is directly associated with the stability of the austenite in these steels a 
single straight line should result when the factor is plotted against the delta 
parameter developed by Post and Eberly. However, this was not found to be 
the case as can be seen in Fig. B which indicates that either the formula does 
not correctly take care of variations in the chromium contents or that the 
differences in the plots are due to the solid solution effect of chromium. 

As a further illustration of this point, variations in the carbon content of 
an 18 chromium-8 nickel alloy result in a lower “cold work hardening factor” 
with lower carbon contents which is the reverse of what is predicted by Post and 
Eberly’s formula if the stability of the austenite is the only factor involved. 
In this case less work is required to deform the low carbon steels even though 
less stable because the transformed product is softer than that which is 
obtained with the higher carbon steels. 


Authors’ Reply 


The authors wish to thank Messrs. Goller and Bloom for their interesting 
and constructive remarks regarding our findings. 

The remarks pertaining to the parameter we have defined here for estimat- 
ing the stability of austenite in austenitic stainless steels are in order. The 
data of Goller and Bloom presented in their Fig. B are more instructive if the 

iF. K. Bloom, G. N. Goller and P. G. Mabus, ‘“‘The Cold Work Hardening Properties of 


Stainless Steel in Compression,” erie eon American Society for Metals, Vol. 39, 
1947, p. 843. 
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logarithm of the “cold wave hardening factor” is plotted against the A 
value. We have discussed this in connection with Goller and Bloom’s paper, 
and it is sufficient to summarize these remarks here. If their data are plotted 
in this manner, two intersecting straight lines are obtained, the intersection 
coming at A = —2 to 0, depending upon the chromium content of the base 
composition. This means that the percentage of cold reduction in Goller and 
Blooms’ experiments is less than 80%, and consequently their experiment is 
not as drastic as our criterion of 80% reduction in determining an alloy which 
is just stable (A = 0). 

We concur in the statement that caution should be used in interpreting the 
connection between stability of the austenite and such a complex phenomenon 
as “cold compression work”. In fact, we question the advisability of using 
their data on variable carbon 18-8 steels in discussions of this sort, since this 
grade of stainless exhibits some anomalous effects due to its relative insta- 
bility under drastic cold reductions, and the accompanying effect of carbon on 
the resultant strength of the pseudo-martensite precipitated from the austenite. 

Taken as a whole, we feel that our work on the stability of austenite and 
the experimental data of Goller and Bloom’ constitute a mutually consistent 
set of data on several important questions pertaining to strength and ductility 
of austenitic stainless steels. 














QUANTITATIVE EVALUATION OF INTERGRANULAR 
CORROSION OF 18-8 TI 


By FREEMAN J. PHILLIPS 


Abstract 


A survey has been made of the detection, cause, and 
methods of elimination of intergranular corrosion in 18-8. 
The most common practice is to add titanium or colum- 
bium to 18-8 to prevent intergranular corrosion; however, 
experience has shown that the addition of these stabilizing 
elements does not always insure immunity to failure 
through intergranular corrosion. In 18-8 Ti such corro- 
sion can be attributed to an insufficient amount of carbon 
combined with titanium, thereby leaving the uncombined 
carbon free to form chromium carbide during a subse- 
quent sensitizing heat treatment. Since essenttally no ti- 
tanium carbide 1s formed during a sensitization heat treat- 
ment at 1200 to 1250 F (650 to 675 C) tt 1s necessary to 
effect a precipitation of the prescribed amount of titanium 
carbide before sensitization in order to obtain satisfactory 
behavior. A quantitative method for predicting tnter- 
granular corrosion of 18-8 Ti has been developed for a 
given set of conditions. In deriving this method, an ex- 
planation was found for the corrosion of 18-8 Ti in which 
the titanium content exceeded the stoichiometric ratio of 
four times the carbon content. The method is based on 
microstructure and chemical composition and is thought 
to be applicable to other grades of stainless steels. 


INTRODUCTION 


T was early recognized that when austenitic chromium-nickel al- 
loys of the 18-8 type were heated to 800 to 1600 F (425 to 870 
C), the carbon in excess of the solid solubility limit separated out 
at the grain boundaries, rendering the steel susceptible to failure by 
intergranular corrosion. Such behavior has been encountered in the 
heat-affected zones of heavy welded sections, and in applications in- 
volving service temperatures within the indicated range. 
The hypothesis which best appears to explain the observed con- 
ditions of intergranular corrosion was independently proposed by 





A paper presented before the Twenty-eighth Annual Convention of the 
Society held in Atlantic City, November 18 to 22, 1946. The author, Freeman 
J. Phillips, is associated with Carnegie-Illinois Steel Corp., Wood Works, 
McKeesport, Pa. Manuscript received July 12, 1946. 
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German and American investigators (1), (2), (3)* and postulates 
that the carbon dissolved and retained in supersaturated solution at 
ordinary temperatures is rejected as a chromium-rich carbide in the 
grain boundaries when the material is heated in the temperature range 
of 800 to 1600 F (425 to 870C). The formation of this carbide, 
cubic Cr,C (4), (5), draws heavily upon the chromium content of 
the matrix adjacent to a carbide nucleus, thereby impoverishing it in 
chromium below the composition required for normal corrosion re- 
sistance. Material in this condition is called “sensitive” because it 
is susceptible to intergranular corrosion and embrittlement; heat 
treatments designed to bring about this condition are known as sen- 
sitization heat treatments. 

The method used most widely today for the detection of sus- 
ceptibility to intergranular corrosion in austenitic chromium-nickel 
stainless steels involves boiling the material in a copper sulphate- 
sulphuric acid solution for a number of hours. The advantage of 
such a solution is that it will not attack ‘“‘nonsensitized” samples nor 
the unaffected metal of “sensitized” steels. Following exposure to 
the solution, material may be tested for attack by one of several 
methods: determining a change in electrical resistivity (6), metal- 
lographic examination, or examination with a low power binocular 
microscope of a testpiece bent 180 degrees. 

Among the factors affecting the propensity to intergranular at- 
tack of 18-8 is grain size. Fine grain size retards the development 
of sensitization on relatively short exposure times to sensitizing tem- 
peratures, but material heat treated for long periods of time (1000 
hours) is reported to be severely attacked regardless of grain size 
(3), (7), (8). Cold strain will cause the chromium carbide to pre- 
cipitate on the resulting slip planes with an accompanying lessening 
or elimination of carbide concentration at the grain boundaries (3), 
(9). Small amounts of delta ferrite may also provide a preferential 
location for the precipitation of chromium carbide (10), (11), (12). 
It will be realized, of course, that time-temperature relationships 
necessary to induce sensitization are major variables and closely 
interrelated with the aforementioned factors. 

The obvious method of completely overcoming intergranular 
corrosion would be to melt a composition so that the carbon would 
be less than the solid solubility limit at the lowest possible tempera- 
ture for precipitation. The estimated carbon solubility at such a 
temperature is about 0.02% (3). Commercial melting practice has 
~~ ihe figures appearing in parentheses pertain to the references appended to this paper. 
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improved in the last few years to the point where heats of 0.03% 
carbon and under have been produced and future development along 
this line can be expected. 

In principle, full precipitation of the chromium carbide and 
rediffusion of the chromium accomplishes a full cure, but requires 
long-time heat treatments. It is apparent, too, that the precipitated 
chromium carbide can be eliminated by heating to a temperature in 
excess of about 1900 F (1040C) to redissolve the carbide. How- 
ever, in many cases it is impractical to heat treat an article after 
fabrication ; consequently, the industry has favored other means for 
inhibiting intergranular corrosion. 


Table | 


Effect of Sensitization on Formation of TiC 
Item Condition % TiC 
1 Annealed 0.18 
1 Annealed +Sensitized 0.19 
2 Annealed 0.15 
2 Annealed +Sensitized 0.14 
3 Annealed 0.15 
3 Annealed +Sensitized 0.14 
4 Annealed 0.08 
4 Annealed +Sensitized 0.08 
5 Annealed 0.06 
5 Annealed +Sensitized 0.06 


Annealed at 1950 F (1066 C) and air-cooled. 
Sensitized for 2 hours at 1230 F (666 C) and air-cooled. 


The most common practice is to add titanium in the minimum 
amount of 4 times the carbon content or columbium in the minimum 
amount of 8 times the carbon content. The function of such an 
addition is to tie up the carbon as a stable titanium or columbium 
carbide so that at sensitizing temperatures the precipitation of carbon 
as chromium carbide is prevented. Experience has shown, however, 
that the addition of titanium to 18-8 does’ not insure immunity to 
intergranular corrosion. Moreover, investigation revealed that this 
intergranular corrosion in 18-8 Ti steels could be attributed to an 
insufficient amount of the carbon combined with titanium. It is es- 
sential, therefore, that an adequate combination occur before the 
material is subjected to subsequent sensitization temperatures because 
the carbon in excess of the solid solubility limit not combined with 
titanium will precipitate as a harmful chromium carbide during sen- 
sitization and produce a material potentially subject to intergranular 
corrosion. As is illustrated in Table I quantitative chemical deter- 
minations show that essentially no titanium carbide is formed in a 
sensitizing heat treatment. 
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It should be pointed out that a stabilizing heat treatment, de- 
signed to permit an optimum combination of titanium and carbon, 
can be performed by heating at 1600 F (870C) for 2 hours (3), 
and modifications of this treatment have been used. 

In order to determine whether sufficient carbon has combined 
with the titanium or columbium, many specifications require a test 
for intergranular corrosion and embrittlement, described later in this 
paper, on 18-8 Ti and 18-8 Cb after normal processing. In the 
course of making these tests it was found that the intergranular em- 
brittlement occurring in 18-8 Ti was not confined to heats having low 
ratios of titanium to carbon; in fact, it will be noted (Table II) that 
intergranular corrosion occurred on material having Ti/C ratios as 
high as 8 to 1. 

The present investigation was undertaken to determine the cause 
of this anomalous behavior. 





Table Il 
Summary of Embrittlement Test Behavior of a Number of Heats of 18-8 Ti 





Per Cent Unsatisfactory 


Ti/C Ratio Number of Tests in Each Ratio Group 
40to 4.9 72 29.2 

50to 5.9 78 10. 

6.0to 6.9 144 6.9 

70to 7.9 106 1.1 

8.0to 8.9 58 3.4 

9.0 to 14.0 66 0 


Total of 524 tests made after annealing at 1900 to 1950 F (1040 to 1065 C). 


EXPERIMENTAL PROCEDURE 


Selection of Material and Heat Treatment—Eight compositions 
were selected from 18-8 Ti commercial light gage (approximately 
18-gage) sheets. The chromium contents progressively increased 
from about 17 to 18.5%. No attempt was made to obtain a range 
of Ti/C ratios other than to avoid high ratios. The actual spread 
of Ti/C ratios was 3.52 to 7.0. The remaining elements were repre- 
sentative of a commercial melting range and were more or less con- 
stant with the exception of the manganese in heat No. 4. Chemical 
compositions are shown in Table III. All heats were examined mi- 
croscopically to assure the absence of free ferrite in the annealed 
condition after processing to a commercial No. 2D finish. This 
finish constituted the initial condition of all heats. 
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Table Ill 
Chemical Analyses 





Heat Cc Mn P 


S Si Ni cr Ti Ti/C 
1 0.066 1.23 0.017 0.011 0.44 10.29 17.20 0.42 6.37 
2 0.070 1.26 0.016 0.007 0.47 9.86 17.30 0.31 4.43 
3 0.088 1.12 0.019 0.010 0.51 10.29 17.44 0.31 3.52 
4 0.070 0.63 0.018 0.009 0.69 10.42 17.54 0.49 7.0 
5 0.078 1.20 0.017 0.008 0.53 10.59 17.75 0.28 3.59 
6 0.084 1.19 0.018 0.009 0.55 10.05 17.97 0.35 4.17 
7 0.068 1.14 0.018 0.010 0.50 10.35 18.13 0.36 5.29 
8 0.060 1.42 0.014 0.005 4.67 


0. 


1} ww 


5 10.14 18.45 0.28 








The heat treatments were selected so as to yield a range of grain 
sizes in combination with various amounts of the compound TiC. 
The specific heat treatments which composed the basis of this inves- 


tigation are shown in Table IV. The indicated times are times at 
temperature. 


Table I 
identity of Heat Treatments 
Code Heat Treatment 

A 2300 F (1260 -C)—15 min.—Air Cool 

B 2200 F (1204 C)—15 min.—Air Cool 

Cc 2100 F (1149 C)—15 min.—Air Cool 

D 2000 F (1093 C)—15 min.—Air Cool 

E 1900 F (1038 C)—15 min.—Air Cool 

F 1800 F ( 982 C)—15 min.—Air Cool 

V 2200 F (1204 C)—15 min.—Water Quench 

Ww 2200 F (1204 C)—15 min.—Water Quench +1600 F (871 C)—10 min.—A.C. 
xX 2200 F (1204 C)—15 min.—Water Quench +1600 F (871 C)—20 min.—A.C, 
; 2200 F (1204 C)—15 min.—Water Quench +1600 F (871 C)—30 min.—A.C, 


2200 F (1204 C)—15 min.—Water Quench +1600 F (871 C)—45 min.—A.C., 





Test Procedure and Evaluation of Tests—The fact that the 
stabilized grades of austenitic chromium-nickel stainless steels are 
subject, under certain conditions, to intergranular corrosion and em- 
brittlement has resulted in a standard test method for evaluating 
qualitatively the effectiveness of the titanium or columbium addition 
in inhibiting the tendency to embrittlement. The test procedure con- 
sists of sensitization of the testpieces at 1200 to 1250 F (640 to 677 
C) for 2 hours followed by immersion for 48 hours in a boiling 
copper sulphate-sulphuric acid solution. Reflux condensers ar+ used 
to prevent a change in concentration. In this study, duplicate 1 by 
2-inch specimens were heat treated as shown in Table IV prior to 
sensitization and immersion in the acid solution. The solution was 
composed of 100 grams CuSO,4°5H,2O, 100 milliliters concentratec 
H2SOx,, and 900 milliliters distilled water. Four specimens per flask 
were used with each flask containing four liters of solution. After 
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completion of the acid treatment, test pieces were removed, bent 180 
degrees flat and examined under a binocular microscope at 30 diam- 
eters for evidence of intergranular cracking. The specimens were 
rated either satisfactory or unsatisfactory, with no attempt made 
to measure quantitatively the degree of attack. 

To facilitate detection of cracks and also to remove effects of 
any surface reactions such as nitrogen pick-up at high temperatures, 
all specimens were ground to 180-grit finish in the center portion of 
the testpiece where the bend was to be made; this grinding was done 
after all heat treatments had been completed but before subjecting 
the material to the copper sulphate-sulphuric acid solution. It might 
be well to mention that a few heat treatments for which the corre- 
sponding specimens exhibited only slight cracking were retested in a 
solution consisting of 13 grams CuSO,4°5H2O, 47 milliliters con- 
centrated H2SO,4, and water to make one liter. It was thought that 
possibly greater selectivity (6) could be obtained, but such was not 
the case for these samples. 

Quantitative Determination of Titanium Carbide—A quantita- 
tive chemical method for the determination of the compound TiC 
has been developed by W. C. Maurer at our Wood Works labora- 
tory. This method is based on the fact that titanium carbides, nitrides, 
and oxides are practically insoluble in hydrochloric acid. Any of the 
three compounds may be determined individually, but for the work 
covered in this paper the amount of titanium combined with the car- 
bon was desired. However, it is relatively easy to determine the 
amount of titanium combined with both carbon and nitrogen and 
in view of the large number of analyses required it did not appear 
worthwhile to increase the chemical work still further by separating 
the titanium nitride. This appeared justified when it was found that 
less than 0.01% titanium as nitride was present in any of the eight 
heats and it is felt, therefore, that the error is negligible by assum- 
ing that the titanium combined with both carbon and nitrogen is 
combined only as carbon. 


DISCUSSION OF RESULTS 


Factors Affecting the Amount of TiC—-When it was found that 
all embrittlement test failures could be attributed to an insufficient 
combination of carbon with titanium, the effect of temperature on 
the solubility of TiC was investigated. Chemical determinations on 
specimens annealed at a series of temperatures indicated that up to 
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temperatures of about 1750 to 1800 F (954 to 982 C) the maximum 
amount of titanium carbide could be precipitated. Higher tempera- 
tures resulted in solution of the carbide. For the maximum amount 
that can be precipitated at any given temperature, there appears to 
be a corresponding minimum time beyond which additional precipi- 
tation apparently cannot be effected. Since for maximum ductility 
the annealing temperature of 18-8 Ti is usually above 1900F 
(1038 C) an adequate combination of titanium with carbon cannot 
occur and hence embrittlement test failures can be expected unless 
factors discussed later in this paper are controlled as shown. 

Other factors suspected of affecting the amount of titanium 
carbide present were briefly scanned by plotting scatter diagrams of 
the suspected factor against TiC values obtained on the eight heats 
when heat treated as indicated above. The chromium content and 
grain size did not appear to correlate with the amount of titanium 
carbide present. On the other hand C, Ti, Ti/C ratio, temperature, 
time at temperature, and prior treatment influenced the absolute TiC 
value. 

Plot of Experimental Data—The amount of titanium carbide 
present, however, could not explain by itself the results obtained 
on many embrittlement tests and it was evident that a more complex 
association would have to be considered. Accordingly, a study was 
made of the variables which experience seemed to indicate were af- 
fecting the test results. As shown in Fig. 1, it was found that a 
definite relationship exists between the chromium content of the steel 
and the amount of free carbon per inch of grain boundary perimeter. 
This free carbon is defined as the total carbon of the steel minus the 
amount combined with the titanium and therefore is the amount of 
carbon free to combine with the chromium during sensitization. Data 
from which points in Fig. 1 were calculated are shown in Tables V 
and VI. A few additional points were obtained from mill production 
tests. 

It also will be recognized in Fig. 1 that the line dividing satis- 
factory from unsatisfactory behavior in reality should be a band, 
the spread of which is a function of the standard deviation. Although 
sufficient data were not available to plot such a band, a study of the 
available data suggests that the standard deviation along this dividing 
line is in the order of 0.017% free carbon per inch of grain boundary 
per square inch of surface examined. 

It is interesting to note from Fig. 1 that in one instance (at 
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Table V 
Embrittiement Test Data 
% Titanium % Titanium 
Heat as Carbide and Grain Embrittlement as Carbide and Grain Embrittlement 
Treatment Nitride Size Test* Nitride Size Test* 

Heat No. 1 Heat No. 2 
A 0.065 1 NG 0.100 1 NG 
B 0.075 1 NG 0.100 1-2 NG 
[ 0.080 1-2 NG 0.085 1-3 NG 
D 0.105 3-4 NG 0.090 3-4 NG 
E 0.145 x OK 0.130 7 NG 
F 0.190 & OK 0.175 x OK 
V 0.080 1 NG 0.095 1-2 NG 
WwW 0.160 1 NG 0.125 3 NG 
xX 0.195 1 NG 0.165 1-2 NG 
Y 0.220 1 NG 0.165 3 NG 
Z 0.220 1 NG 0.175 1 NG 

Heat No. 3 Heat No. 4 
A 0.080 1 NG ae a tae 
B 0.090 1 NG 0.105 1-2 NG 
Cc 0.085 2-3 NG 0.115 3-4 NG 
D 0.100 3 NG 0.155 7 OK 
E 0.145 6 NG 0.195 7-8 OK 
F 0.190 & NG 0.225 8 OK 
Vv 0.080 1 NG 0.135 2 NG 
WwW 0.150 1 NG 0.205 2 NG 
x 0.175 1 NG 0.230 2-3 NG 
Y 0.200 1 NG 0.250 2-3 OK 
Z ae id 0.230 2-3 NG 

Heat No. 5 Heat No. 6 
A 0.100 1 NG 0.055 1 NG 
B 0.100 1-2 NG 0.050 1 NG 
© 0.105 1-2 NG 0.055 2-3 NG 
D 0.105 4 NG Ps a a 
E 0.135 7 OK 0.160 s OK 
F 0.160 & OK ie hod ‘ik 
Vv 0.105 1 NG 0.055 1 NG 
Ww 0.140 1-3 NG 0.170 1 NG 
x 0.155 2 NG 0.220 1 NG 
y 0.165 2 NG 0.225 1 NG 
Z 0.170 1 NG 0.240 1 NG 

Heat No. 7 Heat No. 8 
A 0.115 1 NG 0.070 1 NG 
B 0.120 1-2 NG 0.080 1 NG 
. 0.125 2-3 NG 0.085 1-3 NG 
D 0.140 7 OK 0.090 4 OK 
E 0.175 7 OK 0.105 5 OK 
F 0.220 x OK 0.135 8 OK 
Vv 0.115 1-2 NG 0.075 1-2 NG 
Ww Ca ri 0.120 1-2 NG 
x 0.225 2 NG 0.140 1-3 NG 
Vv éede pa wee 0.150 1-3 NG 
Z 0.250 2 OK 0.155 1-3 NG 


*OK =Satisfactory embrittlement test. 
NG = Unsatisfactory embrittlement test. 


17.30% chromium) apparently all of the carbon was combined with 
the titanium, thus indicating the low solubility of titanium carbide 
in austenite. 

Derivation of Quantitative Relationship—The straight-line re- 
lationship observed in Fig. 1 immediately suggested a mathematical 
treatment of the data in order to reduce the findings to an equation 
of usable form The derivation of such a relationship follows. 
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1. Grain Boundary Perimeter from Grain Size 


(a) 
(b) 


(c) 


(d) 
(e) 


Assume grains of uniform hexagonal shape and size 
Number of grains per sq. inch = 2"~’ 

where “n” = ASTM grain size as viewed at 100 diameters 
Then (2°-*) (3/2 a® tan 60°) = 1 sq. inch 


oca=4/ ee eee 
3(2°-*) tan 60° 


where (3/2 a’ tan 60°) is the area of a hexagon one side of which is 
oa 

Perimeter of one grain is 6a 

Considering that two grains participate in any one grain boundary, the 
total grain boundary perimeter “P” per sq. inch for any grain size “n” 
(at 1X) is: 


(6a) (2"-*) oer 1 tan 60° 
P SR couse 








100 X 2 2X 10 
sot g/ 22 o> 4/ SY 
3 tan 60° tan 60° 
10" 4/3465 (2°-) 


2. Free carbon — total carbon — carbon combined with titanium 


TiC 
=C-—-——-— 
5 


3. Let 8 — free carbon per inch of grain boundary (per sq. inch of 
surface examined ) 


(a) 


(b) 





ent Free Carbon 
e se ar ciatneteatag a a ac 
" Total Grain Perimeter 
TiC 
5 
a A a TIA 


10" / 3.464 (2°-*) 


From Fig. 1 the following relationships are apparent by extrapolation 
when the tangent of angle @ is the slope of the line dividing satisfac- 
tory from unsatisfactory behavior 


a B 
%o Cr — 16.75 


B = (% Cr — 16.75) tana (a is approx. 18°) 
B= (% Cr — 16.75) (0.3) 


tana = 
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A 
16.70 i710 1730 617.70 1810 18.50 18.70 
Chromium Content 


Fig. 1—Embrittlement of 18-8 Ti as Affected by 
Chromium Content and Free Carbon. 


Free Carbon Per Inch Of Grain Boundary Per Sq. Inch Of Surface Examined 


(c) Then by substitution and assuming satisfactory embrittlement test be- 
havior 


B< 


of TiC 
% - < 
—_— = % Cr — 16.75 
3X 10°/3.464 (2"*) 


(d) By rearranging, the minimum combined carbon for satisfactory em- 
brittlement test behavior is: 


i sarisiiteiaimabitiaummenre 
a =C 3 X 103.464 (2°-*) K (% Cr — 1675) | 


(e) The permissible maximum free carbon is: 


TiC ssnieleitearitieeatiaahaian 
C= - = 3 XK 10°V/3.464 (2"°-*) K (% Cr — 16.75) 


In the foregoing derivation the amount of permissible “free” or 
uncombined carbon was calculated on a planar basis. Recognizing 
that grains are solid bodies and therefore bounded by surfaces rather 
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Fig. 2—Photomicrograph Illustrating Effect of Free Carbon, 
Grain Size and Composition on Embrittlement Test Results. Spec- 
imen was sensitized after indicated heat treatment. Specimen 
7Z—embrittlement test satisfactory, 0.006% free carbon, grain 
size 2. Electropolished and electrolytically etched in 10% oxalic 
acid. X 500. 


than lines, an arithmetical step need only be performed to express 
the relationship in terms of free carbon per square inch of boundary 
surface per cubic inch of metal. In keeping with common pictorial 
representation of equiaxed grain structures, a constant uniform hex- 
agonal cross section was assumed. Other investigators have shown 
that the geometrical solid which growing crystals tend to assume is a 


Table VI 
Grain Size Perimeters 


Total Grain Boundary 


Perimeter i.e. Perimeter X Tana 
ASTM 10-2 ¥ 3.464 (2"-1) i.e. 3 XK 10-8 V 3.464 (28-2) 
Grain Size Inches Per Sq. Inch Inches Per Sq. Inch 
1 0.0186 0.0056 
2 0.0263 0.0079 
3 0.0372 0.0112 
4 0.0526 0.0158 
5 0.0744 0.0223 
6 0.1052 0.0316 
7 0.1488 0.0446 
8 0.2104 0.0631 





Note: ‘“‘n’”’ is estimated ASTM grain size. 
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or ree Illustrating Effect of Free Carbon, 
ouik ize and Composition on Embrittlement Test Results. Spec- 
imen was sensitized after indicated heat treatment. Specimen 
5B—embrittlement test unsatisfactory, 0.053% free carbon, grain 


size 1-2. Electropolished and electrolytically etched in 10% oxalic 
acid. XX 500. 


12 or 14-faced solid (13), (14). The sectioning of such a solid 
could be expected to give a statistical distribution of plane figures 
with a circle as the limiting shape as the number of sides of the 
polygon increased. With an assumed circular cross section, the max- 
imum deviation in the total perimeter per square inch of surface for 
a given grain size is about 5% from the perimeter of the assumed 
hexagonal cross section. For actual polygons encountered in the 
above sectioning, this deviation would be appreciably less. 

The significance of the derived relationship is evident from 
Fig. 1 and again stresses the fact that the amount of carbon com- 
bined with the titanium must be considered in its relationship to 
both grain size and composition before embrittlement behavior can 
be predicted. In addition it permits rationalization of hitherto un- 
explainable failures in the embrittlement test of 18-8 Ti having the 
specified Ti/C ratio. The influence of grain size on the intergranular 
corrosion of 18-8 is well covered qualitatively in the literature (3), 
(7), (8). Its effect in 18-8 Ti would appear to be explained by a 
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Fig. 4—Photomicrograph Illustrating Effect of Free Carbon, 
Grain Size and Composition on Embrittlement Test Results. Spec- 
imen was sensitized after indicated heat treatment. Specimen 
5F—embrittlement test satisfactory, 0.038% free carbon, grain 
— 8. — and electrolytically etched in 10% oxalic 
acid. x $00. 


lessening of the chromium carbide concentration at the grain bound- 
aries of a fine grain steel. That is to say, with decreasing grain size 
the grain boundary area increases, thereby offering greater areas over 
which a given amount of precipitated chromium carbide must be 
distributed. This effect is most pronounced at short sensitizing times. 

The effect of deoxidation practice on the embrittlement behavior 
of 18-8 Ti has long been argued and as now shown it affects the 
embrittlement test results only insofar as it determines the amount 
of titanium available to combine with the carbon. Such unknown 
variables are compensated for in the derived expression. 

It should be apparent that a limited amount of intergranular 
chromium carbide precipitation can occur without causing failure as 
judged by the embrittlement bend test. Fig. 2 is a photomicrograph 
from heat 7 with heat treatment “Z,”’ followed by sensitization. 
Despite large grain size and limited carbide precipitation, the embrit- 
tlement test of this material was satisfactory. For Fig. 3, however, 
the microstructure although similar in appearance to Fig. 2 is rep- 
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Free Carbon Content 





1700 i720 17.40 1760 1780 18.00 18.20 18.40 
Chromium Content 


Fig. 5 -Maximum Free Carbon of Austenitic Chromium-Nickel Steels for Satis- 
factory Embrittlement Test Results. 


Table VII 





Sample Calculation for the Prediction of Embrittlement Test Results , 
(1) Assume: . 0.050% 
Cr 17.50% 
Grain Size 5 
Tic 
(2) The minimum combined carbon for satisfactory results is given by the quantity —— 
of equation (3d) in the derivation and 
TiC ee 
— = C— | 3 X 10-3 V 3.464 (28-1) kK (% Cr — 16.75) 
; . 
(3) By substitution: 
Tic 
—— = 0.050 — (0.022%) & (17.50 — 16.75) 
5 
= 0.050 — 0.0165 
*See Table VI 
= 0.034 Value for grain size 5 = 0.022 
0.034 
Thus 0.034% carbon or <x 100 = 68% of the total carbon content must 


combine with the titanium. 


(4) It follows that a minimum of 0.17% TiC is required (5 times the minimum combined 
carbon). The amount of Ti combined, then, is 0.136% (4 times the minimum combined 
ca . Actual chemical determination would show whether the TiC was greater or 


less than the required amount and the prediction would be based accordingly. 
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resentative of material showing unsatisfactory embrittlement test 
behavior (specimen 5B). This behavior can be explained, mostly, 
by the higher free carbon content of specimen 5B. Fig. 4 illustrates 
the effect of smaller grain size and a lower free carbon content on 
the same heat as Fig. 3. Although intergranular chromium carbide 
has been precipitated, the embrittlement test was satisfactory. 
Application of Relationship—While the derived formula may be 
somewhat cumbersome to handle in its present form in routine work, 
standard tables can be computed which give the limiting free carbon 
content for any grain size and chromium content. Table VII illustrates 
a sample calculation for the prediction of embrittlement test results. 
The basic work for this study was made on 18-8 Ti but it is 
believed that the results can be applied to 18-8 Cb or even plain 18-8 
because the method can be used to compute the permissible maximum 
free carbon irrespective of the presence of stabilizing elements. Com- 
parison of this maximum with the actual free carbon should indicate 
the expected behavior. For 18-8 Cb (assuming the compound CbC), 


‘ 3 alte 
the free carbon would be C — a5 When no stabilizing elements 
©. 
are present the free carbon would equal C — 0.02. Fig. 5 is a 


graphic representation of the allowable maximum free carbon for 
the general case and was computed from the derived expression. 


SUMMARY 


A quantitative method has been developed for predicting the 
intergranular embrittlement test behavior of 18-8 Ti from composi- 
tion and grain size. Similar relationships can be derived for any 
other given set of conditions. 

The findings are based on short-time exposure at the sensitizing 
temperature. The fact that long exposure will make the effect of 
grain size negligible and cause other changes due to diffusion is rec- 
ognized. Logical explanations can now be offered for hitherto unex- 
plainable embrittlement test failures in 18-8 Ti and 18-8 Cb having 
Ti/C or Cb/C ratios in excess of the stoichiometric ratio. 
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DISCUSSION 


Written Discussion: By Samuel J. Rosenberg, metallurgist, National 
Bureau of Standards, U. S. Department of Commerce, Washington, D. C. 

The commonly accepted test for development of intergranular embrittlement 
in 18-8 stainless steel is not the most sensitive. This test specifies a 2-hour 
sensitizing treatment at 1200 to 1250 F (650 to 675(C), followed by a 2-day 
exposure to a boiling solution consisting of 100 grams of CuSO,-5H;O, 100 cc 
of concentrated sulphuric acid, and 900 cc of distilled water. A much greater 
degree of selectivity is shown if the sensitizing temperature is lowered and the 
time increased. Our experience at the National Bureau of Standards is that a 
sensitizing treatment for 1 to 3 weeks at 1020 F (550C) frequently produces 
marked susceptibility to intergranular attack in steels that are unaffected by 
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2 hours at 1200 F (650C). To speak of such steels as having satisfactory 
embrittlement test behavior is obviously begging the issue. Mr. Phillips shows, 
in his Fig. 4, a photomicrograph of one of his experimental steels which is 
characterized as “embrittlement test satisfactory”. I venture the opinion that if 
this same steel had been sensitized at 1020 F (550C) for a few days it would 
have proven to be extremely susceptible to intergranular attack. This opinion 
is based on the Ti/C ratio of this steel, which is entirely too low for effective 
stabilization, and on a considerable amount of test data which have been 
accumulated at the Bureau of Standards. If the author’s premise that no TiC 
is formed during sensitization is correct, and if the grain size is unaffected by 
the sensitizing treatment, as seems logical, variations in sensitizing treatment 
should have no effect upon susceptibility to intergranular attack. We know, of 
course, that this is not true and the author mentions this in his conclusions. It 
would appear that the curves shown in Figs. 1 and 5 of the paper are applicable 
only to 18-8 Ti steels which have been sensitized for 2 hours at 1200 to 1250 F 
(650 to 675 C). 

We have been interested in determining the partition of nitrogen in stainless 
steels and have evidence that appreciable amounts of nitrogen are tied up with 
titanium. In analyzing stainless steels for nitrogen’ we found that in types 302 
and 304 stainless all the nitrogen was acid soluble. In type 321 stainless prac- 
tically all the nitrogen was acid insoluble (dilute sulphuric acid). Since the 
only difference between the steels was the incorporation of titanium in the type 
321 stainless, it seems logical to conclude that the acid insoluble nitrogen is 
present in combination with the titanium, perhaps in the form of titanium 
nitride or cyanonitride. In either event, a considerable proportion of titanium 
would be tied up with nitrogen and therefore unavailable for formation of TiC. 
A chemical method for the determination of the amounts of titanium carbide 
and titanium nitride in the insoluble residue would be of considerable interest to 
us and I hope that Mr. Phillips will make this information generally available 
by including it in his reply. 

Referring to the relationship between free carbon content, chromium content, 
and grain size for satisfactory embrittlement test results, it seems to me that 
the nickel content would be of considerable importance. Conceivably variations 
in the nickel could cause or prevent the formation of delta ferrite which, in turn, 
has some effect upon the embrittlement behavior of 18-8 steels. Variations in 
amounts of delta ferrite will also be caused by variations in carbon, titanium, 
and, of course, columbium. 

The method proposed by Mr. Phillips for predicting the intergranular 
embrittlement behavior of 18-8 steels is extremely ingenious, but it is too difficult 
and too simple, paradoxical as that may sound. It is too difficult because it 
depends first on a chemical method for the determination of the amounts of free 
carbon and titanium carbide in stainless steel and I understand that standard 
methods for such determinations are not available. It should also be recognized, 
of course, that the amount of titanium carbide in any steel will vary in accord- 
ance with its annealing and stabilizing treatment. Further difficulty is imposed 
by the necessity of a grain size count. The method is too simple because it 


*Analyses made by J. L. Hague, National Bureau of Standards. 
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would appear that all that is necessary to determine the susceptibility of a steel 
to intergranular attack is to determine free carbon, titanium carbide, and grain 
size, substitute in the equation given, and there you are. Unfortunately it is 
not as simple as this since many other factors are quite important and I am 
sure that Mr. Phillips recognizes this. 

Written Discussion: By H. Ebling, research metallurgist, and M. A. 
Scheil, director of metallurgical research, A. O. Smith Corp., Milwaukee. 

Mr. Phillips’ paper is very interesting and much credit is due him -for 
elucidation on the effect of titanium in 18-8 stainless steels. We have noted on 
several occasions that titanium and columbium were not 100% efficient in 
stabilizing 18-8 stainless steels. 

In testing these steels for intergranular susceptibility the problem of a 
standard procedure is always involved. The material received from the mill is 
usually in the annealed condition. Further heatings as in hot forming, welding, 
or stabilizing are involved in using the material and it may be desirable to 
indicate the acceptability of the material by more severe testing than the author 
has indicated. 

Regardless of the previous heat treatment, the sensitizing of the metal 
appears to be a time-temperature condition. The use of 1200 F (650C) for 2 
hours seems to be the most popular. Some laboratories recommend lower 
temperatures for long periods of time. 

Other considerations are the concentration of the test solution and the 
length in time of exposure to the test solution. Of the many. test solutions, 
Aborn’s acid-copper sulphate’ probably is the most widely used. The time of 
exposure to the boiling solution is 72 hours; however, some tests are exposed 
for 14 days or longer. 

With these variations in test procedure, it is difficult to determine the 
susceptibility of the metal. There is no doubt about the specimens that are 
found unsatisfactory after short tests; however, one becomes uncertain when 
the satisfactory specimens fail when tested for longer periods. 

The time.of exposure used in the author’s tests was 48 hours. It would be 
interesting to know if these results would change if the period of exposure were 
increased to 144 or 216 hours. We have made tests showing that a specimen 
exposed for one 72-hour period was satisfactory but after three such periods it 
was not satisfactory. 

Additional tests made on specimens having lower annealing temperatures 
and longer stabilizing times would be of interest. We have used stabilizing 
times up to 30 hours with some heats of steel to our advantage. 

In the definition of free carbon under the derivation of quantitative rela- 
tionship, No. 2, we believe there should be some consideration of carbon in 
solution since the formula is 


Free Carbon = Total Carbon — 0.02 


for steels containing no stabilizing elements. We believe the following formula 
should apply to steels having titanium as a stabilizer : 


%Aborn Solution—13 Gm. CuSO,4-5H:O —47 ml. conc. H,SO, diluted to 1 liter with 
distilled water. 





FI 
i 
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TiC 
Free Carbon = Total Carbon — —— — 0.02 
5 


Since the titanium is not 100% efficient in fixing all the carbon in excess of 
solubility limits, we see no reason why it should do so with the carbon within 
the solubility limit. If it were possible to combine all the carbon and nitrogen 
with titanium, the steel would no longer be austenitic. 

Written Discussion: By S. F. Urban, director of research, The Titanium 
Alloy Manufacturing Co., Niagara Falls, N. Y. 

Though the author, Mr. Phillips, has made a strenuous effort to devise a 
quantitative means for evaluation of intergranular corrosion, it is the writer’s 
opinion that there are a number of points that should be accepted with caution, 
at least until such a time as more evidence can be brought to bear on the subject. 
In this vein, the writer is reluctant, because of.the lack of data in the literature, 
to accept the statement in the last sentence of the first paragraph of the intro- 
duction, namely, the remark that intergranular corrosion occurs in stainless 
steels operated in the sensitization range. The writer agrees that many users 
have had fear of such service environment, but be that as it may, which is 
purely a commercial consideration, the writer is not aware of any service failures 
due to intergranular attack at the sensitization temperature exclusive of that 
attack that may occur in the process of cooling from the sensitization temper- 
ature to the essentially room temperature. 

The data set forth in Table II based on acceptance or rejection after 
appropriate testing and bar test at 30 magnifications is most difficult to accept 
for the following reasons: 

A. The basis of acceptance was that there be absolutely no indication of 
cracking at 30 magnifications. This could be accepted only if companion pieces, 
heat treated in the same manner but not subjected to the copper sulphate, are 
used as the datum plane for reference. This is absolutely imperative in order 
to eliminate any opinion as to “orange peel effect”. 

B. If the data in Table II are accepted on face value, then the implications 
are that the users of 18-8 Ti should feel that they are sitting on a cake of 
dynamite, which obviously they do not feel as a result of their experience from 
long-time service performance. 

C. It is hoped that all of the heats were appropriately deoxidized with 
aluminum before the titanium addition, for it is well known that this condition 
must be thoroughly met or ratios of Ti/C cannot be accepted rigorously. 

D. Though the author states that the treatment on all the samples was 
between 1900 and 1950 F (1040 and 1065 C), the writer is surprised in that from 
his former associations with the company of the author, he is under the distinct 
impression that the particular plant the author is associated with frequently 
employs much higher annealing temperatures to obtain the lowest possible 
hardness and the maximum ductility. This practice in many instances may be 
dangerous as is well known for heats having a low side chromium content. 

There is some question in the writer’s mind about the analytical procedure 
indicated on page 896, at least for titanium oxide. The basis for this observation 
is the following : 
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A. If heats of 18-8 Ti are made with and without adequate aluminum 
deoxidation before the titanium addition, and are made to the same carbon 
content and’ the same Ti/C ratio, processed and sensitized, we find that with a 
ratio of 5, the heat with no aluminum fails completely whereas the heat 
properly deoxidized with aluminum is completely immune to intergranular attack. 
This clearly indicates some relatively large differences in the TiO; contents of 
the two steels, yet analytical methods fail to reveal the difference that clearly 
must exist. 

B. It is rather disconcerting in the study of Table V to note that steel 4 
with a 2200 F (1205C) quench and a 30-minute reheat at 1600 F (870C) is 
satisfactory, but the same steel is unsatisfactory in the same grain size condition 
for 10, 20 and 45 minutes at 1600 F (870C). 

C. In the derivation of the formula, it is the writer’s impression that the 
original derivation number, of grains per square inch equals 2", refers to the 
number of grains at 100 diameters rather than at one diameter. The writer 
would like to have clarification on this point, though he has not been able to 
find in his library the original reference in the ASTM. If the writer’s stand is 
an accurate one, then he is of the opinion that the formula derived will naturally 
require modification. In further regard to the formula developed, namely, step 
2 defining free carbon as total carbon minus that combined with titanium, there 
is no recognition made of the proposition indicated in the first part of the paper 
that 0.02 carbon is deemed to be the solubility limit and that the free carbon 
would be total carbon less 0.02% carbon minus carbon combined with titanium. 

In spite of the rather pointed discussion by the writer, it must be recognized 
that Mr. Phillips has strongly emphasized that intergranular attack is related 
to variation in chromium content and grain size, which are not normally con- 
sidered in end use, and that no matter how details such as are brought up in the 
discussion may be modified, the basic concepts brought out by Mr. Phillips are 
excellent and should withstand the test of time. 


Author’s Reply 


We appreciate the interest shown by Messrs. Rosenberg, Ebling, Scheil 
and Urban in the paper presented and hope that the ensuing discussion will 
clarify our thoughts on the points brought out. 

Mr. Rosenberg has mentioned the familiar problem of a standard test 
procedure and although we are not in complete accord with his remarks we 
would like to point out that there is no record, either privately or in the litera- 
ture, of an application where the present test procedure for evaluating the 
titanium or columbium was considered unsatisfactory. Since an explanation was 
offered only for intergranular failures occurring in 18-8 Ti under certain 
conditions, Mr. Rosenberg is correct in his statement with regard to Fig. 1; 
however, with respect to Fig. 5 we have already indicated that it would appear 
that Fig. 5 is applicable to other grades of stainless. 

The effect of nickel on the test results would appear to be negligible since the 
precaution was taken to insure that delta ferrite was absent in the alloys studied. 

Under the conditions cited in the paper, the method for predicting inter- 
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granular embrittlement behavior is not quite the problem that Mr. Rosenberg 
suggests. The main objection cited was the lack of a chemical method for 
titanium carbide although Mr. Rosenberg must have been cognizant of such 
methods because of his request to make them available. The methods used in 
the original investigation are appended to this closure. 

Messrs. Ebling and Scheil have brought up the point of the effect on the 
test results of increased exposure time in the copper sulphate solution. No 
tests were made to determine this effect because of our interest in a specific 
test procedure. 

It was stated that the free carbon was the amount of carbon free to combine 
with chromium and was defined as the total carbon of the steel minus the 
amount combined with titanium. Messrs. Ebling and Scheil have suggested that 
the solid solubility limit of carbon with respect to chromium carbide should 
also be considered. While it is true that research techniques employed up to 
this time have yielded results that indicate the limit is about 0.02% carbon, it 
would be erroneous for several reasons to assume that only the carbon in excess 
of this somewhat arbitrary figure could form a chromium carbide. First because 
research work, as yet unpublished, suggests that the value may be lower and 
secondly because of the data presented in this paper. There were many heat 
treatments that yielded free carbon values less than 0.02% but for which the 
corresponding embrittlement results were unsatisfactory; for example, on one 
heat it was necessary to have a free carbon value as low as 0.008% carbon before 
a satisfactory embrittlement test was obtained. We have interpreted these 
results to mean that even when the titanium carbide content is sufficiently great 
as to leave less than 0.02% carbon uncombined, part or possibly all of this 
uncombined carbon may form a chromium carbide during sensitization. It would 
appear, therefore, that our chemical method for determining the combined 
carbon content presents a new technique for determining more accurately the 
solid solubility limit of carbon in austenite with respect to chromium carbide. 
The present accepted value is about 0.02% carbon but would now appear to be 
appreciably lower, although a more exact value will not be known until our 
current study is completed. 

The interpretation which Dr. Urban has put on the last sentence of the first 
paragraph of the paper is contrary to the original intent of the author, since it 
was meant to include only failures resulting from attack that occurred either 
in the process of cooling down from the sensitization range or after reaching 
room temperature. Nevertheless, we would like to point out to Dr. Urban that 
we have cases in our files where failures have been attributed to intergranular 
attack, which occurred at service temperature. 

With respect to the data of commercial heats presented in Table II it has 
been our experience that little trouble is met in distinguishing intergranular 
cracking from the “orange peel effect” on a commercial product. This is 
attributed to two factors. First, the grain size of a commercial 18-8 Ti sheet 
inherently tends to be fine and hence has no tendency toward an “orange peel” 
and secondly, an experienced observer can easily detect cracking, particularly 
if the angle of illumination on the test piece is varied. 

In view of Dr. Urban’s past experience, it is assumed he appreciates 
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that the data presented in Table II are not representative of material actually 
shipped to the consumer. In fact, it was pointed out originally that many 
specifications require a satisfactory embrittlement test regardless of Ti/C ratio. 

It is possible that Dr. Urban has forgotten the exact annealing temperature 
employed at the particular plant with which the author is associated because the 
temperature range stated in Table II is correct and in accordance with speci- 
fications existing at that time. 

The picture presented by Dr. Urban in questioning the analytical procedure 
for titanium oxide is somewhat distorted because the facts were only partly 
given by him in his discussion. As ,will be shown, the difference in embrittle- 
ment behavior was caused by failure to consider certain other important 
variables. Because of Dr. Urban’s former association with the company of the 
writer, an opportunity was afforded to test the two compositions cited in the 
foregoing discussion and in order to show that deoxidation practice is not an 
influencing factor, the pertinent data of these heats were reviewed and are 
presented herewith. 


Heat Not Heat Deoxidized 
Deoxidized With Aluminum 
Carbon 0.082% 0.082% 
Titanium 0.36 0.34 
Titanium Carbide 0.31 0.25 
Chromium 17.20 17.96 
Nickel 8.20 8.00 
Grain Size 5.0 6.0 
Actual Free Carbon 0.020% 0.032% 
Maximum Permissible Free Carbon 0.010 0.038 
Embrittlement Test N.G. O.K. 
Delta Ferrite None Some 


From this tabualtion it is apparent that when all of the essential data are 
known and applied to the results given in the paper, the embrittlement behavior 
of the steels confirms the predicted results. Furthermore, the heat deoxidized 
with aluminum contained delta ferrite and consequently would be expected to 
show better embrittlement behavior. Fig. A illustrates how the chromium 
carbide precipitated preferentially in the delta phase. 

With regard to the next point raised in the discussion on Table V, it is 
apparent that one important variable was overlooked by Dr. Urban for the 
particular steel questioned. Table V shows that this specimen had a sufficiently 
greater amount of carbon combined, than the specimens used for the other heat 
treatments, to result in satisfactory embrittlement behavior. Why this particular 
specimen showed a greater amount of titanium carbide is not now apparent, but 
the significance of these data is that the calculated embrittlement result 
correlated with the actual embrittlement tests made. 

In the last point brought up by Dr. Urban it is apparent that reference is 
made to the first section of the derivation given on page 899 of the paper and that 
a question has been raised with respect to the units of the “P” quantity which 
is the total grain boundary perimeter. In checking with the ASTM it was 
found that our original interpretation was correct and that, therefore, the 
perimeter is in inches at x 100 per square inch at x 1. 





DISCUSSION—CORROSION OF 18-8 TI 


Fig. A—Heat Deoxidized With Aluminum. Electrolytic 10% NaCN 
etch. > 500. 


In conclusion, I should like to thank the contributors again for their con- 
sideration of this paper. 


Appendix: By W. C. Maurer, chemist, Wood Works, Carnegie-Illinois 
Steel Corp., McKeesport, Pa. 


Determination of Titanium Carbide in Stainless Steel (Type 321) 
(Colorimetric Method) 


The method consists of separating the insoluble titanium from the soluble 
by digestion in hydrochloric acid, filtering the insoluble, oxidizing the carbides, 
and finally determining same colorimetrically. 

Method—Prepare a sample of very fine cuttings that pass through a 20- 
mesh sieve. Weigh 1 gram and transfer sample to a 250-milliliter beaker. 
Add 100 milliliters HO and 35 milliliters HCI (sp. gr. 1.18). Cover beaker 
with watch glass and heat to just below the boiling point until sample is 
completely dissolved. Keep volume constant by adding water if necessary. 
Remove beaker from hotplate and filter contents immediately through a close 
texture filter paper (11 C.M. Whatman No, 42) using paper pulp, and wash 
paper about five times with hot 2% HCl. Transfer the paper containing the 
carbides to the original beaker. Add 15 milliliters perchloric acid (70 to 72%) 
and 3 milliliters HNO, (sp. gr. 1.42) and boil cautiously until the paper, is 
oxidized, and continue boiling to heavy fumes to completely oxidize carbides. 
Add one portion (approximately 5 grams) NaCl to volatilize traces of chromium 
and continue boiling 2 minutes. Remove from hotplate, cool. From this point, 
the titanium can be determined by any color method by diluting with water to a 
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suitable volume, aliquoting if necessary, adding 5 milliliters 3% H:O:., and 
matching color against a standard solution of titanium perchlorate, or deter- 
mined in a photoelectric colorimeter. Wood Works uses a Dr. B. Lange photo- 
electric colorimeter. The result reported is titanium (as carbides and nitrides). 

Remarks—A greater accuracy may be obtained by using a 5-gram sample, 
but we have found that a 1 or 2-gram sample checks well against a 5-gram 
sample. 

It is quite likely that the result obtained in this method is titanium carbide 
plus titanium nitride, in cases when the steel has a high nitrogen content. 


Determination of Titanium Carbide in Stainless Steel (Combustion Method) 


The method consists of separating the insoluble titanium from the soluble, 
by digestion in hydrochloric acid, filtering the insoluble on Gooch crucible, 
drying, and determining carbides as carbon by combustion. Per cent carbon 
obtained is converted to titanium carbide. 

Method—Prepare a sample of fine cuttings that pass through a 20-mesh 
sieve. Weigh 2.7272 grams (carbon factor weight), transfer sample to a 250- 
milliliter beaker. Add 100 milliliters HzO and 35 milliliters HCl (sp. gr. 1.18). 
Cover beaker with watch glass, heat to just below boiling point until sample 
is dissolved. (Keep volume constant by adding water if necessary.) Remove 
beaker from hotplate and filter immediately (using suction) through a vitreosil 
Gooch crucible matted with ignited asbestos pulp. Wash crucible and contents 
with hot water until free from acid. Dry crucible and contents at 220 F for at 
least 20 minutes, transfer crucible to the hot zone of the combustion tube to 
determine carbon by the combustion method (same as carbon in steel is 
determined ). 

(4 times the per cent carbon is titanium, as carbides.) - 

Remarks—A blank determination should be run through all the steps, 
including a blank on the furnace train. 

Combustion furnace temperature should be approximately 2050 to 2100 F 
(1120 to 1150C). 





ISOTHERMAL TRANSFORMATION OF AUSTENITE 
By AxEL HULTGREN 
Abstract 


A number of alloy steels have been subjected to iso- 
thermal transformation studies with a view to elucidating 
the mechanisms of the various transformations occurring 
at different temperatures, and the compositions and con- 
stitutions of the transformation products. Most tests 
were made on manganese and tungsten steels. The data 
have been brought together in the form of TTT-diagrams. 

The results are in agreement with earlier suggestions 
that pearlite is nucleated by carbide, and bainite by ferrite, 
both being formed as aggregates of ferrite and carbide. 
On this basis, a theory has been developed, postulating that 
the ferrite of pearlite and the carbide of bainite each have 
a so-called secondary orientation in the mother austenite, 
differing from the so-called primary orientation of the 
same constituents in the other of the two transformation 
products. This hypothesis is believed to apply to both 
carbon and alloy steels. 

In addition, it has been suggested that, in alloy steels, 
while pearlite—or corresponding eutectoid—is formed ac- 
cording to the laws of a binary eutectoid reaction in a 
ternary system, the equilibrium attained being called 
orthoequiuibrium, the alloying element does not take part 
in the bainite reaction, both ferrite and carbide of this 
reaction inheriting their alloy contents from the austenite. 
This equilibrium, which is metastable, is called paraequt- 
librium, and the ferrite nucleating this reaction is called 
paraferrite. The hypothesis is borne out by analyses of 
carbide residues. 


LOWER transformation point appearing during cooling of 
tungsten steel was observed by Osmond in 1903 (1), (2)? and 
later confirmed by Boehler (3), Carpenter (4), Swinden (5), (6), 
Honda and Murakami (7), (8) and the author (9), (10), (11). 
According to Honda and Murakami the lower transformation was 
associated with the formation of acicular ferrite and of cementite 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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showing the ordinary Curie point, whereas the raised Curie point of 
the carbide formed at the upper transformation Ar, was attributed 
to a double carbide. Fig. 1 (9) shows so-called secondary ferrite 
in a specimen of a 0.94% carbon, 2.9% tungsten steel quenched at 
540 C (1005 F) after continuous cooling from 1200C. The ferrite 
precipitation was preceded by precipitation of network cementite and 
partial formation of pearlite. Similar intermediate transformation 
phenomena were observed in nickel, nickel-chromium, chromium and 
molybdenum steels (12), (13), (14), (15). 





Fig. 1—So-Called Secondary Ferrite in 0.94% 
Carbon, 2.9% Tungsten Steel Quenched From 540 C 
During Cooling From 1200C (9). 


After Robertson, in 1929 (16), had studied isothermal transfor- 
mation in carbon steel and distinguished between pearlite and the 
intermediate transformation product, Davenport and Bain in 1930 
(17) presented their well-known survey of the isothermal transfor- 
mation characteristics of carbon and a few alloy steels. Their results 
were condensed in the form of the so-called S-curves. Since then, 
the study of the shape and position of such temperature-time-trans- 
formation curves, or TTT-curves, for numerous steels has greatly 
increased our knowledge of the transformation behavior of austenite. 

Any break in the 0% curve or “zero curve” should signify a 
change in the transformation mechanism and in the nature and struc- 
ture of the resulting product, and vice versa. Surprisingly enough, 
no such break was found in the zero curve at the temperature of 
change from pearlite to intermediate transformation product, later 
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called bainite, in Davenport and Bain’s diagrams. Later studies have 
shown that such a break occurs in the zero curve of many alloy steels 
(42), (46), but for carbon steels and, by the way, for nickel steels, 
a break seems not yet to have been discovered. 

In the discussion following Davenport and Bain’s paper, Robert- 
son pointed out that the representation of the martensite transforma- 
tion in their diagrams did not agree with the well-known rapid for- 
mation of martensite on cooling and later diagrams have generally 
been drawn to satisfy that feature (Cohen, 18). 

Transformation diagrams, based upon structural, dilatometric 
and other evidence, including the microstructure in detail as seen at 
high magnification, are required but not sufficient for a thorough 
understanding of the transformation of austenite in its various aspects. 
In addition is needed a knowledge of the phases formed, their lat- 
tice structure and composition, their cryStal orientation and habit 
in relation to the austenite mother crystal and, finally, the mechanism 
of their nucleation and growth. 

The carbides formed during isothermal transformation have been 
studied magnetically, by chemical analysis and by X-ray. 

The difference in Curie point of the pearlite and bainite car- 
bides in certain alloy steels was observed by Honda and Murakami 
(7), (8), Wever and Lange (19), (20), Rose and Fischer (21). 
The steels investigated were tungsten, chromium, nickel-chromium 
and manganese steels. 

On analyzing the isolated carbide of transformation products, 
the pearlite carbide has so far always been found to contain a higher 
alloy content than the bainite carbide. The carbide of tempered mar- 
tensite showed a higher alloy content when formed at a higher tem- 
perature than at a lower. If bainite was afterwards annealed at a 
higher temperature a gradual change to higher alloy content occurred. 
The so-called pearlitic carbide could be a special carbide such as 
Cr,C, or Fe,,Mo,C,. The following investigations in this field may 
be cited: Wever and Lange (20), Crafts and Offenhauer (23), (24), 
Bowman (25), Lyman and Troiano (26), Houdremont, Koch and 
Wiester (27). Ina chromium steel studied by Lyman and Troiano 
the carbide found on completion of the pearlite transformation was 
cementite. This gradually changed to Cr,C, on continued annealing 
(26). Whether there is a discontinuity in the compositions of pearl- 
ite and bainite carbides when formed at the same temperature has not 
been ascertained. 
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Crystallographic studies of the orientation of the transformation 
products in relation to the mother crystal of austenite were first made 
by Kurdjumow and Sachs on martensite in a high carbon steel (28) 
and later by Nishiyama on the phase formed at liquid air tempera- 
ture in a 30% iron-nickel alloy (29). The following relations were 
obtained : 

K&S: te // {110}e N: {11ll}y // {110}e 
110}y // [l1ll]je [211}y // [110]e 

Greninger and Troiano studied the transformation of martensite 
in a 0.8% carbon, 22% nickel steel and found its orientation to be 
intermediate between the K & S and N relationships (61). 

Other transformation products have been studied by Mehl and 
his coworkers. who found that ferrite in pure iron followed the 
K & S-relationship (30). So did also propearlitic ferrite in hypo- 
eutectoid steel (31) and bainitic ferrite in eutectoid steel when formed 
at 250C (480 F), whereas bainitic ferrite formed in the same steel 
at 450 and at 350C (840 and 660F) followed the N-relationship 
(32). The pearlitic ferrite seems to assume another, perhaps vari- 
able, orientation (32). The orientation of cementite as propearlitic 
precipitate, in pearlite and in bainite remains undetermined (32). 

The orientation data so far determined are incomplete, particu- 
larly as regards cementite, but in view of the similarity between the 
K & S- and N-relationships, they indicate a certain measure of uni- 
formity in the orientation of all body-centered iron products with the 
exception of the ferrite of pearlite. 

Mehl concludes that cementite nucleates the formation of pearlite 
and ferrite the formation of so-called upper bainite (33), thus re- 
viving an earlier suggestion by Robertson (16), made before the 
results of orientation studies were available to support the conclusion. 

Greninger and Troiano found the habit plane orientation of 
martensite to vary with composition and that of the plate-like prod- 
ucts of austempering to be different and to vary with temperature of 
formation (50). 

The nucleation and growth of lamellar pearlite has been studied 
quantitatively in its relation to temperature, austenite grain size and 
inhomogeneity in austenite by Mehl and coworkers (34), (35), (36). 
THe retarding effect on the pearlite transformation of large grain 
size and the accelerating effect of undissolved carbide has been 
pointed out. Davenport, Grange and Hafsten found the same effect 
of grain size in a chromium-molybdenum steel (37). Hull and 
Mehl studied in detail the mechanism of lamellar growth in pearlite 
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(38) and distinguished by etching the separate pearlite colonies, which 
sometimes were found to grow past an austenite grain boundary 
without change of ferrite orientation. The author’s suggestion, that 
the carbon content of the austenite adjoining the growing cementite 
and ferrite lamella was determined by the metastable extensions of 
the A.» and A, lines to the temperature of transformation (39), was 
disputed (39), (38). Zener later accepted the former viewpoint (40). 

Partial transformation to pearlite was found to raise Ar” of 
the untransformed austenite somewhat—Wever and Mathieu, man- 
ganese steels (22), Lyman and Troiano, chromium steels (26). In 
the latter case c/a of martensite was diminished, thus proving that 
pearlite formation caused a lowering of the carbon content of the 
adjacent austenite. 

Of the numerous transformation diagrams of alloy steels show- 
ing the effect of the various elements on the rate of transformation 
of pearlite and bainite only a few can be mentioned here: Bain (41), 
Davenport (42), Allen, Pfeil and Griffiths (43), Lange and Mathieu 
(44), Wever and Mathieu (45), Blanchard, Parke and Herzig (46). 
In short, all elements retard the pearlite transformation, except car- 
bon and cobalt, which accelerate it. The bainite transformation ap- 
pears to be retarded in a varying degree by all alloying elements 
studied. 

The mechanism of bainite formation and the structure in detail 
of bainite are less well known than those of pearlite. Bainite has 
generally been found to have a coarser structure than pearlite formed 
at the same temperature. In alloy steels, in the upper bainite range, 
so-called acicular ferrite is often formed before bainite (8), (9). 
This was called the X constituent by Davenport (42), who stated 
that with increasing holding time at temperature it takes on a speckled 
appearance. The structures shown, as well as the author’s own ob- 
servations, do not, however, seem to support that statement, rather 
indicating that the formation of acicular ferrite is followed by the 
formation of speckled bainite. 

In the upper bainite range of certain alloy steels, the formation 
of bainite was found to cause an increase in carbon content of the 
untransformed austenite, as shown by lowering of Ar” and occa- 
sionally by increase of c/a of martensite formed on cooling—Wever 
and Lange, chromium-nickel steel (19), Wever and Mathieu, man- 
ganese steels (22), Siegel, nickel steel (47), Klier‘and Lyman, chro- 
mium steel (48), Lyman and Troiano, chromium steel (26). 

The TTT-diagrams of certain alloy steels will show retardation 
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phenomena in the form of a “bay” or a “shelf” in the zero curve 
and a “promontory” in the 100% curve—Davenport (42), Blanchard, 
Parke and Herzig (46), Lyman and Troiano (26). In extreme 
cases transformation in the upper bainite range will remain incom- 
plete after long holding periods—Wever and Lange (20), Wever 
and Mathieu (22), Allen, Pfeil and Griffiths (43). Davenport asso- 
ciated the bay and promontory with carbide-forming elements (42). 

German investigators found, after transformation in the bainite 
range, that the carbide formed above about 300 C (570 F) showed a 
normal Curie point about 200C, whereas after transformation at 
300 C or lower temperatures the Curie point of the carbide was 
absent—Wever and Lange (19), (20), Wever and Hansel (49). 

Lyman and Troiano (26), in studying the transformation of a 
1.02% carbon, 2.9% chromium steel at 384 C, found the first trans- 
formation product after 10* seconds to consist of dark areas re- 
sembling bainite, unresolved at high magnification, and small ferrite 
islands After 10° seconds, more ferrite had formed and, in addition, 
numerous carbide plates The same authors found, in a 1.02% car- 
bon, 8.8% chromium steel, the bainite reaction to be so much delayed 
that no bainite was visible in the structure at any temperature after 
200 days, an effect of high alloy and high carbon contents. 

In an unalloyed high carbon steel, 1.78% carbon, Greninger 
and Troiano found an isolated extra range of troostite formation—in 
nodules—about 300C, bainite being formed at higher and lower 
temperatures. 

The rate of formation of martensite, as pointed out by Robert- 
son (17, discussion) is mainly governed by temperature. Greninger 
and Troiano (51) state that, on cooling to a temperature below Ar”, 
martensite is formed immediately after Ar” is passed, in an amount 
proportionate to the distance from Ar”, and perhaps some more after 
temperature equilibrium is attained. In the upper part of the mar- 
tensite range there is in addition a slow decomposition at constant 
temperature. Thus, n per cent transformation curves in this part 
assume a slight slope. 

It is generally held that martensite is body-centered iron with 
carbon in enforced solution formed by some shearing movement, 
without diffusion and, in consequence, having the same composition 
as the mother austenite. 

Of the nature of bainite and its merchanism of formation one is 
less certain. Mehl (33) assumes that “upper” bainite is formed 
as an aggregate of ferrite and cementite nucleated by ferrite, whereas 
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“lower” bainite is formed by a lattice shearing process. Greninger 
and Troiano (50) suggest that austempering products are formed 
as aggregates, not as single-phase products. The results of dilato- 
metric measurements by Allen, Pfeil and Griffiths (43) indicate that 
bainite formed above 300C does not contain appreciable amounts of 
carbon in solution, whereas bainite formed below 300C does. Most 
investigators who have offered an opinion in the matter seem to 
assume that bainite is first formed as a supersaturated solution of 
carbon in alpha iron which is later decomposed through precipitation 
of carbide (16), (17), (19), (52), (48), (53), (26), (40).--Wever 
and Lange (19) state that the supersaturated alpha iron as first 
formed is in metastable equilibrium with austenite at the transforma- 
tion temperature, the solubility line for alpha iron reaching consid- 
erable carbon contents at lower temperatures. The carbide immedi- 
ately precipitated from the supersaturated alpha solution is said to 
nucleate carbide precipitation from the adjoining austenite in the 
upper region of intermediate transformation. Klier and Lyman (48) 
and Wiester (53) believe that regions having the lower carbon con- 
tent required for bainite formation are first established in the aus- 
tenite through fluctuations in the distribution of carbon atoms, before 
transformation sets in. 

Zener, in his elaborate discussion of the transformation of aus- 
tenite (40), assumes that bainite as first formed inherits its com- 
position from the austenite just as martensite does and attributes the 
difference in rate of formation of the two products to the deformation 
energy associated with the formation of the latter. The formation 
of the X constituent in the upper bainite region is explained as a 
result of carbon migration from the newly formed supersaturated 
ferrite into the surrounding austenite. 


New Hyportruesis I, Composition Hyporuesis 


In an alloy steel, the separation of ferrite is assumed to be asso- 
ciated with diffusion of carbon and the alloying element, the ferrite 
formed differing from the austenite both in carbon and alloy contents. 
Martensite, on the other hand, is formed without diffusion and in- 
herits its composition from the austenite. It would appear possible 
that, in an intermediate temperature range, where carbon can still 
diffuse at an appreciable rate but the diffusion rate of the alloying 
element is comparatively restricted, a third type of body-centered 
iron can form, which, in consequence, inherits its alloy content from 
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the austenite while its carbon content assumes a value corresponding 
to this special type of metastable equilibrium at the transformation 
temperature in question. In the following discussion the latter, 
postulated ferrite, will be called paraferrite, to distinguish it from the 
one first mentioned, which may be called orthoferrite. 

On the formation of paraferrite, the carbon content of the ad- 
joining austenite increases. Sooner or later cementite—or some 
other carbide—will be precipitated from the ‘austenite, generally at 
the interface between austenite and paraferrite. The cementite, 
formed under such conditions, will also inherit its alloy content 
from the austenite and may, therefore, be called paracementite. By 
simultaneous precipitation of paraferrite and paracementite in juxta- 
position, bainite is then formed. In the upper bainite region the 
formation of paracementite may be delayed by carbon diffusion 
from the ferrite interface into the surrounding austenite sufficiently 
for the ferrite particles to grow to microscopically distinguishable 
units, acicular ferrite or the X constituent (42), before the bainite 
aggregate forms. At somewhat lower temperatures, owing to slower 
carbon diffusion, this is not the case; in other words, bainite forms 
directly. The hypothesis outlined is consistent with the increase in 
carbon content of the untransformed austenite observed during the 
bainite transformation at higher temperatures. In analogy with pro- 
pearlitic ferrite formed in hypoeutectoid steels at higher tempera- 
tures, probainitic paraferrite may form at intermediate temperatures. 
Pearlite might be called an orthoeutectoid, bainite a paraeutectoid. 
The former represents orthoequilibrium, the latter paraequilibrium. 
Within both regions the structure of the aggregate naturally becomes 
finer with lowered temperature of transformation but pearlite is finer 
than bainite—and than probainitic ferrite—formed at the same tem- 
perature since the thicknesses of the ferrite and carbide units are 
determined mainly by the diffusion rate of the alloying element in 
the former case, and by the diffusion rate of carbon in the latter. 


New Hyporuesis II, OrtENTATION HyporuHeEsis 


Obviously, the composition hypothesis fails when applied to a 
pure carbon steel. From the results of experiments made by the 
author and by other investigators, it would appear that bainite may 
be formed in very pure carbon steels also. If that is true, two—or 
at least two—fundamentally different mechanisms of formation of 
a ferrite-cementite aggregate from an iron-carbon austenite must 
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exist. The results of orientation studies made on austenite trans- 
formation products by Mehl and his coworkers indicate the direction 
in which the answer to this question is to be looked for. Ferrite 
formed at higher temperatures has a preferred orientation in rela- 
tion to austenite (31). If the Kurdjumow and Sachs and Nishiyama 
orientations are considered as variants of the same orientation, the 
realization of one or the other depending on conditions of tempera- 
ture and composition, propearlitic and bainitic ferrite (32) and mar- 
tensite (28), (29) show the same orientation, which may be called 
the primary orientation of ferrite. The orientation of pearlitic fer- 
rite (32) was found to be different and may be called the secondary 
orientation of ferrite. In the same way, although the orientation of 
cementite in relation to the mother austenite has not yet been estab- 
lished, it may be assumed, with Hull and Mehl (38), that the pearlitic 
cementite has a preferred orientation, which may be called the pri- 
mary orientation of cementite, and further that the bainitic cementite 
has a different orientation, the secondary orientation of cementite. 

The two different mechanisms of transformation may then be 
described as follows, in agreement with Mehl’s reasoning: Pearlite 
is beginning to form when, after precipitation of a cementite par- 
ticle of primary orientation, an adjoining particle of ferrite is pre- 
cipitated in secondary orientation, the latter orientation in some way 
being enforced or made acceptable by the presence of the cementite 
primarily oriented. Bainite is beginning to form when, after pre- 
cipitation of a ferrite particle of primary orientation, an adjoining 
particle of cementite is precipitated in secondary orientation. It is 
concluded that, in the pearlite temperature range, pre-existing fer- 
rite lacks the power it has in the bainite range, to impose a secondary 
orientation on the cementite subsequently formed, and vice versa. 

In this way, the formation of pearlite and bainite in pure car- 
bon steel is nucleated by cementite and ferrite respectively and their 
nucleation and growth are governed by the orientation power of 
cementite and ferrite as influenced by temperature and carbon con- 
tent. Pearlite and bainite are the results of two equally legitimate 
mechanisms of eutectoid transformation of austenite, cne preferred 
at higher, the other at lower, temperatures. 

The composition hypothesis was first conceived on the basis of 
evidence known before the recent war and received further support 
during the author’s own investigation, the results of which will be 
presented in this paper. As the paper by G. V. Smith and Mehl (32) 
on the orientation of bainitic ferrite and other transformation prod- 
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ucts became available to the author in 1945 the orientation hypothesis 
was developed. It might be thought that the two hypotheses for the 
formation of bainite are one too many. It would seem, however, 
that both are required to account for the facts known. The difficulty 
then arises whether, in alloy steels, the orthoeutectoid is always nu- 
cleated by cementite or some other carbide and the paraeutectoid 
always by ferrite or whether other combinations are possible: some 
sort of parapearlite or orthobainite. No evidence is available to the 
author on that point but the hypotheses will be further discussed after 
presenting the results of the investigation. 


Tue AvuTHOorR’S INVESTIGATION 


A number of alloy steels, manganese, silicon and tungsten steels, 
were prepared as 2 to 10-pound ingots cast from a laboratory high 
frequency furnace and hammered to 3%-inch round or square bars 
which were annealed. Some commercial steels in similar dimensions 
were also used. The composition of the steels is given in Table 
[. The laboratory melts were made from fairly pure raw materials 
receiving as extra addition only a moderate amount of manganese, 
to prevent red-shortness. 


Composition of Steels Investigated 
Steel Cc Si Mn P S Cr Ni Ww Make 

Mn 1906 0.55 1.89 Laboratory 
Mn 3305 0.46 3.33 Laboratory 
Mn 3205 0.52 3.23 Laboratory 
Mn 4105 0.51 0.03 4.12 Laboratory 
Mn 2908 0.77 2.90 Laboratory 
Mn 5106 0.63 5.05 Laboratory 
Mn 2410 1.02 2.41 Laboratory 
Mn 5210 0.99 5.20 Laboratory 
Si 2805 0.54 2.80 Laboratory 
W 607 0.65 0.42 0.61 Laboratory 
W 908 0.84 0.31 0.85 Laboratory 
W 2006 0.55 0.52 1.96 Laboratory 
W 2904 0.44 0.10 2.88 Laboratory 
W 3606 0.59 0.42 3.62 Laboratory 
MnSi 1242 0.18 0.35 1.21 0.043 0.036 Commercial 
CrMn 1094 0.43 0.30 0.91 0.030 0.020 1.01 Commercial 
CrMn 5516 1.56 0.19 0.53 0.013 0.012 0.53 Commercial 
Ni 3105 0.50 0.27 0.42 0.020 0.011 3.08 Commercial 
NiCrMo 34723 0.27 0.26 0.53 0.0 


023 0.011 0.71 3.38 %Mo0.18 Commercial 


j 
| 
| 
j 


MeEtTHOopDs oF INVESTIGATION 


Thin disks 0.04 to 0.16 inch thick were used for isothermal 
transformation studies. They were heated in purified nitrogen for 
1 to 10 minutes and quickly transferred to a lead or lead-tin bath, , 
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Designation of Transformation Products in TTT-Diagrams. 





















held at constant temperature + 5C for the period desired and 
quenched in water. Their microstructure was studied at low and high 
magnification and the amount of every transformation product pres- 
ent estimated. The results are incorporated in TTT-diagrams of 
the usual type where the different transformation products have been 
designated as shown in the above chart. 

For isolation of carbide three specimens ;; inch round by 4% 
inch were used as anodes in an electrolyte of ferrous chloride solu- 
tion, concentration 1-C. As cathode served a disk’of 18-8 stainless 
steel 2 by 30 by 40 millimeters. The electrolyte was filtered and 
reduced with a few drops of SO, solution before electrolyzing. A 
current of 0.35 ampere gave an anodic current density of about 0.12 
ampere per square inch. The isolated carbide particles remained on 
the surface of the anodes. On breaking the current, the anodes were 
transferred into absolute alcohol and scraped with a bakelite rod to 
remove the carbide powder which was then washed three times by 
stirring in alcohol, the latter being removed by centrifuging. The 
moist powder was finally washed twice in ether which was evaporated 
at a temperature of 40 C in a stream of hydrogen. 

The carbide residue, in lots of 0.05 to 0.15 gram, was analyzed 
as follows: 
iron: burning in porcelain crucible about 800C (1470 F), solution in HCl 

specific gravity 1.19 and titration according to Zimmerman-Reinhardt, 
carbon: combustion in oxygen stream at 1100C (2010 F) with CuO as acceler- 
ator, absorption in ascarite, 
manganése: sodium bismuthate method following instructions by Lundell, Hoff- 


mann and Bright (55), 


silicon: gravimetric determination as silica according to Klinger, Koch and 
Blaschzyk (56), 
nickel: colorimetric determination as nickel- (IV) -diacetyl-dioxim. 
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Carbide formed at lower transformation temperatures, and iden- 
tified by X-ray as cementite, generally gave too high carbon content 
indicating partial decomposition during the electrolyzing treatment. 
Such was the case in manganese steel where no other carbide phase 
exists. Assuming that the residue was free from iron and manganese 
in other forms than carbide, the excess carbon over the amount cor- 
responding to the formula (Fe,Mn),C was deducted and so was_the 
impurity rest not analyzed and probably containing nonmetallic inclu- 
sions plus any silica formed by oxidation of silicon during electrolyz- 
ing. In this way the closest approximation to the true composition 
of the carbide was believed to be obtained. If the residue contains a 
mixture of two carbides this calculation is not permissible. 

In analyzing carbide residues from silicon steel widely differing 
silicon values were sometimes obtained, undoubtedly due to varying 
admixtures of silica formed by oxidation of silicon in the electrolyte. 
For that reason, only very low values are considered useful even 
though not accurate. 

The lattice structure of carbide residues was determined from 
X-ray powder photographs obtained from unfiltered chromium radi- 
ation and using Phragmén focusing cameras. 

The Curie point of carbide residues was determined by the use 
of a magnetic balance, the specimen being contained in an evacuated 
glass tube placed in a magnetic field of uniform gradient. 


RESULTS OF THE AUTHOR’S INVESTIGATION 
Steel Mn 3205 (Mn 3.23, C 0.52%) 


Maximum Temperature 1300 C TTT-Diagram, Fig. 2—Figs. 3 
to 11 show characteristic transformation structures. 

At 600C (1110F) (Fig. 3) a slight amount of ferrite is first 
precipitated in the grain boundaries and the pearlite subsequently 
formed is fine and has a smooth contour. At 500 C (930 F) acicular 
ferrite is first formed (Fig. 4), occasionally associated with a little 
bainite. After 1 hour (Fig. 5), a considerable quantity of pearlite 
has appeared showing a more or less ragged outline. After 4 hours 
(Fig. 6), the transformation is completed, mainly by pearlite forma- 
tion, the development of acicular ferrite and bainite being discon- 
tinued at an early stage. 

At 450C (840 F) very little acicular ferrite appears. Instead, 
bainite forms areas often consisting of groups of parallel rods, hav- 
ing a dotted appearance (Fig. 7). After 15 minutes, the bainite has 
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Fig. 2—Steel Mn 3205. Max. temperature, 1300/C. 


grown considerably, in its growth gradually becoming coarser and 
showing a tendency to develop purely ferritic areas toward the aus- 
tenite interface (Fig. 8). Such formations will be called boundary 
ferrite. After 4 hours (Fig. 9), the bainite has grown further, dis- 
playing the same tendency. At this stage, scattered pearlite areas 
have also developed showing a ragged outline. The contrast between 
the fine structure of pearlite and the coarser structure of bainite 
formed at the same temperature is marked and lends support to the 
suggestion of two different diffusion mechanisms involved in their 
formation. 

As seen from Fig. 2, the upper part of the 1% bainite curve 
does not, in this case, pass the 1% pearlite curve. The lower part of 
the latter is not visibly deflected by the preceding formation of bainite. 

That bainite, formed later, is coarser than the one first formed 
is a phenomenon often observed in the upper bainite region and is 
believed to indicate that carbon diffuses away from the growing 
bainite into the surrounding austenite, for a reason to be discussed 
later. 
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Fig. 3—Steel Mn 3205. 1300C/600C, 1 hour. 1200. 
Fig. 4—Steél Mn 3205. 1300C/500C, 8 minutes. X 1200. 
Fig. 5—Steel Mn 3205. 1300C/500C, 1 hour. X 1200. 
Fig. 6—Steel Mn 3205. 1300 C/500C, 4 hours. X 1200. 
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Fig. 7—Steel Mn 3205. 1300 C/450C, 2 minutes. 1200. 
Fig. 8—Steel Mn 3205. 1300 C/450C, 15 minutes. X 1200. 
Fig. 9—Steel Mn 3205. 1300 C/450C, 4 hours.  X 1200. 
Fig. 10—Steel Mn 3205. 1300 C/350C, 4 minutes. x 1200. 
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Fig. 11—Steel Mn 3205. 1300C/275C, 30 minutes. X 1200. 
Fig. 12—Steel Mn 3205. 1300C/250C, 10 seconds. X 1200. 
Fig. 13—Steel Mn 3205. 1300C/250C, 2 hours. X 1200. 
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Fig. 14—Steel Mn 3205. Max. temperature, 1050 C. 





















At 350C (660 F) (Fig. 10), the first bainite forms groups of 
parallel pointed rods, often rounded in cross section. It is, of course, 
finer than in Fig. 7. At 275C (530 F) (Fig. 11) it is still finer. 

At 250 C (480 F ) martensite is visible after 10 seconds (Fig. 12). 
The martensite has not received any separate tempering treatment. It 
would appear that the martensite units, in this case, have the shape 
of irregular rods or lances rather than of plates. Fig. 13 shows the 
structure after 2 hours at this temperature. Undoubtedly, some 
bainite has appeared but probably also more martensite, which has 
been tempered afterwards. It does not seem possible to distinguish 
between the two. 

Maximum Temperature 1050 C TTT-Diagram, Fig. 14—Fig. 15 
shows the structure after 8 minutes at 500C (930 F) and should 
be compared with Fig. 4 in the 1300C (2370F) series. After 
quenching from the lower maximum temperature, the probainitic fer- 
rite formed is less acicular, has a more irregular shape. It is associ- 
ated with some bainite, thinly dotted with carbide, and also with small 
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Fig. 16—Steel Mn 3305. Manganese content of cementite formed at 
different transformation temperatures. 


areas of pearlite, which starts to form earlier than after a maximum 
temperature of 1300 C (2370F). 

If Figs. 2 and 14 are compared, it is seen that raising the maxi- 
mum temperature from 1050 to 1300C (1920 to 2370 F) causes the 
following changes: 


pearlite: the 1% nose is shifted from 5 minutes to 12 minutes. 
the 100% nose is shifted from 45 minutes to 2 hours. 
bainite: the 1% nose is shifted from 40 seconds to 90 seconds. 
the 100% nose is shifted from 24 minutes to 30 minutes. 
martensite: Ar” remains unchanged at 260C (500 F). 
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All figures are approximate. 

The 1% ferrite curves in both diagrams are interrupted by the 
1% pearlite curve. It is assumed that the propearlitic ferrite is ortho- 
ferrite and the probainitic is paraferrite, but the accuracy of the 
determinations is not great enough to decide whether there really 
exists an expected deviation between the two curves. The prom- 
ontory to the right in the lower pearlite region has not been studied 
in detail but its presence is obvious The reason why pearlite trans- 
formation dominates over that of bainite in the transition range be- 
tween 500 and 450C (930 and 840 F) once the former has started 
to form is not clear. But for that phenomenon, a pronounced prom- 
ontory would probably be absent. The 1% ferrite and the 1% bain- 
ite curves are separated down to about 430C (805 F) where they 
meet. The 100% bainite curve extends into the martensite region 
and terminates all transformation in the upper part of that region. 
The extension of the 100% curve toward lower temperatures has not 
been established. 

The composition of the carbides formed at different transforma- 
tion temperatures of a similar steel, Mn 3305, is given in Table II. 

The results are plotted in Fig. 16. They show that the pearlitic 
cementite has a high manganese content. There is no consistent trend 
in the variation of its manganese content with the temperature of 
formation, indicating some source of error. | 

The value for 465 C is unexpectedly high, since the transforma- 
tion structure was a mixture of pearlite and bainite. 

If the bainitic cementite inherits its manganese content from 
the austenite, the content should, for this steel, be 3.22%. 3.20% 
manganese was obtained for 350C and slightly higher values for 
400 C. The results agree well with the composition hypothesis out- 
lined above. It would be expected that prolonging the holding time 
would raise the manganese content of the bainitic cementite since 
there should be a tendency to change from para- to orthoequilibrium. 
The result obtained for 400 C does not with certainty bear out the 
idea, but it does not refute it. 

In Fig. 17 the distribution of manganese between cementite and 
ferrite for different transformation temperatures is shown, together 
with the theoretical distribution for paraequilibrium. The ferrite is 
assumed to have a higher carbon content the lower the temperature 
of transformation. 
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Fig. 17—Steel Mn 3305. Diagram showing distribution of manganese between 
cementite and ferrite for different transformation temperatures. 


Steel Mn 1906 (Mn 189, C 0.55%) 


Partial TTT-diagrams for this steel, for maximum tempera- 
tures of 1300 and 900 C (2370 and 1650 F ), respectively, are given in 
Figs. 18 and 19. 

Raising the maximum temperature from 900 to 1300 C (1650 to 
2370 F) causes the following changes: 
pearlite: the 1% nose is shifted from 15 to 30 seconds. 

the 100% nose is shifted from less than 3 to 5 minutes. 


bainite: the 1% nose is shifted from 3 to 7 seconds. 
the 100% nose is shifted from 100 seconds to 3 minutes. 


At the lower maximum temperature the 1% ferrite curve is 
continuous and shows no break. It must, however, be admitted that 
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its course about 600 C (1110F) is uncertain owing to the small size 
of the ferrite areas formed. There are indications that two kinds of 
ferrite may be present, etching somewhat differently. Unlike the 
steel Mn 3205, this steel shows pearlite and bainite developing simul- 
taneously in the transition region about 550C (1020 F). In conse- 
quence, the transformation curves cross each other (Fig. 19) and the 
promontory that would otherwise develop is cut off. 


Steel Mn 4105 (Mn 4.12, C 0.51%) 


Partial TTT-diagrams for maximum temperatures of 1300 and 
900 C (2370 and 1650 F) are shown in Figs. 20 and 21. 
Raising the maximum temperature from 900 to 1300C causes 
the following changes : 
pearlite: the 1% nose is shifted from 10 to 20 minutes. 
the 100% nose is shifted from 2 to 6 hours. 


bainite: the 1% nose is shifted from 10 to 20 minutes. 
martensite: Ar’ is unchanged. 


A promontory is present. 
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Fig. 19—-Steel Mn 1906. Max temperature, 900 C. 


Steel Mn 5106 (Mn 5.05, C 0.63%) 


An incomplete TTT-diagram for a maximum temperature of 
1100 C (2010 F) is given in Fig. 22 

Fig. 23 shows a slight amount of propearlitic ferrite formed 
after 4 hours at 650C (1200F). At 600 and 500C (1110 and 
930 F) pearlite is formed without any propearlitic precipitate as 
seen in Figs. 24 and 25. Fig. 26, however, taken after 8 hours at 
400 C (750 F), shows a = network and a few thin plates of pro- 
pearlitic cementite. After 22.5 hours at 400 C (Fig. 27) the cement- 
ite plates have increased and some pearlite has formed. 

Consequently, the slightly hypoeutectoid character of this steel 
above the pearlite nose changes to a slightly hypereutectoid below 
the nose, the nose region itself being free from propearlitic precipi- 
tate, as is often the case. This will be discussed later. 


Steel Mn 2410 (Mn 2.41, C 1.02%) 


Maximum Temperature 1050C TTT-Diagram, Fig. 28—In 
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Fig. 20—Steel Mn 4105. Max temperature, 1300 C. 


Figs. 29 to 34 are shown structures obtained in the pearlite region. 

After 4 minutes at 700 C (Fig. 29) the propearlitic cementite is 
well developed as irregular veins in the grain boundaries and pearlite 
is just beginning to form. After 16 hours (Fig. 30), areas of coarse 
and irregular lamellar pearlite have grown out from the cementite 
veins. In places, the ferrite lamellae show signs of growing some- 
what ahead of the cementite lamellae. 

After 1 minute at 650C (1200 F) (Fig. 31) the cementite net- 
work is fairly thin and the areas of finely lamellar pearlite have a 
smooth outline. After 4 minutes (Fig. 32), cementite plates have 
started to form within the austenite grains, locally stopping the 
growth of the pearlite. 

After 1 minute at 550C (1020F) (Fig. 33) only very thin 
veins of boundary cementite are visible. The areas of unresolvable 
pearlite show a partly irregular outline. After 4 minutes (Fig. 34) 
the transformation is about to be completed. Groups of parallel 
cemenitite plates formed meanwhile govern to some extent the growth 
of the pearlite. 
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Fig. 21—Steel Mn 4105. Max. temperature, 900 C. 





Maximum Temperature 1300C TTT-Diagram, Fig. 35—Figs. 
36 to 39 show structures developed at 500 C (930 F), in the transi- 
tion region between the pearlite and bainite transformations. 

After 1 minute (Fig. 36) some fine, dark-etching bainite has 
formed, not preceded by ferrite. This bainite shows signs of direc- 
tional growth but is otherwise not very unlike fine pearlite. After 
15 minutes (Fig. 37) the bainite has developed further, dominating 
certain regions, whereas pearlite has also formed, mainly in other 
regions, possibly owing to inhomogeneity in the steel. Everywhere, 
cementite plates have formed in abundance in the austenite, affecting 
the growth of both bainite and pearlite. From Fig. 37 it is seen that 
the later growth of bainite is coarser than the earlier one and is de- 
veloping into a mixture of cementite plates and ferrite. Obviously, 
groups of parallel cementite plates, precipitated in advance of the 
growing bainite, form nuclei to which the carbide part of the bainite 
attaches itself while the ferrite part fills out the interstices. This type 
of bainite may be called degenerate bainite, adopting the nomenclature 
of Hanemann (54), who applies the term degenerate (Ge. entartet) 
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Fig. 22—Steel Mn 5106. Max. temperature, 1100 C. 
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to eutectics or eutectoids lacking the ordinary subdivided structure, 
because one of the constituents is precipitated mainly on pre-existing 
units of the same phase. Fig. 38, also taken after 15 minutes, shows 
the typical directed growth of pearlite, which has a very fine struc- 
ture, in the “compartments” formed between sets of parallel cement- 
ite plates. Fig. 39 shows almost complete transformation in a re- 
gion containing some fine pearlite but mainly bainite, the last formed 
areas of which are particularly degenerate in that large ferrite units 
have formed at the interface. 

The formation of cementite plates after partial decomposition 
of austenite has been described by Lyman and Troiano in chromium 
steel (26), where they were observed after bainite formation. In 
the present case, such plates were not observed before, but always 
after pearlite as well as bainite formation. It is suggested that 
stresses set up in the surrounding austenite during transformation 
have promoted the precipitation of cementite in this form. For lack 
of a better term, such cementite, appearing as plates in succession to 
partial pearlite or bainite transformation, will be called subsequent 
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Fig. 23—-Steel Mn 5106. 1100C/650C, 4 hours. xX 1200. 
Fig. 24—Steel Mn 5106. 1100C/600C, 2 hours. X 1200. 
Fig. 25—Steel Mn 5106. 1100 C/500C, 30 minutes. xX 1200. 
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Fig. 26—Steel Mn 5106. 1100C/400C, 8 hours. X 1200. 
Fig. 27—Steel Mn 5106. 1100 C/400C, 22.5 hours. X 1200. 


cementite. It is, of course, not implied that cementite plates cannot 
form as a first transformation product. (Compare Greninger and 
Troiano, 50). In Figs. 28 and 35 the zero curve for subsequent 
cementite is indicated (for designation see page 925). 

A comparison of Figs. 28 and 35 shows that by raising the 
maximum temperature from 1050 to 1300C (1920 to 2370F) all 
transformation curves are shifted toward the right. A promontory 
occurs in both diagrams. 


Steel Mn 5210 (Mn 5.20, C 0.99% ) 


When quenched from 1000C or higher temperatures, this steel 
is entirely austenitic. Its Ar” is very near to room temperature. 

Maximum Temperature 1300 C TTT-Diagram, Fig. 40—Figs. 
41 to 46 show transformation structures obtained between 450 and 
250C. After 1 hour at 450C (Fig. 41), a number of fine cementite 
plates and a fine network of cementite have formed. The cementite 
is almost everywhere surrounded by irregular rims of martensite, 
formed on quenching. After 4 hours at the same temperature (Fig. 
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Fig. 28—Steel Mn 2410. Max. temperature, 1050 C. 


42), the cementite plates have increased in number and small pearlite 
areas have formed at the grain boundaries. The remaining austenite 
has wholly transformed to martensite on quenching. After 100 
hours (Fig. 43), the pearlite has grown further in the compartments 
between the cementite plates. The martensite formation is obviously 
a consequence of the precipitation of cementite and probably results 
from the depletion in carbon and manganese in the adjoining aus- 
tenite. Possibly, stresses remaining after precipitation of cementite 
also promote the martensite transformation. Lyman and Troiano 
(26), as mentioned above, found martensite seams associated with 
partial eutectoid transformation in a 9% chromium steel and proved 
that the carbon content of the martensite was lowered as compared 
with that of martensite formed on quenching from high temperature 
to subzero temperature. 

After 50 hours at 400 C (Fig. 44), the cementite plates formed 
are more closely spaced than at 450C and areas of bainite have 
appeared, finely streaked with cementite. The remaining austenite 
has transformed to martensite. 
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Fig. 29—Steel Mn 2410. 1050C/700C, 4 minutes. X 1200. 
Fig. 30—Steel Mn 2410. 1050C/700C, 16 hours. X 1200. 
Fig. 31—Steel Mn 2410. 1050C/650C, 1 minute. X 1200. 
Fig. 32—Steel Mn 2410. 1050C/650C, 4 minutes. XX 1200. 
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Fig. 33—Steel Mn 2410. 1050C/550C, 1 minute. X 1200. 
550 C, 


Fig. 34—Steel Mn 2410. 1050 C/55 4 minutes. > 1200. 


After 20 hours at 310C (Fig. 45), hardly any cementite has 
appeared but dark areas of ragged outline have formed They are 
probably bainite. 

After 103 hours at 250 C, no cementite is visible and some areas 
believed to be bainite have formed. After 213 hours (Fig. 46), those 
areas have grown and in addition smooth-etching areas of various 
uniform tones have formed, having a somewhat irregular but not 
ragged outline. What the latter are cannot be stated with certainty, 
but it is suggested that they may be pearlite. It is true that the 1% 
curve for pearlite as drawn at higher temperatures cannot very well 
be extended to this point of the diagram but it should be remembered 
that the formation of pearlite at those higher temperatures was pre- 
ceded by precipitation of cementite causing lowered carbon and 
probably lowered manganese contents in the austenite. Thus the 
pearlite zero and 1% curves have probably been shifted to the right 
in that region. If pearlite appears at 250 C after somewhat less than 
213 hours, and no cementite has preceded it, it would mean that the 
cementite zero curve reaches this point of the diagram and pearlite 
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Fig. 35—Steel Mn 2410. Max temperature, 1300 C. 


is nucleated by the cementite without delay. This does not appear 
unlikely, judging from the position of the cementite 1% curve. 

In examining such specimens of this steel as consisted largely 
of untransformed austenite, peculiar formations of martensite stand- 
ing out in relief above the austenite matrix were observed. These 
were obviously formed at room temperature during or after the 
electrolytic polishing operation. An example is shown in Fig. 47. 
The martensite complex, in this case, consists of two main streaks, 
each with twin-like branches. Between the two streaks, which form 
an acute angle, a wedge-shaped portion of austenite has been squeezed 
and raised above the common level of the section. It shows sets 
of parallel slip lines. The two martensite streaks appear to have 
a common nucleus situated on a twin plane in the austenite, which 
constitutes a plane of symmetry of the whole formation, also for the 
slip lines. The expansion at the transformation has deformed the 
austenite to a great extent made possible by the freedom from con- 
straint at the free surface. Similar relief formations have been 
described by Greninger and Troiano, who have deduced a theory for 
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Fig. 36—Steel Mn 2410. 


1300 C/500 C, 1 minute. X 1200. 
7—Steel Mn 2410. 1300 C/500C, 15 minutes. x 1200. 
Fig. 38—Steel Mn 2410. 1300 C/500C, 15 minutes. X 1200. 


Fig. 39—Steel Mn 2410. 1300C/500C, 30 minutes. 1200. 
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Fig. 40—Steel Mn 5210. Max. temperature, 1300 C. 


the mechanism of martensite formation from these distortion phe- 
nomena (61). 

Maximum Temperature 1000 C TTT-Diagram, Fig. 48—A 
comparison between Figs. 40 and 48 shows that raising of the maxi- 
mum temperature from 1000 to 1300 C (1830 to 2370 F) shifts the 
1% curves of cementite, pearlite and bainite to the right and causes 
the first two curves to coincide in the nose region. 


Steel Mn 2908 (Mn 2.90, C 0.77%) 


The TTT-diagram for a maximum temperature of 1300C 
(2370 F) is given in Fig. 49. 

This steel appears to have approximately eutectoid composition 
sirice no propearlite precipitate is observed. The transformation 
cufves for pearlite and bainite cross each other in the transition re- 
gion. The zero curves are shown for pearlite and bainite and sub- 
sequent cementite. In the transition region a slight amount of pro- 
bainitic ferrite is formed, then bainite and pearlite appear, and later 
subsequent cementite. 





1947 ISOTHERMAL TRANSFORMATION. OF AUSTENITE 949 





Fig. 41—Steel Mn 5210. 1300C/450C, 1 hour. X 1200. 
Fig. 42—Steel Mn 5210. 1300C/450C, 4 hours. X 1200. 
Fig. 43—Steel Mn 5210. 1300C/450C, 100 hours. XX 1200. 
Fig. 44—Steel Mn 5210. 1300C/400C, 50 hours. X 1200. 
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Fig. 45—Steel Mn 5210. 1300C/310C, 20 hours. X 1200. 
Fig. 46—Steel Mn 5210. 1300 C/250C, 213 hours. xX 1200. 


SILICON STEEL 


There are reasons to suppose that, in silicon steels, the cement- 
ite precipitated from austenite is low in silicon (Hultgren and Ed- 
strom, 57). It was thought, therefore, that in a silicon steel, the 
pearlitic cementite would be lower in silicon than the bainitic one. 


Steel Si 2805 (Si 2.80, C 0.54% ) 


Specimens were heated to a maximum temperature of 1200 C 
(2190 F) and quenched to 490 C (915 F). After 15 minutes (Figs. 
50 and 51) probainitic ferrite has been precipitated in groups of 
parallel flat ‘rods, probably with roughly rectangular sections having 
thickened edges. Judging from Fig. 52 (425 C, 2 minutes) and Fig. 
53 (425 C, 30 minutes) the bainite succeeding the ferrite is so fine 
that it is only discernible by its darker tint. 

Carbide residues were prepared at two temperatures and ana- 
lyzed, with results given in Table III. 

The silicon content determined in the bainitic cementite, 4.3%, 
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Table lll 


Steel Si 2805 (Si 2.80, C 0.54%). Composition of Carbides Formed at 
Different Transformation Temperature. 











Isothermal Trans- Contents Corrected to 
Treat- formation -—Obtained, %-—, Remain- -(Fe,Si)sC, %—- -~Average, %—-~ 
ment Product Fe Si Cc der Fe Si G Fe Si Cc 
1200 C/ 76.7 0.37 6.1 16.8 92.85 0.45 6.7 
620 C Pearlite 92.9 0.42 6.7 
10 mins. 77.8 0.33 7.35 14.5 92.91 0.39 6.7 
1200 C/ 
450C Bainite 71.0 3.34 8.45 17.2 88.8 4.3 6.9 


2 hrs. 


is considerably higher than the theoretical amount for paracementite, 
which is 2.62%. Probably, some silicon of the ferrite was oxidized 
during the electrolysis and carried as silica into the residue. Since 
there could hardly be any error in the opposite direction, the low 
silicon content of the pearlitic cementite, 0.42%, even if not accurate, 
confirms the belief that the orthocementite is low in silicon. The 
fact that the bainitic cementite in this steel is extremely fine possibly 
reflects the difficulty of building up a cementite lattice containing 
2.62% silicon. 


TUNGSTEN STEELS 
Steel W 2904 (W 2.88, C 0.44%) 


Four specimens of this steel were heated to the following maxi- 
mum temperatures respectively: 920, 1025, 1130 and 1340C (1690, 
1880, 2065 and 2445 F) and then quenched to 675 C (1250 F) and 
allowed to transform at this temperature. The steel contained orig- 
inally double carbide Fe,W,C, which was completely dissolved at 
1340 C (2445 F) but not at 1130C (2065 F) and lower maximum 
temperatures. The austenite transforming at 675 C (1250 F) con- 
sequently contained amounts of tungsten and carbon in solution that 
increased with rising maximum temperature and the transformation 
products should differ accordingly. The magnetic curves for the four 
carbide residues are plotted in Fig. 54. 

The results of X-ray and magnetic tests are given in Table IV. 

It may be concluded that (Fe,W),C and Fe,,W.C, are ferro- 
magnetic at lower temperatures, whereas Fe,W,C is not. It is fur- 
ther seen that the carbide Fe,,W,C, varies in composition, depending 
upon the composition of the austenite from which it is formed, and 
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Fig. 48—Steel Mn 5210. Max. temperature, 1000 C. 


Pa 


that its Curie point is lowered from slightly above 400 C, when low 
in tungsten, to'about 300 C, in this case, when high in tungsten. It 
may be assumed that this carbide is identical with the one observed 
by Honda and Murakami (7), (8) to be formed in tungsten steels 





Table IV 
Steel W 2904. X- vey and a Tests on Carbide disuse 
Max. Transformation ‘Meieiiaiaten 
Temp., Temp., Curie Point, X-Ray Photograph, 
Cc Cc Phases Present 

1340 675 300 Feo: WoC, 

1130 675 390 monaace 

1025 675 405 21 W; oCe, FesW 3C 


925 675 210, 410 (Fe,W)3C, Fe 21 WeCe, Fes WC 


at high transformation temperatures and found by them to have a 
Curie point about 400 C. They rightly suggested that it was a double 
carbide but the formula given was not correct. 
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Fig. 49—-Steel Mn 2908. Max. temperature, 1300 C. 


Steel W 3606 (W 3.62, C 0.59%) 


After heating to a maximum temperature of 1300C (2370 F) 
a specimen was held at 675 C for 4 hours. The transformation struc- 
ture obtained is seen in Figs. 55 and 56. Light-etching areas are 
first formed near the grain boundaries. They are not unlike ferrite 
but have a “dirty” appearance. Later, dark-etching areas appear. 
Their structure may be resolved at high magnification (Fig. 56). 
When the transformation temperature is raised to 725C, the light 
areas also show a resolvable structure containing minute carbide par- 
ticles. This is seen in Fig. 57, taken from a specimen held for 24 
hours at this temperature. The nature of the two different products 
will be discussed presently. 


Steel W 2006 (W 1.96, C 0.55%) 


A TTT-diagram for a maximum temperature of 1300C 
(2370 F) is given in Fig. 58. 'This steel displayed transformation 
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Fig. 50—Steel Si 2805. 1300C/490C, 15 
Fig. 51—Steel Si 2805. 1300 C/490C, 15 
Fig. 52—Steel Si 2805. 1300 C/425C, 2 minutes. 
Fig. 53—Steel Si 2805. 1300 C/425C, 30 minutes. XX 1200. 


minutes. X 1200. 
minutes. X 1200. 
< 1200. 
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structures between 750 and 600 C similar to those described for steel 
W 3606. The partial transformation curves for the light transforma- 
tion product at 25, 50 and 75% transformation are indicated in Fig. 
58, by broken lines, those for the dark product by crosses. 

Carbide residues were prepared from specimens of steels W 3606 


100 
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Fig. 54—Steel W 2904 (W 2.88, C 0.44%). Magnetic curves of carbide residues 
from specimens with different transformation treatments. 


and W 2006 transformed during 16 hours at 675C. The intensity 
of the lines on the X-ray pattern indicated the presence of the follow- 
ing carbides in approximate proportions as given: 

Steel W 3606: 80% FesW:sC, 20% FenW:C. 

Steel W 2006: 5% Fe:W;:C, 95% FenW:C. 

Similar residues obtained after holding for 16 hours at 670C 
specimens of steels W 908 (W 0.85, C 0.84%) and W 607 (W 0.61, 
C 0.65%) gave the following X-ray results: 

Steel W 908: 50% FenW:Cs, 50% (Fe,W);:C 
Steel W 607: 5% FenW:G, 95% (Fe,W):C 

From the data given, it may be concluded that the light trans- 
formation product of steels W 3606 and W 2006 is binary eutectoid 
ferrite + Fe,W,C, whereas the dark one contains Fe,,W.C, and 
probably is a ternary eutectoid ferrite + Fe,W,C + Fe,,W.C,; fur- 
ther that in tungsten steels, disregarding the stable carbide WC, 
three orthocarbides may appear in order of increasing tungsten con- 
tent of the steel: (Fe,W),C, Fe,,W.,C, and Fe,W,C. It has been 
established for each of these carbides that the proportion of tungsten 
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Fig. 55—Steel W 3606. 1300C/675C, 4 hours. X 300. 
Fig. 56—Steel W 3606. 1300 C/675C, 4 hours. X 1200. 
Fig. 57—Steel W 3606. 1300 C/725C, 24 hours. X 1200. 
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Fig. 58—Steel W 2006. Max temperature, 1300 C. 


to iron may vary within certain limits. For the Fe,,W,C, carbide 
this is plainly reflected in its Curie point which ought to give very 
accurate information about its composition when the relation between 
composition and Curie point has once been established. 

Whether the paracementite of tungsten steels is always cement- 
ite or may, perhaps less likely, be Fe,,W.C, has not been deter- 
mined. 


MISCELLANEOUS STEELS 
MnSi 1242 (Mn 1.21, Si 0.35, C 0.18% ) 


This is a structural steel. The TTT-diagram for a maximum 
temperature of 1350 C (2460 F ) is given in Fig. 59. The 1% curves 
for ferrite and bainite, which are separated all the way down to 
Ar”, have their noses at 0.5 and 1 second respectively, while the 1% 
pearlite nose is at 7 seconds. It has not been possible to make a dis- 
tinction between ortho- and paraferrite. The pearlite region is com- 
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Fig. 59—-Steel MnSi 1242. Max. temperature, 1350 C. 


pressed between 680 and 580C, probably an indirect consequence of 
the low carbom content in that the precipitation of propearlitic ferrite 
causes the manganese content of the austenite to be increased. Bain- 
ite forms at as high a temperature as 650 C, within the pearlite region. 
The marked promontory connected with the delayed completion of 
bainite transformation is probably caused by carbon enrichment 
of the untransformed austenite during the bainite transformation and 
probably also by manganese enrichment, owing to a gradual adjust- 
ment from para- to orthoequilibrium at the fairly high temperature. 


Steel CrMn 1094 (Cr 1.01, Mn 0.91, C 043%) 


An incomplete TTT-diagram for a maximum temperature of 
1050 C (1900 F) is plotted in Fig. 60. An attempt has been made 
to show a break in the zero curve of ferrite at the supposed transi- 
tion from ortho- to paraferrite but it must be admitted that, owing to 
the short induction periods, the evidence is uncertain. There is a 
marked promontory. 
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Fig. 60—Steel CrMn 1094. Max. temperature, 1050 C. 
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Steel CrMn 5516 (Cr 0.53, Mn 0.53, C 1.56%) 


The investigation of this steel is not complete, but some observa- 
tions may be of interest. Its transformation behavior is similar to 
that of the high carbon steel (1.78%) investigated by Greninger and 
Troiano (50). 

The maximum temperature used was 1150C (2100F). At 
620 C cementite is first formed, in network and as numerous plates. 
After 30 seconds (Fig. 61), pearlite is growing quickly in the char- 
acteristic compartment manner. Figs. 62 and 63 show the transfor- 
mation at 545, after 10 seconds and 1 minute respectively. The 
propearlitic quantity of cementite formed at this temperature is mod- 
erate (Fig. 62), but the quantity of subsequent cementite is consid- 
erable (Fig. 63). Fig. 62 displays cementite plates in parallel group- 
ing in an austenite double twin. 

At 510C the pearlite nose is passed. After 1 minute (Fig. 64) 
numerfous cementite plates and scattered areas of pearlite are visible. 
In addition, fairly large ferrite patches are seen which have formed 
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Fig. 61—Steel CrMn 5516. 1150/620C, 30 seconds. (46151). X 1200. 
Fig. 62—Steel CrMn 5516. 1150/545C, 1 minute. X 1200. 
Fig. 63—Steel CrMn 5516. 1150/545C, 10 minutes. x 1200. 
Fig. 64—Steel CrMn 5516. 1150/510C, 1 minute. X 1200. 
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Fig. 65—Steel CrMn 5516. 1150/510 C, 2 minutes. X 1200. 

Fig. 66—Steel CrMn 5516. 1150/450 C, 30 seconds. X 1200. 

Fig. 67—Steel CrMn 5516. 1150/450 C, 1 minute. x 1200. 
Fig. 68—Steel CrMn 5516. 1150/410C. 30 seconds. 


x 1200. 
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Fig. 69—Steel CrMn 5516. 1150/380C, 1 minute. x 1200. 
Fig. 70—Steel CrMn 5516. 1150/350C, 8 minutes. X 1200. 
Fig. 71—Steel CrMn 5516. 1150/300C, 30 minutes. X 1200. 

Fig. 72—Steel CrMn 5516. 1150/250C, 5 hours. xX 1200. 
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Fig. 73—Steel CrMn 5516. 1150/250C, 20 hours. X 1200. 
Fig. 74—Steel CrMn 5516. 1150/200C, 16 hours. X 1200. 
‘ig. 75—Steel CrMn 5516. 1150/200C, 75 hours. xX 1200. 
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at the boundaries of pearlite areas and between cementite plates. It 
is suggested that the zero curve for paraferrite has been reached, 
after it has been displaced to the left by the carbon depletion of aus- 
tenite consequent upon the precipitation of cementite. In other words, 
degenerate bainite has formed. It does not seem plausible that chro- 
mium and manganese would have diffused over the distances repre- 
sented by the ferrite patches. After 2 minutes (Fig. 65) the trans- 
formation is almost complete, the structure consisting of a mixture 
of cementite plates, pearlite and degenerate bainite. 

After 30 seconds at 450C (Fig. 66), the quantity of cementite 
precipitated is small. The dark-etching transformation product 
shows pointed front contour and in a way resembles bainite. What 
it is will be left open for the present. After 1 minute (Fig. 67), 
numerous plates of subsequent cementite have formed and degenerate 
bainite is present. 

The series of structures after 30 seconds at 410C (Fig. 68), 
1 minute at 380C (Fig. 69), 8 minutes at 350C (Fig. 70), and 30 
minutes at 300 C (Fig. 71) shows a gradual change toward increased 
fineness and a blunter front contour of the transformed product, and 
more marked contrast of tone between its units of uniform orienta- 
tion. It cannot be denied that the formations in Figs. 69 and 71 
resemble troostite nodules but the uniformity in orientation of units 
of the same direction of growth in Fig. 70 would, rather, point to 
bainite. 

After 5 hours at 250C (Fig. 72), the pointed and branched 
character of the transformation product, suggestive of dendritic 
growth, and the marked contrasts of tone, indicate that it is not 
pearlite but possibly bainite. The structure after 20 hours at this 
temperature (Fig. 73) is undoubtedly tike that of low temperature 
bainite. If cementite has been precipitated at this temperature it is 
too fine to be detected except in isolated areas. 

Fig. 74 shows the structure after 16 hours at 200C in an area 
where cementite plates have formed before the dark areas, Fig. 75 
the structure after 75 hours at this temperature in an area where 
cementite is visible only in the grain boundary. The dark product 
is similar to that of Fig. 72. 

The transformation products obtained in this steel at tempera- 
tures between 450 and 200 C cannot be interpreted with certainty at 
the present time but certain possibilities may be suggested. 

Several investigators—Scott (17, discussion), Lange and 
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Mathieu (44), Wever and Mathieu (45)—have thought that bainite 
is tempered martensite, the formation of martensite being preceded 
and made possible by precipitation of cementite and the attendant 
lowering of the carbon content of the austenite. According to the 
author’s belief, this hypothesis cannot explain the formation of bainite 
generally, but if it is to have any application, it ought to be in a high 
carbon steel where the precipitation of cementite is difficult to sup- 
press. 

If it is assumed that on precipitation from a supersaturated 
solution the portion of the latter that is in contact with the precipitate 
assumes its equilibrium composition, any precipitation of cementite 
from austenite in carbon steel will bring the composition of the 
latter locally to the point on the extension of A, at the temperature 
of precipitation. If this point lies above the Ar” line, i.e., the line 
connecting Ar” points for different carbon contents, no martensite 
should form; if it is below, martensite should form locally. In other 
words, if the temperature of holding is below the point of intersec- 
tion between the extension of A,» and the Ar” line, any precipitation 
of cementite, however minute, might start the formation of a minute 
amount of martensite. Hereby, the precipitation of a new quantity 
of cementite might be promoted and the transformation would then 
proceed, cementite and martensite inoculating each other, martensite 
being tempered meanwhile. What type of structure would result, 
nobody can tell but probably it would show directional features. A 
similar reasoning would apply to alloy steels. 

It is suggested, as a possibility to consider, that the structures 
formed at 250 and 200 C in steel CrMn 5516 (Figs. 72, 73, 74 and 
75) may have formed in this way, the cementite precipitated gener- 
ally being too fine to be observed. Against this interpretation speaks 
the observation that a similar structure was formed at 300C in a 
decarburized portion of a specimen. 


Steel NiCrMo 34723 (Ni 3.38, Cr 0.71, Mo 0.18, C 0.27%) 


A partial TTT-diagram for a maximum temperature of 1000 C 
(1830 F) is plotted in Fig. 76. Of theoretical interest are the two 
distinct ferrite zero curves, the upper one believed to apply to ortho-, 
the lower one to paraferrite. The former precedes the pearlite, the 
latter the bainite, transformation. 























1947 ISOTHERMAL TRANSFORMATION. OF AUSTENITE 967 


eT 
os Se 


800 
C 


700 












iO | | los lO® Secs 
on or <7 | | er ay % Zz 
| | | 2 5 W 20 50 100OHrs 
1 2 5 10 2030 Mins. 


Fig. 76—Steel NiCrMo 34723. Max. temperature, 1000 C. 
NUCLEATION AND GROWTH OF A PRECIPITATE 


Before attempting to discuss the isothermal transformation of 
austenite as affected by composition, temperature and other variables, 
it seems necessary to consider generally the formation of nuclei in a 
supersaturated solid solution and their subsequent growth. 

A nucleus of the precipitate is formed when the following three 
conditions have been fulfilled: 

l—a region having a new lattice has formed, 


2—the composition of the region satisfies the equilibrium conditions at the tem- 
perature of formation, and 


3—the region has a minimum size determined by composition and temperature. 


In all discussions of this subject known to the author (compare 
Mehl, 33) the underlying postulate appears to be that, of the three 
conditions, the last two are of a primary nature. On this basis, one 
has been forced to assume that, before any change occurs in the lat- 
tice symmetry, regions of the required size and composition are 
formed by random fluctuations in the distribution of the solute atoms. 








| 
. 
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In view of the sizes of nuclei that have been calculated, this seems an 
unlikely process. 

In trying to apply this reasoning to the simple case of alpha iron 
being precipitated from pure gamma iron, it fails, because there are 
no solute atoms to be distributed. In that case, the primary condition 
obviously is 1 and the secondary condition is 3. The mechanism of 
this transformation may be pictured as follows: At temperatures 
both above and below A,, minute regions, which may be called em- 
bryos, of body-centered symmetry are formed and grow, following 
statistical laws. Above A,, the probability of an embryo reaching 
the size of a nucleus, and thus of its continued growth to a precipitate, 
is nil. Below A,, some embryos do, and others collapse, reassuming 
the face-centered symmetry. The established nuclei grow at a rate 
conforming with the removal of the heat of transformation. 

If the gamma iron contains carbon in solution, no matter in what 
amount, it does not seem plausible that the mechanism of precipita- 
tion of alpha iron would be altered in principle. Disregarding the 
size effect, the composition of the embryos should be determined by 
equilibrium conditions at the temperature of transformation, in other 
words it should be very low in carbon as compared with the austenite. 
It is probable that regions where the carbon content is low, owing to 
the random fluctuations always in operation, are favored as embryo 
sites but, in principle, this is not necessary, since the required com- 
position is everywhere at hand if the size of the region is chosen 
sufficiently small. It is assumed that an embryo grows gradually, 
starting from the size of a few atoms. The growth of the embryo, 
the composition of which remains essentially unchanged, is at first 
made possible by the fluctuations of the carbon atoms in the sur- 
rounding austenite. The austenite, at the interface, approaches more 
and more the equilibrium carbon content which is higher than the 
average and, in consequence, a directed diffusion of carbon away 
from the interface is superposed upon the random fluctuations. At 
this stage and onward, the rate of diffusion and of heat dissipation 
will govern the rate of growth (compare Zener, 40). In this way, the 
difficulty of explaining the appearance of regions of the required 
composition having the size required for stability is removed. There 
seems to be no reason why the mechanism outlined should not be 
applicable generally to precipitation from solid solution. It is not, 


however, included among the possible mechanisms of precipitation 
considered by Mehl and Jetter (59). 
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PRECIPITATION OF VARIOUS PHASES FROM AUSTENITE— 
CARBON STEEL 


TTT-Diagrams for Carbon Steels 


Phases that can be precipitated from pure iron-carbon austenite 
according to the mechanism described are ferrite and cementite. The 
mechanism of martensite formation is, of course, different, since 
diffusion does not occur. It should be possible to construct, in a 
TTT-diagram, zero curves for ferrite and cementite of the usual C 
form, approaching asymptotically horizontals at A, and Am respec- 
tively. Such schematic diagrams are given for three different carbon 
contents in Figs. 77 to 79. The separate phases and aggregates are 
indicated as for the 1% curves in the chart on page 925. 

In Fig. 77 a slightly hypoeutectoid steel is represented. The 
ferrite and cementite zero curves intersect at X and Y. Between X 
and Y the precipitation of cementite of primary orientation is imme- 
diately followed by precipitation of ferrite of secondary orientation 
according to hypothesis II (p. 922). In other words, between X and 
Y the zero curves of cementite and pearlite coincide. Between A 
and X, ferrite is first precipitated, of primary orientation. After 
the carbon has been locally lowered to the extended Ac line, cement- 
ite will form of primary orientation, followed by ferrite of second- 
ary orientation—i.e., pearlite starts to form at the indicated zero 
curve. Above A, only ferrite can form. It grows until the composi- 
tion of austenite reaches the A, solubility line. 

Between Y and Z, ferrite of primary orientation is first formed, 
probably immediately followed by cementite of secondary orientation, 
i.e., bainite appears. Near Y, pearlite will also form. Thus, the 
structure formed in the transition region will be a mixture of pearlite 
and bainite. Below Z, martensite will form in its characteristic man- 
ner. It is assumed that the martensite zero curve approaches the Ar” 
horizontal at a slight slope. 

In Fig. 78, because of the lower carbon content, the ferrite zero 
curve runs all the way to the left of the cementite zero curve. Sooner 
or later precipitation of ferrite is followed by cementite. At higher 
temperatures, below A,, cementite of primary orientation, leading to 
pearlite, is formed; at lower temperatures, cementite of secondary 


orientation, leading to bainite. Thus, the pearlite and bainite zero 
curves intersect. 
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Fig. 77—Schematic TTT-Diagram for a Slightly Hypoeutectoid Carbon Steel, 
Showing Zero Curves Only. 
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Fig. 78—Schematic TTT-Diagram for a Strongly Hypoeutectoid Carbon Steel, 
Showing Zero.Curves Only. 


Fig. 79 represents a hypoeutectoid steel. Cementite alone starts 
at the zero curve between A,,, and K. Between A, and K, it is 
followed later by pearlite. Between K and L pearlite follows cement- 
ite immediately so the zero curves coincide. Below L, there is again 
a delay in pearlite formation (compare Fig. 40, steel Mn 5210). The 
ferrite zero curve is not realized until in the neighborhood of M 
where it intersects the cementite curve. At this carbon content, pre- 
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Fig. 79—Schematic TTT-Diagram for a Hypereutectoid Carbon Steel, Showing 
Zero Curves Only. 


cipitation of ferrite immediately leads to formation of bainite, which 
consequently sets in at the portion of M-N of the ferrite zero curve. 
Fig. 79 agrees in its main features with the observations made re- 
garding the transformation of steel CrMn 5516 (p. 960), although 
the interpretation of certain structures was left open. 


Mechanisms of Transformation in Carbon Steels 


Pearlite Region—Referring to Mehl (33), the author (33, dis- 
cussion), Hull and Mehl (38) and Zener (40), a controversy has 
arisen as to the composition of the austenite at the interfaces during 
the growth of pearlite. The author suggested that those compositions 
are given by the extended A, and A, solubility lines at the tempera- 
ture of transformation. To this Zener agrees but Hull and Mehl 
maintain that the carbon content of the austenite at the ferrite inter- 
face is not as high and that of the austenite at the cementite interface 
is not as low as those suggested, their argument being that if so, the 
rate of growth of the pearlite would be nil. Accordingly they show 
in their Fig. 10 (38) broken lines extending downward from the eu- 
tectoid point representing those compositions. In agreement with 
Zener, the author finds it likely that the composition of austenite 
adjacent to precipitated ferrite is not influenced by the fact that the 
same austenite may or may not be supersaturated in relation to cement- 
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ite. Any deviation from the equilibrium composition at the temper- 
ature of precipitation—irrespective of whether the equilibrium is 
stable or metastable—ought to be caused by a slow rate of growth of 
the ferrite as compared with the rate of diffusion of carbon in the 
austenite. It seems more probable that ferrite already existing im- 
mediately grows farther as soon as diffusion in the austenite has 
brought its carbon content at the interface below the equilibrium 


AM 


Fig. 80—Mechanisms of Pearlite and Bainite Transformation. 
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se 





value. The same kind of reasoning would apply to the precipitation 
of cementite. 

The mechanism of lamellar pearlite transformation has been 
skillfully studied and interpreted by Hull and Mehl (38). Pearlite 
formation is essentially the simultaneous and alternating precipitation 
of cementite and ferrite as schematically depicted in Fig. 80. One 
significant aspect of lamellar growth is, of course, that the two con- 
stituents keep pace in their growth. If, as has been assumed, pearlite 
is nucleated by cementite of primary orientation, the original inter- 
lamellar distance must be determined by the rate of nucleation of the 
ferrite of secondary orientation at the temperature of transformation. 
This will be considered again in discussing the formation of bainite. 

In hypereutectoid steels, the zero curves of cementite and pearl- 
ite may coincide in the nose region and be separated above and some- 
times even below this region. In the former case, the high rate of 
diffusion of carbon will counteract the lowering of the carbon con- 
tent of the austenite upon precipitation of cementite sufficiently to 
cause the separation ; in the latter case the rate of nucleation of ferrite 
of secondary orientation at the lower temperatures is probably re- 
tarded sufficiently to cause the same effect. 

Propearlitic cementite is precipitated preferentially in the grain 
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boundaries, but may also form plates in Widmanstatten arrangement, 
particularly at high carbon content and large grain size. 

In hypereutectoid steels, partial pearlite transformation is often 
accompanied by an increased rate of cementite precipitation in the 
untransformed austenite, mainly in the forfn of sets of parallel plates, 
called subsequent cementite, probably provoked by the stresses devel- 
oped by the pearlite transformation. Those plates form walls of 
compartments within which the following growth of pearlite is re- 
strained. 

Lowering the temperature of transformation affects the struc- 
ture of the growing pearlite in two ways—it becomes finer and its 
contour becomes more irregular, or ragged. Whether there is a 
directional growth of pearlite units related to the crystal orientation 
of the austenite, as implied by Jolivet (52), is uncertain. 

Propearlitic ferrite, like cementite, seems preferably to be pre- 
cipitated in austenite grain boundaries, except in coarse-grained aus- 
tenite, where the Widmanstatten arrangement also occurs. 

Bainite Region—Although, in the present investigation, bainite 
has been studied in alloy-steels, certain features of the bainite trans- 
formation believed to be applicable to carbon steels will also be dis- 
cussed here. 

Bainite is assumed to be nucleated by ferrite of primary orienta- 
tion. At lower carbon contents, and in the upper bainite region, 
ferrite units of appreciable size form first. At moderately low car- 
bon contents the zero curves for ferrite and bainite join at a certain 
temperature and coincide at lower temperatures. It is assumed that 
bainite is an aggregate of ferrite of primary orientation and cementite 
of secondary orientation. 

In bainite, of lower carbon contents at least, the cementite ap- 
pears to form short rods as distinct from the lamellae of pearlite. 
Referring to Fig. 80, it is assumed that the ferrite first formed grows 
into the shape of a rod After the accumulation of carbon in the ad- 
jacent austenite has caused cementite to precipitate, in secondary 
orientation, the ferrite unit grows transversely into the portion of 
austenite just depleted in carbon, and thus puts a stop to the longi- 
tudinal growth of the cementite rod. New cementite rods then de- 
velop at a distance from the first ones and the ferrite of a bainite 
unit develops into a continuous crystal. 

As pointed out above, bainite has a coarser structure than pearlite 
formed at the same temperature, even in carbon steel. Further, it was 
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stated that transformation in the upper bainite region causes an in- 
crease in the carbon content of the remaining austenite. These two 
phenomena may be tentatively explained as follows: If it is assumed 
that the first cementite unit of bainite is formed only after a consid- 
erable delay, i.e., the rate of nucleation of cementite of secondary 
orientation is comparatively slow, particularly as compared with the 
rate of nucleation of ferrite of secondary orientation in pearlite, the 
ferrite rod formed first will grow to comparatively great thickness. 
As soon as cementite forms, the quantity of carbon accumulated in 
the adjacent austenite is so great that the cementite rod will also be- 
come thick. This explains the comparative coarseness of bainite. 
Continuing, the ferrite will grow transversely, as indicated already, 
and envelop the cementite rod. This mechanism of growth will 
affect the composition of the surrounding austenite in the following 
manner. The austenite at the ferrite interface has a high carbon 
content, at the cementite interface a low one. Carbon will diffuse 
in three directions: between the points mentioned, away from the 
ferrite into, and toward the cementite from, the surrounding aus- 
tenite. If during the growth of bainite, as suggested, cementite nu- 
cleation is delayed and cementite growth rapid, in integrating the 
effect of the time ferrite versus cementite is in contact with austenite 
and the comparative area of contact, the ferrite-austenite interface 
will dominate. In consequence, carbon diffusion away from the bain- 
ite interface will dominate over diffusion toward it and the net result 
will be an increase of carbon in the untransformed austenite. 

At lower temperatures, probainitic ferrite is absent, probably 
owing to the rate of diffusion of carbon being too slow to allow the 
ferrite time to grow appreciably before cementite is formed. 


PRECIPITATION OF VARIOUS PHASES FROM AUSTENITE 
IN ALLOY STEELS 


TTT-Diagrams for Alloy Steels 


In Fig. 81 is shown a schematic TTT-diagram of zero curves for 
a hypoeutectoid alloy steel of a system in which no other carbide 
than ortho- and paracementite exists. Since no evidence is available 
to show that paracementite can be precipitated as a first phase, zero 
curves are drawn for orthoferrite, paraferrite and orthocementite. 
It is assumed that the cementite following and accompanying ortho- 
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ferrite is always orthocementite of primary orientation, thus leading 
to pearlite formation, and that the cementite following and accom- 
panying paraferrite is always paracementite of secondary orientation 
leading to bainite formation. Possibly, other combinations may 
occur, but no’ indications hereof have been observed. 
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Fig. 81—-Schematic TTT-Diagram for a Hypoeutectoid Alloy Steel, Where Ortho- 
and Paracementite Are the Only Carbides Formed, Showing Only Zero Curves. 


Whereas the orthoferrite zero curve approaches the A, hori- 
zontal, there must also exist an A,’ point below which the austenite 
is supersaturated in relation to paraferrite and a corresponding hori- 
zontal asymptote for the paraferrite zero curve. Other horizontals 
are A,, Acm and Ar”. 

The only differences between this diagram and that for hypo- 
eutectoid carbon steel of Fig. 77 arise from the splitting of the fer- 
rite zero curve in two curves, for ortho- and paraferrite, and no fur- 
ther discussion of this diagram seems therefore to be required. 

Fig. 82 shows a schematic TTT-diagram of zero curves for a 
hypoeutectoid alloy steel that forms two special orthocarbides, x and 
y, and paracementite. Fig. 83 is the relevant part of the correspond- 
ing equilibrium diagram, actually a tentative iron-tungsten-carbon 
diagram as drawn by Phragmén (62). In Fig. 83 the austenite 
solubility surfaces in equilibrium with orthoferrite (A,), ortho- 
cementite (Acm), x (Ax) and y (A,) and their lines of intersection 
are shown, The tie lines of three- and four-phase equilibria are also 
indicated. The composition of the steel is marked as an open circle P. 
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The diagram may represent the iron-tungsten-carbon system, 
in which case x is Fe,W,C and y Fe,,W.C,. 

A, of Fig. 82 is the temperature where the vertical through P 
meets the metastable extended part of the solubility surface A,. A,’ 
is the temperature where the vertical P meets the assumed metastable 
solubility surface for austenite in equilibrium with paraferrite.° 

Between A, and A,,,x only orthoferrite can form. Between 
Aq+x and B, orthoferrite is followed by eutectoid a + x and below 
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Fig. 82—Schematic TTT-Diagram for a Hypoeutectoid Alloy Steel, Form- 
ing Two Special Orthocarbides and Paracementite, Showing Only Zero Curves. 


Aa+x+y later by eutectoid a+ x-+y. The positions of the para- 
ferrite, bainite and martensite zero curves present no new features. 


MECHANISMS OF TRANSFORMATION IN ALLOY STEELS 


Propearlitic Phases—The nucleation of ferrite or carbide in an 
alloy steel differs from the corresponding process in carbon steel in 
that the embryo has alloy as well as carbon contents different from 
those of the austenite. To enable the embryo to grow, migration of 
both carbon and the alloying element is required, by random fluctua- 
tions and by directed diffusion. The slower rate of diffusion of the 
alloying element will retard nucleation and growth. 

The orthoferrite, precipitated from the austenite, assumes lower 
carbon content and lower or higher alloy content. The former ap- 
plies to manganese, nickel, copper and low-chromium steels ; the latter 
to silicon, tungsten, molybdenum and high-chromium steels, etc. 
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The orthocarbide is lower in alloy content in silicon and, pos- 
sibly, nickel and cobalt steels; higher in manganese, chromium, tung- 
sten and molybdenum steels. At sufficient alloy contents special 
orthocarbides are formed in chromium, tungsten and molybdenum 
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Fig. 83—Schematic Equilibrium Diagram for the Iron-Tungsten-Carbon System (62). 


Orthoeutectoid Region—Orthoeutectoid is formed by the simul- 
taneous and alternating precipitation of orthoferrite and orthocarbide. 
Orthoeutectoid consisting of ferrite and cementite should be called 
pearlite but if containing another carbide it should preferably not. 
The eutectoid is assumed to be nucleated by carbide. 

Assuming, as for carbon steel, that metastable equilibrium is 
locally established at the interfaces of the growing eutectoid, diffu- 
sion currents arise parallel and at right angle to the transformation 
front. Fig. 84 serves to illustrate the compositions of the austenite 
at the cementite and ferrite interfaces of a nucleus of pearlite in a 
manganese steel. These compositions are found on the horizontal 
section lines of the metastable portions of the A, and A, surfaces. 
It is seen that the average manganese content of the adjacent austenite 
is raised by the transformation. In view of the difference in diffusion 
rates of carbon and manganese it is not possible to indicate, even 
schematically, how the compositions of the austenite at different 
points will vary during the process of transformation but it may be 
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assumed that the interface portions will follow the section lines in- 
dicated and that the remaining austenite will show a gradually in- 
creased manganese and a gradually decreased carbon content. The 
first and the last formed ferrite and cementite will have compositions 
indicated schematically in Fig. 85. Some homogenization by diffusion 
will probably occur, but the final orthotransformation product of an 
alloy steel will generally be inhomogeneous as to carbon and alloy 
contents. 

Liedholm and Coons (60) found the final transformation of a 
nickel-chromium-molybdenum steel considerably delayed after parital 





Carbon % 


Fig. 84—Pearlite Transformation in a Manganese Steel. 
Original austenite composition at the interfaces. 


transformation in the upper orthoeutectoid region and attributed this 
delay to the increase of carbon content upon ferrite precipitation. 
Probably, the increase in manganese and nickel contents accompany- 
ing ferrite precipitation and partial eutectoid transformation would 
not contribute less to the delay. 

In a silicon steel, the alloy content of the remaining austenite 
will decrease during the pearlite transformation. Whether the change 
in composition of the austenite during the orthoeutectoid transforma- 
tion will raise or lower its Ar” point depends on the net effect of the 
changes in carbon and alloy contents. Wever and Mathieu found in 
manganese steel (22), and Lyman and Troiano in chromium steel 
(26), that Ar” was raised after partial transformation. In the latter 
case it was also found that the carbon content was lowered. These 
results are somewhat unexpected, and illustrate the difficulty of pre- 
dicting the direction of the change in composition of austenite. 

The structure of the eutectoid formed may reflect the change in 
composition of austenite during the transformation. Whether alloyed 
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pearlite is always lamellar is doubtful; its fineness has not often 
hitherto permitted a study hereof. Probably, the electron microscope 
will be of service in this field. In any case, eutectoids containing a 
special carbide may be nonlamellar, as is the case with the Fe,W,C 
eutectoid, where the carbide forms isolated fine particles. 

The orthotransformation may first produce a binary eutectoid, to 
be followed later by a eutectoid containing another carbide, probably 
in addition to the one first formed, consequently a ternary éutectoid. 





Carbon % 


Fig. 85—Pearlite Transformation in a Manganese Steel. 
Composition of last- and first-formed pearlite. 


This was the case in the tungsten steels investigated. Depending 
upon the tungsten content, the two carbides were Fe,,W,C, and 
cementite or Fe,W,C and Fe,,W,C,. Lyman and Troiano (26) 
found in a chromium steel, upon completion of the orthotransforma- 
tion, that the carbide constituent was cementite and that, after pro- 
longed holding, the cementite was replaced by Cr;C,. This interest- 
ing result shows that a metastable orthocarbide may have a more 
rapid rate of formation than the stable orthocarbide. 
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The higher alloy content of carbides formed on isothermal trans- 
formation at higher as compared with lower temperature, in manga- 
nese, chromium and molybdenum steels, is probably mainly due to 
the difference between ortho- and paracarbides. In the present in- 
vestigation, the alloy content of orthocementite in a manganese steel 
was found to increase with higher temperature of transformation, but 
the results are not consistent and need re-checking. It was also found 
that the alloy content of orthocementite in a silicon steel was low, 
which was expected. 

In one steel investigated, Mn 5106, above the pearlite nose a 
slight amount of propearlitic ferrite was precipitated, and below the 
nose, a slight amount of propearlitic cementite. Probably, this is due 
to a retarding effect of manganese on the rate of nucleation of ortho- 
ferrite of secondary orientation. 

Bainite Region—lf the carbon content is not too high, probainitic 
ferrite, assumed to be paraferrite, is precipitated in the upper bainite 
region. This has been called acicular ferrite or the X constituent. 
In steels of sufficient and suitable alloy contents, such as steel 
NiCrMo 34723, there is a distinct break between the zero curve of 
this ferrite and that of the propearlitic ferrite, thus supporting the 
assumption that the former is paraferrite, the latter orthoferrite. For 
most of the alloy steels investigated, no such break could be found 
with certainty, possibly owing to insufficient accuracy in the deter- 
minations. Otherwise, alloy steels lend themselves more readily than 
carbon steels to a detailed study of the precipitates formed, particu- 
larly in the upper bainite region, since transformation is retarded. 

The assumptions made for carbon steel, regarding the orientation 
conditions characteristic of bainite, are believed to apply to alloy 
steels also, although no reason can be given why those orientation 
conditions should always be linked with paratransformation. 

The incipient formation of probainitic ferrite, and of bainite 
in the upper region as well, often occurs in the form of groups of 
parallel rods, probably rectangular, and with uniform spacing (Figs. 
4, 7, 50, 51). It is believed that the stresses formed in the vicinity 
of such a rod favor the formation of a second rod at a certain dis- 
tance. 

As the temperature of transformation is lowered, the bainite 
becomes finer and the group arrangement gradually changes to growth 
in separated units of varying shapes, often pointed. Bainite formed 
at low temperatures generally resembles tempered martensite. 
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The structure of high-temperature bainite of lower carbon con- 
tents is easily resolved at high magnification. It contains dots, some- 
times short lines of carbide of the same direction within a unit or 
group of units. At higher carbon contents it etches more darkly and 
the separate carbide particles cannot easily be distinguished. This 
applies to the bainite first formed. On continued growth the suc- 
cessively formed bainite of the upper region assumes a more open 
structure, possibly from the following cause. As suggested already, 
the austenite adjacent to the growing bainite is continually being en- 
riched in carbon, the growth thus being retarded. As a consequence, 
there is more time for diffusion of carbon away from the interface 
and the ferrite can grow farther before carbide is forced to precipi- 
tate. The boundaries of areas of bainite may even often contain 
large patches of so-called boundary ferrite. Disregarding the gradual 
coarsening of bainite as it grows, bainite in alloy steels is generally 
considerably coarser than pearlite formed at the same temperature. 
This is probably mainly due to the paratransformation requiring 
diffusion of carbon only, not of alloying elements. 

When the carbon content is sufficiently high, so-called subsequent 
cementite plates will appear in the still untransformed parts of the 
austenite, just as may occur during pearlite transformation. Such 
plates will penetrate the austenite generally, and in addition groups 
of closely spaced plates may form near the bainite interface. The 
succeeding growth of bainite will then generally assume a so-called 
degenerate structure, with ferrite filling out the interstices between 
the cementite plates, which grow in thickness. It is to be expected 
that the subsequent cementite, in this case, is paracementite, probably 
of primary orientation, but it has not been possible to find any differ- 
ence in the plates formed after pearlite and after bainite. 

Owing to the shape of the bainite zero curve, the time tor com- 
pletion of the upper bainite transformation, particularly when the 
lower pearlite region is retarded, may be long. In that case, it is 
probable that a gradual change toward orthoequilibrium will take 
place, i.e., the remaining austenite will become enriched in manganese 
and nickel and impoverished in chromium, tungsten and molybdenum. 
In addition, it will, as stated, be enriched in carbon. The abnormally 
long times for completed bainite transformation in the upper region 
of certain alloy steels are thus explained (Wever and Mathieu, 45). 

This is one cause of the so-called promontory in the TTT- 
diagram of certain alloy steels. An additional cause is the retarding 
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effect of certain alloying elements on the pearlite transformation, 
particularly noticeable in its lower region. In the pearlite-bainite 
transition region both transformations may proceed independently, 
or, in some cases, pearlite may dominate, i.e., the growth of bainite 
seems to stop or be retarded after the pearlite zero curve is passed. 
The opposite effect has not been noticed in the steels investigated. 
Simultaneous growth would tend to minimize the promontory. If 
more detailed knowledge were available on the change in composition 
of the remaining austenite during the pearlite and bainite transforma- 
tions, it should be possible to predict the effect of one transformation 
on the rate of the other one. 

In steels of high carbon content the transformation products at 
lower intermediate temperatures, about 300 C, form slowly and pre- 
sent structures that are difficult to interpret, because they resemble 
in certain respects pearlite, in others bainite. By means of analysis 
of carbide residues, it may be possible to identify them. It has been 
suggested as a possibility that at still lower temperatures, but above 
Ar”, in such steels, precipitation of cementite, probably paracementite, 
may cause martensite to form, as a result of the lowered carbon con- 
tent, the structure slowly decomposing into a fine mixture of cement- 
ite and tempered martensite. The upper limit of such a reaction 
ought to be given by the temperature, at which the extension of the 
Acm surface intersects the Ar” surface in a paraequilibrium section 
of the ternary diagram. 

The composition of carbide residues obtained from bainite of 
steel Mn 3305 agrees well with the mechanism of bainite transforma- 
tion formulated in the so-called composition hypothesis. For the 
steel Si 2805 agreement was less satisfactory, obviously owing to 
impurity in the carbide residue, but not poor. It is to be hoped that 
methods of carbide isolation will be perfected to give reliable data. 
Earlier determinations of the composition of bainite carbide in man- 
ganese and chromium steels (27) appear to have given too high 
values of alloy content, probably because of too protracted annealing, 
causing partial change to orthoequilibrium. 

The extremely fine structure of the bainite in steel Si 2805 pos- 
sibly reflects the difficulty with which a cementite lattice of a high 
silicon content is formed. 

Paraferrite is defined as a metastable phase with inherited alloy 
content and a carbon content determined by equilibrium with aus- 
tenite at the temperature of formation. The extension of the tie 
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line between austenite and paraferrite passes through 100% carbon 
in the ternary equilibrium diagram. The composition of the para- 
ferrite should lie on a special equilibrium surface at somewhat higher 
carbon and alloy contents than the solubility surface for orthoferrite 
in equilibrium with austenite Paraferrite formed at lower tempera- 
tures should have increasing contents of carbon, perhaps of the order 
of 0.1 or 0.2%. On annealing, this supersaturated solution will prob- 
ably precipitate its surplus of carbon as carbide In this connection it 
should be noted that Allen, Pfeil and Griffiths, in a nickel-chromium 
steel, found, from dilatometric evidence, that in bainite formed at 
300 C and lower temperatures some carbon is left in solution (43). 

If the carbon content of an alloy steel is lowered to the point 
where it coincides with the carbon content of the paraferrite of that 
steel at a certain temperature, paratransformation at that tempera- 
ture will produce only one phase, paraferrite, that ought to be iden- 
tical with martensite, provided the orientation of both is the same, 
which seems to be true according to Mehl and coworkers. Wever 
and Mathieu (22) found, in manganese steel, that the highest tem- 
perature of intermediate transformation and Ar”, on decreasing 
carbon content, approached each other and at a certain low content 
coincided. The conclusion is that, for all carbon contents and tem- 
peratures that fall within the field of homogeneity of paraferrite, 
the zero curves for paraferrite and martensite are one. It is to be 
expected, therefore, that on decreasing carbon content the zero curve 
of paraferrite becomes flatter and that of martensite, as it is raised, 
becomes steeper until both meet at a low temperature. On decreas- 
ing the carbon content still more, the two curves will coincide at lower 
temperatures but part at an increasing temperature. 

On cooling carbon-free so-called irreversible iron-nickel and 
iron-manganese alloys, ferrite, having a so-called martensitic struc- 
ture, is formed rapidly and without change of composition. This 
is believed to be paraferrite but may also be considered as martensite 
without ‘carbon. 

In a steel containing carbon and two alloying elements, x and y, 
it is theoretically possible, if the diffusion rates of x and y differ 
sufficiently, that three types of ferrite-carbide aggregates may form, 
at higher temperatures x, y and carbon diffusing during the trans- 
formation, at intermediate temperatures only y and carbon, and at 
lower temperatures only carbon. 

Martensite Region—This region was not thoroughly studied in 
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the present investigation. A tendency for a slight slope in the upper 
n per cent curves has been noticed, which agrees with Greninger and 
Troiano’s results (51). 

As to the martensite zero curve, it is suggested that it has a cer- 
tain slope, very slight at high carbon contents but noticeable at lower. 
This would probably mean that nucleation of martensite also follows 
a statistical law. 

There have been indications that transformation is accelerated 
in the transition region bainite-martensite. 


SUMMARY AND CONCLUSIONS 


A number of alloy steels have been subjected to isothermal trans- 
formation studies with a view to elucidating the mechanisms of the 
various transformations occurring at different temperatures, and the 
compositions and constitutions of the transformation products. Most 
tests were made on manganese and tungsten steels. The data have 
been brought together in the form of TTT-diagrams. 

The results are in agreement with earlier suggestions that pearlite 
is nucleated by carbide, and bainite by ferrite, both being formed as 
aggregates of ferrite and carbide. On this basis, a theory has been 
developed, postulating that the ferrite of pearlite and the carbide of 
bainite each have a so-called secondary orientation in the mother 
austenite, differing from the so-called primary orientation of the 
same constituents in the other of the two transformation products. 
This hypothesis is believed to apply to both carbon and alloy steels. 

In addition, it has been suggested that, in alloy steels, while 
pearlite—or corresponding eutectoid—is formed according to the laws 
of a binary eutectoid reaction in a ternary system, the equilibrium 
attained being called orthoequilibrium, the alloying element does not 
take part in the bainite reaction, both ferrite and carbide of this 
reaction inheriting their alloy contents from the austenite. This 
equilibrium, which is metastable, is called paraequilibrium, and the 
ferrite nucleating this reaction is called paraferrite. The hypothesis 
is borne out by analyses of carbide residues. 

The nucleation of a precipitate in a supersaturated solid solution 
is considered to start, not from local accumulation of atoms caused 
by random fluctuations, but from random formations of minute re- 
gions of the new lattice, called embryos, the growth of which to 


‘stable nuclei, and further, is a continuous process made possible by 


diffusion superposed on random fluctuations. 
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Schematic TTT-diagrams, for carbon and alloy steels, showing 
zero transformation curves for the various phases and aggregates, 
have been constructed from equilibrium diagrams. 

Manganese steels have only one orthocarbide phase, cementite, 
with a manganese content considerably higher than that of the aus- 
tenite from which it forms. In silicon steels, the orthocarbide is 
cementite of low silicon content. The tungsten steels, depending 
upon composition, generally have as orthocarbide either cementite, 
Fe,,W.C, or Fe,W,C or a combination of two of these carbides. 
WC should also occur under suitable conditions. The paracarbide 
in all the steels studied was found to be cementite. Fe,,W.C is 
ferromagnetic and its Curie point varies greatly with its composition. 

It is suggested that the carbon content of the paraferrite in- 
creases with lower temperatures of precipitation. The acicular fer- 
rite and the X constituent formed at intermediate temperatures in 
alloy steels are considered to be probainitic paraferrite. 

The mechanism of growth of bainite as distinct from that of 
pearlite has been discussed and an explanation offered for the carbon 
enrichment of the austenite during the bainite transformation. The 
structure and formation of a so-called degenerate bainite has been 
described, also the formation of cementite plates subsequent to par- 
tial pearlite and bainite transformation, and the effect thereof on the 
succeeding transformation structure. 

It has been suggested that, on diminishing the carbon content 
of an alloy steel, the zero curves of paraferrite and martensite ap- 
proach and finally merge, the two phases becoming identical when 
the carbon content of the steel reaches a value equal to the solubility 
of carbon in paraferrite at the temperature of precipitation. The 
“martensitic” ferrite in so-called irreversible iron-manganese and 
iron-nickel alloys is considered to be paraferrite. 
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DISCUSSION 


Written Discussion: By Charles Nagler, Wayne University, Detroit. 

Professor Axel Hultgren and his coworkers are to be congratulated on 
their fine research paper concerned with studies of the constant temperature 
transformation of austenite in ternary alloys of iron, carbon and manganese; 
and iron, carbon and silicon; quaternary alloys of iron, carbon, silicon and 
manganese; and iron, carbon, manganese and tungsten; and on some com- 
mercially available alloy steels. In reading the paper a number of thoughts 
came to mind which I desire the author to clarify. 

Referring to Table I,. which is concerned with the analysis of the ternary 
and quaternary alloys, are the analyses given the calculated compositions from 
the charge or are they from the analysis of the finished melts? Was there any 
deoxidation practice used in the melting of the alloys to control the grain size? 
In the discussion of the studies of austenite transformation of the various alloys, 
no mention was made of the respective grain size of the individual alloys. Should 
this factor not have been taken into consideration in studying the austenite 
transformation of the various alloys? 

In studying the austenite transformation rate of some of the alloys, two 
carbide solution temperatures were used, i.e., in the case of the alloy Mn 1906, 
1300 and 900 C (2370 and 1650 F) were used as temperatures from which the 
alloys were quenched to the transformation temperatures and it is noted in the 
comparison of the developed isothermal transformation curves that the nose of 
the transformation curve is shifted to the right with highest initial transforma- 
tion temperature. In the comparison, were the same solution times used, or 
were the alloys held at the solution temperature until the alloy carbides present 
were dissolved ? 

It was noted in reading the paper that the amount of transformation 
product present in each alloy was estimated visually. Had the author considered 
using another method which would give a more accurate quantitative measure 
of the amount of transformation that had taken place? In 1942, Wood and 
Nagler’ presented a quantitative method for determining the amount of trans- 
formation that had taken place in alloys of cast iron, the method being 
applicable to steels. The validity of magnetic methods in determining austenite 


*Charles Nagler and W. P. Wood, ‘“‘The Effect of Normal Elements and Alloy Elements 
on the Rate of Austenite Transformation in Cast Iron at Constant Temperature,” Trans- 
actions, American Society for Metals, Vol. 30, 1942, p. 491. 
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transformation rates has been further proved in a new paper which has been 
written for presentation at one of the technical society meetings early next 
spring. The method is based on magnetic susceptibility of the various trans- 
formation products of austenite and can be used successfully for all tempera- 
tures below the Ar. 

Referring to Fig. 4, it would be well if Professor Hultgren could elaborate 
on the formation of bainite at the transformation temperature of 500 C (930 F) 
associated with acicular ferrite in steel Mn 3205. 

In Fig. 12, a rather dark etching phase is noted in a white background and 
in the description of Fig. 12, “The martensite has received no tempering 
treatment”, it is generally accepted that martensite is a white plate-like etching 
phase, and if perchance the needles appeared dark, we may construe this evidence 
of martensite tempering. Can this martensite possibly have been somewhat 
tempered during sample preparation? 

It would be helpful if Professor Hultgren would elaborate on Fig. 17, 
and explain the distribution of manganese between the cementite and ferrite 
for the different transformation temperatures. , 

Under the discussion of Nucleation and Growth of a Precipitate, the 
mechanism of the transformation is pictured as being above the A; line, which is 
interpreted as the upper critical, above which the alloys are fully austenitic. It 
is difficult to visualize the described mechanism of transformation which assumes 
embryos of body-centered symmetry when the predominant lattice above the 
As is face-centered cubic. 

Written Discussion: By R. Smoluchowski, Metals Research Laboratory, 
Carnegie Institute of Technology, Pittsburgh. 

Results of Professor Hultgren’s elegant study of isothermal transformations 
in austenite supply us with an excellent opportunity for evaluating and refining 
the various theories of these reactions. Here I would like to add only a few 
remarks concerning nucleation without attempting a more quantitative analysis 
of this phenomenon. 

The mechanism of nucleation can be summarized very briefly as follows: 
As a result of thermal motion, local configurations of atoms in a pure metal 
deviate at a given instant from the equilibrium configuration characteristic of 
a phase. These various momentary configurations have, in general, a higher 
energy than the equilibrium configuration, and thus are unstable. As the metal 
approaches the transformation temperature, this energy difference decreases 
for those configurations which approximate the structure of the new phase. The 
important factors in determining the stability of the new configuration are the 
free energy gained in the transformation and the surface energy expended in 
forming the small volume of a new phase. The energy of elastic deformation 
of the nucleus and of the surrounding material must also be considered. If 
the balance for a given momentary configuration is favorable, we have a stable 
nucleus which begins to grow. Naturally, until the nucleus becomes thermo- 
dynamically stable, its fate is governed by statistical phenomena rather than by 
equilibrium considerations. This is, I believe, what Professor Hultgren calls an 
embryo. Such embryos were assumed by all nucleation theories, although they 
were not given a specific name. 
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In the case of a solid solution, the situation is essentially the same except 
that the stability of a certain momentary configuration depends upon the local 
concentration of the solute. As configuration, let us understand here only the 
geometrical relation between atoms, independent of their kind in case of a 
substitutional solution and of the solvent only in case of an interstitial solution. 
Thus, the same configuration may be more stable in one area of the lattice than 
in another. Similarly, to the unstable, although statistically permissible, local 
configurations, there exist local concentrations of solute which are higher than 
those allowed by the solubility limit at equilibrium. In general, these local 
configuration and concentration anomalies do not occur independently. To 
form a stable nucleus of the new phase, the statistical embryo of the new phase 
has to have proper momentary configuration of the atoms and the necessary 
concentration. The latter is not necessarily that given by the equilibrium dia- 
gram. Once the energy balance «is satisfactory, the nucleus becomes stable. 

An objection has been raised that the probability of the existence of a 
sufficiently large volume of the proper concentration to satisfy the stability of 
the nucleus is too small. Such a quantitative criticism of the mechanism here 
described is difficult to sustain for various reasons: First, the surface energy of 
the boundary between the two phases is not well known; secondly, the elastic 
deformation of the nucleus and surrounding material, which depends upon the 
ratio of the surface to volume, is difficult to account for properly; and thirdly, 
even if the minimum size of a stable nucleus were known correctly, the proba- 
bility of forming a volume of proper concentration is usually calculated by: means 
of Poisson’s formula, which assumes random distribution of atoms in a solid 
solution. There are good reasons to doubt if the latter assumption is correct 
and even a small deviation from randomness produces a large increase of 
probability of larger concentration fluctuations. 

Similar difficulties arise in any quantitative theory of growth. The role of 
concentration fluctuations and the influence of strains on the mobility of atoms 
and, consequently, on the diffusion rate surrounding the nucleus have to be 
properly analyzed before any radical changes in the present picture are accepted. 

Written Discussion: By F. R. Morral, Metal Trades Laboratory, Tech- 
nical Service and Development Division, American Cyanamid Co., Stamford, 
Conn. 

It was a pleasure to listen to the abstract of the paper and see the beauti- 
ful photomicrographs of the results of Professor Hultgren’s and associates’ work. 

The first reading of the preprint has caused me some difficulty. A sort of 
new nomenclature is advocated, and I think it would help us students if 
Professor Hultgren would simplify. A term that comes to mind is the one 
which the author already used in his talk, austenitizing temperature for max- 
imum temperature. The terms para and ortho have definite connotations to 
the chemist. I would suggest the terms p-equilibrium instead of ortho- 
equilibrium, where p could stand for pearlite. Similarly, the possibility of 
b-equilibrium, b-ferrite would suggest those present in the bainite region, and 
may help simplify our language. It is realized that Professor Hultgren has 
sought to determine the mechanism of the processes taking place between the 
start and the finish of the transformation, a subject of vital interest to the 
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theoretical metallurgist. It has been attempted to reunite in a few tables all 
the published TTT-diagram data and make it available to the heat treating 
metallurgist® whose chief interest lies in the physical properties obtainable. 
These are often measured as hardness. Such data on the author’s steels and 
curves should be welcome and useful. 

It has been noted that the M, point of steels vary with the austenitizing 
temperature.” * The author’s manganese steels, however, show no such change. 
Is this typical for manganese steels, or is it due to the technique used by 
the author? 

Written Discussion: By Arthur Dubé and Ben H. Alexander, Metals 
Research Laboratory, Carnegie Institute of Technology, Pittsburgh. 

In the transformation from a solution phase (e.g., austenite) to another 
solid solution phase (e.g., ferrite), there has been much speculation about the 
possible composition of a stable nucleus. It has been often stated that this 
composition is given by the equilibrium concentration as obtained from the 
solubility lines (extrapolated, of course, when the alloy is in a metastable 
region) of the phase diagram. However, if we consider the case of precipitates, 
which in their extended form do not increase the free energy of the system, 
the composition of a stable nucleus may be obtained from the van Rijn van 
Alkamadé diagram. 

A schematic representation of this diagram for binary iron-carbon alloys at 
a given subcritical temperature is shown in Fig. A. The curve at the top left 
of the figure represents the free energy of the @ solid solution as a function of 
carbon content and the curve to the right represents the free energy of the 7 
solid solution. Consider a steel of composition X. In order to find the 
composition of the ferrite nucleus in equilibrium (metastable, of course) with the 
austenite of composition X, a tangent is drawn to the free energy curve of the 
austenite at that composition; it intersects the free energy curve of the ferrite 
at the required composition C;. Under such conditions, the partial molal free 
energy (F in Lewis and Randall’s notation) of the compound represented by the 
composition C; is exactly equal to the free energy of the compound. The points 
C, and ‘Cy, represent the composition of the ferrite and austenite phases at 
equilibrium (a condition in which the partial molal free energies of both 
components in the two phases are equal; C,; and C, are points of common 
tangency). It will be seen on the same diagram that complete equilibrium will 
only be reached when the alloy has transformed completely to ferrite of compo- 
sition C; and Fe;C. The free energy of the alloy is then the lowest; it is given 
by the intersection of the line joining C, to the free energy of Fe:C and the 
vertical X. 

The interesting point brought out by this diagram is that the composition 
of a stable ferrite nucleus may be much closer to that of the austenite phase 
than is often realized. At the particular temperature it may take any composition 
between C; and C;. However, such a ferrite nucleus will tend to lose its carbon 
and eventually reach the composition C: Such change of composition will be 
effected by the diffusion of carbon through the @ solid solution and the transition 


*F. R. Morral, “Heat Treating Diagrams,” Metat Procress, Vol. 48, 1945, p. 818. 


*R. A. Grange and H. M. Stewart, ‘““The Temperature Range of Martensite Formation,” 
Metals Technology, Vol. 13, June 1946, T.P. 1996, 24 pages. 
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of carbon from the « to the y phase at the interface. To what extent this 
process will occur is a kinetic problem of a complex nature. It will depend on 
the rates of diffusion of carbon in « and ¥ iron, the geometry and state of stress 
of the precipitate and the instantaneous equilibrium relationships which must 
be maintained at the interface. 

As the temperature of reaction is decreased, the free energy curve of the 
austenite is shifted to the right with respect to the free energy curve of the 


Free Energy 





Carbon % 
Fig. A—Schematic Representation of the van_ Rijn van 
Alkemadé Diagram for Iron-Carbon Alloys at a Given Sub- 


critical Temperature. 


ferrite. At a given temperature there will be intersection of the two free energy 
curves at the composition X. At and below that temperature (which was 
calculated by Zener) a reaction may occur by which the austenite is trans- 
formed into ferrite of the same composition. A subsequent transformation of 
that ferrite solid solution into ferrite of composition C, and Fe;sC would give 
rise to the bainite structures according to Zener. 

A point of interest in connection with these free energy curves is that they 
are drawn for stress-free phases which are infinitely extended. Corrections 
should be made for the contribution of the surface free energy when the precipi- 
tate is sufficiently small and of the elastic strain energy in the system. However 
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those corrections for which approximate evaluations are available in some 
cases should not change the nature of the argument. 

We would like now to discuss one other question which the author has 
brought up. It concerns the carbon concentration of the austenite at the inter- 
face ferrite-austenite or cementite-austenite. If the austenite were, at that point, 
of carbon concentrations given by the extrapolated solubility lines, it would 
mean that the activation energy of growth for the process yY—« should be nil 
at a zero degree of transgression.” This is in direct contradiction with the 
general principle that this activation energy should be infinity under such 
conditions. It does, of course, decrease with increasing degrees of transgression. 
The writers think that the proposition of Hull and Mehl on this point is 
perfectly sound. 

The writers find it difficult to understand the significance of the “orientation 
power” hypothesis proposed by the author. During the formation of a nucleus, 
the orientation relationships are maintained to facilitate a transition which is 
improbable on the basis of the second law of thermodynamics. On the other 
hand, experimental work at Carnegie Institute of Technology has indicated 
that these orientation relationships are not necessarily maintained at least in the 
case of Y—pearlite and y— proeutectoid ferrite during growth. In the 
opinion of the writers, the orientation power (which we understand to be the 
ability of the lattices to achieve essential coherency along certain lattice planes) 
should be essentially independent of the transition temperature. 

Written Discussion: By A. R. Troiano, professor of metallurgy, Uni- 
versity of Notre Dame, Notre Dame, Ind. 

Professor Hultgren has presented an excellent and comprehensive study of 
the isothermal decomposition of austenite. 

To correct an apparent misunderstanding, Lyman and Troiano (ref. 26 of 
the paper) did not show enrichment of the austenite caused by the formation 
of bainite. The increase in the axial ratio of the martensite in this reference 
was definitely correlated with the formation of ferrite, distinctly separate from 
the bainite. The lowering of Ar” following partial reaction does not necessarily 
mean enrichment but rather is indicative of stabilization. I do not know of any 
case of carbon enrichment of the austenite (measured by the axial ratio of 
the martensite) where the structure is definitely bainite alone.” * It is inter- 
esting to note that the author’s theories for the formation of bainite are not 
necessarily invalidated by dropping the concept of large-scale austenite enrich- 
ment resulting from bainite formation. 

It is not always easy to define the temperature limits of bainite. This is 
particularly true of the upper temperature limit, where often the bainite appears 
to merge with the ferrite with little or no discontinuity in the beginning curves. 


*The degree of transgression is defined as the difference in the partial molal free 
energies of the components of the two phases. 


°A. R. Troiano and A. B. Greninger, ““The Martensite Transformation,”” Meta. 
Procress, American Society for Metals, Vol. 50, 1946, p. 303. 

*T. Lyman and A. R. Troiano, Transactions, American Institute of Mining and 
Metallurgical Engineers, Vol. 162, 1945, p. 221. 

8A. R. Troiano, Discussion of “Kinetics of Austenite Decomposition” by C. Zener, 


stetass Aopen, American Institute of Mining and Metallurgical Engineers, Vol. 13, 
o. 6, b 
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It has been shown repeatedly that one of the most general characteristics of the 
bainite reaction is the manner in which the extent of this reaction is dependent 
upon the temperature. At low temperatures the reaction will completely con- 
sume the austenite to form bainite, while at high temperatures the reaction 
will proceed only far enough to decompose a small quantity of the austenite. 
The remaining austenite will later decompose by a slower pearlite type of 
reaction. If one plots extent of reaction against the reaction temperature, the 
type of curve shown in Fig. B will result. 


100 


Decomposition of Austenite % 


Reaction Temp. —» T 


Fig. B——Curve Showing Decomposition of Austenite With Reaction Temperature. 


[ believe that the extrapolation of this curve to zero decomposition (tem- 
perature T) represents the upper temperature limit of the bainite range. In 
some steels the upper bainite range will overlap with the pearlite range, and in 
such cases the experimental determination of Fig. B is complicated but not 
necessarily impossible. The author’s manganese steels are a good example of 
such a condition. I should like’ to suggest that the incomplete nature of the 
bainite reaction will explain the author’s observation that often where bainite 
and pearlite both appear at the same temperature, the pearlite reaction 
predominates. 

The author’s composition hypothesis appears to be plausible and the non- 
diffusion of alloying element in the bainite reaction is powerfully supported by 
his experimental evidence as well as by the known fact that the bainite reaction 
is quite rapid even in relatively high alloy steels where the formation of pearlite 
may be very slow. 

The orientation hypothesis is interesting but unfortunately insufficient 
precise data exist at present to allow a full evaluation of this concept. I do 
not feel that the lattice relationship of martensite and austenite is the same as for 
ferrite or bainite and austenite even though the difference may be relatively 
small. In this connection, it is interesting to note that Greninger and Troiano’ 
employing improved and more precise experimental techniques obtained a 


 *A, B. Greninger _and A. R. Troiano, “Mechanism of Martensite Formation,” Trans- 
actions, American Institute of Mining and Metallurgical Engineers, Vol. 145, 1941. 
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lattice relationship between martensite and austenite in a nickel steel, that was 
approximately midway between the Kurdjumow and Sachs and the Nishiyama 
relationships. However, upon tempering this martensite, the relationship became 
that described by Nishiyama; and, in addition, the change was not that expected 
from the simple collapse of the tetragonal to the cubic lattice resulting from 
tempering. This is suggestive that where shear transformations are involved 
the relationships may not be “rational”, but where diffusion transformations 
occur the relationships can be more simple because of greater ease of lattice 
“readjustments” to obtain better atom matching. Of course, conclusive proof 
would exist only if the lattice relationship had been determined for isothermally 
produced ferrite or bainite in the same alloy by the same method and been 
found to differ. 

Professor Hultgren has suggested that in very low or zero carbon content 
alloys, martensite and paraferrite may be the same thing. I find it difficult to 
subscribe to this concept, although by definition they may both have the same 
alloy composition inherited from the austenite. Martensite forms by a process 
of homogeneous shear and its rate of formation is independent of time. This 
apparently is not the author’s concept of paratransformation, which is a time- 
dependent transformation not involving shear. In addition, Lyman and 
Troiano’s curves” for the top of the bainite range and M,, in 3% chromium 
steels, appear to offer no chance of these two curves extrapolating to the same 
temperature at zero carbon content. These curves are based upon experimental 
determinations with steels containing carbon as low as 0.08%, thus making the 
extrapolation to zero carbon quite authentic. On the basis of the argument that 
paratransformation and martensite transformation are fundamentally different, 
it is not necessary to represent M, with a slight slope (time-dependent), which I 
feel would be more in keeping with the fundamental nature of the martensite 
transformation. 

Some of the ideas and theories presented in this paper are novel and well- 
considered, the experimental work is excellently planned and executed. In this 
respect the carbide data are particularly impressive, and the transformation 
curves are drawn in a manner to yield a maximum of information derived from 
the experimental work. All future serious studies on the isothermal transforma- 
tion of austenite must reckon with the concepts and results of this paper. 

Written Discussion: By J. V. Emmons, chief metallurgist, R. G. Kennedy, 
Jr., research metallurgist, G. H. Seaver, production metallurgist, and T. G. 
Scott, Jr., assistant to research metallurgist, The Cleveland Twist Drill Co., 
Cleveland. 

Professor Hultgren is to be congratulated on his very excellent and 
exhaustive work on decomposition of austenite. The many micrographs through- 
out the paper are noteworthy for their clearness and the fine detail which 
they reveal. 

‘The discussion of bainite in the paper is especially interesting to metal- 
lurgists concerned with high speed steels in view of the paper on bainitic 
hardening of high speed steels which has already been presented at this con- 


: 0T.' Lyman and A. R. Troiano, “Influence of Carbon Content U Transformations 
in 3% Chromium Steels,” Transactions, American Society for Metals, Vol. 37; 1946, p. 402. 
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vention. The following discussion and micrographs are presented in the hope 
of shedding further light on the constituent bainite. 

It is noted on page 919 that the author believes the formation of acicular 
ferrite in alloy steels is followed by the formation of speckled bainite. Also, in 
describing his Figs. 7, 8 and 9, the author mentions the formation of bainite 
consisting of groups of parallel rods having a dotted appearance. Finally, on 
pages 972 and 973, Professor Hultgren describes diagrammatically his concep- 
tion of how bainite forms with short parallel rods of cementite precipitating 
along the advancing boundary of the ferrite rods. 

We would like to present several micrographs of bainite structures in a 
molybdenum-tungsten high speed steel which appear to support Professor 
Hultgren’s views on the formation of so-called “speckled bainite”. The 
molybdenum-tungsten high speed steel has the following composition: carbon 
0.81%, chromium 4.00%, tungsten 1.62%, molybdenum 8.97% and vanadium 
1.24%. Fig. C shows a microstructure consisting essentially of carbides, primary 
tempered martensite, bainite and residual austenite. It represents a molybdenum- 
tungsten high speed steel hardened at 1205 C (2200 F), quenched in low melting 
alloy at 175C (350F), held for 7 hours at this temperature, immediately 
tempered at 560C (1040 F) for 2 minutes, and quenched in water to room 
temperature. The specimen was etched 5 minutes in 6% nital. The micrograph 
was taken at a magnification of 2000 diameters. The numerous fine needles 
are supposedly the fine type of bainite formed at temperatures below the M, 
temperature, and show very little of the “speckled” appearance. 

Fig. D shows the same steel hardened at the same temperature, but 
quenched in the bainitic temperature range of 315C (600 F), held at this 
temperature for 144 hours, and immediately tempered at 560C (1040 F) for 
1 hour. In this micrograph, the bainite is beginning to take on a decidedly 
speckled appearance. If the bainitic constituent is examined closely, it will be 
observed that there are parallel dark spots quite similar to those Professor 
Hultgren described in the diagram on page 972. 

Fig. E shows the same steel hardened at the same temperature and quenched 
in the bainitic range at 315C (600 F) for 24 hours, followed by immediate 
tempering at 560 C (1040 F) for 1 hour. In this structure, the decidedly speckled 
appearance of the bainite constituent is easily observed. 

On the basis of the three micrographs shown, it may be possible to dis- 
tinguish between tempered martensite and bainite formed in the upper tempera- 
ture range from the speckled appearance of the bainite. With regard to the 
bainite formed at lower temperatures, which does not exhibit the speckled 
appearance, distinctions between it and tempered martensite are very difficult 
to make, especially in a structure whose heat treatment history is not known. 

In connection with Professor Hultgren’s statement about rods of cementite, 
we are offering the micrograph shown in Fig. F as related evidence. This 
structure shows what appears to be bundles of cementite rods in a matrix 
which could be either austenite or highly alloyed delta ferrite. It is recognized 
that this structure may actually be a hitherto undescribed eutectoid alloy. 

Written Discussion: By Robert F. Mehl, director, Metals Research 
Laboratory, Carnegie Institute of Technology, Pittsburgh. 
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Fig. C—Molybdenum-Tungsten High Speed Stcel Hardened at 1205C. Quenched 
in low-melting alloy at 175 C and held for 7 hours. Immediately tempered at 560 C for 
2 minutes and quenched in water to room temperature. Etched 5 minutes in 6% nital. 
< 2000. 


Fig. D—Molybdenum-Tungsten High Speed Steel Hardened at 1205 C. Quenched 
to 315 C and held for 1% hours. Immediately tempered at 560C for 1 hour. Etched 
1% minutes in 6% nital. X 2090. 

Fig. E—Molybdenum-Tungsten High Speed Steel Hardened at 1205C. Quenched 
to 315°C and held for 24 hours. Immediately tempered at 560C for 1 hour. Etched | 
1% minutes in 6% nital. x 2000. . 


Fig. F—18-4-1 High Speed Steel Heated to a High Austenitizing Temperature 
Approaching the Melting Point. Etched in 4% nital. Xx 3000. 
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The great bulk of this paper is an account of a beautiful series of experi- 
ments upon the reaction sequences and upon the microstructural changes that 
accompany isothermal transformation in alloy steels. Such studies, performed 
with exceeding care by workers as able as Professor Hultgren, are much 
needed if the mechanism of reactions of this type is to be better understood. I 
have the feeling that theory can and does too readily outstrip descriptive fact 
in this field, that probably more progress will be made at the moment by studies 
such as these than by attempts to develop quantitative theoretical attack—this 
field is as yet not ripe enough for the latter. 

This appears to be particularly true of the intermediate products, often 
bulked under the term “bainite”. Subdividing these products by naming them 
“upper” and “lower” bainite, for example (which I once introduced in a much 
more limited sense than the terms are now sometimes used), is but a chimera of 
progress. The difficulty is in devising experiments that will furnish new basic 
information on the nature of these products. The first obvious attack is that of 
a careful study of morphology, to which this paper makes a notable contribution. 

Nowhere is our difficulty with this subject greater than with respect to 
nucleation theory. I should like herein to note the complexity of this subject 
and its present inadequacy in application to reactions of the pearlite type. 

Nucleation theory was originally derived in application to simple polyphase 
reactions of the type of vapor to liquid—condensation. In this application it is 
in excellent accord with observation. It has been extended to solid-solid 
reactions by analogy. It should be noted that the statement that pearlite forms 
from austenite by a process of nucleation and growth is in no wise a theory; 
it is a simple description of observed fact. It implies nothing—it merely records 
the observation that pearlite forms from austenite by the continuous appearance 
of small regions of pearlite, each of which grows with time, until, by this 
process, the austenite is completely consumed. The extension of nucleation 
theory to solid-solid. reactions consists in identifying the factors which determine 
the rate of nucleation and the rate of growth—it is in assuming factors similar 
to those for condensation that the analogy is drawn. At the present time but 
little satisfaction can attend the extension of nucleation theory to solid-solid 
reactions. I should like to show this, at the risk of repeating what has been 
written elsewhere. 

Nucleation occurs in an unstable system, when fluctuations in composition 
and in energy provide regions of the proper composition and of an energy 
sufficient to form the interfacial energy between the new and the matrix solid 
phases. This leads, in a simple way, to the concept of a stable nucleus size, 
defining a lower limit in size, below which the free energy change is inadequate 
to supply the needed interfacial! energy. Smaller nuclei, which Professor 
Hultgren calls “embryos”, are, in general, unstable and will redissolve. I see no 
conflict in Professor Hultgren’s views on this matter and standard nucleation 
theory. This theory applies as well to allotropic changes in pure metals as to 
reactions where concentration changes occur; in this case the theory is simpler, 
for fluctuations in composition need not be considered, but in all other respects 


is unmodified. 
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In extending this theory to solid-solid reactions of the pearlite type we 
may note: 

The state of concentration fluctuations is uncertain. The Poisson formula, 
which some have used, gives purely probability results, and does not include 
interaction energies (which would modify its results), common to a greater or 
lesser (and largely unknown) degreeto all alloys. It is useful chiefly in 
showing, in a thoroughly qualitative way, that there are probably enough such 
fluctuations to provide the observed rates of nucleation, as’ Fink and Smith have 
shown for precipitation in aluminum-copper alloys. 

The composition of the stable nucleus is not necessarily derivable from 
equilibrium considerations, nor is the structure predictable, as the unexpected 
occurrence of transition lattices in age hardening systems demonstrates. 

If the above factors were all sufficiently known, and the free energy of the 
reaction accurately determined, the rate of nucleation could even then not be 
calculated, for this requires a knowledge of the interface energies and these 
are unknown and as yet not measuratle. Moreover, solid-solid reactions occur 
in rigid systems, with the accompanying volume changes inducing strain and 
thus strain energies difficult to appraise, possibly modifying the energy balance. 
In view of these difficulties, at present insurmountable, it is likely that purely 
theoretical attack will prove relatively barren, that progress will be ministered to 
more abundantly by careful measurements of the rate of nucleation (and the 
rate of growth), for these may make relationships clear that are now obscured 
by the abstrusity of theory. 

The rate of nucleation and the rate of growth of pearlite have been 
measured for simple eutectoid steels, but no data have been yet published for 
pearlite in alloy steels, nor for proeutectoid ferrite nor for bainite in plain and 
alloy steels. Recent measurements by Dr. Hawkes in our laboratories on the 
effect of cobalt on the rate of nucleation and the rate of growth of pearlite in 
eutectoid steels (shortly to be published) have shown these both to increase, 
anomalously, with increasing cobalt. For the reasons enumerated above, little 
can be done theoretically with the rate of nucleation; presumably if cobalt 
should increase the free energy change of the reaction (there is but little reason 
to suppose this, and the point cannot be made to respond to measurement), 
smaller nuclei would form, and the rate would be the greater. But, as scientific 
reasoning, this is too specious, too ad hoc. As to the rate of growth, if cobalt 
should increase the rate of diffusion of carbon in austenite, a reason for the 
increase might be thought at hand; Dr. Hawkes’ work does not support this 
possibility. But this possibility is not without complexity, for the diffusion 
coefficient can be measured only within normal austenite concentration ranges, 
yet in the formation of pearlite, as Professor Hultgren proposes, and as Brandt, 
and Zener assumed in calculating the rate of growth, the effective concentra- 
tion range for the growth of pearlite far exceeds normal austenite concentration 
ranges; at high carbon concentrations cobalt might well increase the rate of 
diffusion of carbon, a circumstance undemonstrable by direct experiment. 

This increased effective carbon concentration range, the so-called “Hultgren 
Extrapolation”, which in principle the Carnegie group of workers have accepted, 
is not without uncertainty, for it involves extrapolating equilibrium curves far 
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into the region of instability. It would be good to have an experimental veri- 
fication of this, with a measurement of the exact concentration range at a fixed 
degree of undercool. Dr. Smoluchowski is at the moment considering a direct 
method for this purpose involving the use of radioactive carbon and a micro- 
graphic registration of the concentration contours in front of the advancing 
pearlite interface. 

It should also be noted that the segregation of alloying elements exactly 
concomitant with the segregation of carbon in the growth of pearlite has been 
questioned by Zener. The weight of present evidence leans toward concomitant 
segregation, but no direct methods have been available to study the point. This 
problem also is under attack in our laboratories, employing radioactive tracers 
of alloying elements and a micrographic registration of the concentration changes 
at the pearlite-austenite interface. 

To turn again to the bainites, it should be remembered that the mechanism 
of formation is far less understood than that of pearlite. Whether bainite forms 
by nucleation and growth, like pearlite, or by a shearing mechanism, like 
martensite, is not wholly clear. Photomicrographic studies by Dr. George 
Smith and myself indicated—though they certainly did not prove—the former; 
yet if bainite forms in this way, why isn’t the rate affected markedly by austenite 
grain size, as pearlite is? It is, of course, possible, as suggested long ago by 
Davenport, that the nuclei of bainite do form by shear, like martensite, with 
each “needle” austempering readily, allowing the process to proceed isothermally 
in simulation of an orthodox nucleation and growth process. This is highly 
speculative, and a direct experiment is much to be desired. Such an experiment, 
by Mr. Bose, is underway in our laboratories; this is an extension of the method 
used in Germany for measuring the time rate of formation of a martensite 
“needle”, employing a time measurement of the discrete change in electrical 
conductivity which accompanies the formation of a “needle’—in the work now 
underway the new techniques developed in radar for measuring extremely brief 
time intervals is to be employed. Discontinuous changes in electrical condcuc- 
tivity during the formation of bainite would support the possibility of nucleation 
by a shearing process. 

| have related possible modes of attack on the difficult problems of the 
mechanism of the decomposition of austenite to emphasize how greatly this field 
needs new experimental attack, and to express my own dissatisfaction with our 
state of knowledge of theory and mechanism. No dissatisfaction with Professor 
Hultgren’s factual study of the metallographic and rate characteristics could be 
expressed, for it is of the kind, with unusual elegance, needed in this field. 


Author’s Reply 


Messrs. Dubé and Alexander suggest that the composition of a metastable 
nucleus may be derived from a free energy diagram for the alloy system. I am 
afraid I am not qualified to express an opinion on that point. The subject of 
extrapolation of solubility lines is dealt with in my reply to Dr. Mehl. 

The so-called orientation hypothesis is based upon the results of Smith and 
Mehl (32), who found propearlitic ferrite to differ in lattice relationship from 
pearlitic ferrite. When a hypoeutectoid steel is allowed to transform at constant 
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temperature in the upper pearlite region, ferrite of the K & S relationship is 
first formed. After some time pearlite starts to form, i.e., cementite as the 
nucleating phase appears and then ferrite of a relationship which is not the 
K & S one. Apparently, the presence of cementite is the cause of that change 
in orientation, in other words, cementite seems to have the power of imposing 
on the ferrite nucleus an orientation it would not have assumed when formed 
independently. It does not seem far-fetched to think that iron atoms regrouping 
themselves from the face-centered to the body-centered lattice are influenced 
by the cementite lattice from which the regrouping starts. The fact that ferrite” 
and pearlite (38) units may grow past a grain boundary in the austenite without 
change of orientation has no bearing on the orientation conditions at nucleation. 
Why should the orientation power be essentially independent of the transi- 
tion temperature? 

Messrs. Emmons, Kennedy, Seaver and Scott present an interesting series 
of micrographs, Figs. C to E, of high speed steel, illustrating the structure of 
bainite and tempered martensite, on which no comment on my part seems 
required. In their Fig. F, the eutectic patches indicate that the steel had been 
partly molten. If I may judge from my own observations of similar cases I 
should suggest that the central area was transformed in heating to delta ferrite, 
then, on quenching, first to austenite and finally to a eutectoid. The white 
patch may be retained delta ferrite. The explanation probably is that the 
composition changes at Ac,, in regard to carbon, tungsten, etc., is only partially 
reversed at Ars. With the new composition, the eutectoid transformation is not 
suppressed by oil quenching. I have found it possible, by water quenching small 
samples, to suppress the Ar, transformation and retain the ferrite. 

Dr. Mehl has emphasized the obvious inadequacy and uncertainty of our 
knowledge of the transformation of austenite and the pressing need for more 
descriptive fact on which to base further attempts at quantitative theoretical 
attack. He is in a better position to judge, perhaps, than anybody else, because 
he and his associates have supplied a very important part of the facts now 
available in this field. I have ventured to utilize some of those results in 
forming theoretical suggestions. He may think, and if so he may be right, that 
those suggestions are not yet ripe for discussion. 

I should like to call attention to a point which seems to have been more or 
less neglected in discussing the nucleation of pearlite, i.e., the comparatively 
great size of a pearlite nucleus. A stable nucleus of cementite has apparently 
got to grow considerably, presumably often to a microscopically visible particle, 
before ferrite is precipitated beside it. Not until then can the pearlite nucleus 
be said to be born. 

The suggestion that the extended solubility lines A; and Acm are significant 
in estimating the composition of the austenite adjoining the pearlite transforma- 
tion front is only the application to a eutectoid transformation—i.e., the simul- 
taneous precipitation of two phases—of the idea, probably common, that during 
the precipitation of a single phase from a supersaturated solid solution the 
mother phase adjoining the precipitate is in equilibrium with it. This idea may 
be wrong; in other words, the adjoining mother phase may be somewhat super- 


“Hultgren and Herrlander, “Hot-deformation Structures, Veining and Red-Shortness 


Cracks in Iron and Steel,” Transactions, American Institute of Mining and Metallurgical 
Engineers, Iron and Steel Division, 1947. 
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saturated. If so, Fig. G should give a schematic representation of its compo- 
sition, for the As, Aem and A; transformations (compare Hull and Mehl, 38). 

As referred to by Dr. Mehl, Dr. Zener, when discussing the growth of 
pearlite in alloy steels, questions the concomitant segregation of the alloying 
element. I see Dr. Zener’s point, but, leaving theory aside for the present, why 
is the manganese content of pearlitic cementite in manganese steel so high? 

If bainite is a secondary decomposition product of a supersaturated solid 
solution, its actual zero transformation curve should pass continuously into 
that of martensite. 


Temperature 





Carbon % 


Fig. G. 


Dr. Mehl sees no conflict in my suggestions regarding nucleation, and 
standard nucleation theory. I thought there was a difference and it may be 
helpful if I restate my difficulties. In Dr. Mehl’s paper on hardenability (33), 
presented in 1938, it is stated: 

(a) “When a nucleus is smaller than the critical size, it will redissolve.” 
(Dr. Mehl now adds: “in general”. ) 

(b) “When a region of the proper concentration and the proper minimum 
size appears, it becomes a nucleus. Thus the new neuclei spring full-formed 
from the old lattice.” 

I have understood this to mean that in a supersaturated solid solution all 
the segregation of solute atoms required to form a stable nucleus of the new 
phase is done before a new lattice appears, presumably because a nucleus of less 
than stable size cannot grow. In view of the fact that allotropic transformation 
in pure metals starts by nucleation, I suggested that, in a solid solution, the 
previous existence of a region of the “critical” size and of the proper composition 
may not be essential to the birth of a nucleus. In other words, an important 
function of the random fluctuations may be to allow the embryo having the new 
lattice to grow to the size required for thermodynamic stability. 

Replying to Mr. Morral’s discussion I realize that hardness tests would 
have added to the value of the paper. I hope to give such results on a later 
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occasion. The fact that the Ms points of the manganese steels do not vary with 
the austenitizing temperature is believed to indicate that solution of the cementite 
and homogenization of the austenite was practically complete, even at the lower 
austenitizing temperatures. On the question of nomenclature, opinions will 
differ. I believe the prefixes ortho- and para-, as used in the paper, do not 
violate common usage in chemistry. 

I wish to thank Dr. Nagler for calling my attention to some omissions in 
the paper. The analyses of Table I were made on the finished melts. -There 
was no deoxidizer added to the manganese steels which picked up 0.03 to 0.10% 
silicon from the fire-clay crucible. The tungsten steels received an addition 
of 0.01 to 0.04% aluminum. The proper holding time at the maximum tempera- 
ture was determined by preliminary experiments and amply exceeded the time 
required for solution of the carbide. Generally, 5 minutes were used at 900 C, 
3 minutes at 1300 C. 

The following ASTM grain size numbers have been determined : 


Steel Maximum Temperature, C ASTM Number 
Mn 1906 1300 —ltod 
Mn 1906 900 8 to 9 
Mn 3205 1300 Otol 
Mn 3205 1050 7 
Mn 4105 1300 1 
Mn 4105 900 7to8 
Mn 5106 1100 4to 5 
Mn 2410 1300 0 
Mn 2410 1050 3to4 
Mn 5210 1300 0 
Mn 5210 1000 5 to 6 
W 2006 1300 —ltod 
MnSi 1242 1350 1 to 2 
CrMn 1094 1050 2 to 3 


I have read the paper by Wood and Nagler with interest. The magnetic 
method of studying transformation in steel is, of course, useful but cannot replace 
the microscopic method when detailed information regarding the various 
mechanisms of transformation in succeeding stages is desired. 

Dr. Nagler asks for further elucidation of the bainite formation shown in 
Fig. 4. The larger white specks, containing no visible carbide particles, are the 
first to form and are considered to be ferrite. The parallel rods are similar 
to the rods shown in Fig. 7 and contain small carbide particles, unfortunately 
not clearly visible in the reproduction. Those rods are regarded as bainite. 

In Fig. 12 the dark-etching constituent is martensite, tempered during the 
greater part of the 10-second holding time at 250 C. The text has been revised 
to indicate that no subsequent heating to a higher temperature was applied before 
quenching in water. 

Fig. 17 should be studied in conjunction with Table II. A tie line between 
the ferrite and cementite points should, of course, pass through the composition 
of the steel. In the pearlite transformation region the high manganese conteat 
of the cementite leaves the ferrite with fairly low manganese, whereas, in the 
bainite region, the manganese content is about equal in ferrite and cementite. 
If the composition hypothesis is correct the tie line should pass, when produced, 
through the point 100% carbon. The agreement is obvious. 

On the matter of nucleation, Dr. Nagler may find Dr. Smoluchowski’s 
contribution instructive. 
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I am very grateful to Dr. Smoluchowski for taking the trouble to outline 
the essentials of the nucleation process in a pure metal and in a solid solution. 
His distinction between local configurations of atoms and local concentrations 
of solute atoms in a solid solution is welcome. So is also the expression: 
“unstable, although statistically permissible, local configurations”. I admit, 
however, that I should have liked him to be more specific about the point that 
“in general these local configuration and concentration anomalies do not occur 
independently”. A dependence is suggested in the paper but that may not be of 
the kind Dr. Smoluchowski has in mind. Although not referred to in the 
paper, the effects of the interface energy and of the elastic deformation on 
equilibrium are realized. To these Dr. Smoluchowski now appropriately adds 
the probable effect of lack of randommess in the distribution of the atoms. 

Lyman and Troiano (26), working with chromium steels, demonstrated 
dilatometrically that, during the bainite transformation, there is an initial 
period of rapid reaction followed by a succeeding period of slower reaction 
which, in the upper part of the range, may not go to completion unless pearlite 
starts to form. There are conceivably two possible causes of such a stabiliza- 
tion: (a) carbon and, possibly, alloy enrichment in the austenite, (b) stresses 
caused by the transformation. The cause of Dr. Troiano’s stabilization un- 
connected with transformation is possibly to be found in (c) thermal stresses. 

In reply to Dr. Troiano’s discussion I accept his statement that in the work 
with which he is acquainted no carbon enrichment in the austenite was found, 
associated with the formation of bainite alone, only when ferrite had formed. 
My conclusion regarding carbon enrichment of the austenite was also based on 
the results of German work, where no definite distinction of that kind was made. 
Whether, and to what extent, stabilization in the main and lower bainite region 
is due to (a), (b) and (c), may be left open for the present. 

I agree with Dr. Troiano about. the insufficiency of data to support the 
orientation hypothesis. I hope the data required to prove or disprove it will be 
more rapidly forthcoming, now the hypothesis has been formulated. His 
favorable reaction to the composition hypothesis is appreciated. His reasoning 
as to the lattice relationship of bainitic ferrite being more rational than that of 
martensite does not seem to fit in well with the variation for bainitic ferrite 
with temperature of formation as found by Smith and Mehl (32). 

Dr. Troiano very appropriately calls my attention to his ref. 5, where it is 
shown that the Ms point and the temperature of intermediate transformation in 
3% chromium steels on extrapolating to zero carbon do not coincide. For 
manganese steel, however, such a coincidence was found (22). If, in an iron- 
chromium alloy, without or with very low carbon, there is a distinction between 
paraferrite and martensite, does the former appear on slow, the latter on rapid 
cooling? Or will martensite not occur at all? The occurrence in certain novel 
low-carbon austenitic stainless steels, of a sort of aging about room temperature, 
involving hardening and increase of ferromagnetism, seems to indicate the 
formation of paraferrite, a time-dependent phenomenon. 

Since Dr. Troiano approves of the manner in which the transformation 
curves are drawn in the paper he probably will agree that a smooth transition 
between the pearlite and bainite zero transformation curves does not adequately 
represent the experimental facts. 
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